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Inﬂuence of supersaturated carbon on the diﬀusion of Ni in ferrite
determined by atom probe tomography
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In patented and cold-drawn pearlitic steel wires dissociation of cementite occurs during mechanical deformation. In this study the
inﬂuence of the carbon decomposition on the diﬀusion of nickel in ferrite is investigated by means of atom probe tomography. In the
temperature range 423–523 K we observed a much smaller activation energy of Ni diﬀusion than for self-diﬀusion in body-centered
cubic iron, indicating an increased vacancy density owing to enhanced formation of vacancy–carbon complexes.
Ó 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Previous studies on diﬀusion in metal/carbon
alloys showed an increase in the diﬀusion coeﬃcient
D = D0 exp(–Q/kBT) (with prefactor D0, activation enthalpy Q and temperature T) for self-diﬀusion in facecentered cubic (fcc) iron [1], self-diﬀusion in hexagonal
close-packed Co [2] and Co diﬀusion in Ni [2,3] on
increasing the solute carbon content in the material.
This was interpreted as an enlarged vacancy concentration compared with the equilibrium value due to the formation of vacancy carbon complexes. However,
theoretical studies for body-centered cubic (bcc) iron
showed a decrease in self-diﬀusion in the presence of carbon [4,5] interpreted as decreased mobility of vacancy–
carbon complexes. In the present study nickel diﬀusion
coeﬃcients in the carbon containing ferrite lamellae of
pearlitic steel were determined using atom probe tomography (APT), in order to determine whether Ni diﬀusivity is increased, like measured self-diﬀusion in fcc iron,
or decreased, as predicted for self-diﬀusion in bcc iron.
Nickel was chosen as the diﬀusing element in ferrite be-
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cause its activation enthalpy for diﬀusion in bcc iron
(2.55 eV [6]) is similar to the activation enthalpy of iron
self-diﬀusion (2.60 eV [7]). APT yields three-dimensional
elemental maps at near-atomic resolution. Such data enable us to calculate diﬀusion coeﬃcients from nickel
concentration proﬁles extending over only a few nanometers occurring at low annealing temperatures.
Deformed pearlitic wires were chosen because previous APT measurements have shown that their ferrite
lamellae contain carbon well above the equilibrium value of bcc iron. Cold-drawn pearlitic steel wires are the
strongest structural bulk materials available with
strength values above 6.4 GPa [8]. Such materials are
used for applications such as suspension bridge cables,
tire cords and springs. The cementite in this material dissociates upon plastic deformation [9–15] leading to
enrichment of carbon in the ferrite. The material used
in the present study was pearlitic steel wires with the
chemical composition 0.81 C–0.20 Si–0.49 Mn–0.006
P–0.008 S (wt.%), provided by the Nippon Steel Corp.
A detailed description of the fabrication is provided in
Ref. [12]. During the process patented wires are
produced by a well-deﬁned thermo-mechanical treatment [12] which were subsequently cold drawn to true
strains e = ln(d02/d2) of 1.04, 1.97, 3.05, 3.98, and 5.01,
respectively, where d is the ﬁnal diameter of the wire.
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The temperature rise during deformation did not exceed
100 K [12].
Needle-shaped samples for APT measurements,
termed tips, were prepared using a dual beam focused
ion beam (FIB) FEI Nova NanoLab 600e. The tips
were prepared perpendicular to the wire axis, since samples produced in this way were shown to be more reliable regarding the measured carbon concentration
than samples prepared parallel to the wire axis [15,16].
In order to polish the surface and to reduce Ga implantation during the FIB process the upper atomic layers of
the tips were removed by ﬁeld evaporation using a ﬁeld
ion microscope. Then a thin Ni layer was deposited on
the tip surface by ion beam sputter deposition. Additionally, a layer of Ag was deposited in order to stabilize
the tip surface during APT measurements. Subsequently
samples were heat treated at 423 K for 5–6 days and at
473 and 523 K for 8–24 h under vacuum at pressures
of 105–107 mbar. APT measurements were carried
out at the Max-Planck-Institut für Eisenforschung using
a LEAP 3000X HRe and at the King Abdullah University of Science and Technology using a laser-assisted
wide-angle tomographic atom probe (Cameca Instruments). Further APT measurements were performed at
the Institut für Materialphysik in Göttingen using a conventional atom probe with a Cameca multi-anode
detector.
In the present work the carbon concentration in ferrite was determined by analyzing APT measurements
of pearlitic steel wires cold drawn to diﬀerent true strains
and after diﬀusion annealing treatments at temperatures
between 473 and 523 K. The results are presented in Figure 1. For the as-patented wire (e = 0) the carbon concentration in ferrite at room temperature was about
0.2 at.% and thus above the equilibrium concentration
of carbon in ferrite (0.01 at.%) and even higher than
the values reported in previous APT measurements
(0.05–0.07 at.%) [10,11,14]. The larger C concentrations
in this study for e = 0 may be caused by annealing the
wires up to 473 K for interdiﬀusion to occur, whereas
other studies analyzed wires after the patenting process
without further annealing. The carbon content in ferrite
remains approximately constant for e 6 3 and increases
for e > 3 up to about 0.6 at.% at e = 5.01, which is three
times that for the as-patented wire and in accord with
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Maruyama et al. [11]. In contrast, previous works
showed an increase in the carbon concentration in ferrite
even at low true strains caused by deformation-driven
cementite decomposition [11,14]. A possible mechanism
governing this decomposition process is the so-called
“carbon drag eﬀect” [17,18]. It proceeds by dislocations
that move through the cementite lamellae and drag C
atoms along with them because the binding energy between dislocations and C atoms in ferrite (0.75 eV [19])
is higher than the binding energy between carbon and
iron atoms in cementite (0.40–0.42 eV [20,21]). Once
drawn into the ferrite phase the C atoms then segregate
to lattice defects, e.g. dislocations, vacancies, or (sub)grain boundaries. Thus the carbon content in ferrite increases during deformation while it decreases in
cementite [11,13,14]. The constant carbon concentration
in ferrite determined in this work for e < 3 is consistent
with the observation that the cementite lamellae have a
constant thickness of about 7–8 nm for e 6 2, while
lamellae for e = 3 and 5 have thicknesses of only 3
and 1–2 nm. Li et al. [14] observed cementite decomposition only for lamellae with a thickness of less than
8 nm for the same material. This indicates that cementite
decomposition only starts at e P 3 in the regions probed
in our current samples, whereas the oversaturated carbon content at low true strains is probably inﬂuenced
by our heat treatment after deformation. In contrast,
sample annealing has no inﬂuence on the carbon concentration at higher deformations [8].
For samples with diﬀerent true strains the Ni concentration proﬁles were determined perpendicular to the
Ni–ferrite interfaces in regions where no cementite
lamellae or grain boundaries were present. Thus any effect of the interfaces on Ni diﬀusion was avoided. The
measured Ni and Fe concentrations observed after
deposition of the Ni layer and after diﬀusion treatment
are shown in Figure 2 as a function of the distance x
from the Ni/ferrite interface. The concentration proﬁle
thickness where the concentration values change signiﬁcantly was several nanometers. The corresponding extremely small diﬀusion lengths were at the lower limit of
the resolution of APT. Thus precise calibration during
APT reconstruction is required in order to obtain reliable values of the diﬀusion coeﬃcient. In the case of
the as-prepared Ni layer on the as-drawn sample the
corresponding concentration proﬁle was not step-like
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Fig. 1. Carbon concentration in ferrite in cold-drawn pearlitic wires
after diﬀusion annealing at 473 K. For comparison APT results from
the literature [11,14] are shown for as-patented (e = 0) and as-drawn
(e > 0) wires without heat treatment. The error bars correspond to
standard deviations from at least three measurements.
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Fig. 2. Molar ratio of nickel plotted vs. the distance from the interface
(deﬁned by the 50% Ni isoconcentration surface) for the as-patented
wire (e = 0) after annealing at various temperatures and times, as
shown in the inset. The lines are ﬁts to Eq. (1).
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(cf. Fig. 2), contradicting negligible diﬀusion. A step-like
proﬁle is absent because of the limited resolution of the
atom probe and the initial roughness of the Ni/ferrite
interface.
The Ni diﬀusion proﬁles were ﬁtted to the error function erfc according to the equation [22]:
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
cNi =cNi þ cFe ðxÞ ¼ ðc1  c2 =2Þerfcðx=2 Dðt þ tv ÞÞ þ c2
ð1Þ
where cNi and cFe are the measured nickel and iron concentrations, respectively, c1 and c2 are the initial nickel
concentrations in the nickel and the ferrite phases,
respectively, t is the annealing time and tv is virtual time.
The product Dtv is obtained by ﬁtting Eq. (1) to the initial proﬁle of the as-prepared sample. After interdiﬀusion ﬁtting the proﬁles yield D(t + tv), and by
subtracting Dtv the product Dt is obtained. The corresponding diﬀusion coeﬃcients D were calculated from
these ﬁts for the data obtained on the annealed samples
(lines in Fig. 2). For the annealing temperature 473 K
the diﬀusion coeﬃcients for diﬀerent true strains are
shown in Figure 3. The diﬀusion coeﬃcient of the aspatented state (e = 0) was calculated to be 1024 m2 s–1,
which is about seven orders of magnitude larger than the
Ni impurity diﬀusion coeﬃcient in a-Fe at the same temperature [6], but about 1.5 orders of magnitude below
the grain boundary diﬀusion of Ni in a-Fe at 475 K
[23]. In this work the selected volumes used to determine
concentration proﬁles contained no grain boundaries
and no cementite/ferrite interfaces. As observed for the
carbon concentration, the diﬀusion coeﬃcient remains
approximately constant at a value of 1  1024 m2 s–1
for e 6 3. For e = 5.01 the diﬀusion coeﬃcient is about
1.5 times larger compared with the as-patented wire.
The fact that Ni diﬀusion in ferrite for both the as patented and strained pearlite wires is much faster than Ni
diﬀusion in bulk iron is attributed to vacancy–carbon
complexes. These are formed, in addition to thermal
vacancies, due to the attractive carbon–vacancy interaction. As shown by ﬁrst-principles calculations [4,24–26],
the increased total vacancy concentration leading to a
higher diﬀusion coeﬃcient arises from the reduced formation energy of vacancy–carbon complexes compared
with carbon-free vacancies. At higher true strains, at
which cementite decomposition occurred, the additional
carbon atoms in ferrite form new complexes which lead

to a higher vacancy concentration. This explains the
strong correlation between carbon content and diﬀusion
coeﬃcient, as observed for other metals with carbon solute [1–3]. The diﬀusion coeﬃcients of Ni in ferrite for the
as-patented wire (e = 0) were evaluated from various Ni
concentration proﬁles, yielding values between 1023
and 1025 m2 s–1 after annealing at 423–523 K. The
averages and standard deviations of these values are
shown in Figure 4 as an Arrhenius diagram. Fitting a
straight line to the data in Figure 4 yields an activation
energy of Q = 0.66 ± 0.05 eV. However, the activation
enthalpy Q in ferrite estimated in this work is based
on a small number of measured values at only three
diﬀerent annealing temperatures. Thus the following
interpretation regarding the quantitative aspects should
be treated with some caution.As the interdiﬀusing
elements Ni and Fe are rather similar, especially with
respect to the size of their atoms, we assume that the
diﬀusion coeﬃcients Di of iron and nickel are the same
~ This
and equal to the interdiﬀusion coeﬃcient D.
assumption is supported by the symmetric concentration
proﬁles of both Ni and Fe. Furthermore, we assume that
the thermodynamic factor which represents the inﬂuence
of interaction between the diﬀerent atoms is less dependent on temperature than the exponential term in D.
~ is equal to the sum of
Then the activation energy in D
the enthalpies hfV and hm
for
vacancy formation and
V
migration:
~
ÞÞ ¼ hfV þ hm
Q ¼ Rð@ðlnDÞ=ð@ð1=T
V

ð2Þ

In previous works the activation enthalpies of selfdiﬀusion in pure a-Fe were mostly determined to be between 2.55 and 2.63 eV [7,27,28]. Values for the formation contribution hfV were estimated to be between 1.5
and 2.0 eV [29,30], whereas the contribution from
migration hm
V was 0.5–0.8 eV [5,31,32].
The activation energy determined in this study for Ni
diﬀusion in ferrite was signiﬁcantly smaller than the value for self-diﬀusion in a-Fe. A possible explanation for
this result is given by the so-called defactant model
developed by Kirchheim [33,34]. According to this model the C atoms present in ferrite segregate at vacancies
and appreciably reduce the enthalpy of formation hfV
of these defects, analogous to the reduction in surface
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Fig. 3. Diﬀusion coeﬃcient of Ni in ferrite (e = 0) annealed at 473 K
as a function of wire strain. The error bars are the standard deviations
of the mean values.

Fig. 4. Diﬀusion coeﬃcient of Ni in ferrite (e = 0) as a function of
inverse annealing temperature. The error bars are the standard
deviations of at least three measurements. The resulting linear
regression function giving the activation enthalpy of diﬀusion is also
shown.
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energy of liquids due to the presence of “surfactant”
molecules [35]. Facilitated vacancy formation by the formation of vacancy–carbon complexes leads to an increased vacancy concentration and thus to an
enhanced diﬀusion coeﬃcient. A detailed discussion of
enhancement of the vacancy concentration in the presence of carbon solute within the framework of the defactant concept can be found in Kresse [36].
Previous works have also shown an inﬂuence of carbon on the vacancy migration enthalpy hm
V , which is
higher in carbon-enriched iron (0.73–1.3 eV [37,38])
compared with pure a-Fe. However, these enthalpies
were determinated at temperatures above 580 K, when
the vacancy–carbon complexes had already dissociated
[31,39]. Furthermore, the activation enthalpy measured
in this study is in the range of the vacancy migration enthalpy in pure iron, thus the inﬂuence of carbon on hm
V in
the temperature range of stable complexes is negligible.
Under these conditions the measured activation energy
of 0.66 eV represents the migration enthalpy of vacancy–carbon complexes. The reason why the enthalpy
of vacancy formation makes no contribution despite
Eq. (1) can be explained in two ways. First, the carbon
concentration in ferrite is so high that the enthalpy of
vacancy formation is reduced to zero within the framework of the defactant concept [33,34]. Second, sinks
and sources of vacancies are insuﬃciently eﬀective to
establish thermodynamic equilibrium in the temperature
range used in this study and, therefore, the concentration of vacancy–carbon complexes remains constant.
In summary, the interdiﬀusion coeﬃcients of Ni in ferrite at low temperatures were measured for pearlitic steel
wires cold drawn to diﬀerent true strains by APT. The
measured values are six orders of magnitude larger than
the Ni diﬀusion coeﬃcient in bcc iron, which is attributed to an enhanced concentration of vacancies or,
rather, vacancy–carbon complexes. Furthermore, the
diﬀusion coeﬃcient increases with higher carbon content, analogous to the results of previous studies on
other metals with carbon solute [1,3]. The appreciably
reduced activation enthalpy of interdiﬀusion can be explained by the defactant concept [33,34], explaining the
pronounced reduction in vacancy formation enthalpy
by oversaturated carbon solute or the high chemical potential of carbon, respectively.
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