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Grain boundary segregation in Fe–Mn–C twinning-induced plasticity
steels studied by correlative electron backscatter diﬀraction and atom
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Abstract—We report on the characterization of grain boundary (GB) segregation in an Fe–28Mn–0.3C (wt.%) twinning-induced plasticity (TWIP)
steel. After recrystallization of this steel for 24 h at 700 °C, 50% general grain boundaries (GBs) and 35% R3 annealing twin boundaries were
observed (others were high-order R and low-angle GBs). The segregation of B, C and P and traces of Si and Cu were detected at the general GB
by atom probe tomography (APT) and quantiﬁed using ladder diagrams. In the case of the R3 coherent annealing twin, it was necessary to ﬁrst locate
the position of the boundary by density analysis of the atom probe data, then small amounts of B, Si and P segregation and, surprisingly, depletion of
C were detected. The concentration of Mn was constant across the interface for both boundary types. The depletion of C at the annealing twin is
explained by a local change in the stacking sequence at the boundary, creating a local hexagonal close-packed structure with low C solubility. This
ﬁnding raises the question of whether segregation/depletion also occurs at R3 deformation twin boundaries in high-Mn TWIP steels. Consequently, a
previously published APT dataset of the Fe–22Mn–0.6C alloy system, containing a high density of deformation twins due to 30% tensile deformation
at room temperature, was reinvestigated using the same analysis routine as for the annealing twin. Although crystallographically identical to the
annealing twin, no evidence of segregation or depletion was found at the deformation twins, owing to the lack of mobility of solutes during twin
formation at room temperature.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Fe–Mn–C twinning-induced plasticity (TWIP) steels
represent a novel grade of advanced high-strength and
formable austenitic steels with high potential for automotive and related sheet-forming applications [1–12]. Knowledge of equilibrium grain boundary (GB) segregation in
these austenitic steels is required to better understand the
local concentration dependence of associated phenomena,
e.g. the mobility of GBs, and thereby the kinetics of grain
growth or recrystallization during thermomechanical treatment [13,14]. Furthermore, GB segregation can aﬀect the
twinning behavior of TWIP steels since the critical stress
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for deformation twin formation is directly related to the
stacking fault energy (SFE) [3,15,16], which is a function
of the chemical composition [17,18]. Therefore, a change
in the local chemical composition at GBs should inﬂuence
the critical stress necessary for the onset of twin nucleation
at GBs and hence the strain hardening behavior.
In addition to the inﬂuence of GB segregation on twinning, better understanding is required of its eﬀect on failure
phenomena in TWIP steels. Room temperature fracture
behavior of TWIP steels is normally ductile, with cup–cone
dimples on the fracture surface [2,19], though there are
reports that higher Mn contents slightly increase the fraction of intergranular cracking [20,21], which mainly nucleates at MnS inclusions [22]. Stress corrosion cracking is
another relevant fracture mechanism [23], as is the corrosion behavior in general, since segregation causes local differences in the chemical potential [24]. A related aspect that
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is attracting great interest is the hydrogen embrittlement of
high-Mn steels [25–29]. Hydrogen has been also shown to
deteriorate mechanical properties in general, leading to
intergranular fracture [30–32]. Hydrogen-induced delayed
fracture of TWIP steels has been reported for cup-drawn
specimens in air [25] and hydrogen-assisted cracking has
been observed to aﬀect all boundary types, surprisingly
including R3 coherent annealing twins and deformation
twins [29]. He et al. [33] investigated the segregation of
hydrogen to R3 (1 1 1) boundaries in a-iron by ﬁrstprinciples calculations and concluded that the segregation
of Cr reduces the segregation of hydrogen. This result indicates that the presence of other segregated elements at
boundaries can potentially reduce the impact of hydrogen
embrittlement. It is thus a motivation for the investigation
of GB equilibrium segregation [34,35] in TWIP steels.
Knowledge of the local grain boundary chemistry is
needed to understand the above-mentioned phenomena.
Atom probe tomography (APT), with its near-atomic spatial resolution and high detection sensitivity (in the range
of a few parts per million, and equal for all elements), is
a powerful tool for the characterization of segregation
phenomena at buried interfaces that occur within a few
angstroms around the boundary plane and often involve
light elements [36–41]. In the current work, segregation
was evaluated by quantitative APT analyses of three
boundary types: a general GB (also called a random
GB), referring to a high-angle grain boundary (HAGB)
the conﬁguration of which does not correspond to a special boundary type according to coincident site lattice
(CSL) theory; an annealing twin, created by diﬀusion
during an extended heat treatment; and a deformation
twin, created by mechanical deformation at room temperature [42,43]. The ﬁrst two were identiﬁed by electron
backscattering diﬀraction (EBSD), the deformation twins
by transmission electron microscopy. All boundaries were
prepared by site-speciﬁc focused ion beam (FIB) lift-out
techniques [44].
2. Experimental
A high-Mn TWIP steel with nominal composition
Fe–28Mn–0.3C (wt.%) was cast into 140  140 mm ingots,
followed by hot rolling in three passes at 1150 °C to 50 mm
thickness, homogenization for 5 h at 1200 °C, hot rolling in
12–14 passes to 3 mm, cold rolling to 2 mm and air cooling.
The sample was recrystallized by annealing for 24 h at
700 °C followed by water quenching, then ground to the
middle layer of the sheet. All heat treatments were performed in an air circulation furnace. The long annealing
time was applied to generate a microstructure coarse
enough to eﬃciently perform site-speciﬁc lift-out preparation of selected boundaries using the FIB. The chemical
compositions according to wet-chemical and atom probe
analyses are given in Table 1.
Metallographic preparation for scanning electron
microscopy (SEM) was performed along the rolling direction–transverse direction (RD–TD) plane. The sample
was ground successively using SiC grinding paper, followed
by polishing with 3 and 1 lm diamond suspensions. Electropolishing was subsequently performed at room temperature for 20 s using a Struers LectroPol-5, with a ﬂow rate of
10, at 22 V using an electrolyte consisting of 83 vol.% ethanol, 11 vol.% butyl glycol and 6 vol.% perchloric acid.

EBSD mapping and the site-speciﬁc preparation of atom
probe samples were performed in a FEI Helios NanoLab
600i dual-beam FIB/SEM instrument. EBSD was performed using a 0.25 lm step size, a 14 mm working distance, a 30 kV acceleration voltage, a 2.7 nA current and
a detector system by EDAX. EBSD data analysis was performed with the OIM Data Analysis 7.0.1. (EDAX Inc.)
software. Statistical analysis of grain size and GB type were
carried out considering all GBs above 2° misorientation
angle on an area of 25  103 lm2, containing 600 complete grains. The average grain diameter
p was 5.4 lm. We
applied the Brandon criterion [45] 15°/ R to identify special GBs with misorientations in the vicinity of low R
CSL orientation [46]. The sample measured in the current
work contained 4% low-angle grain boundaries (LAGBs)
with misorientation angles below 15°, 36% R3 GBs, 11%
other R-type GBs and 49% general GBs (Fig. 1). Among
the R3 GBs, 89% had a grain boundary surface trace that
was within 5° deviation from a {1 1 1} plane of each of
the abutting grains and were therefore considered to be
coherent twin boundaries [47]. As more than 80% of all
GBs in this alloy were classiﬁed as either general GBs or
R3 coherent twin boundaries, the characterization of these
two types of boundaries can be considered as representative
with respect to GB segregation in this material.
The APT samples containing a general GB (52.11° misorientation about the [0.55 0.69 0.47] axis, GB1) and a R3
coherent annealing twin (59.83° misorientation about the
[0.58 0.58 0.58] axis, GB2) (Fig. 1) were prepared using a
site-speciﬁc FIB lift-out procedure [44]. The locations of
the grain boundaries were carefully tracked and centered
throughout all steps of preparation, as illustrated in Figs. 2
and 3. Final milling was performed at 5 kV. APT characterization was conducted on a LEAP 3000X HR instrument
(Cameca) operating in voltage mode with a set-point temperature of 60 K, a 15–20% pulse fraction, a 200 kHz pulse
repetition rate and a detection rate of 0.005–0.01 atoms per
pulse. The total voltage during probing was in the range of
4–9 kV. The peak assignment of carbon was performed as
described by Marceau et al. [48]. Tomographic reconstruction was carried out using the IVAS 3.6.6 software. The
Gibbs interfacial excess values (in atoms nm2) for all elements were determined from ladder diagram plots [49,50],
which are cumulative plots of a speciﬁc atomic species
against the cumulative number of all atoms along a region
of interest (ROI) positioned perpendicular across the GB in
the 3-D atom maps.
3. Results
Fig. 4 illustrates the crystallographic analysis of the
plane orientation of GB2. The analysis of the surface trace
of GB2 in the EBSD dataset shows that the GB plane is
parallel to the surface trace of a {1 1 1} plane in each of
the abutting grains (Fig. 4a). As measured on the SEM
micrograph of the lift-out sample, the GB plane inclination
angle in depth is 16° (Fig. 4b). Fig. 4c shows the standard
stereographic projection of the h1 1 1i poles of both grains
illustrated using the TOCA software [51,52]. The surface
trace of the GB plane is marked as a black line. The GB
plane normal must fulﬁll two criteria: on the one hand, it
must be perpendicular to the surface trace (must be situated
on the dashed black line), and on the other hand, it must be
inclined by 16° with respect to the sample surface plane, as
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Table 1. Wet-chemical, bulk composition analysis and atom probe peak-decomposed chemical analysis of a 20  40  70 nm3 region without a GB.
Element

Fe

C

Mn

Si

P

S

Cr

Ni

Wet-chemical (wt.%)
Atom probe (wt.%)
Element
Wet-chemical (wt.%)
Atom probe (wt.%)

Balance
Balance
Mo
0.02
–

0.282
0.40
Al
0.0054
–

28
28
Cu
0.0098
0.01

0.103
0.09
Co
0.011
–

0.0084
0.00
Nb
0.027
–

<0.0005
–
V
0.021
–

0.016
–
Sn
<0.0005
–

0.037
–
N
0.016
–

B
Not tested
–

Elements that were not detected in the atom probe mass spectrum are marked as “–”.

LAGB

Σ3

Other Σ

General GB

Fig. 1. Overlay of EBSD image-quality map with a color-coded GB network, viewed along the normal direction. Low-angle grain boundaries
between 2 and 15° misorientation angle are labeled in green; R3 GBs (annealing twins) are in red; other R-type GBs are in yellow; and all other
HAGBs (general GBs) are in blue. GB1 and GB2 indicate the locations where site-speciﬁc FIB lift-outs and subsequent atom probe measurements
were performed. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the web version of this article.)

Area of
former
FIB scan

10 µm
Fig. 2. Identiﬁcation of the speciﬁc grain boundary for site-speciﬁc APT sample preparation. (a) SEM image of the region of interest. Most grain
boundaries are visible due to topological contrast from the electrochemical sample preparation procedure. The contrast of GB1 was further enhanced
by FIB etching. (b) Overlay of (a) with the grain boundary network extracted from EBSD mapping (same color coding applied as in Fig. 1).

measured in Fig. 4b. The position marked X (Fig. 4c) fulﬁlls these requirements. At the same location, a h1 1 1i pole
of each of the abutting grains coincide. The grain misorientation of GB2 is 60°[1 1 1] and the GB plane is parallel to
{1 1 1} with respect to both abutting grains. GB2 is therefore by deﬁnition a face-centered cubic (fcc) R3 coherent
twin boundary. The GB plane of GB1 was not investigated
any further as the grain misorientation relationship is suﬃcient for its identiﬁcation as a general GB.

3-D atom maps of GB1 and GB2 are shown in Figs. 5
and 6, respectively. In contrast to GB1, in the case of
GB2, the concentration changes at the GB were so low that
the boundary was neither visible as a point cloud of certain
elements nor detectable using conventional visualization
tools (iso-concentration surfaces). The position of the GB
in the dataset was veriﬁed using the color-coded volume
renderer tool within the IVAS 3.6.6 software. After
smoothing out ﬁne-scale local density variations by
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(a)

(b)

(d)

(e)

(c)

(f)

Fig. 3. Site-speciﬁc APT sample preparation of GB1 (see also Figs. 1 and 2). White arrows mark the position of the GB. (a) FIB milling of the ﬁrst
trench at the GB. (b) FIB milling of the second trench at the GB and side-cut (sample 180° rotated with respect to (a)). (c) Transport of the triangular
prismatic lift-out containing the region of interest to a Si post using a micromanipulator. (d) Attachment of lift-out sample using FIB-assisted Pt
deposition (view rotated 90° with respect to (c)). (e) Annular milling of lift-out on Si post. (f) Final shape of the APT sample after low-kV milling.

applying a delocalization of 6 nm in the x, y and z directions and selecting an appropriate color map, the GB position becomes apparent as a planar low-density feature
(Fig. 6, bottom right). By positioning an ROI vertically
across this low-density region and plotting the elemental
concentrations across it as described above, clear evidence
for the segregation/depletion of certain elements at the R3
coherent annealing twin boundary were obtained and
quantiﬁed (Fig. 7). The excess values for GB1 and GB2
are summarized in Table 2. The error due to manual peak
ﬁtting of the ladder diagrams was estimated using an upper
and lower bounds approach. The segregation of B and P is
about ﬁve times higher in the case of the general GB compared to the R3 coherent twin boundary. The amount of Si
segregation is higher in the case of the R3 coherent twin
boundary. Traces of Cu segregation can be only detected
in the case of the general GB. The most striking diﬀerence
between the two GB types is the C content. In the case of
the general GB, the C excess is at least a factor of 10 higher
than all other excess values, whilst in the case of the R3
annealing twin there is a pronounced depletion of C, which
is 10 times larger than the strongest segregating solute species, Si (see Table 2).
The bottom right-hand-side image in Fig. 6 provides
clear evidence that the APT dataset contains information
about the reduced mass density at GB2, so an attempt
was made to quantify this density decrease. For this purpose, the numbers of missing Fe and Mn atoms (the matrix
and substitutional elements) per interface area were
determined from the same ROI that was also employed
for the quantiﬁcation of the excess values at GB2. From
the plot of the cumulative number of Fe/Mn atoms over
the distance normal to the GB, an average value of about
90 missing Fe/Mn atoms per nm2 of interface was quantiﬁed. A {1 1 1} monolayer of fcc iron contains about 18 Fe
atoms per nm2. This means that about ﬁve monolayers of
{1 1 1} fcc iron would be missing at GB2; however, an
absence of more than a single monolayer is non-physical.
Also, high-resolution transmission electron microscopy
(HRTEM) indicates that there are only marginal density

diﬀerences between R3 coherent twins and the matrix [53].
Therefore, the large amounts of missing matrix and substitutional elements that were measured by APT at GB2 are
most likely due to atom probe artifacts caused by the diﬀerent ﬁeld evaporation behaviors of the two abutting grains.
We conclude, as also demonstrated by Felfer et al. [54], that
the density at GBs as measured by APT is aﬀected by a
combination of inherent ﬁeld evaporation characteristics
of the system (elemental ﬁeld evaporation potentials in concert with their local arrangement within the crystallographic architecture) that can produce inaccuracies in the
measurement that are signiﬁcantly greater than the signal
of interest.
4. Discussion
GB segregation was quantiﬁed (Table 2) from ladder
diagram plots [49], examples of which are shown in
Fig. 7. This approach takes only the integrated number
of excess atoms per GB area into account. The shape of
the concentration proﬁle across the boundary, including
the maximum peak height and the width of the segregation
zone, is deliberately ignored as it is subject to well-known
atom probe artifacts, such as the local magniﬁcation eﬀect
or preferential ﬁeld retention/evaporation eﬀects [55]. As
demonstrated for GB2, the statistically robust ladder diagrams are excellent tools with which to quantify small
amounts of segregation to planar defects that are neither
visible to the human eye in 3-D atom maps nor can be visualized by iso-concentration surfaces.
4.1. Segregation to the general GB (GB1)
In the case of the investigated general grain boundary
GB1, the measured segregated elements at the interface
are in good agreement with the literature. Lejcek and Hofmann [56] reported that both P and C are attracted by GBs
in austenite. Tomozawa et al. [39] reported segregation of
P, B and C to general GBs in 316L austenitic stainless steel
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Fig. 4. Determination of the GB plane orientation of GB2. (a) EBSD analysis shows that the surface trace of the GB plane is parallel to the surface
trace of a {1 1 1} plane in each of the abutting grains. (b) The SEM image of the lift-out of GB2 after contrast enhancement enables quantiﬁcation of
the GB inclination angle in depth. (c) Standard stereographic projection of the h1 1 1i poles of both grains. The pole of the GB plane is marked by an
X. A h1 1 1i pole of each of the abutting grains coincide at the same location. The plane of GB2 can thus be identiﬁed as {1 1 1} plane with respect to
the crystal lattice of both grains that constitute this boundary.

that was solution-treated at 1043 °C for 15 h and water
quenched. In contrast, segregation of S to GBs is known
to be greatly reduced in the presence of Mn due to the formation of manganese sulﬁdes [57]. According to Lejcek and
Hofmann [56], there is a slight tendency for Si and Mn to
become enriched at austenitic GBs. However, Paju and
Grabke [58] reported the absence of Mn segregation at
GBs in austenite. Whilst GB segregation of Si is conﬁrmed
by our measurements, we found no evidence of GB segregation of Mn.
4.2. Segregation to the R3 coherent annealing twin boundary
(GB2)
In general, coherent twin boundaries are known for their
low interfacial free energies and low free volume [59–61].
Therefore, it has been commonly assumed that solute
segregation does not occur at these types of GBs [62].

However, recent HRTEM experiments in a-Mg proved that
even ideally coherent twin boundaries can be subject to solute segregation [62]. Moreover, slight deviations from the
ideal R3 orientation relation or from the coherent GB plane
orientation is accommodated by misﬁt dislocations and
interface facets, respectively, which give rise to GB segregation that scales with the density of such defects at the
boundary [36]. It is thus of great importance to determine
the macroscopic crystallographic GB parameters as accurately as possible when investigating segregation. The misorientation of GB2 was determined by EBSD using
standard parameters that are reported to yield an angular
resolution of about 1° [63]. However, this is valid for the
individual measurement point and can be improved by calculating the average orientation based on several measurement points, provided that the grains contain no
intragranular orientation gradient. The latter is assumed
to be the case in the current work as the material was
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B

C

Si

GB segregation

P

Mn

Cu

25 nm

Fig. 5. 3-D elemental atom maps (12 million atoms total) containing GB1, viewed edge-on.

B

C

P

Mn

Si

Density
40 nm

GB

Fig. 6. 3-D elemental atom maps (16 million atoms total) containing GB2, viewed edge-on. A planar region of decreased iron density (bottom right
map) identiﬁes the position of the grain boundary.

recrystallized, and was also conﬁrmed by a grain reference
orientation deviation analysis on the EBSD dataset. Based
on an average grain orientation calculated from at least
1500 measurement points for each of the abutting grains,

the deviation from the ideal R3 orientation relationship of
GB2 amounts to only 0.17°. The corresponding standard
deviations of the average grain orientations for the two
grains of GB2 were 0.19 and 0.43°. However, the EBSD

3

Number of
interfacial
excess atoms

2
Gibb’s
dividing
surface

1
5

Number of carbon atoms (104)

Number of Mn atoms (104)

P

4

35
30
25
20
15
10
5

10
15
Total number of atoms (105)

3

C

2

1
5

43

Mn

40

Number of boron atoms (102)

Number of phosphor atoms (102)

M. Herbig et al. / Acta Materialia 83 (2015) 37–47

10
15
Total number of atoms (105)

10
15
Total number of atoms (105)

5

B

4
3
2
1
5

10
15
Total number of atoms (105)

Fig. 7. Ladder diagrams determined from a cylindrical region of interest with 27 nm diameter, perpendicular to GB2.
Table 2. Grain boundary excess values (in atoms nm2), quantiﬁed from ladder diagram plots such as those in Fig. 7.
Grain boundary

B

C

Si

P

Mn

Cu

General GB (GB1, 52°[675])
R3 coherent twin (GB2, 60°[1 1 1])

0.53 ± 0.01
0.10 ± 0.03

6.6 ± 0.5
2.7 ± 0.8

0.16 ± 0.04
0.26 ± 0.06

0.62 ± 0.02
0.10 ± 0.02

–
–

0.03 ± 0.01
–

orientation analysis still has a certain error associated with
it and also the SEM measurement of the GB plane inclination, as shown in Fig. 4. Therefore, the absolute coherency
of GB2 investigated here cannot be deﬁnitively proved.
Nevertheless, a number of facts suggest that GB2 is an ideal
coherent twin boundary: (i) the twin was created in the
course of recrystallization during an extended heat treatment (24 h at 700 °C) so that relaxation to full coherency
is likely; (ii) the EBSD orientation analysis ﬁts almost perfectly to the ideal misorientation relationship; (iii) the samples were not mechanically loaded; (iv) the GB plane
continuation in depth, as measured by SEM in the crosssections of the lift-out sample, ﬁts almost perfectly to the
{1 1 1} plane; and (v) segregation at the GB is so subtle that
it was not detectable by conventional means using the
IVAS software.
Tomozawa et al. [39] conducted an APT analysis of a R3
boundary in 316L stainless steel that was solution-treated
at 1043 °C for 15 h and water quenched. Although the
authors did not specify the GB plane, based on the fact that
no segregation was found, it can be assumed that the
boundary was also a coherent twin boundary like those
in the case investigated here. One possible explanation for
why the authors detected no segregation is that they performed annealing at a higher temperature, which decreases
the solute segregation according to the Gibbs adsorption
isotherm [34]. The other possible reason is that only a visual
inspection of the density of atoms was performed. As demonstrated in the current work, this method is not suitable

for accurate quantiﬁcation of whether solute segregation
or depletion occurs at a coherent R3 annealing twin
boundary.
The APT analysis of the coherent R3 annealing twin
boundary (GB2) in the current work shows that Gibbs
excess values for B and P are drastically reduced as compared to the general GB (GB1). This can be explained by
the fact that the highly symmetric GB2 is a low-energy
GB [31] and thus requires correspondingly less solute segregation to be rendered stable [64,65]. The element Cu follows the same trend as B and P for the same reason.
However, as it is on the verge of the detection limit in the
case of GB1, it is below that limit in the case of GB2.
Only the element C behaves unexpectedly. Detection of
less pronounced segregation of C at GB2 compared to GB1
might have been expected, but instead a considerable negative value of the Gibbs excess was measured (Table 2). This
is in fact consistent with recent results of Hickel et al. [66],
who investigated the segregation of C to stacking faults in
fcc iron in Fe–22Mn–0.6C (wt.%), which is a very similar
alloy to the one probed here. The ab initio simulations
revealed that the change in the fcc stacking sequence from
ABCABC to ABAB at the stacking fault generates a hexagonal close-packed (hcp) crystal structure locally, which constitutes an energetically unfavorable environment for C.
Given enough energy to overcome a signiﬁcant activation
energy barrier – in Ref. [66] by a 200 kV electron beam in
the transmission electron microscope at room temperature
– a thin carbon-depleted area forms at the stacking fault
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(the so called “anti-Suzuki eﬀect” [67]), which lowers the
stacking fault energy locally and thus causes an increase
in the partial dislocation separation distance [66]. Since a
R3 coherent twin in fcc consists of stacking faults on consecutive {1 1 1} planes [68] and thus also creates a local hexagonal ABAB stacking sequence, the same mechanism as in
Ref. [66] applies in the scenario observed here. The high
temperature (700 °C) during annealing provides enough
energy for C to leave the local hcp phase and this explains
the depletion of C at GB2.
4.3. Segregation to deformation twin boundaries
Deformation twins and annealing twins are crystallographically identical in terms of their ﬁve geometric degrees
of freedom [68], although additional partial dislocations or
ledges along deformation twins can exist [69]. The main difference is the way in which they are formed, namely, the
annealing twin by diﬀusion at elevated temperature [68]
and the deformation twin through a mechanical shear
mechanism [16], usually at lower temperature. Since equilibrium solute segregation at the twin boundary, as well
as solute diﬀusion, are temperature-dependent quantities,
it is likely that these interfaces (annealing twin vs. deformation twin) contain diﬀerent local chemical compositions. As
such, previously published APT data [70] containing a high
density of deformation twins have been reinvestigated using
the same analysis routine as for the annealing twin boundary GB2. In Ref. [70] the specimens of an Fe–22Mn–0.6C
(wt.%) alloy with a similar composition to that of the current work were subjected to 30% tensile deformation at
room temperature and no solute segregation to the deformation twin boundaries was detected by conventional
APT analysis.
Fig. 8a shows a bright-ﬁeld scanning transmission
electron microscopy (STEM) image of an atom probe tip

(a)

(b)

containing several nanoscale deformation twins. Although
the diﬀerence in contrast is faint due to their superposition
with a low-density pole region that passes straight through
the volume, Fig. 8b reveals the deformation twins, which
appear as a stairway pattern on both sides of the pole.
The comparison between Fig. 8a and b shows that the number, orientation and spacing between the twins and the
stairway patterns are in good agreement. Fig. 8c shows
an APT volume of an undeformed Fe–28Mn–0.3C (wt.%)
sample that contained no twins, visualized using the same
parameters as for Fig. 8b. This data also contains a lowdensity crystallographic pole; however, no stairway pattern
is visible. The stairway pattern observed in Fig. 8b is therefore very likely to be caused by the deformation twins, and
represents their position in the dataset. However, when the
same ladder-diagram analysis was applied to the deformation twins, as described earlier for both GB1 and GB2,
no chemical variations (segregation or depletion) were
detected.
These experimental results demonstrate a signiﬁcant difference in the local chemistry between annealing twin and
deformation twin interfaces. For the elements B and P, this
is not surprising, given their low diﬀusion coeﬃcients at
room temperature of 5.6  1040 and 6.9  1023 cm2 s1,
respectively (calculated using Thermo-Calc software,
Mob2 database), and given the sparse, homogeneous distribution in the matrix due to the low alloy concentration (see
Table 1), which means that the atoms would have to
migrate long distances to enrich at the GB. An absence of
C depletion at the deformation twin interfaces is more
surprising. This element also has a low diﬀusion coeﬃcient
in austenite at room temperature, of 2.5  1031 cm2 s1,
but diﬀusion of only a few atomic distances would be
required to leaving the local hcp zone (stacking fault). Hickel et al. [66] described C depletion at stacking faults as
occurring due to the energy input from a 200 kV electron

(c)

25 nm

25 nm

Fig. 8. Correlative STEM (a) and APT (b) investigation of deformation twins in Fe–22Mn–0.6C (wt.%) deformed to 30% strain at room
temperature. The visibility of the nanotwins (indicated by black arrows) was increased in the STEM micrograph by an image-sharpening algorithm.
The red dashed line indicates the position of the atom probe dataset depicted in (b), which shows a color-coded volume rendering of the density
distribution in the sample. Delocalization parameters of 6 nm  6 nm  10 nm were applied in the IVAS software and blue and red represent low and
high density regions, respectively. The blue column in the center indicates the presence of a crystallographic pole. The stairway pattern on both sides
along the pole indicates the superposition of the nanotwins (black dashed lines), which also have a lower density than the bulk. (c) Reference APT
density map of an undeformed Fe–28Mn–0.3C (wt.%) sample containing only a single grain without deformation twins and also showing a
crystallographic pole. The same visualization parameters were applied in (b) and (c). (For interpretation of the references to colour in this ﬁgure
legend, the reader is referred to the web version of this article.)
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beam – the same as that used for the correlative STEM
images taken in the case of the deformation twins [70]. This
discrepancy could be explained by the fact that the TEM
experiments carried out by Hickel et al. provided greater
energy for C diﬀusion as they worked with a LaB6 thermionic electron source, whereas less energy was input during
the STEM measurements in Ref. [70] since these were performed using a ﬁeld-emission gun that had a two orders of
magnitude lower primary beam current compared to
thermionic electron sources [71,72]. Additionally, in the
case of Ref. [70], the sample exposure to the electron beam
was kept as short as possible so as not to cause C contamination on the surface of the APT tip sample, as this can
cause early failure of the tip in the atom probe experiment.
It can be concluded, therefore, that the activation energy
barrier for diﬀusion of C out of the local hcp structure at
the deformation twin is so high that a rather intense electron beam, or temperatures clearly above room temperature, are needed to cause the formation of a C-depleted
zone at a deformation twin. Thus, the diﬀerence in local
chemical composition (i.e. the solute segregated or depleted
nature at the interface) between annealing and deformation
twin boundaries is most likely due to their diﬀerent formation temperatures. It can therefore be expected that, despite
their crystallographic identity, these boundary-type variants diﬀer in GB energy, possess diﬀerent resistance to
the transmission of dislocations and impart diﬀerent material properties, e.g. diﬀerent corrosion and embrittlement
behavior.
Atomistic simulations [73] show that twin boundaries
are not insuperable obstacles for dislocations, as is normally the case for general GBs, and this accounts for the
fact that TWIP materials display high ductility. During
deformation, however, dislocations can interact with the
twin boundaries, resulting in sessile dislocations, stacking
faults and steps along the boundary, all of which cause a
loss of coherency. The capacity of twin boundaries to accumulate these lattice defects in high densities explains the
exceptional work-hardening behavior of these materials
[74]. Lattice defects at twin boundaries will attract solute
atoms if provided with enough activation energy for segregation by diﬀusion. Deformed TWIP steels that were
exposed to elevated temperatures could thus show much
higher levels of segregation at deformation or annealing
twins than measured at the annealing twin in this work.
These concepts provide a framework for GB engineering
by solute segregation [75,76] of high-Mn TWIP steels using
appropriate thermomechanical processing to control both
volume fraction of, and segregation to, certain boundary
types and, thereby, inﬂuence the mechanical and functional
properties.
4.4. Inﬂuence of segregation on the nucleation of deformation
twins
The critical stress for the formation of deformation
twins is directly related to the SFE [3], which is a function
of the chemical composition [17,18]. According to Mahajan’s model, deformation twins nucleate at GBs [16] and
thus local chemical changes due to GB segregation should
also aﬀect the twin nucleation behavior. For the two investigated boundaries, GB1 and GB2, the element C is quantitatively by far the most important segregated element.
The enrichment of C at the general GB (GB1) causes an
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increase in the local SFE [17] and thus an increase in the
critical stress for twin formation. Correspondingly, twin
formation at the boundary of this (general) type should
be more diﬃcult. The depletion of C at the deformation
twin (GB2) should cause the opposite and facilitate twin
nucleation or formation of epsilon martensite, depending
on the exact local SFE.
Our results indirectly conﬁrm Hickel et al.’s [66] assumption that the nanodiﬀusion of C away from a stacking fault
is responsible for a local change in the SFE. The results also
indicate that these processes do not happen at room temperature, thus their inﬂuence on the mechanical deformation at room temperature is not expected. However, at
elevated temperatures, where the C depletion at stacking
faults causes a reduction in the stacking fault energy and
thus a reduction in the critical stress for twin formation,
an impact on the mechanical properties could be distinct.
4.5. Embrittlement as consequence of GB segregation
In body-centered cubic (bcc) iron-based alloys, Mn is
reported to segregate to interfaces, where it can cause
embrittlement even after short annealing times at 450 °C
[77]. Huang et al. [20] observed an increased tendency for
intergranular fracture of austenitic Fe–Mn–C TWIP steels
with increasing Mn content, which they explained by higher
amounts of Mn GB segregation in these alloys. However, in
fcc iron alloys Mn seems not to segregate to the interfaces.
Neither Tomozawa et al. [39], who investigated GB segregation in 1.5 wt.% Mn steel by APT and reported Mn
enrichment at the GB, nor our measurements of the local
chemical composition at the GBs support the assumption
of Huang et al. As reported and discussed above, for all
of the GBs investigated here, Mn was neither enriched
nor depleted at the interface. Also, if recrystallization were
to be performed at 950 °C, like in the case of Huang et al.
to wit at a temperature 250 °C higher than in the case investigated here, enrichment of Mn at the GB would not be
expected, as the Gibbs adsorption isotherm predicts even
lower amounts of equilibrium segregation at higher temperatures [34]. What is responsible for the increased tendency
for intergranular fracture with increased Mn content as
reported by Huang et al. is thus unknown, but there is
strong evidence that it is not related to Mn GB segregation.
The embrittlement eﬀect of P in bcc iron has been
known for a long time [78]. According to ﬁrst-principles
studies by Yuasa and Mabuchi [79], P at a R3(1 1 1)/
[1 -1 0] GB in bcc iron has an embrittling eﬀect as the element causes covalent-like bonding characteristics. However, there are no reports on GB embrittlement in
austenitic alloys, although P also segregates to the interfaces [58]. The measured P GB segregation in the
Fe–Mn–C TWIP steels thus seems not to be harmful to
the mechanical properties of this type of alloy, owing to
their austenitic crystal structure.
Fe–Mn–C TWIP steels have not been reported to show
pronounced intergranular fracture in the absence of H. In
the current work, we measured signiﬁcant compositional
diﬀerences between general GBs, and annealing twin and
deformation twin boundaries. If the presence of any of
the segregated elements played a role in H embrittlement,
e.g. by attracting higher amounts of H or by forming brittle
H complexes, one would expect certain boundary types to
be more prone to H embrittlement than others. However,
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Koyama et al. [29] reported hydrogen-assisted cracking at
all boundary types, including R3 coherent annealing twins
and deformation twins. This indicates that H itself has
embrittling properties and that the presence of other elements at the GB plays a subordinate role. Recent ab initio
calculations [31,32]1 indicate that GBs with an “open”
structure (such as a general GB) oﬀer many attractive binding sites for H, whereas GBs with a “closed” structure (such
as R3 coherent twins) in fcc do not attract H. Hydrogen
equilibrium segregation to GBs could thus explain the
hydrogen embrittlement of general GBs but not of annealing or deformation twins. This suggests that H-assisted
fracture of annealing and deformation twins might be
related more to H interaction with the tip of a crack that
initiated elsewhere (e.g. at triple points) than with H equilibrium GB segregation.

5. Summary and conclusions
Grain boundary segregation in an Fe–Mn–C TWIP steel
was investigated by APT in three representative cases: in
specimens with a general GB, an annealing twin boundary
and a deformation twin boundary. All boundaries were
found to diﬀer signiﬁcantly in their local chemical composition. The general GB exhibited segregation of B, C, Si
and P, and traces of Cu. The annealing twin also displayed
segregation of B and P but at much lower Gibbs excess values than the general GB. Additionally, and in contrast to
the general GB, depletion of C was found at the annealing
twin boundary. This is explained by a change in the stacking sequence, which creates a local hcp structure with low C
solubility. Although the deformation twin boundary is
crystallographically identical to the annealing twin boundary, no evidence for segregation at the deformation twin
boundary was found. This is attributed to the lack of diﬀusivity of the solutes at room temperature. Apparently, the
diﬀerent chemical composition of annealing twins and
deformation twin boundaries is a general phenomenon,
owing to their diﬀerent temperatures of formation. Neither
Mn enrichment nor depletion was detected at any GBs. It is
expected that the enrichment of C at general GBs causes an
increase in the local SFE and thus an increase in the critical
stress for twin formation. On the other hand, the depletion
of C at annealing twin boundaries should cause the opposite eﬀect and serve to facilitate twin nucleation. The overall
eﬀect of GB segregation on mechanical properties remains
to be investigated, given a certain balance or volume fraction of these boundary segregation/depletion scenarios
within a high-Mn TWIP steel system at various stages of
tensile strain deformation and at various strain rates.
During deformation at elevated temperatures, where the
diﬀusivity of C is high enough for its depletion at twin
boundaries, the local reduction in the SFE could have an
impact on the mechanical properties. Despite their crystallographic identity, annealing and deformation twin
boundaries may diﬀer, due to their diﬀerent segregation
chemistries, in (i) corrosion and embrittlement behavior;
(ii) GB energy; and (iii) resistance against the transmission
of dislocations.
1

Du et al. and Hickel et al. describe calculations of 70.5°[1 -1 0]{1 1 1}
twins. These are crystallographically identical to the 60°[1 1 1]{1 1 1}
annealing and deformation twins described in this work.
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Kuzmina, et al., Curr. Opin. Solid State Mater. Sci. 18 (2014)
253.
[76] D. Raabe, S. Sandlobes, J. Millan, D. Ponge, H. Assadi, M.
Herbig, et al., Acta Mater. 61 (2013) 6132.
[77] F. Nikbakht, M. Nasim, C. Davies, E.A. Wilson, H. Adrian,
Mater. Sci. Technol. Lond. 26 (2010) 552.
[78] W.A. Spitzig, Metall. Trans. 3 (1972) 1183.
[79] M. Yuasa, M. Mabuchi, Mater. Trans. 52 (2011) 1369.

