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The recently developed interstitial high-entropy alloys (iHEAs) exhibit an enhanced combination of
strength and ductility. These properties are attributed to dislocation hardening, deformation-driven
athermal phase transformation from the face-centered cubic (FCC) g matrix into the hexagonal close-
packed (HCP) ε phase, stacking fault formation, mechanical twinning and precipitation hardening. For
gaining a better understanding of these mechanisms as well as their interactions direct observation of
the deformation process is required. For this purpose, an iHEA with nominal composition of Fe-30Mn-
10Co-10Cr-0.5C (at. %) was produced and investigated via in-situ and interrupted in-situ tensile testing
in a scanning electron microscope (SEM) combining electron channeling contrast imaging (ECCI) and
electron backscatter diffraction (EBSD) techniques. The results reveal that the iHEA is deformed by
formation and multiplication of stacking faults along {111} microbands. Sufficient overlap of stacking
faults within microbands leads to intrinsic nucleation of HCP ε phase and incoherent annealing twin
boundaries act as preferential extrinsic nucleation sites for HCP ε formation. With further straining HCP ε

nuclei grow into the adjacent deformed FCC g matrix. g regions with smaller grain size have higher
mechanical stability against phase transformation. Twinning in FCC g grains with a size of ~10 mm can be
activated at room temperature at a stress below ~736MPa. With increasing deformation, new twin
lamellae continuously nucleate. The twin lamellae grow in preferred directions driven by the motion of
the mobile partial dislocations. Owing to the individual grain size dependence of the activation of the
dislocation-mediated plasticity, of the athermal phase transformation and of mechanical twinning at the
different deformation stages, desired strain hardening profiles can be tuned and adjusted over the entire
deformation regime by adequate microstructure design, providing excellent combinations of strength
and ductility.

© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

High-entropy alloys (HEAs) attract high attention as they tap a
sheer infinite elemental composition space, offering opportunities
for discovering novel properties and their combinations [1e15]. The
recently developed interstitial high-entropy alloys (iHEAs) open
this pathway even further owing to the huge leverage that small
elements on inter-lattice sites render on constitution and proper-
ties, as is also known from many steels. More specific, some iHEAs
exhibit enhanced combinations of strength and ductility, due to
activation of practically all possible strengthening effects, e.g.
interstitial and substitutional solid solution strengthening,
lsevier Ltd. All rights reserved.
twinning-induced plasticity (TWIP), transformation-induced plas-
ticity (TRIP), composite effects, precipitation hardening, work
hardening by dislocations and stacking faults as well as grain re-
finements [12,16]. The mixing entropy pertaining to the Fe-30Mn-
10Co-10Cr-0.5C (at. %) iHEA (studied in this work) is relatively
low compared to those HEAs with more than 5 principal elements
in equimolar fraction [1,4,16,17]. The authors noted that the maxi-
mized configurational entropy is not the sole factor determining
phase stability of HEAs. Indeed, previous work of the current au-
thors on the development of novel TRIP-assisted dual-phase HEAs
has been motivated by the facts that first, both enthalpy and en-
tropy together determine alloy stability and second, the absence of
detrimental intermetallics is in some cases a more essential
boundary condition for successful alloy design than entropy
maximization alone [4,17]. Our main point is thus more placed on
arriving at a stacking-fault energy dependent point of phase
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metastability for obtaining more superior mechanical properties
through the associated athermal deformation driven trans-
formation mechanisms.

Among these aforementioned deformation mechanisms, me-
chanical twinning is themost extensively studied effect [8e15]. The
activation of mechanical twinning has been reported to effectively
enhance strain hardening of HEAs at cryogenic, i.e. liquid nitrogen
temperature [11,13]. The characterization techniques mainly
employed so far in that context included electron backscatter
diffraction (EBSD), transmission electron microscopy (TEM) and
neutron-diffraction based techniques. EBSD allows mapping of the
evolution of crystallographic features as a result of mechanical
twinning, e.g. local and global grain orientations, kernel average
misorientations and geometrically necessary dislocations (GNDs) at
a wide field of view [12,13,15]. By employing TEM, the formation of
stacking faults (SFs), nucleation and growth of twinning are
revealed [8,10]. By employing in-situ neutron diffraction, the evo-
lution of mechanical twinning was evaluated based on the evolu-
tion of the stacking fault probability [9].

In contrast to mechanical twinning, phase transformation in
HEAs is less commonly studied [5e7]. Synchrotron X-ray diffraction
(SXRD) and TEM have been employed to characterize phase
transformation products in HEAs. While the influence of grain
orientation on deformation-driven phase transformation can be
studied by SXRD [5] and the transformation products can be
revealed by dark-field diffraction in TEM [6,7], the transformation
kinetics associated with these phenomena are still unknown. In
addition, deformation-driven phase transformations are rapid and
diffusionless. This means that in HEAs more detailed in-situ
tracking of the nucleation and growth of deformation-driven phase
transformation products during deformation is a pending
challenge.

Yet, for designing HEAs and iHEAs with enhanced mechanical
properties, detailed understanding of all active deformation
mechanisms and their interaction is essential. Particularly the
magnitude of the stacking fault energy (SFE), which is mainly
controlled by chemical composition and temperature, is an
important factor controlling activation of these multiple coexisting
and competing deformation mechanisms [18e22]. For avoiding
possible effects of compositional inhomogeneity on the SFE and the
associated deformation mechanisms in different samples, it is
therefore preferable to sequentially map microstructure evolution
in the same region, i.e. via in-situ testing. Since microstructure
evolution is then monitored in the same material portion, in-situ
straining also allows to better reveal direct links among dislocation
and partial dislocation activities, mechanical twinning and phase
transformation. However, such insights, when obtained from
deformation of thin foil specimens exposed to in-situ TEM probing,
are sometimes not fully transferable to bulk materials owing to foil
and surface related mechanical boundary condition effects. Also,
TEM reveals microstructure features in a relatively confined region.
Similar arguments hold for in-situ SXRD/neutron diffraction
methods due to low direct spatial microstructure correlation. Some
of these shortcomings can be overcome by probing microstructure,
dislocations and crystallographic texture using in-situ high reso-
lution scanning electron microscopy (SEM) [23e26]. By using bulk
samples, in-situ high resolution SEM is capable of unraveling
deformation mechanisms in bulk materials. Due to its large field-
of-view and high spatial resolution (down to ~80 nm) [27], inter-
rupted in-situ/in-situ EBSD based on high-resolution SEM has
proven itself as a powerful tool to study phase transformations in
many systems, e.g. multi-phase TRIP steels [25,26,28], quench and
partitioning steels [29,30], and high-Mn austenitic steels [31,32]. As
a SEM-based tool with high spatial resolution, e.g. ~2.9 nm using an
acceleration voltage of 30 kV and a beam current of 11.6 nA,
electron channeling contrast imaging (ECCI) has been successfully
applied to the observation of dislocations, partial dislocations and
mechanical twinning in many systems [28,33e37]. Here we
therefore use the combination of in-situ and interrupted in-situ
joint EBSD and ECCI probing in the SEM as a wide field of view
method for directly observing activation of dislocations, stacking
faults (SFs), mechanical twinning and displacive phase trans-
formation with the aim to unravel the strain hardening mecha-
nisms in a iHEA.

2. Experimental procedures

The nominal chemical composition of the iHEA is Fe-30Mn-
10Co-10Cr-0.5C (at. %). The alloy was cast in a vacuum induction
furnace, hot rolled and homogenized at 1200 �C for 2 h, followed by
water quenching. The alloy was cold rolled to ~60% total thickness
reduction in several rolling passes and then annealed at 900 �C for
3min under Ar atmosphere, and eventually quenched in water.

To reveal the elemental distribution and characterize the
microstructure, energy-dispersive X-ray spectroscopy (EDX), EBSD
and ECCI probing in the SEM were employed. Samples were pre-
pared by grinding, polishing in diamond suspension and final
polishing in colloidal silica suspension for ~1.5 h. The last step en-
sures that the sample surface is deformation-free. EDX mapping
was conducted in Zeiss-Merlin at 15 kV. EBSD measurements were
carried out at 15 kV with a step size of 80 nm using a JEOL JSM-
6500F instrument. For ECCI measurements, a Zeiss-Crossbeam XB
1540 FIB-SEM and a Zeiss-Merlin instrument were used each
operated at an acceleration voltage of 30 kV.

To track the phase transformation and correlate it with the
deformation substructure, interrupted in-situ EBSD and ECCI ob-
servations of the same sample regions were conducted, consisting
in the repeated observation of the same material portions during
interrupted tensile testing at different strain levels. Deformation
was imposed as a uniaxial tensile load on dog-bone samples at
room temperature with an initial strain rate of 10�3/s using a
Kammrath and Weiss tensile stage. After deforming the sample to
pre-defined strain levels, it was unmounted and transferred to SEM
for microstructure characterization.

To additionally track the evolution of microstructure during
deformation without interrupting loading, in-situ tensile testing
was conducted using a Zeiss-FIB SEM with a home-built tensile
stage. Prior to the in-situ tensile test, EBSD measurements were
carried out on polished sample in the undeformed state. Then ECC
images of same regions were taken both in the undeformed state
and after different strain levels without unloading the sample. All
strain values obtained both, during the interrupted in-situ and the
in-situ tests were calculated by measuring the local length changes
of the investigated regions along the loading direction.

3. Results

3.1. Microstructure in the undeformed state and mechanical
properties

The microstructure and elemental distribution in the unde-
formed state are shown in Fig. 1. SEM EDX mapping reveals ho-
mogeneous distribution of all elements at the grain scale
(Fig. 1bee). Thus, a specific influence of compositional in-
homogeneity on the phase transformation and twinning kinetics
can be excluded. The true stress-strain and strain hardening curves
are shown in Fig. 1f. Since true strain is calculated from engineering
strain following the constraint of constant volume, no true strain
can be calculated anymore after necking, thus the data is presented
up to the end of uniform deformation (prior to necking). The iHEA



Fig. 1. Microstructure and elemental distribution in the iHEA in undeformed state. (a) Backscatter electron image of the microstructure. Distribution of (b) Cr; (c) Co; (d) Fe; (e) Mn,
measured by SEM EDX. (f) True stress and strain hardening with respect to true strain.
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shows a yield strength of ~500MPa, ultimate tensile strength of
~960MPa, uniform elongation of ~53% and total elongation of ~61%.
Note that except the true stress strain curve presented in Fig. 1f, all
strain values used in this work are referred to as engineering
strains.
3.2. Interrupted in-situ EBSD observation of deformation-induced
phase transformation

Fig. 2 shows the microstructure evolution with increase in local
strain from 0% to 20% during interrupted in-situ EBSD measure-
ments. The grain sizemap of the alloy in undeformed state is shown
in Fig. 2a using a rainbow color code, e.g. grains in red are larger
than grains in blue. In the undeformed state, the microstructure
Fig. 2. Interrupted in-situ observation of deformation-driven phase transformation during
global tensile where red represents FCC g and blue represents HCP ε. High angle boundari
highlighted by white color rectangles in the grain size map and phase map to reveal the grain
color in this figure legend, the reader is referred to the Web version of this article.)
consists of FCC g phase and small amounts of thermally-induced
HCP ε phase (~0.2% area fraction) (Fig. 2b). After straining to 10%,
formation of deformation-induced HCP ε phase can be observed in
~0.5% area fraction of the grains (Fig. 2c). With further straining to
14%, and then to 20%, a gradual increase in the deformation-
induced HCP ε phase fraction occurs to an area fraction of ~1.2%
and then to ~2.0%, respectively (Fig. 2d and e). Two factors influence
these findings, namely, the increasing surface roughness and the
associated resolution limits of EBSD. More specific, the increasing
deformation and surface roughness reduce the resolution of the
EBSD measurement. When low EBSD confidence index regions
(<0.1) are filtered out, the non-indexed area fraction increases form
~1.2% area fraction in the undeformed state to ~31.6% area fraction
at 20% strain (black points in the EBSDmaps). Regarding the second
tensile loading. (a) EBSD grain size map in the undeformed state; (bee) phase map at
es with misorientations >15� are overlaid on all maps as black lines. Some grains are
size dependence of the transformation kinetics. (For interpretation of the references to
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aspect, at an EBSD step size of 80 nm and a standard of at least two
pixels per grain HCP ε grains below 160 nm are not reliably
captured. Thus, the increase in area fraction of deformation-
induced ε phase amounts to 1.8% between the undeformed state
and 20% strain, while the experimental limitations explained above
give a scatter a bar of about 30%.

Few locations where deformation-induced HCP ε phase is
formed at 20% strain are highlighted by white rectangles in Fig. 2e.
When tracking grain size map in undeformed state, it is obvious
that these FCC g host grains with high tendency towards HCP ε

formation assume larger grain size, i.e. lower mechanical stability
against deformation-induced athermal phase transformation
(Fig. 2a and b).

For analyzing the progress in deformation and phase trans-
formation in more detail, one region from Fig. 2 has been exem-
plarily cropped andmagnified in Fig. 3. In the undeformed state, the
microstructure in this area consists of FCC g grains and two
thermally-induced HCP ε martensite plates, as highlighted by the
white arrows (Fig. 3a1). The defect density inside the g grains is
revealed in terms of the kernel average misorientation (KAM) map
in Fig. 3c. The KAM value is a measure of the averagemisorientation
of the neighboring orientation points relative to a given center
orientation point. Here the 2nd neighbor shell has been considered.
Misorientations >5� are discarded to avoid an artificial influence
from adjacent grain boundaries. Thus, the KAM measure is here
used as an index for representing the accumulated local lattice
curvature due to plastic deformation [38e40]. In the undeformed
state, only low angle grain boundaries are associated with high
KAM values (Fig. 3c1). At 10% strain, a parallel pattern consisting of
deformation-induced HCP ε lamellae has been formed within the
FCC g grains, as highlighted in terms of the yellow arrows (Fig. 3a2).
These deformation-induced HCP ε lamellae formed in the same FCC
g host grain carry the same crystallographic orientation (Fig. 3b2).
The remaining part of the FCC g grain also exhibits an increase in
the KAM values, indicating simultaneous deformation of the FCC g
Fig. 3. Microstructure evolution revealed exemplarily on a cropped region taken during in
map; and (c) KAM map of FCC g grains at local strain of (1) ε¼ 0%; (2) ε¼ 10%; (3) ε¼ 14%; a
inverse pole figure; KAM: Kernel average misorientation. (For interpretation of the reference
host grain and the simultaneous occurrence of deformation-driven
phase transformation (Fig. 3c2). With increasing straining to 14%
and 20%, formation of new deformation-induced HCP ε lamellae is
observed (Fig. 3a3, a4). Furthermore, the previously formed
deformation-induced HCP ε lamellae thicken and grow towards
each other, leading finally to the formation of large blocks of
deformation-induced HCP ε phase regions (Fig. 3a3, a4). All
deformation-induced HCP ε phase formed within the same FCC g
grains maintain the same crystallographic orientation (Fig. 3b2-b4).
The remaining segments of FCC g grains gradually rotate away from
their original orientation with increasing deformation, indicating
further strain accommodation inside the remaining g grains
(Fig. 3b2-b4). This is also consistent with the increased KAM values
in these g grains with further straining (Fig. 3c2-c4).

3.3. In-situ ECCI observation of deformation structure evolution

For revealing deformation features inside the FCC g grains we
conducted in-situ testing in conjunction with ECCI mapping in the
SEM, Fig. 4. The engineering stress strain curves monitored during
the in-situ test are given above the substructure images where blue
circles indicate the corresponding strains. Fig. 4a and b shows ex-
amples of large (grain size ~7.8 mm) and small (grain size ~3 mm)
FCC g grains, respectively. When increasing the local strain to 6.7%,
both grains develop SFs, which are the features with white contrast
in the ECC images (Fig. 4a2, b2). In ECC images, SFs are characterized
by white contrast features bounded by a straight bright line on one
side and fading contrast on the opposite side [33]. The orientation
of these SFs, as indicated by black lines, are parallel with {111} slip
traces indicated by red lines (Fig. 4a2, b2). When strained to 10.1%
and further to 12.4%, a higher density of SFs and a corresponding
reduction in their mean spacing are observed (Fig. 4a3 to a4, Fig. 4b3
to b4). These {111} crystallographically oriented strain localization
bands with accumulations of dislocations and SFs are microbands
[17,41]. Comparing the deformation patterns in the big and small g
terrupted in-situ EBSD tensile testing, characterized in terms of (a) phase map; (b) IPF
nd (4) ε¼ 20%. In the phase maps, red represents FCC g and blue represents HCP ε. IPF:
s to color in this figure legend, the reader is referred to the Web version of this article.)



Fig. 4. In-situ ECCI observations of SF formation during tensile testing in (a) large (grain size ~7.8 mm); and (b) small (grain size ~3 mm) FCC g grains. The engineering stress strain
curves given above indicate the corresponding strains.
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grains after 12.4% strain reveals that the density of microbands is
much higher in the former than in the latter (Fig. 4a4, b4).
3.4. Interrupted in-situ EBSD and ECCI observations of coupling
between plastic deformation and phase transformation

Fig. 5 presents results obtained from the direct coupling of
deformation and phase transformation from FCC g to HCP ε

observed by interrupted in-situ testing. Two regions with different
crystallographic orientations are shown as examples. For each area,
the EBSD phase map and the associated ECC images are presented
for different strain levels. For area 1, in the undeformed state, the
annealing twin boundary map is overlaid on the phase map as
yellow lines (Fig. 5a1). Similar as in Fig. 4, with increasing defor-
mation to 10%, an increase in the density of SFs is observed (Fig. 5b1,
b2). They form along {111} planes (black lines) and are accompanied
by {111} slip traces (red lines). At 14% strain the density of SFs in-
creases (Fig. 5b3) and formation of HCP ε in the deformed structure
is observed (Fig. 5a3). Increasing the strain to 20% reduces the
spacing among the microbands. These are also preferred regions
where deformation-induced HCP ε forms until it has fully trans-
formed the microbands (Fig. 5a4). This consecutive and associated
deformation and phase transformation behavior is also observed in
region 2 (Fig. 5c and d). When analyzing the character of the grain
boundaries associated with the nucleation of HCP ε in the two re-
gions, we find that annealing twin boundaries (yellow lines) act as
preferential nucleation sites (Fig. 5a1, c1).
3.5. In-situ ECCI observation of mechanical twinning

Besides the deformation-driven phase transformation, me-
chanical twinning can also be directly observed in-situ via ECCI
probing such as shown in Fig. 6. An overview of the microstructure
evolution during deformation is presented in Fig. 6a, where drastic
changes in contrast due to the evolving surface roughness and
crystal rotation can be observed. Two lamellae of annealing twins
are present in this grain (grain size ~10 mm) in the undeformed state
(Fig. 6b1). After a local sample strain of 6.7%, nucleation of me-
chanical twinning occurs, as indicated by yellow arrows (Fig. 6b2).
Mechanical twining can be distinguished from SFs in the SEM due
to the sharp contrast with respect to the hosting FCC g grains on
both sides of the twin [16]. The corresponding global engineering
stress at a local engineering strain of 6.7% is ~736MPa. Also the
dislocation density in the FCC g grains increases with ongoing



Fig. 5. Interrupted in-situ EBSD and ECCI observations of deformation and phase transformation in the iHEA. (a) Overlay of phase map with image quality map; and (b) ECC image of
region 1. (c) Overlay of phase map with image quality map; and (d) ECC image of region 2. In Fig. 5b2 and d2, {111} slip traces are indicated by red lines and alignment of microbands
is indicated by black line. In the phase map (undeformed state) the annealing twin boundaries are plotted as yellow lines. (For interpretation of the references to color in this figure
legend, the reader is referred to the Web version of this article.)
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deformation. With further straining to 10.1% and then to 12.4%,
thickening and further nucleation of twins is observed (Fig. 6b3, b4).
The thickening of the twin lamellae proceeds primarily in one
direction.
3.6. Evolution of crystallographic texture during interrupted in-situ
EBSD deformation

The evolution of the crystallographic texture of both, the FCC g
and the HCP ε phases as observed during an interrupted in-situ
tensile testing is shown in Fig. 7 for a local engineering strain up to
20%. For the g phase, a {111}//TA (tensile axis) deformation texture
is gradually built up. In the undeformed state, only a few thermally-
induced ε lamellae are present in the microstructure (Fig. 2b),
forming a preferred texture component with high orientation
density (Fig. 7b1). With the further continuous nucleation and
growth of deformation-induced ε, a new {10e11}//TA texture
component gradually builds up in this phase (Fig. 7b1-b4).
4. Discussion

The aim of this work is to unravel the mechanisms of phase
transformation and twinning in a model iHEA and their effects on
strain hardening. We carried out interrupted in-situ and full in-situ



Fig. 6. In-situ ECCI observation of nucleation and growth of mechanical twinning. (a) Overview of the microstructure; (b) zoomed-in area showing nucleation and growth of
mechanical twins. Yellow arrows in b2-b4 indicate the newly formed mechanical twins during in-situ tension. (For interpretation of the references to color in this figure legend, the
reader is referred to the Web version of this article.)

Fig. 7. Formation of crystallographic texture in (a) FCC g phase; and (b) HCP ε phase during interrupted in-situ tensile testing.
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tensile tests combined with EBSD/ECCI probing in the SEM for
observing the evolution of dislocation/SFs patterns, deformation-
driven phase transformation and mechanical twinning. A sche-
matic sketch of microstructure evolutionwith straining in the iHEA
is provided in Fig. 8, where black arrows point in the direction of
increasing strain.

In the undeformed state, the microstructure consists of FCC g
grains and small portion of thermally-induced HCP ε phase (~0.2%)
(Figs. 2b and 8a). Upon straining, the metastable FCC g grains form
SFs along {111}//TA planes (Figs. 4, 5 and 8b).With increasing strain,
multiplication and expansion of SFs inside localized microbands
occur and new microbands are formed, leading to a continuous
decrease in the spacing among them (Figs. 4, 5 and 8c). The dislo-
cation and twin dominated deformation of the g grains leads to
crystallographic texture evolution and increased KAM values
through the accumulation of local lattice curvature (Fig. 3). After
10%e14% strain, the overlap of SFs inside the microbanded regions
reaches a critical density and marks the onset of intrinsic HCP ε



Fig. 8. Schematic sketch of microstructure evolution with straining in iHEA. Black arrows point in the direction of increasing strain values.
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nucleation (Fig. 5a3, b3, c2, d2, Fig. 8d). Such critical arrangement is
preferentially observed within active microbands that are adjacent
to annealing twin boundaries (Figs. 5 and 8d). Instead of forming
only one HCP ε nucleus within one FCC g grain and its subsequent
growth into the surrounding FCC g matrix, many individual
intrinsic ε nuclei are formed within each individual microband
(Figs. 3 and 8e). With further strain, growth of deformation-
induced ε into the adjacent deformed g grains and simultaneous
formation of new ε lamellae along the microbands take place
(Fig. 3a3-a4, Fig. 8f). This sequential process of SF multiplication
inside of the microbands, formation of new microbands, and the
sequential transformation of these zones upon reaching a critical
arrangement of SFs into ε describes the kinetics of the coupled
deformation and phase transformation process in the current iHEA.
After 20% strain a {111}//TA texture of the FCC g grains has been
formed (Fig. 7a). As a result of the crystallographic plane match
between the {111}//TA planes of the g matrix phase and the
{10e11}//TA planes of the ε phase, a continuous built-up of a
{10e11}//TA deformation texture is observed for ε (Figs. 7b and
3a2).

A corresponding nucleation model for ε formation has been
proposed by Mahajan et al. [42]. According to this approach, two
perfect dislocations split into faulted pairs and react on primary slip
planes. The resulting product consists of an ensemble of three
Shockley partials on every second {111} plane. Each stacking fault is
bounded by one sessile Shockley partial back and one mobile
Shockley partial front. Within one slip band, when these three
Shockley partials on every second {111} plane grow into one
another, the ε phase is formed. This situation characterizes the
critical arrangement of SFs required for HCP ε nucleation (Fig. 3a3,
b3, c2, d2). Besides the SFs also incoherent twin boundary segments
can act as nucleation sites for ε phase formation [43]. Opposite to
SFs, coherent twin boundaries are not expected to favor ε phase
nucleation processes due to their perfect atomic arrangement
[44,45]. Although we cannot fully characterize these incoherent
portions in interrupted in-situ EBSD, we assume that the annealing
twin boundaries acting as ε nucleation sites shown in Fig. 5 are
most likely incoherent annealing twin boundaries. One should note
that in this work only a limited number of surface-intersecting FCC
g grains were examined, yet, othermicrostructural features, such as
grain size [7,17], chemical composition [6], temperature [6],
orientation [5], adjacent phase fractions [5] could all additionally
influence the role of annealing twin boundaries as nucleation sites
for the HCP phase.

After nucleation, the growth of ε takes place through the motion
of mobile Shockley partials on every second {111} plane. This is in
accordance with the in-situ observation of multiplication of SFs
along {111} planes (Figs. 4 and 5) and the thickening of
deformation-induced ε lamellae with further straining (Figs. 3 and
8def).

The coupling of deformation and phase transformation also
explains the influence of the FCC g grain size on its mechanical
stability against deformation-stimulated phase transformation
(Fig. 2). As explained in the SF model of the phase transformation
mechanism, nuclei of deformation-induced HCP ε are formed
within microbands after achieving a critical arrangement of SFs. At
the same strain level, the density of slip bands in large g grains
(Fig. 4a4) is much higher than that in small g grains (Fig. 4b4). Thus,
it is plausible that a sufficient overlap of SFs within the microbands,
viz. a certain necessary critical arrangement of SFs required for ε

formation, is achieved in the small g grains only at larger strains so
that small g grains are more stable against this type of trans-
formation. The grain size effect on the stability of g grains against
athermal transformation has been studied before regarding its
competing effects on nucleation and growth of the ε phase
[17,46e48]: On the one hand, a grain boundary acts as preferential
nucleation site for phase transformation. Thus, the Mahajan
nucleation model suggests that earlier nucleation is favored in g
grains with smaller size due to their higher ratio of grain boundary
area to volume [47]. On the other hand, grain boundaries stabilize g
grains against athermal phase transformation by hindering the
growth of the ε plates [48]. Also, dislocation pile-ups in front of
grain boundaries result in strain field that produce back stress
impeding dislocation motion. Due to decreased resistance to plastic
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deformation in large g grains, they deform more and accumulate
more localized strain by formation of microbands with higher
density of SFs (Fig. 4). Eventually, a critical arrangement of SFs
sufficient for ε phase nucleation within microbands is achieved
easier in large g grains (Fig. 4). Thus, large g grains have lower
mechanical stability against deformation-induced phase trans-
formation than small g grains (Fig. 2).

Besides phase transformation, mechanical twinning is also
active during the deformation process. At a local engineering strain
of 6.7%, which corresponds to a global engineering stress of
~736MPa, thin mechanical twin lamellae have been formed in g
grains with a size of ~10 mm. However, since we used a relatively
small tensile sample for the in-situ ECCI probing, compared to the
macroscopic tensile testing, the influence of sample dimension and
geometry on the results should also be considered [49,50]. Thick-
ness and gauge length of tensile samples can influence the necking
geometry, fracture modes and strain distribution [50]. In the cur-
rent iHEA specimen, for the same local strain of 6.7%, the corre-
sponding engineering stress obtained from the in-situ ECCI SEM
test exceeds that of the macroscopic tensile test by ~57MPa (Figs.1f
and 4). In addition, mechanical twinning was activated during
continuous loading and ECCI observations were carried out after-
wards, e.g. at a stress level above the twinning stress. Thus, 736MPa
should be treated as upper bound of the twinning stress in the g
grains with a size of ~10 mm in the current iHEA [51]. Laplanche
et al. reported a twinning stress in an equiatomic C-free CrMnFe-
CoNi HEA at room temperature of 720± 30MPa [13,51]. The twin
nucleation stress increases with decreasing grain size [52,53], e.g.
following essentially the stress dependence of the Hall-Petch
relationship [54e56]. Since the majority of the g grains in the
current alloy has a grain size below 7.9 mm (Fig. 2a), a higher stress
is required to activate twinning in these grains. Hence, mechanical
twinning becomes more prevalent as a strain hardening mecha-
nism at stress levels higher than 736MPa. At larger strains (10.1%
and 12.4%) we observe that the twins grow preferentially in one
direction, such as for instance highlighted by the yellow arrows in
Fig. 6. This finding matches the prediction of the twinning model
proposed byMahajan et al. [57]: The formation of ε and mechanical
twinning are crystallographically related mechanisms. While twins
in FCC g form through the passage of Shockley partial dislocations
on every {111} plane, HCP ε forms in an FCC g host crystal through
the passage of partials on every second {111} plane [42,57e60]. On
individual {111} planes, each SF is bounded by one sessile Shockley
partial dislocation and one mobile Shockley partial dislocation.
Only when exposed to a corresponding stress and under favorable
energy conditions, the mobile partial dislocations move resulting in
twin growth (Figs. 6 and 8eef).

In summary, in this study we showed that the Fe-30Mn-10Co-
10Cr-0.5C (at. %) iHEA deforms by a complex hierarchy of inter-
connected mechanisms: At low and intermediate strains defor-
mation is dominated by dislocation and partial dislocation slip.
Topologically this slip activity is not homogeneous but localizes
into confined narrow microbands of ~50 nm width (Figs. 4 and 5).
These microbands are crystallographically {111} aligned zones of
concentrated {111} slip inside the FCC g matrix. Upon reaching a
critical arrangement of SFs in these microbands, they start to
gradually transform along these bands into HCP ε. These various
mechanisms and their sequence of activationwere also observed to
depend on grain size: Smaller g grains have been directly observed
by in-situ EBSD to resist with higher mechanical stability against
the deformation-driven athermal phase transformation into ε.
Mechanical twinning is also activated in themicrobands. The upper
bound for the twinning stress in g grains with an average size of
~10 mm in the current iHEA is 736MPa. Therefore, twinning in the
majority of the g grains with a size below 7.9 mm is activated
preferentially at higher stress levels, e.g. the contribution of twin-
ning to strain hardening is more pronounced at high loads. Thus, for
further alloy tuning it is an option to optimize the grain size dis-
tribution along these lines for individually adjusting the activation
of dislocation-mediated plasticity, phase transformation and me-
chanical twinning at the different deformation stages to match a
desired stress-strain and strain hardening profile.

5. Conclusions

We studied the mechanisms of deformation, phase trans-
formation and mechanical twinning in a Fe-30Mn-10Co-10Cr-0.5C
(at. %) iHEA alloy using interrupted in-situ and in-situ EBSD and
ECCI probing during tensile testing in the SEM. The main conclu-
sions are:

(1) Deformation takes place by formation of SFs and disloca-
tions, deformation-driven phase transformation from FCC g
into HCP ε and by mechanical twinning.

(2) Upon straining, parallel arrangements of SFs along {111}
planes form within the g grains. With increasing strain,
microbands are continuously formed and their spacing
gradually decreases.

(3) When reaching a sufficient frequency in overlapping SFs,
nuclei of HCP ε phase are formed within the microbands.
Incoherent annealing twin boundaries in the g grains are
preferential nucleation sites for ε transformation in the cur-
rent iHEA. With further deformation, the HCP ε phase grows
into the neighboring deformed FCC g matrix.

(4) Smaller g grain size increases mechanical stability against
deformation-induced athermal phase transformation.

(5) The upper bound for the macroscopic polycrystal twinning
stress is ~736MPa for g grains with a size of ~10 mmat room
temperature. With increasing deformation, new twin
lamellae are continuously nucleated. Growth of twins pro-
ceeds in one preferred direction.

(6) During deformation, a {111}//TA texture is formed for the FCC
g phase and a {10e11}//TA texture for the deformation-
induced HCP ε phase.
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