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A high density of grain boundaries can potentially increase structural materials' strength, but at the
expense of losing the materials' strain hardening ability at high flow stress levels. However, endowing
materials with grain size gradients and a high density of internal interfaces can simultaneously increase
the strength and strain hardening ability. This applies particularly for through-thickness gradients of
nanoscale interface structures. Here we apply a machining method that produces metals with nanoscale
interface gradients. Conventional bulk plastic deformation such as rolling, a process applied annually to
about 2 billion tons of material, aims to reduce the metal thickness. We have modified this process by
introducing severe strain path changes, realized by leading the sheet through a U-turnwhile preserving its
shape, an approach known as ‘hard turning’. We applied this process at both room temperature and 77 K
to a NiCrCo medium entropy alloy. Micropillar compression was conducted to evaluate the mechanical
response. After hard turning at room temperature, the surface microstructure obtained a ~50% increase in
yield stress (0.9 GPa) over the original state with homogeneous grain size (0.4 GPa), but the initial strain
hardening rate did not show significant improvement. However, after hard turning at 77 k, the gradient
nanolaminate structure tripled in yield stress and more than doubled its initial strain hardening rate. The
improvements were achieved by introducing a specific microstructure that consists of gradient nano-
laminates in the form of nanospaced twins and martensite in the face center cubic (fcc) phase. This
microstructure was formed only at cryogenic temperature. It was found after turning at room temperature
that only nanospaced twins were present in the fcc phase inside nanolaminates that had formed at the
surface. The origin of the enhanced strain hardening mechanism was studied. Joint density functional
theory (DFT) and axial next nearest neighbor Ising (ANNNI) models were used to explain the temperature-
dependent phase formation of the NiCrCo nanolaminate at the surface of the hard-turned material.

© 2019 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Structural materials can be strengthened by introducing high
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densities of internal interfaces such as grain boundaries (GB) and
twin boundaries (TB). However, interfaces introduce both desirable
and undesirable properties. For example, compared to samples
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with micron-sized grains (200MPa), homogeneous nanocrystalline
copper exhibits high strength above 650MPa but at the cost of
reduced tensile ductility [1]. One major challenge, therefore, is to
increase the materials’ strain hardening capabilities at high-stress
levels in order to achieve a desirable mechanical response under
loading scenarios that require the synergy of high strength and
formability.

Developing materials with interface density gradients is a suc-
cessful design strategy in nature as demonstrated by bamboo [2],
squid beaks [3], human bones [4], lobster carapaces [5] and crab
claws [6]. In these materials, the density of the internal interfaces
varies from the surface to the interior. Inspired by nature, the
synthesis and study of artificial gradient nanostructures have
gained considerable interest in disciplines as diverse as tribology
[7], biomechanics [8], fracture mechanics [9] and nanotechnology
[10] where significant property improvement has been achieved
through such structures. For instance, the strength-ductility
dilemma experienced in nanocrystalline materials was reconciled
by employing a heterogeneous grain structure, with increasing
grain sizes from the surface to the inner part of the sample. The
smaller grains at the surface deform less while the larger interior
grains deform plastically - allowing both bulk strength and ductility
to be simultaneously improved [11e15].

Corresponding synthesis and processing strategies for such
materials include surface mechanical attrition (SMAT) [13,16e18],
surface mechanical grinding (SMGT) [1], and thermo-mechanical
methods [15,19]. Among these approaches, hard turning is a well-
established method in the bearing steel industry that can be
applied to machine steels to obtain a surface hardness above 45
Rockwell hardness (~4.4 GPa in nanohardness) [20]. With this
method, alloys are high-throughput machined into the desired
shape while acquiring a nanocrystalline surface layer conveyed
from severe plastic near-surface shear deformation. Machining
parameters such as turning speed and temperature can be readily
modified to obtain desirable interface and substructure gradients
[21,22]. These features establish hard turning as a simple and high-
throughput surface-modifying manufacturing method, capable of
processing larger quantities of bulk material.

In this study, we hard turn a NiCrCo medium entropy alloy
(MEA) to render its microstructure interface-graded. We selected
this alloy because to date, NiCrCo has exhibited the best combi-
nation of cryogenic strength (1.3 GPa), ductility (90%), and fracture
toughness (275MPam1/2) among awider family of transition metal
element-composed, equiatomic alloys such as NiFe, NiCo, NiCrCo,
and CrMnFeCoNi [23,24]. The outstanding cryogenic mechanical
properties of NiCrCo alloy have been partially attributed to
deformation-induced nanotwinning as a result of its low stacking
fault energy (SFE) of <5mJ/m2 compared to pure Ni (>120mJ/m2)
[25]. After cryogenic hard turning of the material, we observe a
nanolaminate gradient structure consisting of densely populated
nanotwin layers and hcp lamella inside the nanoscaled grains. We
observe that the structurally graded alloy after 77 K hard turning
exhibits high yield stress (1.4 GPa) and a high strain hardening
rate (13.3) at 2% initial strain, a value 200% above those of estab-
lished materials. Atom probe tomography (APT), transmission
electron microscopy (TEM), and mechanical property measure-
ments are used to study the gradient nanostructure and the ma-
terial's temperature-dependent martensitic phase transformation
response.

2. Materials and methods

2.1. Materials preparation

The NiCoCr MEA was produced from high-purity elemental
metals (>99.9 wt%), using arc-melting in an argon atmosphere. To
ensure good elemental mixing, the melted button was flipped and
remelted at least five times before drop-casting into rectangular
cross-section copper molds measuring 25.4� 19.1� 127mm3. The
ingots were then homogenized at1200 �C for 24 h in the vacuum
and cold-rolled at room temperature (RT) along the 25.4mm side to
a final thickness of about 10mm. The rolled bars were subsequently
annealed at 900 �C for 1 h in the air, producing bars with a fully
recrystallized microstructure and an average grain size of ~15 mm in
diameter. The 10mm rod-shape specimens were machined for
further processing. The surfaces of the samples were hard turned at
a speed of 40m/min, which is equivalent to a strain rate of 104-
105s�1 within the top 10 mm of the surface. The hard turning was
conducted at both 77 K and RT.

2.2. Materials characterization

An FEI Nova 200 NanoLab dual-beam focused ion beam (FIB)
instrument was used to perform site-specific lift-outs of specimen
regions of interest (ROIs), and the needle-shaped APT specimens
were fabricated by annular milling. A wedge lift-out geometry was
used tomountmultiple samples on a Si microtip array to enable the
fabrication of multiple APT needles from onewedge lift-out [26,27].
APT was performed with a CAMECA LEAP 4000X HR. During the
data collection process, atoms from the surface of a cryogenically
cooled needle-shaped specimen were field evaporated in an atom-
by-atom fashion. Themeasurements were performed in laser mode
with a 50 pJ pulse energy at 30 K and a detection rate of 0.005
atoms per pulse. The collected dataset was reconstructed using
CAMECA IVAS 3.6.12 software.

Cross-sectional TEM samples close to the hard turned surface
were FIB-prepared by using the FEI Nova 200 dual-beam focused
ion beam (FIB). The TEM lamellas were ionmilled by a 30-kV Ga ion
beam and finally polished at 5 kV. After reaching a thickness of
~100 nm, a Fischione Model 1040 NanoMill® was used to further
clean the FIB damaged surfaces following the sequence of 1500 eV
for 30min and 900 eV for 10min using an Ar ion beam with a
190 mA current. Selected area diffraction (SAD) and bright field TEM
were acquired using a Hitachi HF3300 TEM operated at 300 kV,
while high resolution scanning transmission electron microscopy
(STEM) images were acquired using a probe corrected Nion Ultra-
STEM 100 operated at 100 kV.

2.3. Mechanical testing

The hardness and indentation moduli of the materials were
measured with a nanoindenter XP-MTS with a diamond Berkovich
indenter tip. Tests were conducted to a prescribed maximum load
P¼ 20mN in a continuous stiffness mode (CSM) [28] at a constant
loading rate of (dP/dt)/P¼ 0.05 s�1. A minimum of 20 nano-
indentations was conducted on areas of the specimen to obtain
averages and standard deviations for hardness and Young's
modulus.

To obtain the stress and strain response in the different layers of
the materials, pillars with an initial diameter of ~2 mm were fabri-
cated using a top-down milling method, starting at the top surface
of the machined layer. The FEI Nova 200 dual-beam FIB systemwas
operated at a final beam current of 86 pA and a constant acceler-
ating voltage of 30 kV. A detailed description of the top-down
milling method can be found in previous work [29]. The normal
plane of the micropillars was determined by electron backscatter
diffraction (EBSD). The pillars were inside a 40 mm diameter crater,
leaving enough space for a 15 mm flat punch tip to avoid simulta-
neous contact with the surrounding bulk while the pillar was
contacted. The mechanical properties of the FIB-milled micropillars
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were measured in compression using a NANO Indenter® XP
equipped with a flat punch diamond tip. The experiments were run
in load control mode at a constant loading rate of 0.1mN/s to a
prescribed maximum displacement of 400 nm. The displacement
during the compression was recorded at a frequency of 10e20Hz.
The initial compressive stress, s¼ F/A0, was obtained from the
measured load (F) at 0.2% offset force and the pillar cross-sectional
area A0 at 20% of its height away from the top of the pillar since the
deformation was confined to the top due to the tapered geometry.
The engineering strain was obtained by dividing the displacement
over the pillar height.

Ball-on-flat reciprocating sliding tribological tests were con-
ducted on a Plint TE-77 tribometer (Phoenix-Tribology Ltd.) using
an MEA cylinder (8mm diameter) against an M2 steel flat
(25.4� 25.4mm2 worn area and 3.175mm thick). Tribological tests
were performed at both cryogenic temperature and RT under a 10 N
normal load with a 10Hz oscillation and a 10mm stroke for 50m of
sliding. At least three tests were performed for each sample. Fric-
tion force was captured in situ using a piezoelectric load cell. After
testing, all specimens were cleaned with acetone followed by iso-
propyl alcohol. Wear volumes on the cylinders were then quanti-
fied using a Wyko NT9100 white light interferometer.

2.4. Theoretical calculations for nanophase stability

The Gibbs free energy of a system can be calculated by:

FðV ; TÞ ¼ E0KðVÞ þ FelðV ; TÞ þ FvibðV ; TÞ þ FmagðV ; TÞ
� TSconf :ðTÞ (1)

where E0KðVÞ is the total energy of the structure at 0 K, FelðV ; TÞ is
the electronic free energy, FvibðV ; TÞ is the vibrational energy,
FmagðV ; TÞ is the magnetic energy, and Sconf :ðTÞ is the configura-
tional entropy. Spin-polarized density functional theory (DFT) cal-
culations are performed to calculate the total energy at 0 K E0KðVÞ.
In evaluating the Gibbs free energy FðV ;TÞ, we neglect the magnetic
contribution and the contribution from Sconf :ðTÞ, as conducted by
other researchers [30e32]. The electronic free energy FelðV ; TÞ is
calculated using the DFT-computed electronic density of states and
the temperature is introduced by the Fermi-Dirac distribution.
More details can be found in the work by Grabowski et al. [33].

There is a lack of feasible and practical methods to calculate the
vibrational free energies of multicomponent alloys. Here, the
DebyeeGrüneisen model [34] was used to treat the vibrational part
of the free energy, i.e.,

FvibðV; TÞ ¼ EDðV;TÞ � TSvibðV; TÞ; (2)

with EDðV; TÞ and SvibðV; TÞ given by

EDðV; TÞ ¼
9
8
kBqDðVÞ þ 3kBTDðxÞ; (3)

SvibðV;TÞ ¼ 3kB

�
4
3
DðxÞ � ln

�
1� e�x

��
; (4)

where kB is the Boltzmann constant, x ¼ qDðVÞ
T , and DðxÞ is the

Debye function.
The Debye temperature is calculated by

qDðVÞ ¼ 41:63
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where 41.63 is an empirical constant, r0 is the atomic radius, V0 is
the equilibriumvolume,M is the atomicmass (atomic units), and B0
is the bulk modulus. The Grüneisen parameter is defined by

g ¼ �g� v2P=vV2

vP=vV
¼ �gþ 1

2

�
1þ B

0
0

�
; (6)

Here, B
0
0 is the bulk modulus pressure derivative, and g is a

temperature-dependent factor. We use a value of g ¼ 2=3 following
[30]. The parameters involved in the equations are given in
Table S2.

Spin-polarized DFT computations were performed for the total
energies of the hcp, fcc and dhcp NiCoCr phases using the Vienna
Ab-initio Simulation Package (VASP) [35,36]. The generalized
gradient approximation (GGA) with Perdew-Burke-Ernzerhof
parameterization [37] was employed to describe the exchange-
correlation interaction. A plane-wave cutoff energy of 350 eV and
gamma-based-scheme dense k-points� atomswere used to ensure
that the total energies converged to values around 1 meV/atom.
More specifically, 5832, 4050 and 2700 k-points� atoms were
adopted for the fcc, hcp and dhcp (double hcp) supercells. Energies
of the ionic step were converged within 10�4 eV. Supercells
comprising 72 atoms for dhcp and 54 atoms for fcc and hcp
structures were chosen to mimic the chemical randomness. A
smaller supercell of 48 atoms demonstrated that the energy bands
of the fcc and hcp structures overlap. Static calculations were per-
formed for all three structures with eight times denser k-meshes.
The electronic density of the states was sampled using 2201 points.
3. Results

3.1. Materials processing and nanostructure characterization

We synthesized a NiCrCo MEA alloy and subjected it to hard
turning to imprint a nanostructure gradient. This process imposes
severe shear deformation at a turning speed of 40m/min, equiva-
lent to a strain rate of 3.5-4.7� 104 s�1 in the top 5 mm surface
region of the material (see supplementary materials for a detailed
calculation). The microstructure hierarchy is characterized by
cross-sectional TEM and STEM. A cross-sectional bright-field image
(Fig. 1b) reveals the resulting microstructure hierarchy from the
surface to several mm into the material. Along the direction of the
hard-turned surface (left), the microstructure exhibits strain-
dependent features: a nanocrystalline zone was formed in a
~2 mm near-surface layer (Fig. 1b and c), and a mixed deformed
structure with a high density of dislocation cells and an nm-scale
deformation twinning structure was formed below this region
(Fig. 1b and f). The average grain size is about 0.278 mm in the
topmost 50 mm (Fig. 1e) and the grain size is 102.8± 46.3 nm in the
top 2 mm, whereas significant nanotwinning and dislocation cell
structures are observed beneath the nanocrystalline layer. High
angle annular dark field (HAADF)-STEM imaging of the interiors of
the nanosized grains reveals two main features that contribute to
the complex nanostructure hierarchy: the grains contain
0.9e4.8 nm sized twins and hcp structured regions of similar
dimension. (Fig. 1g and h). The hcp laths assume a coherent
orientation relationship with their respective fcc grains, with
(0001)hcp//(111)fcc and [11e20]hcp//[1e10]fcc, and the hcp laths
share the {111} habit planes as coherent boundaries of the nano-
twins. The fcc lattice parameter, a0, was measured to be 0.3524 nm
and the average hcp lattice parameters were measured to be
0.2349 nm and 0.3836 nm for a0 and c0, respectively. A schematic of
the layered image projected along the zone axis of [110]fcc is shown
in Fig. 1i.

We also investigated whether the same hard-turning condition
could induce similar microstructures at room temperature (RT). As
shown in Fig. 2a, a gradient nanostructure was formed at the



Fig. 1. Processing routine and microstructures of 77K hard-turn processed structure-gradient MEA. (a) Schematic of alloy processing procedure. (b) Cross-sectional bright-field
(BF) TEM image revealing the gradient structure of the deformed surface region. (c) Schematic image showing the gradient nanostructure after cryogenic hard turning. (d) BF-TEM
showing nanograin structure. (e) Grain size distribution in the topmost 50 mm surface layer of the material. (f) BF-TEM showing a coarser grain structure in the subsequent layer.
(g,h) Atomic resolution HAADF STEM images showing structural hierarchy inside single nanocrystalline grains along the [110]fcc zone axis. The image has been enhanced using a
Bragg filter. The fcc phase, hcp lamella, and nanotwins are highlighted by pink, black, and blue colors, respectively. Yellow dashed lines mark boundaries between different phases.
(i) Schematic of atom stacking of nanolaminate along the [110]fcc zone axis within a single nanograin. (For interpretation of the references to color in this figure legend, the reader is
referred to the Web version of this article.)
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surface when processed at RT, but the thickness of the retained
nanocrystalline layer was below 1 mm, i.e., much thinner than that
formed at the cryogenic temperature (~4 mm). The average grain
size in the topmost 50 mm of the material close to the surface is
about 1.00 mm (Fig. 2c). On-zone STEM imaging was performed on
the deformed substructures (Fig. 2d and f). Similarly, a nanoscale
laminate substructure was formed, consisting of fcc/twin zone
bundles, with the twin thicknesses ranging from 0.9 nm to 7.8 nm
and the twin spacing between 1.2 nm and 15.9 nm. The twin
boundaries contain step-type defects due to dislocation



Fig. 2. Gradient microstructure of medium entropy alloys produced by hard turning at room temperature. (a) Cross-sectional BF-TEM mage showing gradient structure of
deformed surface; (b) BF-TEM image of nanocrystalline grain layer; (c) Grain size distribution in the topmost 50 mm surface layer of the material; (d) STEM images showing high
density of nanotwins inside single grain; (e,f) BF-TEM images of nanotwins indicate that most of fcc/twin interfaces are coherent, with Shockley partial dislocations located at the
TBs; (g) Schematics showing nanolaminate stack structure in nanocrystalline layer.
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intersections.
In materials with low SFE, a perfect dislocation dissociates into

two Shockley partial dislocations. The incoming leading partial
dislocations react with the twins while the trailing ones get stored
at the TB (see Fig. 2e). The interaction of twins and dislocations
increases the strength and ductility of the materials [38,39]. hcp
phase formation was not observed when processed at RT. A sche-
matic of the layered image projected along the zone axis of [110]fcc
is shown in Fig. 2g.

The APT analysis was carried out on tips extracted from the
hard-turned surface at cryogenic temperature to probe the chem-
ical homogeneity at the TBs. Grain boundaries and planar features
are revealed due to the local magnification effect [40] (shown in
Fig. 3). For clarity, the GBs are marked with dashed lines in Fig. 3.
Frequency distribution analysis reveals that the three alloying el-
ements in the cryo-processed material are distributed homoge-
neously, indicating an athermal fcc-to-hcp phase transformation
mechanism as observed in Fig. 1. Also, three planar linear features
are shown in Fig. 3c, which are most likely nanotwin boundaries.
One dimensional concentration analysis along the twinning struc-
tures shows that there is no obvious chemical segregation to the
TBs (Fig. 3d).

3.2. Mechanical testing of the medium entropy alloy nanolaminates

Nanoindentation experiments were performed to evaluate the
effects of the observed structural changes on the mechanical
properties. More than 20 nanoindents were performed at the sur-
faces after hard turning and also within the base material to avoid
the influence of any local structural inhomogeneities. Fig. 4 shows
the load-displacement curves from the nanoindentation tests. The
surface obtained from hard turning at 77 K shows the largest
nanoindentation hardness (5.63± 0.24 GPa). The surface hardness
of the materials fabricated by hard turning at 300 K is slightly lower
(5.47± 0.35 GPa) and that of the corresponding base materials is
the lowest (4.90± 0.32 GPa). The measured reduced modulus E* in
Table 1 combines Young's modulus of the diamond indenter and

the MEAs under different condition and is given by 1
E� ¼ ð1�v2Þ

E þ
ð1�v02Þ

E0 ; .Where E and E0 are the Young's modulus for the diamond
indenter (1220 GPa) [41] and the material, and v and v0 are the
Poisson's ratios of the diamond indenter (~0.2) and of the MEAs
(0.3) [23]. Based on this estimation, the Young's modulus for the
baseline material for the cryogenic turned layer, and for the turned
layer at room temperature are 261 GPa, 245GPa, and 234 GPa,
respectively. The reduction of Young's modulus after hard turning is
primarily due to the grain size reduction from micron scale to
nanometer scale, which agrees with earlier measurements which
revealed that the apparent Young's modulus for various nano-
crystalline materials such as iron and copper is substantially lower
than that probed for conventional polycrystals [42].

Uniaxial micro-compression testing was conducted for samples
obtained by the different processing conditions to determine dif-
ferences in the load responses at the mm length scale. The pillars
were fabricated from the surfaces of the unprocessed base material
(reference) and from the surfaces of samples after hard turning at
300 K and 77 K (shown in Fig. 5 (a)-(c), respectively). For each
sample condition, at least three pillars were tested to ensure the
reproducibility. The pillars were prepared by focused ion beam
milling to an approximate 2 mm top diameter and a 3� taper angle.
After straining, the pillar prepared from the homogeneous MEA
exhibited yield stress (s0:2Þ of 0.4 GPa and initial flow stress of



Fig. 3. APT analysis of nanocrystalline surface for MEA sample after cryo-hard turning. (a) APT elemental map of Ni, Cr and Co atoms; (b) Frequency distribution analysis for
constituent elements, the binomial distribution for average solute elements are also for comparison, which represents an ideal homogenized alloy; (c) 3 nm slices of APT volumes
showing the nanotwinning structure; (d) One-dimension concentration analysis of the region of interest indicated in c.

Fig. 4. Representative load-displacement curves from nanoindentation tests of NiCrCo
MEA nanolaminates after different processing methods. The obtained nanohardness
and residual modulus are averaged from 20 nanoindentation tests for each sample.

Table 1
Nanohardness and residual modulus are averaged from 20 nanoindentation tests for eac

Baseline material

Nanohardness (GPa) 4.90± 0.32
Reduced modulus (GPa) 234± 9
Estimated Young's modulus (GPa) 261
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1.1 GPa at 8% strain. The post-deformed pillar showed a series of
parallel slip traces, indicating a dislocation-mediated deformation
process (Fig. 5a). For the MEA hard turned at 300 K, the bottom of
the tapered pillar (~1 mm from the surface) was much more
deformed than the surface layer, i.e. the bottom region carriedmost
of the initial strain (Fig. 5b). This can be explained by nano-
crystallization and nanotwinning-induced strengthening of the
layers, as documented in Fig. 2. The pillar prepared at the surface of
the machined layer at 300 K has MEA exhibited yield stress (s0:2Þ of
0.9 GPa and initial flow stress of 1.6 GPa at 8% strain.

The pillar prepared at the surface of the machined layer at 77 K
exhibited yield stress of 1.3 GPa and initial flow stress of 2.2 GPa at
8% strain, indicating that these pillars are much stronger than the
pillars prepared from the homogeneous MEA (1.36 mm in average
grain size) and surface layer hard turned at 300 K. Multiple slip
traces from different directions can be observed from the images of
the post-test pillars (Fig. 5c). Fig. 5e displays the strain hardening
rate as a function of the plastic strain and compares the work-
hardening ability among these three systems. The strain-
hardening rate ðQÞ was normalized by Q ¼ 1

sf
,
vsf

vε ; where sf rep-
resents the flow stress and ε is the true strain. It can be seen thatQ
h sample.

Cryogenic turned layer RT turned layer

5.63± 0.24 5.47± 0.35
222± 13 214± 11
245 234



Fig. 5. Micropillar compression and reciprocating sliding wear tests of MEAs obtained under different processing conditions. (aec) Surface morphologies of micropillars after
micro-compression test (yellow arrows mark slip traces). (d) Engineering stress-strain curves of micropillar compression. (e) Strain-hardening rate vs. plastic strain; (f) Wear depth
of the MEA surface after cylinder-on-flat reciprocating sliding wear test at 300 K and at 70 K. (For interpretation of the references to color in this figure legend, the reader is referred
to the Web version of this article.)
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decreases rapidly with increasing initial strain for the homoge-
neous MEA and RT turned MEA; however, the 77 K deformed sur-
face material shows a more sluggish decrease in strain hardening
rate. At 2% strain, the work-hardening rate for the 77 K pillar is 13.3,
whereas the rate is 4 for pillars prepared from the surface after
300 K hard turning and 5 for the homogeneous MEA pillar.

The loading condition in a reciprocating sliding wear test is
similar to that of the hard-turning process, in which severe shear
deformation is imposed on the sample surface. Therefore, 8mm
diameter, 12mm long MEA cylinders were used to test the wear
behavior at different temperatures. Fig. 3f displays the wear depth
of the MEA cylinder surface after the cylinder-on-flat reciprocating
sliding wear test. Under the cryogenic condition, the maximum
wear depth was 12.5 mm and the wear volume was 0.67� 107 mm3.
At RT, the maximumwear depth was 22 mmwith a wear volume of
4.42� 107 mm3. These results show that the wear resistance of the
NiCrCoMEA processed at 77 K is much better than that produced at
300 K. In other words, the more enhanced gradient nanostructured
surface (GNS) layer exhibits enhanced wear-resistance perfor-
mance, which is analogous to enhanced wear resistance found in
GNS layer of Cu alloys [43] and interstitial free steel [44].

4. Discussion

4.1. Formation of gradient nanolaminate medium entropy alloys

The strain gradient structure fabricated by hard turning not only
produces a grain-sized gradient from the machined surface to the
center, but also demonstrates a phase hierarchy structure con-
taining martensite, twinning, and fcc in each of the nanograins.
First, decreasing the processing temperature can yield a more
intense gradient structure, as evidenced by a thicker (~2.5 mm)
nanocrystalline layer formed at the subsurface (Figs. 1 and 2)
compared to the more coarsely structured inner region of the
material. A similar finding of grain size refinement during tensile
testing of a NiCrCo alloy was reported by Yang et al. [45]. The au-
thors showed that a microstructure starting with 4 grains/mm2 was
refined to 21 grains/mm2 at room temperature and to 31 grains/mm2

at 77 K. The corresponding area fraction of the nanocrystals
increased from 2.0% to 5.5% (deformation at room temperature)
and 8.0% (deformation at 77 K). Similarly, the high efficacy of more
intense gradient structures formed after hard turning at 77 K is due
to NiCrCo's lower stacking fault energy, which facilitates the for-
mation of more corner and necklace twins that subsequently can
evolve into new nanograins.

The strain gradient structures fabricated by hard turning at
different temperature also induce specific substructures and
deformation mechanisms. Fig. 6 shows the thickness (Fig. 6a) and
spacing (Fig. 6b) of nanotwins in the nanocrystalline surface layers
obtained for the different processing conditions used. The thick-
nesses of the deformation-induced nanotwins ranges from 0.9 nm
to 7 nm, and does not vary substantially with respect to the depth
from the surface and the processing temperature. However, the
spacing of the nanotwins formed during hard turning at RT tends to



Fig. 6. Comparison of thickness (a) and spacing (b) of nanotwins for MEAs obtained by hard turning at different temperatures.
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increase at ~1000 nm away from the surface where the effective
plastic shear strain decreases along the sample depth direction. The
spacing of the nanotwins created during hard turning at 77 K is
below 10 nm on average, and this spacing does not change signif-
icantly with respect to the distance from the surface within the
initial 1000 nm through the sheet thickness.

Previous work on NiCrCo subjected to different levels of defor-
mation showed that the threshold strain for nanotwin formation in
NiCoCr alloys is much higher at RT (~20%) than at cryogenic tem-
perature (6.0%-8.8%) [46,47]. TEM analyses confirm that in the
deeper layers (>1 mm below the surface) lower densities of nano-
twins are formed at RT than at 77 K owing to the insufficient strain
at such depths when exposed to RT processing (Fig. 6b).

4.2. Strain hardening mechanisms of gradient nanolaminate
medium entropy alloys

The contribution of grain refinement to yield stress increase can
be roughly estimated based on the average grain size before and
after hard turning using the Hall-Petch relationship: Ds ¼ KD�1

2
after �

KD�1
2

before; where K¼ 500MPa$m m
1
2 is the coefficient of the Hall-

Petch relationship for NiCrCo MEA [48]. Considering the average
grain size measured in this study, the strain hardening due to grain
size refinement can be estimated at about 41MPa for the hard-
turned surface at 300 K and 300MPa for hard turned surface at
77 K. However, such strengthening is usually obtained at the
expense of limited strain hardening, because the intragranular
dislocation storage for nanograins is rather limited compared to the
micron-sized materials. However, as shown in Fig. 5e, the hard-
turned surface obtained at 77 K still shows appreciably more
strain hardening ability than the homogeneous MEA, even at
~1.4 GPa flow stress levels. Next, we will discuss the strain hard-
ening mechanism of gradient nanolaminate medium entropy
alloys.

Fig. 7a shows the flow stress (minus yield stress s0:2) versus
plastic strain at compression conditions for NiCrCo MEA with ho-
mogeneous grain size (~1.36 mm), the gradient NiCrCo nano-
laminate MEA hard turned at 77 K and two austenitic stainless
steels with micron sized grains [49,50]. The yield stresses in
compression for the 304 L and 416 austenitic stainless steel are
~200MPa and ~550MPa, respectively. As they are continuously
loaded with 8% strain, a flow stress increase of less than 200MPa
can be observed. The NiCrCo MEA with homogeneous grain size
shows a significant 650MPa increase in flow stress when strained
at 8%, this is mainly due to the deformation-induced twinning
observed in the previous studies. Due to thematerial's very low SFE
of <5mJ/m2 [25], the NiCrCo MEAs tend to form nanotwins during
deformation. Such deformation twins are only a few nanometers in
thickness but provide effective barriers to dislocation motion and
create nucleation and accommodation sites for dislocations,
enhancing the alloy's ability to absorb plastic deformation energy
[23,32,51]. In comparison, the gradient NiCrCo nanolaminate
structured obtained after 77 K has a flow stress increase of over
900MPa even when yielded with a very high stress level (1.1 GPa).
Instead of following a monotonic drop, as did the homogeneous
MEA and austenitic stainless steels, the initial strain-hardening rate
for the NiCrCo nanolaminate decreases sluggishly in steps and is
five times higher than the NiCrCo alloy with homogeneous grain
size, when strained to 2%.

To further unveil the nanostructure origin of the high strain
hardening, Fig. 8 shows the deformation structures of NiCrCo
gradient nanolaminate after hard turning at 77 K. It is observed that
numerous Shockley partial dislocations (short, white arrows) have
been deposited at the twin boundaries (TBs). A large number of TBs
provides locations where a high density of dislocations can move
and be established from low levels. Most TBs observed in the
cryogenic turned samples (Fig. 8a and b) lost their coherency as a
result of the storage of Shockley partial dislocations. These partial
dislocations not only create additional strain fields but also are
mobile along the boundary plane (111), and are primary contribu-
tors to the plastic strain under the loading condition [52]. Frank
partial dislocations (marked as T in Fig. 8) are also observed at both
the grain interiors and TBs. These dislocations are sessile, contrib-
uting mainly to the strain hardening. In addition, considerable
stacking faults (SFs) can be observed in the nanolayer lamella-
shaped structures. Although the strain hardening from SFs is not
as strong as from TBs as obstacles for dislocation moving [52], the
SF/matrix boundaries can become additional storage sites for dis-
locations, as shown in Fig. 8.

The formation of hcp plates benefits from the formation of
Shockley partial dislocations and SFs, which are known as pre-
cursors for hcp phase transformation in low stacking fault energy
austenitic alloys [53]. The hcp/matrix phase boundaries around
the (111)fcc plane normal direction can become storage sites for
Shockley partial dislocations, and their termination front can
help lock down some immobile dislocations. Similarly, a partial
fcc-to-hcp phase transition was observed in deformed Fe80-
xMnxCo10Cr10 (at.%) alloys [53], Co20Cr26Fe20Mn20Ni14 HEAs [54],
and NiCoCr alloys [47,48], where the hcp phase is only a few atomic
layers thick. Inmany alloys, the hcp stacking is intrinsically stronger
than the more ductile fcc structure, as in Mg [55,56] and in some
hcp-based HEAs [57,58]. In the hcp phase only dislocations with
out-of-basal-plane components (<c> or <cþa> dislocations) can
accommodate the deformation along the closest-packed plane



Fig. 7. (a). Reduced true stress (true stress minus yield stress) versus plastic strain curves; (b). Strain hardening rate as a function of reduced true stress. The gradient nanolaminate
NiCrCo MEA fabricated after 77 K is compared with homogeneous NiCrCo MEA (1.36 mm in average grain size), as well as 304 L and 416 austenitic stainless steel with micron sized
grains [49,50].

Fig. 8. High-resolution transmission electron micrographs (HRTEMs) showing the deposition of Shockley partial (short arrows) and Frank (T) partial dislocations at twin boundaries
and at hcp/matrix interfaces, after cryogenic hard turning at 77 K. Dislocation interactions with twin boundaries, the hcp phase, and stacking faults are also marked in the figure.
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normal. The activation of these dislocation types typically requires
very high critical resolved shear stress due to their large magni-
tudes of Burgers vectors. Therefore the hcp/fcc interface serves as a
blocking site for dislocations to cross the phase boundaries. Topo-
logically closely mixing stiff hcp nanolayers with the more pliable
and formable fcc nanolayers creates heterogeneous gradient layer
substructures at the sheet surface, which increase the material's
work hardenability [29,59]. The exceptional strain hardening of the
NiCrCo nanolaminate is attributed to the exceptional dislocation
storage ability at the nanolaminate interface, as well as the
enhanced dislocation interplay with the twin boundaries, stacking
faults, and hcp phases [48].

It is worth mentioning that the high internal back stress
generated from the heterogeneous grain structure (HGS) also plays
an important role in strain hardening. Yang et al. studied the ten-
sion behavior of HGS MEA with grain sizes spanning from nano-
meters to microns and found that strain hardening experienced an
upturn during the transient stage of straining. The internal back
stress measured can reach ~800MPa [45]. In our work, a very
sluggish decrease in the strain hardening rate is observed within
the 200e600MPa range of ðsf � s0:2Þ for gradient nanolaminate
NiCrCo MEA, manifesting the influence of back stress hardening.
Upon straining, the soft micron-sized grains yield in advance, and
the dislocations generated are blocked by elastic small grains. An
excess of geometrically necessary dislocations (GNDs) is generated
to accommodate the strain gradients, leading to long-range back
stress hardening.

4.3. Phase stability of hcp nanostructures

In the previous section, we stated that having hcp plates is
beneficial to additional strain hardening in the gradient MEA
nanolaminate. The experimental results presented in Figs. 1 and 2
show a temperature-dependent phase transformation for MEA
nanolaminates, where nanoscaled hcp structures are observed at
the twin boundaries (i.e., … CBACB (AB)nABC…) and also inside the
fcc matrix (i.e., …ABCðABÞnABC…) after cryogenic hard turning. Ab-
initio calculations have been used to simulate the relative



Fig. 9. Relative thermodynamic stability of nanostructures calculated by joint
density functional theory (DFT) and axial next nearest neighbor Ising (ANNNI)
simulations. DFT computed transition temperatures between experimentally
observed nanostructured hcp laths at twin boundaries and in fcc matrix. The transition
temperatures were calculated at different numbers of hcp layers (n) following the
ANNNI model (see equations (1) and (2)). The hcp layers located in the fcc matrix (red
line) and that at fcc twin boundaries (green line) have similar yet different transition
temperatures. The black line is the bulk hcp to fcc transition temperature and is shown
here for reference. (For interpretation of the references to color in this figure legend,
the reader is referred to the Web version of this article.)
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thermodynamic stability of the fcc and hcp structures. Rather than
treating the nanostructured hcp phase as a bulk state such as
shown in previous studies [47], the actual size of the hcp phase (the
number of the closest-packed atomic layers, n) was considered as a
variable in the free energy calculations. According to the axial next
nearest neighbor Ising (ANNNI) model [60], the energies of any
nanostructures consisting of A, B, and C planes can be expressed by
the energies of simple crystal structures. More specifically, within
the ANNNI model the energies of the nanostructures, F, can be
expanded into a theoretically infinite series:

F ¼ �
X2
n¼0

X
i

JnSiSiþn; (7)

assuming that the atomic layers i and iþn, characterized by the
corresponding spin-numbers Si and Siþn, interact via interaction
parameters Jn. The first two interaction parameters are expressed
by Ref. [55].

J1 ¼ 1
2

�
Fhcp � Ffcc

�
; J2 ¼ 1

2

�
Fdhcp � Ffcc � J1

�
; (8)

where Ffcc, Fhcp and Fdhcp are the free energies (normalized to the
number of layers) of the fcc (ABCABC stacking), hcp (ABAB stack-
ing), and double-hcp (ABACABAC stacking) phases. Focusing on the
hcp nanostructures with a layer thickness of n, the corresponding
excess energy over that of the perfect fcc nanocrystal, DF; gives.

(i). hcp laths located at fcc twin boundary (TB):

DFzð4nþ 2ÞJ1 þ 4J2 ¼ 2
�
Fdhcp � Ffcc

�
þ 2n

�
Fhcp � Ffcc

�
; (9)
(ii). hcp laths located in fcc matrix:

DFz4nJ1 þ 4J2 ¼ 2
�
Fdhcp � Ffcc

�
þ ð2n� 1Þ

�
Fhcp � Ffcc

�
;

(10)

The free energies of fcc (FfccÞ, hcp (Fhcp), and dhcp (FdhcpÞ per
atom can be determined by the thermodynamic model presented
in our methodology section. The solutions of DF ¼ 0 give the
transition temperatures between the fcc stacking and the hcp
nanostructures with a certain layer thickness (n).

Fig. 9 shows the calculated transition temperatures between the
fcc stacking and the hcp nanostructure. The black line (394 K)
marks the transition temperature between fcc and hcp as bulk
phases. Hcp is thermodynamically stable at low temperatures
(green area) and fcc is the high temperature-stable phase (orange
area). By considering the sizes and nucleation positions of the hcp
nanostructures, the exact transition temperatures are calculated by
the free energy difference between hcp nanostructure and fcc
phase. The theory shows that the formation of lath hcp layers
instead of a pure bulk fcc phase at a fixed low temperature is more
energetically favorable. Although the exact transition temperature
shown here may provide only a qualitative range, as external
boundary conditions such as the applied stress are not considered,
the calculations provide guidance to better understand why we
observe only very thin hcp laths instead of bulk phases in Fig. 1.
5. Conclusions and outlook

In this study, we processed a NiCoCr MEA by hard turning at RT
and cryogenic temperatures. Probing with APT and TEM, in tandem
with nanomechanical experiments, revealed that atomic-scale
hierarchically structured nanolaminate gradients formed at the
alloy surface. The layered structure can be manipulated by the
shear strain rate and the thermal conditions, parameters that can
be directly controlled by adjusting the processing parameters such
as turning rate and temperature. The hard turning process in-
troduces complex nanostructures that are characterized not only by
nanotwins and nanoscale hcp transformation zones but also by
through-thickness gradients of these features. This nanoscale sur-
face hierarchy combines the advantages of stiff hcp regions, a
compliant fcc matrix, and a high density of internal interfaces,
which leads to high yield stress and high strain hardening during
the deformation. In view of these excellent properties, we suggest
that this simple and efficient processing technique has wide po-
tential for the high-throughput nanostructural design of alloyswith
TRIP and TWIP mechanisms, which are also amenable to com-
mercial and large-scale manufacturing.
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