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Designing structural materials for tailored response at extreme conditions is a grand challenge
in materials research. Such materials can be made using either “top-down” or “bottom-up”
processes to create nanostructured metals and composites that contain atomically designed
interfaces that not only block dislocation slip but also attract, absorb, and annihilate point
and line defects. Such multifunctional material systems are not just high in strength but
also tolerant of damage at extremes of irradiation, temperature, and mechanical stresses,
and hence have applications as structural materials in nuclear power and other energy,
transportation, and defense technologies. The exploration of these exceptional properties
at extremes requires novel and unconventional methodologies, such as in situ experiments
with high spatial and temporal resolution, complemented by simulation across multiple
length and time scales.

Introduction
The topic of “materials under extreme environments” has
received significant attention recently. Materials are key building blocks for the next generation of energy technologies,
where they must feature enhanced performance at extremes
of mechanical stress, strain, temperature, pressure, corrosive
environments, particle radiation flux, and electric or magnetic
fields.1 For example, using supercritical steam significantly
increases the efficiency of coal-fired power plants, but requires
50% higher operating temperatures and roughly double the
operating pressure. Transportation applications, such as cars
and aircraft, need lighter-weight and higher-strength structural
materials to increase fuel efficiency and reduce CO2 emission.
For future nuclear-fission power plants, structural and cladding
materials must perform at higher temperature and high dpa
(displacements per atom). These increasingly extreme operating
environments accelerate the aging process in materials, leading
to reduced performance and eventually to failure.
Structural materials in defense, aerospace, construction, and
other national-infrastructure applications also fail unpredictably, often at stresses less than 10% of the theoretical limit
of strength for perfect crystals. Incremental changes in current structural materials may not produce the revolutionary
breakthroughs needed for future applications. Innovative basic
research that elucidates the fundamentals of how materials
behave in extreme environments is required. Controlling the

matter-extreme environment interactions can help researchers
to develop revolutionary new materials that perform in predictable ways at stresses approaching the theoretical limit of
material strength, on the order of 10% of the elastic modulus,
extending lifetimes, increasing efficiencies, providing novel
capabilities, and lowering costs.1–3
At a more fundamental level, the development of materials
with a tailored response in extreme environments addresses one
of the five grand challenges outlined in the recent Basic Energy
Sciences Advisory Committee report4 titled “Directing Matter and Energy: Five Challenges for Science and the Imagination”: How do we design and perfect atom- and energy-efficient
syntheses of revolutionary new forms of matter with tailored
properties? Embodied in this grand challenge are specific science issues for structural materials at extremes, such as:
j How resistant to failure in extreme conditions of
temperature, radiation, or environment exposure can we
make a material?
j How do we make hard matter that heals damage or
defects?
j How mechanically strong can we make materials yet keep
them lightweight?
The field of “materials under extreme environments” is quite
broad and may require more than one MRS Bulletin theme
issue to capture the new developments. The focus of this issue
is on metals, leaving out non-metals (ceramics for nuclear
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fuels, waste forms, and high-pressure synthesis of diamonds)
and “chemistry at extremes” (e.g., chemistry of explosives at
high-pressure, high strain rates). Keeping metals (especially
nanostructured metals) as the focus, the set of articles in this
issue highlights new developments in structural metals for
radiation damage tolerance, shock, high magnetic fields, and
high temperature stability. These articles capture three aspects
of research in this field: (1) plastic deformation at extremes to
synthesize bulk nano-metals and composites, (2) performance
of nano-metals and composites (regardless of synthesis method)
in some form of extreme environment such as particle radiation,
high temperatures, high strain rates, and high magnetic fields,
and (3) characterization methods (e.g., in situ x-ray diffraction
or transmission electron microscopy [TEM]) for elucidation of
damage processes under extreme environments.

Synthesis of new metal structures by severe
plastic deformation bulk
During recent decades, the principal materials-design strategy
has involved developing multifunctional structural materials
with increased microstructure complexity. In this approach,
the structural component also provides the functional property,
such as reduction of mass, thermal insulation, electrical conduction, magnetic properties, acoustic damping, energy absorption,
deformability, by adding selected new phases and refining the
microstructure down to the nanometer scale. In this way, new
nanocomposite materials have been developed, for instance,
complex duplex steels or transformation-induced plasticity
(TRIP) steels.5 The mechanical properties of each phase of these
complex materials are strongly influenced by the high surfaceto-volume ratio of the nanograins. Their flow strength, which
is dislocation-mediated at large grain size, is increased by the
so-called “size effect” (smaller is stronger).6–8 Moreover, the
combination of different phases with different microstructure
dimensions leads to complex co-deformation behavior.
Among the most promising fabrication techniques to obtain
nanostructured metallic materials in the bulk form at the industrial scale are those based on severe plastic deformation (SPD),
which by definition subjects materials to very large strains.
In fact, researchers in this field talk in terms of “true strain,”
which is the natural logarithm of the ratio of initial and final
dimensions. The true strain is equal to the traditional “engineering strain,” or fractional change in dimension, only when
these quantities are much less than one. In SPD, the true strain
is typically larger than five, which breaks down the polycrystalline bulk material into crystalline units with dimensions of
nanometers.
The article by Zhu et al. in this issue reviews the principal
SPD techniques. Bulk nanostructured materials can be made
using the severe deformations available in equal channel
angular pressing (ECAP), high-pressure torsion (HPT), and
accumulative roll bonding (ARB). Several variants of these
SPD processes also exist: repetitive corrugation and straightening, co-shearing process, continuous confined strip shearing, twist extrusion, high-pressure tube twisting, asymmetric
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rolling, and accumulative drawing and bundling. Nanostructured
surface layers can be created on bulk metals using the repetitive
pummeling known as surface mechanical attrition treatment
(SMAT).
This “top-down” approach of SPD is based on the accumulation of lattice defects (dislocations) to achieve microstructure
refinement. It contrasts with a “bottom-up” approach, where
nanostructured materials are synthesized atom-by-atom, layerby-layer, or via consolidation of small clusters.9 Metals are
excellent candidates for SPD techniques, since they usually
exhibit a ductile behavior at the strain rates and temperatures
associated with these techniques. The details of the mechanisms involved in the grain refinement depend on the nature
of the metals, such as crystallography, stacking fault energy,
and strain hardening, and have been thoroughly studied during
the past decades.10,11
The view emerging from the earlier research is that SPD
involves different stages of glide and interaction of dislocations,
leading to their accumulation with increasing strain (Figure 1a),
until a heterogeneous microstructure is formed, composed of
regions with high or low dislocation density (Figure 1b). Upon
further straining of the structure, loose tangles transform into
dislocation walls by annihilation of dislocations with opposite
Burgers vectors (via combined glide, cross-slip, and climb
processes), separating dislocation-free regions or subgrains
(Figure 1c).
In SPD techniques, this process is pushed to the limits by
reaching the extreme stages of work hardening,10,11 where the
thickness of the dislocation walls is further reduced (Figure 1d)
until forming new grain boundaries. The formation of new
grain boundaries suggests that grain refinement involves
dynamic recovery of stored dislocations (Figure 1e). Along
with the associated reduction of grain size, a typical feature
of SPD-processed metals is the presence of a large fraction
of grain boundaries (GBs) separating adjacent grains with
crystallographic misorientation larger than 15°, referred to
as high-angle grain boundaries (HAGBs).11 HAGBs act as
dislocation obstacles when the SPD-processed materials are
subjected to service loading, giving them superior mechanical
resistance.12

a
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e

Figure 1. The main steps of grain refinement by severe plastic
deformation (SPD). (a) Dislocations accumulate upon straining
and (b) interact until forming a heterogeneous structure with
high or low dislocation density regions. Further straining leads
to the formation of (c) a typical microstructure with dislocation
cells composed of dislocation walls separating dislocation-free
regions (subgrains), the dislocation walls being (d) continuously
refined until transformed into (e) grain boundaries when the SPD
process is pushed to the limits to obtain a bulk ultrafine grain or
nanostructured material.
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The interest in studying SPD-processed materials is therefore
twofold. First, the previously described microstructure refinement is a source for bulk materials with improved mechanical
properties. Second, very large strains are imposed on the material in a confined geometry: the material is either forced to flow
through a die with specific geometry (as in ECAP, ARB, and
other variants) or to deform in a confined volume (as in HPT).
In the case of SMAT, the material’s surface is impacted by very
energetic flying balls over a short period of time, and the bulk
part of the material also confines the impacted region. In all
cases, this confinement of metal flow leads to the creation of
a complex stress state with intense hydrostatic and deviatoric
components associated with high pressure and shear stresses.
Such built-in pressure usually impedes massive fracture of the
material, allowing copious plasticity.

Unique properties of nanostructured metals

The well-known Hall-Petch strengthening of polycrystalline materials is an example, in which a reduction of the grain
size d (down to the micrometer regime) is accompanied by
an increase of the yield stress, following a d −1/2 dependence
(Figure 2). With the development of new fabrication processes,
the nanometer regime has been probed, and deviations from
Hall-Petch strengthening have been recorded.
As GBs become more influential with grain-size reduction,
the traditional plasticity mechanisms involving intragrain
nucleation and propagation of dislocations become restricted.
New strengthening mechanisms include deformation via uncorrelated dislocations (Orowan-type mechanism), with a grainsize dependence of the yield stress of (1/d)ln(d/b), where b is
the length of the Burgers vector of the dislocations.17–22 Another
mechanism involves whisker-type behavior, with a 1/d dependence.22,23 In the few-nanometer regime, a size-independent
plateau in the yield stress is sometimes observed21 and attributed
to easy dislocation transmission across GBs, while in some
nanocrystalline materials, a softening (“inverse” Hall-Petch
effect24) has been reported as an indicator of diffusion processes
or GB sliding associated with the large number of atoms located
at GBs when the grain size is very small.
As pointed out in the article by Raabe et al., in nanocomposite metals, the heterophase interfaces provide an additional
parameter to play with in the search for high-strength materials.
Depending on the atomic species and the local crystallographic
structure, these interfaces will transmit or trap dislocations, therefore modifying the strain-hardening behavior of the materials.

σy

Understanding how a metal responds to such severe and repeated
deformation conditions is an important fundamental topic. Raabe
et al. describe this issue in detail, with particular emphasis on
the microstructure and the mechanical properties of metallic
nanocomposites fabricated by SPD. By comparison to singlephase nanostructured metals, the study of composite materials
is of interest since their mechanical properties generally result
from a complex interplay between the properties of individual
phases and the presence of interphase boundaries. In particular,
internal stresses develop during co-deformation because of intraand intergranular variations of plastic strain and have a strong
impact on the strengthening mechanisms and
macroscopic mechanical properties.
The first benefit in applying SPD to composCrystal theoretical
ite metals is the achievement of nanoscale phases
strength
leading to their improved mechanical strength.
Dislocations
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Figure 2. Schematic of the evolution of the yield strength σy in metals as a function
of microstructure size δ (grain size in single phase materials or interface spacing in
and radius). The interaction of these two quancomposites). The associated deformation mechanisms are described as well as the scaling
tities leads to deviations from conventional
laws that govern the elastic limit in the different regimes. GB, grain boundary.
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behavior.
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σy1/2 (MPa1/2)

It is clear that the concept of interface engineering will be a key
metals continue to exhibit high strength. This phenomenon
issue in the future development of nanocomposite materials, as
is still not fully understood, but it must be recognized in any
discussed in the articles by Raabe et al. and Demkowicz et al.
process of interface engineering.
Another remarkable feature exhibited by the nanostructured
Nanostructured metals for high field magnets
single phase or composite metals is the extension of the elasticAs an illustration of how the SPD-processed nanocomposite
plastic transition, giving rise to a pronounced rounding of the
metals are useful for applications that require extreme properties,
stress-strain curves. This effect originates from very heterogewe review the case of high–pulsed-field magnets. The generaneous deformation taking place in these materials because of
tion of high magnetic fields (> 60 T) requires magnet winding
more-or-less extended grain- (or phase-) size distribution and
materials with high electrical conductivity to minimize Ohmic
complex internal stresses arising both from processing and
heating effects. These fields are generally produced during a few
from plastic incompatibilities between grains with different
milliseconds in pulsed magnets. At such fields, the Lorentz forces
orientations relative to an externally applied stress.
result in extreme Von Mises stresses on the winding material.
At very small grain size, the probability that a grain experiAt 60 T, the magnetic pressure is of the order of 1.5 GPa, and the
ences a plastic event (i.e., the emission of an individual dislocaVon Mises stress reaches 1 GPa; at 100 T, the magnetic pressure
tion at a GB, its gliding in the grain interior, and its absorption
is 4 GPa, and the maximum stress on the magnet is larger than
at the GB) is very small.25,26 As a consequence, nanostructured
materials exhibit an extended microplastic regime characterized
2.2 GPa.33–35 Multifunctional materials with high electrical conductivity and high strength are therefore needed to safely survive
by early strain hardening. Hence the conventional criterion used
to define the onset of macroplasticity, a macroyield strain equal
these harsh operating conditions in nondestructive magnets.
The high electrical conductivity requirement demands
to 0.2%, appears meaningless since at such strain, only a very
small portion of grains have deformed plastically.25,26 This statecopper-based materials for the magnet application. Among
ment has been experimentally confirmed in nanocrystalline Ni,
these materials, only nanocomposite wires can combine low
Cu/Ag multilayers, nanostructured Ni–Fe alloys, nanocomposite
electrical resistivity with an elastic limit high enough to withCu/Nb wires, and nanocrystalline metal films. The amount of
stand the Von Mises stress previously described.34 Figure 3
strain assigned to microplasticity was measured
to significantly exceed the 0.2% convention for
bulk metals.27–32 This phenomenon must be taken
Region of interest for high field magnets
into account to define a stress value that does
50
not underestimate the onset of macroplasticity
80 T
Cu–18% Nb
in nanostructured materials.
Cu–24% Ag
Cu–37% Pearlitic
10 ms
Steel
The second benefit of applying SPD to composite metals is to study their microstructure evo40
Cu–44% Pearlitie
lution when subjected to extreme strains, beyond
Steel
most normal service conditions. After SPD, a large
60 T
elastic energy is stored via internal stresses and
Cu–12% Ag
Cu–High–N
lattice defects (dislocations, vacancies), a situation
Stainless
where the materials are far from thermodynamic
Vapor-deposited
equilibrium. In such conditions, unexpected phe30
copper thin film
nomena are likely to appear at interfaces, such as
mechanical alloying or amorphization, even in
Cu–304 L
Cu–304 L
Drawn 77 K
Drawn 300 K, C15715
the case of highly immiscible phases. Raabe et al.
OFHC Copper
Cu–Fe–Mn
Cu–Al2O3 Drawn 77 K
Steel
review observations made possible by state-of-the40 T
art characterization techniques at the atomic scale:
high-resolution TEM and atom probe tomography
are ideal experimental tools and are well compleOFHC Copper
50 ms
20
Drawn 300 K
mented by simulation techniques.
The models proposed to explain these
18
observations either invoke purely diffusion9 × 106
107
1.5 × 107
driven mechanisms, defect-enhanced diffusion
(ρCp /ρe)1/2
or interface roughening, and plasticity-driven
mechanical mixing. Independent of the validity
Figure 3. Materials-selection chart for high-field magnet development. Horizontal dashed
of the models, these observations lead to the follines indicate strength allowing a particular field intensity, while diagonal lines correspond
to an allowable pulse duration. Only copper-based nanocomposite metals provide the
lowing contradiction with what was described
necessary compromise between elastic limit (σy1/2) and transport properties ( (ρCp/ρe)1/2),
earlier. After SPD and (partial) dissolution of
where ρ is the density, Cp is the volumetric heat capacity, and ρe is the electrical resistivity.34
previously sharp interfaces, the nanocomposite

968

MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin

STRUCTURAL METALS AT EXTREMES

2 GPa at 77 K (i.e., five times that of cold-worked pure Cu)
for nanocomposite wires with a diameter of 2.5 mm that contain Nb nanofilaments with a diameter of 142 nm.18 The in situ
experiments shed light on the specific elastic-plastic behavior
of the different phases of the nanocomposites that are intimately connected to the local microstructure features (grain
size). The micrometer-large Cu channels, with ultrafine grain
structure (grain size from 200 nm to the micrometer range),
exhibit strengthening following the Hall-Petch law; in the Cu
nanochannels, the nucleation and propagation of dislocations
are strongly affected by the reduced spacing between Cu-Nb
interfaces, leading to a single-dislocation regime (Orowan-type)
associated with increased yield stress; the Nb nanofilaments
behave as whiskers with enhanced elastic limit.22,30,37
Although the required mechanical and electrical properties
are achieved in wires fabricated at laboratory scale, their mass
production and use in magnets is still limited by processing
obstacles (one must ensure the production of several tens of
meters of defect-free wires), difficulties in winding these wires
into the needed coils (the gain in strength is usually associated
with the loss of ductility, as for most SPD processed materials), and the poor knowledge of their fatigue properties when
subjected to thermomechanical cycling in real magnets. As for
most of the materials reviewed in the article by Raabe et al.,
there is clearly space for materials improvement. Innovative strategies, such as the design
of architectured nanocomposite metals3 or
interface engineering, should bring interesting
results in the near future.

is a materials-selection chart showing the relative position of
different copper-based material classes (from bulk cold-drawn
Cu to highly complex composites and alloys) with respect to the
two limiting factors: strength, sy , plotted as s1/2, and a quantity that quantifies Ohmic heating. Heavily cold-drawn Cu/Nb
(Cu-18%Nb) and Cu/Ag (Cu-24%Ag) wires are the best candidates for a 60 T application; further improvements will still
be required for higher fields.34,36
One of the candidates, labeled Cu–18%Nb in Figure 3,
is continuous Cu/Nb nanocomposite wire, composed of an
architectured multiscale Cu matrix reinforced by Nb nanofilaments or nanotubes. The wires were fabricated by SPD with the
accumulative drawing and bundling process (SPD methods are
reviewed in the article by Zhu et al.). A series of hot-extrusion/
cold drawing/bundling cycles are repeated n times (n £ 5) to
obtain conductors containing N = 85n Nb nanostructures with
a known distribution, separated by channels of pure copper.
The process induces a multiscale structure, as illustrated in
Figure 4 for a Cu/Nb wire.
This complex microstructure gives rise to extraordinary
mechanical properties that have been studied by classical macroscopic tensile tests and nanoindentation, as well as in situ
deformation in TEM and in situ deformation under neutron or
synchrotron beam.18,22,30 The ultimate tensile strength reaches
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15 kv

1 mm
× 25 16 mm
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1 µm
Figure 4. (a–c) Micrographs with successively higher magnification showing cross sections
of the multiscale structure of Cu/Nb nanocomposite conductors for high-field pulsed
magnets. (d) High magnification scanning electron micrograph showing Nb nanofilaments
(white) embedded in the Cu matrix (black).37

Response of nano-metals
and composites to extreme
environments
The size effects on mechanical strength described
previously for single-phase nanostructured
metals also have been explored for thin films
metallic multilayers21,38–46 and nanotwinned fcc
metals.47–51 When the size refinement produces
grain or interphase boundaries that are thermally stable52 and can trap and annihilate point
and line defects, the high strength can be combined with high damage tolerance in extreme
environments. The article by Demkowicz et al.
describes the atomic structures of boundaries
that give rise to high damage tolerance.
Figure 5 and 6 show the increased damage
tolerance of nanocomposites as compared with
bulk metals. Bulk crystals or composites with
coarse microstructure have very low strengths;
nanostructuring leads to an increase in strength
via the size effects discussed in Figure 2. For
example, a Cu-Nb multilayer with an individual layer thickness of 5 nm has flow strength in
excess of 2000 MPa, whereas the yield strengths
of high purity, bulk single crystals of metals
MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin
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ion irradiation as well.58,59 Similar effects have
been observed at special grain boundaries in
single-phase metals.60–65
The same Cu-Nb interfaces are
morphologically stable after room-temperature
rolling to large plastic strains. Figure 6 shows
Helium bubbles
that the micrometer-scale Cu-Nb multilayers
Nb
developed dislocation-cell structures within
Cu
the layers, leading to rotations away from
the interface-plane normal. In contrast, the
nanolayers (e.g., 75 nm layers rolled to 30 nm)
5 nm
showed no dislocation-cell structures and no
50 nm
rotation away from interface-plane normal.66
Figure 5. Transmission electron microscopy images of helium ion irradiated (a) 2.5 nm
Strain localization due to the formation of
Cu–2.5 nm Nb nanolayered composite and (b) bulk Cu. Note the lack of dislocation loops,
slip bands eventually leads to the initiation of
voids, and helium bubbles in the nanolayered composite, while the bulk metal exhibits
significant radiation damage.
cracks; hence, nanolayered materials with a
more homogeneous distribution of slip and no
accumulation of localized slip bands are more
resistant to fracture.
a
b
Similarly, high strain-rate deformation
increases the stress in a material to extremely
high levels in a very short time. This results in
excessive damage production, often via mechanisms such as twinning that are not activated at
low stress levels.67 The article by Rudd et al. in
this issue discusses in more detail the behavior
of materials at extremes of high strain rates.
More work is needed to better understand the
role of interfaces in controlling the behavior of
materials at strain rate extremes.
All these findings suggest that nanostructured metals and composites can be designed
to exhibit not just high strengths but also high
Figure 6. Transmission electron microscopy images of room-temperature rolled multilayers.
(a) 75 nm Cu–75 nm Nb multilayer rolled to a layer thickness of 30 nm Cu–30 nm Nb and
damage tolerance, irrespective of whether the
(b) 2 µm Cu–2 µm Nb multilayer rolled to a layer thickness of 1 µm Cu–1 µm Nb. Note the
damage is introduced via plastic deformation or
formation of dislocation cell structures in (b) and lack of dislocation cells, networks, and
tangles in (a).
irradiation. The results reviewed here primarily
highlight the fundamental mechanisms of defect
interactions with interfaces in model systems.
such as Cu are in the range of 10–50 MPa.21,53 Bulk crystals also
These concepts can underpin the design of advanced engineerhave very low damage tolerance. For example, particle irradiaing materials such as nanocomposites of steel, such as those
tion leads to the formation of interstitials and vacancies. The
discussed in the article by Demkowicz et al. and in other recent
highly mobile interstitials can escape to the surfaces or cluster
reviews by Odette and co-workers.68,69 For materials issues with
current engineering materials in nuclear power reactors, the
with other interstitials and collapse into dislocation loops. The
reader is referred to an earlier MRS Bulletin issue edited by Was,
vacancies aggregate as well and trap transmutation products
Zinkle, and Guérin.70
such as helium, resulting in cavities. Overall, these radiationinduced defect phenomena lead to an increase in the mechanical
Novel characterization methods for
yield strength, embrittlement, and swelling.54,55
The article by Demkowicz et al. describes the atomic
microstructure evolution at extremes
structures and energetics of interfaces that are super-sinks for
Although the microstructure of structural metals described in
the different articles of this issue is well characterized in the
radiation-induced defects, attracting, absorbing, and annihilating interstitials and vacancies, and thereby “self-healing”
as-processed state (from macroscopic to atomic scales), there
is still a poorly known parameter: the microstructure stability
the material. As shown in Figure 5, for the same ion irradiation condition, pure Cu shows many defect agglomerates,
of these materials in real service conditions. This stability
but 2.5 nm Cu/2.5 nm Nb multilayers do not exhibit radiation
is of crucial importance when the nanostructured materials
are subjected to extreme conditions such as high strain rate
damage.56,57 These interfaces are stable under high-temperature
a
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deformation, fast heating, high-dose irradiation, and highfrequency thermal and/or mechanical cycling. In many cases,
post-mortem analysis can be of great help for characterizing the
final state of microstructure evolution, but the evolution path
cannot always be elucidated. Simulation tools can fruitfully
complement this approach;71 however, the different simulation
techniques have their own limitations, such as time and length
scales of simulations, simplification of the microstructure,
and validity of the interaction rules, and cannot fully replace
experiments. Therefore to gain direct insight into the mechanisms governing the materials response under a given stimulus,
in situ techniques have been widely developed during the last
decades.72,73
The challenge for in situ characterization techniques is to
obtain the best possible temporal and spatial resolutions simultaneously. The characterization of the temporal evolution is
essential for the discrimination of the kinetics laws involved in
the observed microstructure evolutions and to better define the
material’s lifetime: in situ time-resolved techniques necessitate
a probe with sufficient flux to enable fast recording of high statistics data. The recording speed becomes a possible limitation
when the observed processes are ultrafast. On the other hand,
spatial resolution is necessary first to locate exactly where the
modifications take place but also to characterize the involved
mechanisms at the proper scale (atomic scale in most cases).
In situ spatially resolved techniques necessitate a focused probe
with very well-defined shape.
The article from Browning et al. in this issue reviews recent
advances in the in situ characterization of microstructure evolution in metals under extreme conditions such as rapid thermal gradients, irradiation, shock-driven void formation, and
extreme pressure using dynamic TEM (DTEM), in situ TEM
ion irradiation, electron tomography, and synchrotron radiation
(small-angle x-ray scattering). A detailed description of the
modifications brought to the conventional instruments provides insight into the challenges that these experiments are
facing. For example, in DTEM, the fast temporal resolution
is achieved by using two different nanosecond lasers, one to
start the transformation in the sample and one to create the
imaging pulse of electrons by photoemission. For in situ irradiation, ion accelerators must be linked to TEM; for in situ
shock loading, a synchrotron beamline (at the Advanced Photon
Source, Argonne National Laboratory, USA) is equipped with a
drive laser, specific x-ray detector while a special synchrotron
fill pattern is used to obtain highest flux and shortest x-ray
pulse.74 Similarly, the Linac Coherent Light Source (LCLS)
beam at SLAC National Accelerator Laboratory, with its high
peak brightness, short pulse duration (<100 fs), and tunable
wavelength in the x-ray energy range, provides revolutionary
capabilities to study the transient behavior of matter in extreme
conditions. The particular strength of the matter in the extreme
conditions (MEC) instrument is the combination of the unique
LCLS beam with high-power optical laser beams to cover a
broad range of extreme conditions such as intense pressure,
temperature, stress, strain, and radiation.75

These developments in the in situ characterization techniques have been applied to a diverse range of problems, as
described in the article by Browning et al. The crystallization of amorphous films (nucleation rate and growth speed),
the radiation damage mechanisms, the 3D defect density production in materials for nuclear-reactor applications (ferriticmartensitic and oxide-dispersion-strengthened steels), and the
shock-generated submicron void formation in solids. These
examples, and additional work reviewed in Reference 76, illustrate how the development of highly novel and unconventional
methodologies pushes forward the frontiers of instrumentation
and materials science.

Summary and future directions
Nanostructured metals and composites are known to be ultrastrong by virtue of the “smaller is stronger” trend. In addition
to high strength, these materials can also be stable and damage
tolerant at high irradiation doses at high temperatures, high
strain rates, and large plastic strains. This unique combination of damage tolerance and high strength requires grain and/
or interphase boundaries with atomic structures that make
these boundaries strong obstacles to dislocations as well as
strong sinks for point and line defects. Future developments
of these multifunctional materials call for innovative strategies
such as the design of architectured nanocomposite metals and
interface engineering. These approaches necessitate detailed
experimental and simulation inputs, in particular continuous development of highly novel and unconventional in situ
experimental capabilities that push simultaneously the limits
in spatial and temporal resolution. Such capabilities will help
elucidate the damage production and recovery mechanisms
at interfaces under extremes conditions of irradiation, stress,
and temperature.
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Processing of nanostructured metals
and alloys via plastic deformation
Yuntian Zhu, Ruslan Z. Valiev, Terence G. Langdon,
Nobuhiro Tsuji, and Ke Lu
Plastic deformation can effectively produce nanostructured metals and alloys in bulk or
surface-layer forms that are suitable for practical structural or functional applications. Such
nanostructured materials are porosity-free and contamination-free, and therefore they are ideal
for studying fundamental mechanisms and mechanical properties. In this article, we first give
an overview of the principles of grain refinement by plastic deformation and an introduction to
the reported processing techniques. Then the four most-developed and promising techniques
will be described in detail: equal-channel angular pressing, high-pressure torsion, accumulative
roll bonding for bulk nanostructured metals, and surface mechanical attrition treatment for
nanostructured surface layers.

Introduction
Nanostructured materials are defined as solids with grain,
subgrain, twin, or dislocation cells with sizes below 100 nm.1–4
Such materials usually have superior mechanical and physical properties, including high strength,1–4 improved corrosion
resistance,5 and higher wear resistance.6 Two complementary
approaches have been developed for synthesizing nanostructured solids. The first is the “bottom-up” approach, in which
nanostructured materials are assembled from individual atoms
or from nanoscale building blocks such as nanoparticles.7 The
second is the “top-down” approach, in which existing coarsegrained materials are processed to produce substantial grain
refinement and nanostructure. The most successful top-down
approaches involve the application of large plastic deformation,
in which materials are subjected to plastic strains typically
larger than 4–6.
Plastic deformation refines grains by a combination of several mechanisms, including dislocation glide, accumulation,
interaction, annihilation, tangling, and spatial rearrangement.8–10
For materials with medium or low stacking fault energies, deformation twinning could also play a significant role, especially in
the nanocrystalline grain size range.10 Detailed microstructural
evolution may vary with the nature of materials as well as
deformation mode, strain rate, and temperature. Hansen and
co-workers have done extensive work on the grain refinement

mechanism during rolling with strains less than 100%.8 Their
general observations also apply to other deformation modes.9
In coarse-grained fcc materials, each grain is divided into many
subgrains during plastic deformation.8 Each subgrain deforms
under fewer than five slip systems, but a group of adjacent
subgrains acts collectively to fulfill the Taylor criterion for
maintaining uniform deformation.11 Each subgrain is usually
subdivided into dislocation cells. With increasing strain, large
subgrains may further divide into smaller subgrains, and the
misorientations between subgrains may increase to form lowangle and high-angle (>15°) grain boundaries.
Under rapid dynamic strain rates, the grains may be further
refined to form ultrafine grains and nanostructures.1–3 Lu et al.
systematically studied the formation of nanostructures under
surface mechanical attrition treatment (SMAT).10,12 They found
that the subgrains become elongated, and their widths become
smaller with increasing plastic strain. Finally, the subgrain width
equals the dislocation-cell size, forming lamellar subgrains containing a string of dislocation cells. The misorientations across
cell boundaries increase with further plastic strain, transforming
dislocation cells into subgrains. The equiaxed subgrains further
divide into smaller dislocation cells, which, in turn, convert
into smaller subgrains as well as nanometer-sized grains with
increasing strain. Grain rotation may play a significant role in
the formation of the nanometer-sized grains with high-angle
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boundaries. More details on the formation of nanostructures
can be found in papers from Lu’s group.10,13–15
Various plastic-deformation techniques have been developed
to produce nanostructured materials over the last two decades.16
The earliest plastic-deformation technique developed for
synthesizing nanostructured materials was ball milling.17,18
Ball-milled powders need to be consolidated to form bulk nanostructured materials. Techniques developed later do not need
the consolidation step to produce nanostructured materials in
bulk or surface-layer form. The most developed and significant
among these techniques are equal-channel angular pressing
(ECAP),19 high-pressure torsion (HPT),20 accumulative roll
bonding (ARB),21 and SMAT.10 The principles, advantages,
and limitations of these four techniques will be described in
the following sections. Other variants of plastic deformation
techniques include repetitive corrugation and straightening,9,22
co-shearing process,23 continuous confined strip shearing,24
ECAP-conform, 25 twist extrusion, 26 high-pressure tube
twisting,27 asymmetric rolling,28,29 and accumulative drawing
and bonding.30–32 Readers can go to the respective references
for more details on these techniques.

Equal-channel angular pressing
ECAP, also known as equal-channel angular extrusion, is a technique to process a metallic billet by simple shear.33 The imposed
deformation occurs as the sample passes through the die, as
shown schematically in Figure 1. The die angle in Figure 1 is
90°, which is the most used configuration. The theoretical shear

sample
die

plane is the intersection of the two channels. Two elements
adjacent to the shear plane, numbered 1 and 2, are deformed by
shear, as depicted in the lower part of the figure.34 The typical
ECAP process concentrates intense simple shear on the shear
plane. Each pass imposes the equivalent strain of ε ≈ 1 for the
90° die.35,36 Since the cross-sectional area of the sample remains
unchanged, the same sample can be processed repeatedly to
attain exceptionally high strain.
In practice, different slip systems may be introduced by rotating the billet about its longitudinal axis between each pass, and
this leads to several processing routes: route A—no rotation,
BA—rotations by 90° in alternate directions, BC—rotations
by 90° in the same direction, and C—rotations by 180°.
In the early 1990s, ECAP was developed and used for the
first time to produce ultrafine-grained metals and alloys,37,38 and
soon afterward to obtain bulk nanostructured materials with
submicrometer-sized grains, subgrain structures, nanoparticles,
or other nano-sized structural features.1 Grain refinement during
ECAP is associated with some dislocation substructural characteristics (cells, subgrains, microbands) that are established
during the first one or two passes39,40 and their transformation
to ultrafine grains during further straining.19,41,42 At present,
ECAP is the most popular severe-plastic-deformation processing technique, and has been used for grain refinement in various metals and alloys, including commercial ones. However,
the final grain size, grain shape, and the fraction of high-angle
grain boundaries strongly depend on the processing routes and
parameters as well as the material properties.
Typically the ECAP process requires the insertion
and removal of the billets manually from the die. Recent
developments include the incorporation of back-pressure, the
development of continuous ECAP processing, and other modifications.19 This progress moves ECAP processing closer to
industrial applications.

High-pressure torsion
1
2

1

458

2

Figure 1. In equal-channel angular pressing, material is forced
through a channel that contains a sharp bend, resulting in large
deformations at the shearing plane shown by the diagonal
line. The elements numbered 1 and 2 are deformed by shear,
as indicated in the lower part of the illustration. Repeating the
process creates very large strains.34
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The processing of metals by HPT has a long history dating back
to the classic work by Nobel Laureate P.W. Bridgman at Harvard University in the 1930s.43 Nevertheless, it is only within
the last two decades that HPT has become a major research
tool because of the ability to achieve extremely high applied
pressures and the consequent production of exceptional grain
refinement. Typically, the grain sizes produced in HPT are
within the nanoscale range of ~50–100 nm.
Figure 2 provides a schematic illustration of the principle of
HPT.44 The sample is usually in the form of a relatively thin disk
with a diameter of typically ~10 or 20 mm and a thickness of
~0.8 mm. This disk is placed between two massive anvils, and
it is held in place within a depression machined into the face of
each anvil. During operation, the sample is subjected to a high
applied pressure, P, and concurrent torsional straining through
rotation of the lower anvil. This type of processing is designated
quasi-constrained HPT because there is some limited outward
flow of the material around the periphery of the disk during the
processing operation.20 Early experiments in HPT were often

PROCESSING OF NANOSTRUCTURED METALS AND ALLOYS VIA PLASTIC DEFORMATION

Upper Anvil
P

partial crystalline-to-amorphous transformations.51 A potential
limitation is that it uses relatively thin disks, but attempts are
under way to expand the applicability of HPT processing to
cylindrical samples.52

Accumulative roll bonding
Sample

P

Lower Anvil

Figure 2. In a high-pressure torsion facility, a metal disk is
constrained by high pressure between two dies as one die
rotates, subjecting the disk to very large strain.44

ARB is one of the deformation processes that can realize
ultrahigh plastic strains in sheet materials for producing nanostructures. Figure 3 illustrates the principle of the ARB process,
which was developed by Saito, Tsuji et al. in 1998.21,53–55 ARB
uses rolling deformation. It is nearly impossible to realize ultrahigh plastic strain above an equivalent strain of ~4–5 in conventional rolling because the dimension of the materials (e.g., the
thickness) decreases with increasing total rolling strain. In the
ARB process, a sheet is rolled by 50% reduction in thickness.
The rolled sheet is cut into two pieces, stacked to reform the
initial dimensions, and rolled again. In order to obtain one-body
solid material, the rolling in the ARB process is also a bonding
process, which is known as roll bonding used for the production
of clad sheets. To achieve good bonding, the contact surfaces of
the sheets are typically treated by degreasing and wire brushing.
Roll bonding is sometimes carried out at elevated temperatures,
below the recrystallization temperature of the material in order
to make the bonding better and to reduce the rolling force. By
repeating the procedure, one can apply ultrahigh plastic strain
to the sheet material without changing the dimensions.
The von Mises equivalent strain (εeq) after n cycles of ARB
can be estimated as εeq = 0.8n when 50% reduction per cycle
is used. An equivalent strain of 4 can be achieved by five ARB
cycles in this case. A similar process was performed previously for bulk mechanical alloying of different metals or for
fabricating multilayered materials.56,57 However, roll bonding
was not used in such attempts. Instead, diffusion bonding at
elevated temperature, which cannot produce nanostructures
through accumulating plastic strain, was carried out between
each pressing or rolling. Bulk mechanical alloying by the ARB
process is possible, and non-equilibrium structures, including

conducted under unconstrained conditions where the material
flowed out freely under the applied pressure.
It is reasonable to anticipate there may be an important
limitation in HPT, because it imposes a strain that is directly
proportional to the radial distance from the rotation axis;
therefore, there should be a significant strain inhomogeneity
across the disk. In practice, however, early HPT experiments
demonstrated that the microstructure gradually evolves with
increasing strain so that, ultimately, the structure becomes
reasonably homogeneous throughout the disk.45 This development of homogeneity has been successfully modeled using
strain gradient plasticity and incorporating a microstructurerelated constitutive description of the material
behavior.46 Recent experiments have revealed
unusual shearing patterns within disks prostacking
degreasing and wire brushing
cessed by HPT. For example, in a two-phase
eutectoid alloy, it was shown that agglomerates
of grains were formed, lying parallel to the
flow direction around the peripheries of the
disks.47 In a duplex stainless steel, there was
evidence of significant turbulence, including
complex swirls and vortices that are analogous
to the Kelvin-Helmholtz instability, which is a
well-established physical phenomenon in fluid
flow.48 These observations suggest the occurrence of local shear velocity gradients between
adjacent positions within the HPT disks.
roll bonding
cutting
Processing by HPT has been used
Figure 3. In accumulative roll bonding, sheets of material are both bonded and thinned by
successfully for cold consolidation,49 for inducrolling. Repeating the process accumulates very large strains.
50
ing phase transformations, and for producing
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an amorphous phase, have been produced.58 The processing
details and the mechanism of ultrafine grain formation in the
ARB process are discussed by Huang et al.59
The most advantageous feature of the ARB process is its
applicability to continuous production of bulky sheet materials. Although ARB has not yet been adopted into large-scale
production, such as in the steel industry where huge rolling
facilities are used, thin strips (~0.1 mm thick, 300 mm wide, and
3,000 m long) of ultrafine-grained stainless steels already have
been produced in a relatively small-scale facility in Japan using
the principle of ARB.60 ARB is also useful for fundamental
studies in laboratories, as it can provide relatively large sheet
samples with nanostructures. This enables systematic studies
of the mechanical properties of the ultrafine-grained metals,61,62
and several unique properties of nanostructured metals, such as
“hardening by annealing and softening by deformation” 63 and
yield-point phenomena in pure Al61 have been found.

Surface mechanical attrition treatment
The basic principle of SMAT is to impose plastic deformation
onto surface layers of bulk metals with large strains and strain
rates.12,64 As shown in Figure 4, spherical steel (or ceramic)
balls, a few millimeters in diameter with smooth surfaces, are
placed in the bottom of a chamber that is vibrated (usually with
a frequency of ~50 Hz–20 kHz). When the balls are agitated,
the sample surface is impacted by a large number of flying
balls over a short period of time. Each impact of a flying ball
(with a velocity of ~1–20 m/s) induces plastic deformation at a
high strain rate in the surface layer. Repeated multidirectional
impacts result in repeated plastic deformation in the top surface layer that induces grain refinement progressively down
to the nanometer regime. Major differences between SMAT
and conventional shot peening include (1) much larger energy
inputs to material surface (by several orders of magnitude) in

a

b
Vacuum
Sample

SMAT, and (2) much larger balls with smooth surfaces that are
used in SMAT to minimize wearing and damaging the formed
nanostructured surface layers.
In SMAT samples, a gradient in grain-size distribution is
generated along the depth from the treated surface, from a few
nanometers to micrometers, owing to the gradients in strain
and strain rate. In the topmost layer, very high strain rates up
to ~103 s−1 can be imposed, inducing extremely fine nano-sized
grains distinct from those in the conventional plastic deformation of bulk metals. Finer grains can be induced at higher
strain rates,65 owing to an increased dislocation density and/or
nanoscale twinning at high strain rates.10
Nanostructured surface layers have been synthesized in
a number of materials, including pure metals (e.g., Cu, Fe,
Ti) and alloys.13,14,64,66–68 Nanostructured surface layers can be
~50 mm thick, underneath which is an ultrafine-grained layer
(>100 mm thick). Thicknesses of the nanostructured surface
(and the ultrafine-grained) layer depend upon the nature of
materials treated and the processing parameters, such as ball
size and vibration frequency. The nanostructured surface layer
exhibits higher hardness, strength, wear resistance, fatigue
strength, atomic diffusivity, and chemical reactivity than that
of the coarse-grained matrix.64
SMAT is a low-cost process with a unique flexibility to
realize a nanostructured surface layer in localized areas on bulk
materials or components without shape change. The gradient
grain size distribution eliminates the problem of delamination
of the nanostructured layers from their matrix. Recently, SMAT
has been successfully applied at BaoSteel Co. (Shanghai, China)
for processing cold-rolling rollers, elevating their service lifetime by a factor of three.
The depth of the nanostructured layers produced by SMAT
is limited by the energy applied onto the materials surface,
which also affects surface roughness and contaminations of
the surface layer from processing media. The
development of new SMAT techniques is in
progress to thicken the nanostructured layers with a better control of surface roughness
and contaminations (e.g., surface mechanical
grinding treatment).69
Sample

Vibration
generator

Figure 4. (a) Surface mechanical attrition treatment subjects a sample to repetitive
impacts from flying balls in a vibrated chamber. (b) Each impact creates both hydrostatic
and shearing stresses. The repeated impacts create a surface layer that has undergone
extreme strain.
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Conclusions
The significance of a processing technique
for producing nanostructured materials can be
evaluated by two criteria: (1) The capability
of producing unique nanostructures for fundamental studies, and (2) the possibility of scaling up for economical industrial applications.
The former criterion requires the production of
nanostructured materials that are porosity- and
contamination-free, while the latter requires
continuous production of nanostructured materials in an industrial facility. The four techniques
presented in this article meet one or both of
the above criteria. High-pressure torsion can

PROCESSING OF NANOSTRUCTURED METALS AND ALLOYS VIA PLASTIC DEFORMATION

produce relatively small samples for scientific study and can
consolidate powders without applying heating. Continuous
equal-channel angular pressing (ECAP) is now on the verge
of commercialization for producing nanostructured materials
for medical and other applications. Accumulative roll bonding
(ARB) has been used to produce long coils of nanostructured/
ultrafine-grained stainless steels. Surface mechanical attrition
treatment (SMAT) is already in use in a large steel company.
Continuous ECAP, ARB, and SMAT are currently being scaled
up for industrial productions.
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Metallic composites processed via
extreme deformation: Toward the
limits of strength in bulk materials
Dierk Raabe, Pyuck-Pa Choi, Yujiao Li, Aleksander Kostka,
Xavier Sauvage, Florence Lecouturier, Kazuhiro Hono,
Reiner Kirchheim, Reinhard Pippan, and David Embury
We review microstructures and properties of metal matrix composites produced by severe plastic
deformation of multiphase alloys. Typical processings are wire drawing, ball milling, roll bonding,
equal-channel angular extrusion, and high-pressure torsion of multiphase materials. Similar
phenomena occur between solids in frictional contact such as in tribology, friction stir welding,
and explosive joining. The resulting compounds are characterized by very high interface and
dislocation density, chemical mixing, and atomic-scale structural transitions at heterointerfaces.
Upon straining, the phases form into nanoscaled filaments. This leads to enormous strengthening
combined with good ductility, as in damascene steels or pearlitic wires, which are among the
strongest nanostructured bulk materials available today (tensile strength above 6 GPa). Similar
materials are Cu-Nb and Cu-Ag composites, which also have good electrical conductivity that
qualifies them for use in high-field magnets. Beyond the engineering opportunities, there are also
exciting fundamental questions.They relate to the nature of the complex dislocation, amorphization,
and mechanical alloying mechanisms upon straining and their relationship to the enormous
strength. Studying these mechanisms is enabled by mature atomic-scale characterization and
simulation methods. A better understanding of the extreme strength in these materials also
provides insight into modern alloy design based on complex solid solution phenomena.

Introduction
Metal matrix composites with high interface density are
produced via severe plastic co-deformation of multiphase
alloys.1–15 Corresponding compounds are first prepared by
liquid or powder metallurgy3–12 or through restacking solids
of different composition.2 Subsequent extreme straining, to
promote intense microstructure refinement, proceeds by wire
drawing, ball milling, accumulative roll bonding, damascene
forging, equal channel angular extrusion, friction, or highpressure torsion.7
Corresponding material systems can be grouped according to a microstructural or chemical classification scheme:
From a microstructural perspective, multiphase systems can
be classified as either particle-like alloys after primary syn-

thesis or as lamellar or filament-type micro- or nanostructured
materials. Often there is a transition between the two, for
example, from a second phase with particulate initial shape
into a deformation-induced lamellar and nanograined filament composite structure, such as in Cu-Nb, Cu-W, Cu-V,
or Cu-Cr.2–20 In other cases, the architecture is not changed
during deformation, as in the case of pearlite,1,21–28 where
basic topological changes such as fiber curling occur only at
very high strains.
From a chemical perspective, these alloy systems can be
classified as immiscible pure-metal–metal-matrix compounds,
intermetallic–metal-matrix compounds, or carbide–metalmatrix composites. In pure metal–metal-matrix composites,
we observe the formation of supersaturated solid solutions14
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with enormous interface-related strengthening
Figure 1. Pearlitic steel is among the strongest available bulk materials, with tensile
combined with good ductility. For instance,
strength currently above 6 GPa. It is used in cable wires for bridges (lower curve) and cord
multiply re-stacked damascene steels or heavwire for tires (upper curve).35
ily strained pearlite, such as that used in steel
cord and piano wires, are among the strongest
obtained by extreme straining (true strains of 3–6, in some
nanostructured bulk materials available today, with more than
cases even up to 10). The aim is to identify microstructure
6 GPa tensile strength (Figures 1–3). Wire-drawn Cu-20 wt%
features that are common to a number of different mateNb alloys reveal up to 1.8 GPa strength combined with good
rial combinations and processing conditions, including not
electrical conductivity.7,9
Beyond the engineering opportunities (such as shown in
only extreme bulk co-deformation but also nanotribology
Figure 1), a number of fundamental questions arise when drivand frictional joining, as they reveal similar degrees of
ing composites toward the limits of strength through extreme
heavy local co-deformation. The main similarity among
deformation. These questions relate to the nature of the complex
these different systems is that extremely strained heterodislocation, amorphization, and mechanical alloying mechaphase interface areas are involved in all cases. In these
nisms that occur upon straining.25–55 Studying these mechanisms
regions, profound similarities can be observed in terms of
has been recently enabled through matured atomic-scale charthe active mechanisms that may finally lead to interfaceacterization (e.g., atom probe tomography and high-resolution
related plasticity, structural transitions (e.g., amorphizatransmission electron microscopy) and simulation methods
tion), atomic-scale mechanical alloying, phase formation,
(e.g., molecular dynamics with improved potentials).
and phase decomposition.
In this article, we give an overview of deformation
Characteristic to all of these processes is that they lead
microstructures and the resulting mechanical properties
to a certain degree of deformation-driven microstructure
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hierarchy. This means that upon increasing co-deformation,
a sequence in the microstructure evolution and also in the
corresponding microstructure-property relations appears.
The sequence of mechanisms generally does not follow
the same strain dependence. However, as a rule, at low
strains (micrometer spacing of interfaces), dislocationbased Orowan loop expansion and Hall-Petch mechanisms
at the interfaces prevail, while at large strains (nanometer
spacing of interfaces), dislocation-assisted atomic-scale
processes through the interfaces determine the evolution
of microstructure and strength. More specifi cally, in the
nanoscopic regime, a number of mechanisms play a role,
including structural decomposition, dislocation source size
limitation, interface dislocation reactions, internal stresses,
mechanically driven alloying across heterophase boundaries,
and phase decomposition.
6000
Ochiai et al. -Steel G
0.96 C-0.21 Si
–0.3 Mn-0.21 Cr
Ochiai et al. -Steel F
0.96 C-0.21 Si
–0.3 Mn-0.21 Cr

Tensile Strength (MPa)

5000

Choi and Park
0.94 C-0.21 Si
–0.85 Mn

4000
Piano Wire

As an example, Figure 4 shows results from atom probe
tomography, where in a two-phase Fe-5 at.% Cu alloy with a
large miscibility gap, the individual phases gradually start to
dissolve under intense deformation obtained via ball milling.51–53
The initial two-phase sample, analyzed after two hours, has
not yet been completely mixed at an atomic scale (Figure 4a).
Besides regions in which Cu atoms are dissolved in the Fe
matrix, some Cu-rich fragments still exist. These fragments
are formed by repeated fracture and cold-welding processes of
powder particles trapped between colliding balls. After 20 h ball
milling, no Cu-rich fragments appear (Figure 4b). The Cu atoms
are nearly homogeneously distributed in the Fe matrix.
Of particular interest in this context is the question why
extremely co-deformed composites still reveal very high
and further increasing strength, although, in most cases, the
interfaces are gradually dissolved and hence lose their separating function between the initial phases. This aspect will
be discussed in the final section. This article is structured
following the microstructure hierarchy, placing attention first
on the extreme co-deformation of metal matrix composites

a

Kanetsuki et al.
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Embury and Fisher
0.93 C-0.2 Si-0.37 Mn
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Kim and Shemenski
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1000
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1
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Wire Thickness (mm)

Figure 2. Tensile strength as a function of wire diameter during
the wire drawing process for eutectoid and hypereutectoid
pearlitic steels. Data are taken from Reference 27.

b
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Figure 3. Variation of proof stress (stress at 0.2% plastic strain)
with exp(ε/4), where ε is the true strain for drawn pearlite and
swaged iron.1
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Figure 4. Atom-probe tomography data for Fe95Cu5 alloy ballmilled in a high-energy planetary ball mill. Fe atoms: green, Cu
atoms: red, and O atoms: blue. Volume of small cube: 2 × 2 ×
2 nm3. (a) After 2 h.48–50 (b) After 20 h.51–53 The data reveal that the
initial two-phase Fe-Cu alloy is rendered completely chemically
mixed after heavy deformation in the ball mill after 20 h.
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and subsequently on similar heterophase interface phenomena
that play a role in the field of tribology and friction-dominated
joining.

Hardening mechanisms of co-deformed
composites: The micrometer scale
Metallic composites exposed to severe co-deformation go
through a sequence of complex microstructure refinement
phenomena. At low and average strains, the coexisting phases
undergo a shape reduction that is related to the externally
imposed strain, although usually not at a one-to-one relation,
as the harder phases deform less than the matrix. Exceptions
apply when the material undergoes necking and shear banding, where the harder phase can also be severely strained. This
mesoscopic refinement reduces the average phase spacing.
The interphase distance and the phase thickness determine the
mean free path of the lattice dislocations at these scales, which
governs the Hall-Petch hardening that is mainly responsible for
the compound strength in this regime.
A simple microstructure-property relationship for the
strength of wire-drawn pearlite can be formulated through
a geometric model, where we assume by similitude that the
strain-induced phase boundary spacing, d, and the external wire
diameter, D, are proportional:
d0
D0
=
,
d (ε ) D (ε )

(1)

where the “0” subscript indicates the initial value and the true
strain e is defined by
ε = 2ln (D0 / D (ε )).

(2)

Thus, if we assume a Hall-Petch scaling law, the stress s is
given by
σ (ε ) = σ 0 +

k
ε
exp   ,
d0
4

(3)

with a material-dependent strengthening coefficient k.
Experimental results confirm the proportionality of proof stress
(stress at 0.2% plastic strain) to the quantity exp(ε/4) for drawn
pearlite and for swaged iron (Figure 3).
Upon further reduction in the interphase spacing, conventional bulk plasticity becomes less relevant for further
increase in strength. This means that dislocation-dislocation
interactions within the constituent phases and the Hall-Petch
effect are gradually replaced by three effects, namely, limitations in activating dislocation sources, dislocation reactions
at the heterointerfaces, and Orowan expansion of dislocations
within the lamellae. Also, it was observed by many researchers9,14,16,23,29,30,36,42 that very high dislocation and vacancy
densities can be stored in this regime, Figure 5. For Cu-Nb
nanocomposites, these mechanisms were studied in detail by
a number of groups.6–17,20,54 The dominating plastic deformation

5 nm
Figure 5. Cu-Ag interface region in a highly wire-strained
Cu-Nb-Ag compound. The Ag phase reveals a dislocation
density of 4.0 × 1016 m−2.71

mechanism in this material is the nucleation of single dislocation loops expanding in closely spaced parallel planes (Orowan
mechanism) between Nb fibers, which behave as whiskers
with an elevated elastic limit. Postmortem studies identified
the dislocations involved in the process and revealed their
role as associated defects at the complex Cu/Nb interfaces.
As deformation proceeds, the number of loops increases, thus
decreasing the distance between the loops on parallel planes.54
When the number of dislocations at the interface is sufficient
to accommodate the misfit between Cu and Nb, the mechanism stops. Pearlitic steels often start to deform plastically
via the Orowan mechanism at low strains, since their starting
microstructure is already very fine, with a typical interlamellar
spacing of about 100 to 200 nm.7,9,17,44,55
Upon further microstructure refinement, dislocation penetration effects start to occur through heterointerfaces (even
among non-coherent phases). Such heterophase slip transfer effects probably occur not only in the form of single-slip
transition effects but also in the form of localization effects
across interfaces by micro- or shear bands.28–32

Heterophase interface mechanics: Slip
transmission and internal stresses
When the microstructure refinement reaches a level where intraphase dislocation multiplication and motion become geometrically impeded, slip transmission across the heterointerfaces
starts to gain momentum. Embury56 and Bieler57 suggested
criteria that promote slip transfer across interfaces. First, the
resolved shear stress of the dislocations at the interface should
be highest on the activated system. Second, the misorientation
between the active slip planes on either side of the interface
should be at a minimum at the boundary. Third, the configuration at the interface should be one of minimum energy. Another
criterion is the ability for co-deformation of the abutting phases.
In this context, the yield stress difference and ductility of both
phases are important. Moreover, size effects could play a role,
such as in the Fe-C system, where coarse pearlite cannot be
MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin
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easily drawn because cementite is brittle, while fine pearlite
can be well co-deformed, such as in steel cord1,21–28 (Figures
1, 2, and 3).
In Cu-based alloys such as Cu-Ag or Cu-bcc (bcc: Nb, W, V,
Mo, Cr, Fe), the criteria outlined previously are often fulfilled
for the co-deformation of the two fcc phases Cu and Ag, as both
materials form similar textures,7,9 promoting a higher degree
of orientation coherency (i.e., the orientations of the highly
stressed slip systems match). Further examples of throughinterphase slip transfer exist for Cu-Zr, a-b brass, and Ni-W.
The bcc materials such as Nb or V often form textures that
reveal Kurdjumov–Sachs coincidence between the leading slip
systems in the bcc material and the corresponding systems in
the fcc Cu.7,9,17
Dislocation slip across heterophase interfaces becomes active
at high flow stresses and nanoscale fiber diameters because
fibers with a micrometer-scale diameter can be deformed by
regular dislocation multiplication and glide mechanisms. Slip
transmission across the interface will create residual interface
dislocations that may rearrange by glide or climb. Wang et al.49,50
published atomistic and elasticity predictions that suggest that
inbound lattice dislocations may preferably enter the interface
rather than penetrating through it.
These simulations and experimental hints imply three
important points regarding the consequences of interphase slip
transfer: First, dislocation slip across an interface does not
only represent an elementary unit of shear that is carried into
the neighboring phase, but it represents an elementary step in
chemical mixing across a heterophase-interface. Second, the
fact that misfit dislocation debris may remain inside the interface initiates a structural rearrangement of the interface structure. Third, such mechanisms can lead to substantial internal
stresses.35,58 In Cu alloys with small Cr filaments, Embury and
Sinclair showed that during the flux of dislocations across the
interface between Cu and Cr, each slip transfer event leaves a
residual misfit amount of shear and, hence, an unbalanced plastic transphase strain rate.47,56,57 This effect leads to the buildup
of an unrelaxed elastic strain and an additional hardening rate
that is proportional to the shear transmission, the volume fraction, and the elastic modulus of the Cr phase. At large plastic
strains, the internal strains developed in the two phases34,58
result in an extended elastic-plastic transition and dimensional
instability (Figure 6).59,60
These three aspects show that large straining of polyphase
metallic alloys with slip transfer among co-deforming phases
profoundly changes the chemistry, the crystallography, and the
internal atomistic structure of heterointerfaces, when the interlamellar spacing becomes so small that intraphase dislocation
motion and multiplication is impeded.

Mechanical alloying at heterophase
interfaces: The atomic scale
One observation that is common to all heavily co-deformed
metallic multiphase alloys (composites, tribology, frictional
joints) is the phenomenon of mechanical alloying.14,22,28,51–53
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a

b

Figure 6. (a) Heavily wire-strained Cu-Cr composite. The
transmission electron microscopy image reveals a flux of
dislocations across the heterophase interface, where each event
leaves a residual unbalanced plastic strain at the interfaces,
which gives a buildup of unrelaxed elastic strain.60 (b) Details
of a Cu/Nb interface by high-resolution electron microscopy
after deformation, showing an array of dislocations, indicated by
arrows, at the interface. This dislocation structure reveals that
the Cu-Nb interfaces in nanofilamentary composite wires can be
semi-coherent.60

This means that multiphase materials with limited mutual
solid-state solubility undergo plasticity-stimulated chemical
mixing to levels far beyond equilibrium solubility. In many
cases, this phenomenon leads to the complete dissolution of
the minority phase into the matrix phase (Figure 4).
Mechanical alloying was observed in pearlite24,25,27 and in
various Cu-alloys after heavy straining (e.g., milling, drawing, rolling, torsion).14,22,28,51–53,61–64 These observations raise
two important issues. The first one is why massive mixing
across heterointerfaces occurs among materials that usually
reveal much smaller equilibrium mutual solubility. The second
one is whether strengthening in such alloys at higher strains
is based on phase boundaries or only on zones of local high
strength (e.g., through layers of strong directional bonding).
The latter question is particularly relevant, as some systems,
such as pearlite wire, reveal the highest tensile stresses at large
wire deformations, where the cementite phase has been nearly
dissolved (i.e., where the original phases and sharp interfaces
no longer exist).22,28,61 Instead, the former interface regions are
rendered into diffuse, chemically graded mechanically alloyed
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zones, where strengthening more likely results from these solute
effects rather than from sharp-interface mechanics (Figure 7).64
For instance, for drawn pearlite, it is usually sufficient to impose
true strains of 3, 4, or 5 to achieve a nanoscaled structure,
cementite decomposition, and high strength. When drawing
further, the strength increases, although the cementite has—to
some extent—already dissolved, so that sharp interfaces can
no longer play a dominant role for the strength.
In the following section, we discuss mechanically induced
mixing in more detail. Various explanations were suggested
to understand forced chemical mixing during co-deformation
of phases consisting of non-soluble elements. The first one
assumes a purely diffusion-driven mechanism.65,66 The second one assumes defect-enhanced diffusion (dislocations,
vacancies).67,68 The third one is mainly built on interface roughening and plasticity-driven mechanical mixing (followed by
subsequent short-range diffusion) via shear transfer (dislocations, shear bands) across heterophase interfaces.67–72 The latter
mechanism is also referred to as dislocation shuffling.71
A purely diffusion-driven approach can be ruled out for
explaining forced chemical mixing among multiphase alloys,
with small mutual solubility owing to the absence of thermodynamic driving forces. Even under consideration of enhanced
vacancy densities, capillary pressure (Gibbs–Thomson effect),
and internal stresses, no negative mixing enthalpy among most
of the Cu- and Fe-based systems studied so far is obtained. The
absence of a sufficient driving force for spontaneous interdiffusion and phase dissolution is also evident from annealing
experiments, which show that wire-drawn and mechanically
alloyed metal-matrix composites undergo immediate de-mixing
and coarsening rather than further diffusion-driven alloying.
The second group of approaches for explaining mechanical
mixing is based on plasticity-assisted short-range diffusion.

This mechanism attributes accelerated diffusion in binary
systems to a deformation-induced increase in the non-equilibrium vacancy density. These additional diffusion carriers
lead to chemical mixing across the interface. Although this
effect is possible, one argument stands against it for explaining spontaneous alloying. All phases in a mechanically mixed
alloy are plastically strained, though not to the same extent (i.e.,
an increased vacancy concentration is present in all phases).
However, the excess vacancy concentration and their mobility
do not have to be the same in all phases, so this could give rise
to asymmetric diffusion gradients.
Hence, we conclude that deformation-stimulated increased
diffusion is possible within the phases and also across the heterophase interfaces, but the net flux in either direction depends
on the asymmetry in the defect densities and mobilities. Also,
although diffusion across the interfaces is likely, it still cannot explain the massive non-symmetric interphase mixing
observed,71 because there are not sufficiently high thermodynamic driving forces.
A related mechanism of mechanical mixing is conceivable,
though, in cases where the density of dislocations is so high that
they attract larger quantities of solute atoms from the neighboring phase, owing to their high solubility. This effect is well
known in the Fe-C system, where tertiary carbides dissolve as
the C has a higher binding energy at the dislocation than within
the carbide. Such an effect might also be responsible for the
phenomenon that in heavily wire-drawn pearlite, strain aging
after deformation leads to an increase in strength and loss in
ductility. This mechanism is, however, not based on pipe diffusion or higher vacancy densities but on the higher solubility
of dislocations for solutes.
In contrast to these mechanisms that are more driven by diffusion and enhanced defect solubility, it is also conceivable that
transphase dislocation-assisted carrier mechanisms assist mechanically induced chemical
mixing. This phenomenon is described by the
a
b
dislocation-shuffle mechanism.71 While elementary single-slip heterophase transmission
effects, as described previously, can explain
local structural changes of the interfaces and
the buildup of internal stresses, corresponding
multislip shear transfer (shear on more than one
slip system) across heterointerfaces can lead
to massive chemical mixing (Figure 8). Dislocation shuffling describes transphase plastic
deformation on more than one slip system. Such
shearing and interface roughening can create
small embedded particles consisting of atoms
Figure 7. (a) Front view (top) and top view (bottom) of 3D atom probe tomography of
from one phase in the other. Such tiny matecold drawn pearlitic steel wire (Fe-0.81C-0.2Si-0.49Mn wt% or Fe-3.66C-0.39Si-0.48Mn
at.%) at a true wire strain ε = 2. The reconstructed volume is 54 × 52 × 122 nm3 containing
rial portions can be further cut by dislocations
6.8 million atoms. Only 20% of the carbon atoms (large green dots) and 0.5% of the iron
running through them, thereby increasing their
atoms (small blue dots) are displayed for clarity. An isoconcentration surface (green)
drawn at 7 at.% C is shown to visualize the cementite lamellae. (b) As (a) for ε = 5.40,
energy through the Gibbs–Thomson effect so
the reconstructed volume is 60 × 60 × 180 nm3 containing 20 millions atoms.64 Although
that they finally dissolve.71
the interfaces between phases are no longer well defined, the strength of this material
In a corresponding experiment with a thin
continues to increase with increasing strain.
multilayered starting microstructure consisting
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ites frequently reveal very high dislocation
densities, Figure 5. The relationship between
Cu
Cu
Cu
Nb or Ag
Nb or Ag
Nb or Ag
mechanical mixing and amorphization seems
misfit dislocations
in the interface
to apply, in particular, to the Cu-matrix in
Nb or Ag
Cu-Nb- or Cu-Zr-based composites and to the
dislocations
Cu dislocations
ferritic phase in pearlite. These matrix phases
Nb or Ag
become amorphous only when mechanically
dislocations
alloyed. Deformation-induced amorphization
of Cu during wire drawing was reported in
one slip system active
one slip system active
one slip system active
Cu-Nb, Cu-Nb-Ag (Figure 8b), and Cu-Zr
(Figure 10).9,15,71,74–77 In all cases, at least one
d
e
f
pair of the constituent elements reveal a negaCu
Cu
Cu
Nb or Ag
Nb or Ag
Nb or Ag
tive enthalpy of mixing. Similar observations
misfit
dislocations
misfit dislocations
misfit dislocations
in the interface
in the interface
in the interface
were reported on pearlitic wire at relatively
Cu dislocations
Cu dislocations
Nb or Ag
low true strains as low as 1, although these
Cu dislocations
dislocations
observations are, in part, under debate.
Nb or Ag
Nb or Ag
dislocations
dislocations
For instance, according to the Gibbs free
energy versus concentration diagram, amorphous Cu-Nb could be stable at 25°C, relative
two slip systems active
two slip systems active
two slip systems active
to the bcc and fcc solid solutions that could be
Figure 8. Schematics of the dislocation-shuffling mechanism explaining dislocation-shear–
formed by forced mixing, for Cu concentrations
71
driven mechanical alloying. (a–c) Time development with one slip system active. (d–f) Two
slip systems active. See corresponding experimental data pertaining to (c) in Figure 9.
between 35 at.% and 80 at.%.71,72 Most of the
published Cu-Nb alloys where amorphization
occurred fall in this regime. Similar results were observed in
Cu-Zr, Figure 10.71
of parallel Cu and V filaments, Sauvage72 observed such an
Another way to explain amorphization in severely deformed
elementary shear event across the Cu/V interface (Figure 9a)
multiphase alloys is to consider the increase in the free ener(note that Figure 9a shows an unpublished analysis from a data
gy due to dislocations.66–71 If the stored deformation energy
set measured for Reference 72.) Similar effects were observed
71
14
increases upon straining, it is conceivable that transformation
in Cu-Nb nanocomposites and pearlite (Figure 9b).
into the amorphous regime is energetically favorable, Figure 5.
This argument, however, is not fully convincing, because disDeformation-driven amorphization
Extreme co-deformation of multiphase alloys or of bulk hetlocations can be absorbed, in part, in the interfaces rather than
erophases in frictional contact reveal, in some cases, deformabeing stored within the phases.50,51,71
Owing to these considerations, we suggest that amorphization-driven amorphization phenomena. Two situations have
tion takes place in co-deformed metallic composites in a twobeen observed. First, some systems undergo amorphization
step mechanism that consists of first, a dislocation-shuffling or
without substantial non-equilibrium chemical mixing among
shear-band-related transphase plastic deformation and chemical
the phases. In the field of multiphase co-deformation, this
mixing process,71,72 and second, a gradual amorphization in
occurs for the Ni-Ti system, which undergoes amorphizaregions where both heavy mixing and high dislocation densities
tion if subjected to severe plastic deformation, but without
exist. The transition seems to be particularly likely in systems
substantial local composition change. This first group of systhat fulfill at least some of the classical glass-forming rules. In
tems obviously can be thermodynamically de-stabilized by a
systems that reveal amorphization without substantial chemisufficiently high defect density without the contribution of
cal mixing, the effect is attributed to the large accumulated
compositional changes.
dislocation densities.
The second group comprises systems where solid-state
amorphization is connected to the preceding formation of
Microstructures and properties during
non-equilibrium solid solutions during deformation. This
frictional contact of heterointerfaces
effect seems to occur particularly in composites with negaSimilar intense deformation conditions and metallurgical
tive enthalpy of mixing. Typically, the pure bulk elements of
effects, as discussed for heavily co-deformed multiphase
the compounds addressed in this overview, such as Fe, Cu,
alloys, also occur at heterointerfaces between bodies that
Ag, and Nb, do not become amorphous when exposed to
are brought in frictional contact such as encountered in tribolheavy straining as single phase bulk materials. This observaogy, friction stir welding, and explosive joining.78–80 In these
tion indicates that a relationship exists between mechanical
cases, the extreme deformation is localized at the interface
alloying, the enthalpy of mixing of the newly formed comregions (i.e., these materials do not undergo bulk deformation).
pounds, and amorphization. This argument is also supported
However, at the interfaces that are in frictional contact, similar
by the fact that the abutting phases in Fe and Cu composa
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a
Wire axis

v

Why do co-deformed composites
have high strength after phase
dissolution?

Takahashi discussed the upper limits of possible
strengthening mechanisms that may theoretically determine the strength of severely strained
composites.22,24 The reasoning behind such estimates is the somewhat counter-intuitive observation that the strength of co-deformed compounds increases further with ongoing straining,
~ 5 nm
even in cases where the original phases were
dissolved via mechanical alloying. This means
that the originally chemically sharp heterointer15 × 15 × 50 × nm3
faces are blurred and even gradually lost. Hence,
in such cases, conventional strengthening based
on a sharp and (mostly) incoherent interface
cannot be responsible for the strength increase
with further straining. Instead, real microstructures of severely deformed multiphase alloys
are characterized by graded rather than sharp
interfaces, and, in extreme cases, can even
reveal entirely dissolved phases. In such cases,
the matrix seems to be mainly hardened by high
non-equilibrium fractions of solute atoms in the
form of a mechanically driven solid solution
0
100% V
and its effect on the Peierls potential and a high
stored-dislocation content.
According to Takahashi, when considering
eutectoid
pearlite, the upper-bound strength that
b
can be achieved by dislocation strengthening
amounts to about 5 GPa. This value is given by
wire axis
the upper limit to the dislocation density that
can be stored in the material. The upper limit of
Hall-Petch and Orowan hardening through grain
wire
refinement is about 2 GPa. The upper strength
axis
limit given by a maximum amount of mechanically driven solid solution is about 0.5 GPa. This
estimate seems to be a bit low, though, as it is
9 × 9 × 38 nm3
based on the assumption of pure solid-solution
Carbon
3
hardening, and the high internal stresses created
8,8 × 8,8 × 8 nm
by an excess amount of interstitials is neglected
Figure 9. (a) 3D atom-probe measurements on a vanadium filament embedded in a
in this balance. Finally, second-phase hardenCu matrix exposed to high-pressure torsion deformation sheared by a large number of
dislocations (5 nm step). Only vanadium atoms are displayed. The observation indicates a
ing gives an upper bound of 4 GPa. Accordpossible dislocation-shuffling mechanism. The lower image shows vanadium concentration
ing to Takahashi, linear summation of these
along two cross sections. The images were reproduced from raw data obtained from
Reference 72. (b) Left: 3D atom probe reconstruction of a small volume of a Cu-Nb wirecontributions would result in an upper bound
deformed at 40 K. Copper atoms are represented in small grey dots, while large black
of the strength of about 11.5 GPa. We do not
14,73
dots correspond to niobium.
The arrows indicate possible transphase dislocation shear
suggest that this approach of describing the
events, such as observed in (a) for Cu-V. Right: Similar case observed on a cementiteferrite interface in a deformed pearlite wire.
upper bound value for pearlite proof strength
is exact, as the second phases gradually dissolve as just stated. Also, the contribution of
phenomena occur as in co-deformed composites, namely
the solid-solution strengthening could be higher owing to the
deformation-driven chemical mixing, amorphization, and very
fact that the cementite becomes strongly dissolved, providhigh accumulated dislocation densities. Hence, the interface
ing a higher C content. Finally, the materials build up large
regions of bulk co-deformed systems and tribological systems
internal stresses during severe deformation, which provides an
reveal phenomena of high similarity.
additional source of strengthening. Irrespective of these points,
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Figure 10. Severely deformed Cu-Zr composite with massive
amorphization.71

the simple estimate reveals that several mechanisms other than
the Hall-Petch effect can contribute to substantial strength in
severely co-deformed composites.

Summary
Multiphase alloys can be rendered into ultrahigh strength bulk
compounds by severe plastic co-deformation, which transforms
the phases into nanoscaled filaments. At moderate and intermediate deformation, the microstructure is characterized by a
high interface density. Strengthening in this regime is mainly
due to Orowan and Hall-Petch effects. At high deformation,
strengthening is determined by interface dislocation reactions,
heterophase dislocation penetration, and high dislocation density. In this strain regime, intense deformation-driven chemical mixing (mechanical alloying) and atomic-scale structural
transitions (e.g., amorphization) occur. For deformation-driven
mixed systems with glass-forming characteristics (negative
enthalpy of mixing), mechanical alloying and amorphization
are considered to be associated phenomena. In mechanically
mixed systems without the typical glass-forming tendency,
structural transitions are attributed to the reduction of the high
stored dislocation densities by amorphization. Among the various mechanisms that can lead to massive mechanical alloying,
we suggest a dominant role for transphase dislocation shuffling
or shear-band mechanisms, in which lattice dislocations penetrate the interfaces between abutting phases acting as carriers
of deformation-driven chemical mixing. Heavily co-deformed
multiphase materials offer an enormous potential for advanced
alloy design. These materials today represent the largest class
of ultrahigh strength nanostructured bulk materials.
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Atomic-scale design of
radiation-tolerant nanocomposites
M.J. Demkowicz, P. Bellon, and B.D. Wirth
Recent work indicates that materials with nanoscale architectures, such as nanolayered
Cu-Nb composites and nanoscale oxide dispersion-strengthened steels, are both thermally
stable and offer improved performance under irradiation. Current understanding of the atomiclevel response of such materials to radiation yields insights into how controlling composition,
morphology, and interface-defect interactions may further enable atomic-scale design
of radiation-tolerant nanostructured composite materials. With greater understanding of
irradiation-assisted degradation mechanisms, this bottom-up design approach may pave the
way for creating the extreme environment—tolerant structural materials needed to meet the
world’s clean energy demand by expanding use of advanced fission and future fusion power.

Introduction
Structural materials used in nuclear reactors must withstand
some of the harshest conditions met in existing technology. All
of the factors limiting their lifetime and performance at high
temperatures and in corrosive media, such as creep and stress
corrosion cracking, are exacerbated by irradiation.1,2 These
materials are also subject to degradation by mechanisms distinctive to radiation environments, such as volumetric swelling
and anisotropic growth.3,4
Decades of traditional alloy development have yielded
incremental enhancements in materials performance under
irradiation.5 Advanced fission and future fusion reactor designs,
however, call for far more dramatic progress, such as materials
able to sustain radiation doses up to 10 times higher than in current reactors while withstanding liquid metal corrosion6 or being
implanted with up to several atomic percent of helium.7
The last several decades have also witnessed major advances
in our understanding of the atomic-scale origins of material behavior under irradiation8,9 thanks to improvements in
experimental techniques such as high-resolution transmission
electron microscopy and atom probe tomography (APT), as
well as computer modeling techniques such as classical potential molecular dynamics (MD) and density functional theory.
This knowledge provides a foundation for the emergence of
first-principles, atomic-scale design of materials for radiation
resistance.

In contrast to purely hit-and-miss materials development,
atomic-scale design aims to achieve superior radiation response
by purposefully manipulating composition and microstructure
to control the behavior of radiation-induced defects. It relies
on modeling to determine the impact of these modifications
on engineering-level material behavior. Atomic-scale design
is being used today to accelerate the improvement of existing materials. In the longer term, however, it seeks to realize
unconventional materials that could not have arisen through a
series of gradual modifications.
Although only fledgling in the area of structural materials,
atomic-scale design has already shown success in other energyrelated fields, such as the search for novel battery electrode
materials.10 (See the article by Gerbrand Ceder in the September
2010 issue of the MRS Bulletin.) This article illustrates how
atomic-scale design for radiation resistance is being pursued
in the tailoring of radiation-resistant interfaces, design of stable
microstructures, and development of nanostructured ferritic
alloys (NFAs). Challenges facing this approach to materials
engineering are also discussed.

Atomic-level origin of radiation damage
The topic of radiation effects in structural materials encompasses a vast literature dating from 194211 and cannot be fully
reviewed in this article. It is well understood, however, that the
root causes of radiation damage are individual and clustered
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vacancies and self-interstitials produced during cascades of
collisions between energetic particles and target atoms.12 The
subsequent diffusion and clustering of these defects, along
with the associated transport of impurities, lead to accelerated
creep,1 volumetric swelling,3 segregation of alloying elements,13
and embrittlement.14 Furthermore, the forced atomic mixing
taking place in the collision cascades themselves can lead to
disordering of chemically ordered phases and to dissolution of
precipitates.15 These processes can severely limit material and
component lifetimes in radiation environments.
In addition to clustering and diffusing, radiation-induced
vacancies and interstitials also may recombine if they come
close enough to each other. Since both defects are annihilated
in the process, recombination may be thought of as a “selfhealing” mechanism. Thus, enhancing vacancy-interstitial
recombination is one of the strategies for improving the radiation resistance of crystalline materials discussed in the examples
that follow.

Tailored interfaces

with individual layer thicknesses from hundreds of nanometers
to as thin as 1 nm. Thanks, in part, to the limited solubility of
Cu and Nb (see following section), these composites are thermally stable up to 800°C.23 Their response to radiation has been
studied between room temperature and 1200°C using He-ion
bombardment at energies between 33 keV and 150 keV and
fluences up to 1.5 × 1017 ions/cm2.24 Some of these experiments
produced in excess of 10 displacements per atom (dpa). (At
1 dpa, every atom in the material has been displaced once, on
average, by a collision with a high-energy particle.25)
The Cu-Nb multilayers remain morphologically stable under
these conditions, with no mixing or amorphization detected.26,27
Their radiation-induced defect concentrations are far below
those of pure fcc Cu and bcc Nb subjected to similar dpa levels,
as shown in Figure 1, and decrease with decreasing thickness
of the individual layers, that is with increasing interface area
per unit volume. Thus, radiation resistance of these materials
can be unambiguously attributed to interfaces. Thanks to the
distinctive microstructure of magnetron-sputtered Cu-Nb multilayers, all the heterophase interfaces found in them are nearly
identical,28 a fact that makes them an ideal model system for
investigating interface–point defect interactions. An atomic
model of a Cu-Nb bilayer containing one interface constructed
according to the experimentally observed crystallography is
shown in Figure 2a.
MD modeling using a specially constructed Cu-Nbembedded-atom–method potential has shown that the number of point defects created in collision cascades near Cu-Nb
interfaces is about 50–70% smaller than in pure Cu or Nb,29
confirming that these interfaces are excellent point-defect sinks.
The remaining defects may subsequently diffuse to interfaces
and become trapped as well. Under steady-state irradiation in
the absence of other defect sinks, equal numbers of vacancies
and interstitials arrive at the interfaces and undergo accelerated
recombination, effectively healing radiation damage.

Interfaces are efficient sinks and recombination sites for
radiation-induced point defects,16 so it may be possible to
improve the radiation resistance of many materials by increasing their interface area per unit volume, for instance, by refining
their grain size using severe plastic deformation. (See the Zhu
et al. and Raabe et al. articles in this issue.) Interfaces with
differing atomic structures, however, may exhibit disparate
sink strengths,17,18 diffusivities,19 mechanical properties,20 and
susceptibilities to embrittlement.21 Moreover, interfaces also
increase the free energy of a material and, in some cases, may be
its weakest microstructural link, limiting its overall lifetime.22
For enhanced performance under irradiation, it is therefore not
sufficient for a material to contain a large number of interfaces;
they must also be of the right kind.
Interface structure and properties are functions of crystallographic misorientation, habit-plane direction,
properties of the adjacent materials such as crystal structure, cohesive energy, elastic constants,
a
b
and many other factors. Atomic-scale design
of interfaces is the judicious selection of these
parameters to obtain interfaces with desired
properties. Since the design space afforded
by these parameters is infinite, a hit-and-miss
approach can never exhaust it. Design of interfaces for radiation resistance therefore requires
an understanding of the connection between
their structure and the mechanisms of their
interaction with point defects. Recent work
on fcc-bcc heterophase interfaces in Cu-Nb
multilayer composites affords an example of
how modeling and experiments can describe
this connection and how it may be applied for
Figure 1. Transmission electron micrographs of (a) fcc Cu and (b) Cu-Nb multilayer
composites implanted with 150 keV He to a dose of 1017 ion/cm2. Radiation-induced defects
atomic-scale design.
created in collision cascades accumulate in pure Cu but are trapped and recombined at
Cu-Nb multilayer composites can be synCu-Nb interfaces, as illustrated in the lower panels.26,27,29
thesized as thin films by magnetron sputtering
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a

b

c

Figure 2. (a) Simulated Cu-Nb bilayer with the same crystallography as observed
experimentally in multilayer composites.28 (b) An unrelaxed vacancy (red atoms) in the Cu
interface plane (c) migrates to the nearest intersection between misfit dislocations (dashed
lines) and causes a local interface reconstruction (red atoms).30,31

Investigation of the atomic structure of Cu-Nb interfaces
reveals the reason for their high efficiency in trapping point
defects. Figure 2b shows a plane view of the interfacial Cu and
Nb. While this interface has no strict periodicity, it nevertheless contains a quasi-periodic pattern of low coordination sites
where a Cu atom and a Nb atom are situated nearly one on top
of the other. This quasi-periodicity arises from the presence of
two sets of parallel interface misfit dislocations.30,31 The low
coordination sites occur at the intersections between misfit
dislocations.
Figure 2b shows a vacancy created in the interfacial Cu
plane by removing an atom. Before relaxation, this defect is
compact, like vacancies found in perfect crystals. Annealing
for 10 ps at 300 K, followed by conjugate gradient energy minimization, however, leads to the interface reconstruction shown
in Figure 2c. In it, the vacancy migrates to the nearest misfit
dislocation intersection and delocalizes over an area of about
2 nm2. Its formation energy drops by about 1.6 eV in the process.
Introduction of interstitials into a Cu-Nb interface leads to the
same kind of interface reconstruction.30,31 If both a vacancy
and an interstitial are formed in the vicinity of the same misfit
dislocation intersection, they undergo spontaneous recombination as they relax.
Misfit-dislocation intersections are therefore both trapping
sites and recombination centers for radiation-induced defects
absorbed at Cu-Nb interfaces. This insight suggests that interfaces could be tailored for radiation resistance, for example
by maximizing the number of misfit-dislocation intersections in them. The areal density of these intersections can be
obtained through analytical investigation of the Frank-Bilby
equation31,32
–
b = (I – F –1) ^
p,

(1)

which specifies the average Burgers vector content per unit
–
length b along a unit vector ^
p in the plane of an interface.
Here, F is the deformation gradient that characterizes the misorientation and misfit between the two crystals that meet at the
interface, and I is the identity tensor. The number of trapping
sites in an interface is therefore primarily a function of interface
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crystallography, which may be controlled by
appropriate synthesis techniques.
Considerations besides interface geometry,
such as misfit dislocation core width or the elastic properties of the materials that meet at the
interface, are likely to enter into this atomicscale design strategy as studies on more interfaces are conducted. Under some conditions,
for example, overlap between dislocation
cores may render the misfit-dislocation model
inapplicable. This design approach also may
be extended to tailoring interface properties
other than point defect sink strength, such as
diffusivity62 or resistance to degradation by
implanted helium.63

Stable microstructures
Nanostructured materials may coarsen, either during thermal
annealing or when subjected to external forcing such as irradiation or severe plastic deformation. Coarsening during thermal
annealing is not surprising since these materials may contain
a significant amount of excess free energy, owing to the large
volume fraction of interfaces. In the presence of irradiation
or other external forcing, however, the microstructural evolution is no longer driven solely by the reduction of excess free
energy, and coarsening may be enhanced or suppressed. Under
appropriate irradiation conditions, nanostructured states, in fact,
can become stable steady states, thus providing for intrinsic
resistance against coarsening.
Several strategies can be envisioned to suppress coarsening of nanostructures under thermal annealing by lowering the
coarsening driving force and the relevant mobility. The driving force is directly controlled by the interfacial free energy,
while the coarsening kinetics is largely controlled either by
the mobility of the interfaces or by the long-range transport of
alloying elements. A first approach is therefore to use alloying
elements that segregate at interface boundaries so as to reduce
the interfacial energy. For instance, in the case of nanograined
materials, this can be achieved by adding Fe to Y (References
33 and 34), P to Ni (Reference 33), or W to Ni (Reference 34).
The resulting nanograined materials are thermodynamically
metastable. Recently, the possibility of obtaining thermodynamically stable systems with vanishing grain boundary energy
also has been discussed.33,35,37
Secondly, for two-phase materials, metastable nanostructures can be obtained by restricting interfaces to be planar, with
zero average curvature. Such planar interfaces can, for instance,
be synthesized by physical vapor deposition, as discussed previously for Cu-Nb nanolayers, or by accumulative roll bonding.64
Unlike some naturally occurring layered microconstituents such
as pearlite, these structures are free from necks connecting
chemically identical layers, thus improving their resistance to
coarsening.
Thirdly, dispersion of long-lived nanoscale precipitates can
be achieved, as in the nanostructured ferritic steels discussed in
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800
Tmax for Self-Organization (°C)

the following section. The very low solubility of the precipitating elements (e.g., Y, Ti, and O) combined with their low
diffusivity in the Fe matrix lead to nanostructures that, even
though not thermodynamically stable or metastable, are apparently remarkably long-lived even at high temperatures.
Under irradiation, the resistance to coarsening of the previously mentioned nanostructures may be reduced, owing to point
defect supersaturation, sustained point defect and chemical fluxes
to interfaces, and to the forced mixing produced by energetic
displacement cascades. An alternative route to the synthesis of
radiation-resistant nanostructures takes advantage of irradiationinduced self-organization reactions at the nanoscale. Examples
of these self-organization reactions triggered by irradiation are
(1) the stabilization of ordered gamma prime precipitates a few
nanometers in diameter in a gamma matrix in Ni-Al alloys;35 (2)
the formation of void and bubble lattices in many metals and
alloys (see Reference 36 for a review); and (3) the patterning of
nanoscale phases in immiscible alloy systems,37–41 for instance
in Cu-Ag, Cu-Fe, Cu-Co, Cu-Nb, Cu-Mo, and Cu-W.
Self-organization reactions are of particular interest, as they
result in a high density of semi-coherent or incoherent interfaces, which may serve as point defect sinks, as discussed in the
previous section. In the case of moderately immiscible elements
such as Cu-Ag, Cu-Co, and Cu-Fe, the self-organization is
rationalized by a dynamic competition between medium-scale
chemical mixing forced by displacement cascades and coarsening driven by thermally activated transport.37 Accordingly, the
temperature range over which nanoscale patterning takes place
can be shifted to a higher temperatures by using slow diffusers.
This has been confirmed experimentally in Cu-based binary
alloys, see Figure 3. The maximum temperature for patterning,
however, remains limited for these alloy systems.
Much higher maximum temperatures for patterning are
experimentally obtained by using highly immiscible alloy systems, such as Cu-Nb, Cu-Mo, and Cu-W, see Figure 4. Precipitate sizes around 3 to 6 nm and Cu grain sizes around 20 to 30 nm
are measured during irradiations up to 75 dpa at temperatures
up to 600°C for Cu-Nb and 800°C for Cu-W (i.e., 85% of the
melting temperature of the Cu matrix). A different rationalization needs to be invoked in these systems, because recoil mixing
is highly reduced or negligible since little or no mixing takes
place during thermal spikes, owing to the immiscibility of these
elements in the liquid state.42 Vo et al.40 have recently proposed
that the observed nanostructuring results from the coagulation
of small solute clusters during thermal spikes. At intermediate
temperatures, thermal coarsening is suppressed due to the low
solubility and low diffusivity of the Nb, Mo, and W solute atoms
in Cu. As a result, the maximum precipitate size should be dictated by the cascade size, a prediction that is in good agreement
with MD simulation results. Work is in progress to assess the
resistance of these nanostructures to creep under irradiation and
to swelling in the presence of He atoms.
The identification of the controlling parameters responsible for spontaneous nanoscale patterning of precipitates
under irradiation makes it possible to guide the design of

Ag
Fe
Co
Nb
Mo

700
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400
300
200
100
10–15

10–14
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10–12

Solute Diffusion Coefficient in Cu at 600°C

10–11
(cm2 s–1)

Figure 3. A comparison of the maximum temperature for
self-organization during irradiation with 1.8 MeV Kr with the
solute diffusion coefficient in Cu at 1173°C. The slower the
solute diffusion, the higher the maximum temperature for selforganization. For Nb and Mo, macroscopic coarsening was not
observed up to the temperatures indicated.39

radiation-resistant materials. The previously mentioned studies revealed, in particular, the role of solute solubility, solute
diffusion, heat of mixing, and mixing and decomposition in
displacement cascades on the stabilization of radiation-resistant
self-organized nanostructures. There is clearly great interest in
extending these studies to the resistance of these nanostructures
to swelling and creep.

Nanostructured ferritic alloys
Nanostructured ferritic alloys (NFAs) hold tremendous promise for future fuel cladding and structural materials applications in advanced nuclear fission and fusion reactor concepts.
A more comprehensive bibliography on NFAs may be found
in the recently published review by Odette et al.43 NFAs are
Fe-Cr–based ferritic, or in some cases, ferritic-martensitic,44
alloys with an ultrahigh density of nanometer-sized Y-Ti-Orich precipitate clusters. NFAs are distinguished from more
traditional oxide dispersion steels by a higher number density
and smaller size of precipitates, which produce much greater
interfacial area available for trapping and recombining point
defects.43,45–48 These alloys have indeed demonstrated outstanding high-temperature properties and remarkable tolerance to
irradiation-induced–displacement damage.43,47–49 Furthermore,
NFAs hold tremendous promise for managing high levels of
insoluble gases, such as are implanted in fusion energy or
spallation neutron irradiation environments.47
While NFAs are in the early stages of development, it is
increasingly clear that the nanometer Y-Ti-O precipitate clusters are responsible for the outstanding thermal and mechanical
properties and good behavior in irradiation environments. As
with the earlier examples of planar interfaces and stable, selforganizing nanostructures, the principles of atomic-scale design
of interfacial characteristics will be important in optimizing NFAs
for nuclear applications. However, detailed understanding of
MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin
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Figure 4. (a) Precipitate size versus temperature during thermal annealing or irradiation at high temperature in Cu-Mo and Cu-W alloys. Blue
solid line is a fit to a thermal spike model. (b) Grain size versus temperature during thermal annealing or irradiation at high temperature in
Cu-Mo and Cu-W alloys.40

the composition and structure of the nanometer-sized Y-Ti-O
orthorhombic phases in extraction replicas, but many of the
precipitate clusters, as well as their precipitation and aging
smaller particles are not easily identified as known oxide
(Ostwald ripening) kinetics, is required before atomic-scale
phases.57 Thus, despite a large number of experimental
characterization studies, a self-consistent understanding of the
design can be fully exploited.
character of the nanometer-sized Y-Ti-O precipitate clusters
Experimental characterization, predominately by APT,
remains lacking, although it is likely that they consist of a range
indicates that the Y-Ti-O precipitates have different composiof compositions, and perhaps also interfacial structures.
tions than stoichiometric oxide phases, which include Y2Ti2O7,
and orthorhombic Y2TiO5, as well as YTiO3
and YTi2O.43,50 Figure 5 shows an example of
an enlarged atom image of a nanometer-sized
a
b
Y-Ti-O precipitate cluster in oxide-dispersion–
10 nm
strengthened steel (Figure 5a), along with the
elemental maps for Cr, Y, Ti, and O that show
Y and Ti association and the high precipitate
number density.48,51 High-resolution transmission electron microscopy (TEM) studies reveal
that larger Y-Ti-O precipitates are semi-coherent,
Y2Ti2O7 pyrochlore structures,52,53 consistent with
a picture that the Y-Ti-O–rich nanoscale precipitates are coherent, sub-oxide transition phases.
APT also indicates that some Y-Ti-O
precipitate clusters have complex core-shell
Y
structures51,54,55 in which the cores contain
Ti
higher Y concentrations, while the shells
O
W
are enriched in Ti and O. Yet, as noted by
Cr
Odette et al.,43,50 the APT observations are not
Fe
fully consistent with other characterization
Cr
Y
Ti
O
techniques, including small-angle neutron scattering, high-resolution TEM, photon spectrosFigure 5. Atom probe tomography reconstructions, as reproduced from References 57 and 61,
which show (a) an atom map of a typical Y-Ti-O precipitate; and (b) Cr, Y, Ti, and O elemental
copy, and positron-annihilation spectroscopy.56
maps from nanostructured ferritic alloy 12YWT showing the correlated spatial positions of Y,
For example, more recent high-resolution TEM
Ti, and O that indicates their clustering. The Cr atoms show the shape of the needle.
studies have indexed both the pyrochlore and
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Electronic-structure calculations by Jiang and co-workers
have investigated the structure and possible precipitation
sequence of very small Y-Ti-O clusters in a magnetic bcc Fe
matrix.58 Their results indicate that an energetically favorable
clustering sequence exists, beginning with the formation of an
O-O pair, which is centered on an Fe lattice site, akin to the
structure of a split interstitial dumbbell. The energy of the small
cluster is further reduced, indicating an energetically bound
configuration, through the addition of nearest neighbor Y atoms,
followed by nearest neighbor substitutional O and Ti.58
Alinger et al. used lattice Monte Carlo (LMC) simulations
to explore the composition of nanometer-sized Y-Ti-O phases.59
These LMC simulations used a number of simplifying assumptions, including simple pair-bond energies and a simple treatment of lattice strain energy, that remain to be fully assessed.
However, the LMC model mapped energetically favorable
structures for the Y-Ti-O precipitates, indicative of a strong
chemical potential driving force, that are reasonably consistent
with the experimental observations. Figure 6 summarizes the
LMC simulation results as a function of effective lattice strain
at 0°C (Figure 6a) and as a function of matrix O concentration
at 400°C for a fixed lattice strain (Figure 6b).59 The simulated
nanoclusters are roughly spherical (faceted polyhedral), with
segregated regions of Y and Ti, a slight enrichment of Ti at the

a

Oxygen

Titanium

Yttrium

interface, and a Ti to Y ratio of about 2:1, reasonably consistent
with the APT characterization. Additional effort is focused on
refining the Fe-Y-Ti-O interaction potentials and to evaluate
the effect of lattice strain energy directly.
It is tempting to conclude that the segregation of Ti to the
Y-O-Fe interface, as well as core-shell structures, may be partially responsible for the good thermal stability and strength
of NFAs. Another possibility, raised by Fu et al., is that strong
binding between oxygen and vacancies in the Y-Ti-O nanoclusters is critical to providing the structure and thermal stability of
the precipitates. They found that oxygen prefers the octahedral
interstitial position in the bcc Fe matrix as expected, but that
the oxygen strongly binds with neighboring vacancies or Ti
atoms.60 Recent positron-annihilation results, which are very
sensitive to vacancies, have reported long-lifetime components
in the range of 270–300 ps in NFAs56,61 but cannot yet be considered conclusive proof of the role of vacancies in the Y-Ti-O
precipitates.
In summary, NFAs produced with a high density of the
Y-Ti-O nanoscale precipitate clusters have outstanding mechanical properties, remarkable thermal stability, and quite good
radiation tolerance. While, the character of the Y-Ti-O nanoscale precipitate clusters remains to be fully resolved, there
are indications that the use of atomic-scale design can provide
insight into the optimal precipitate characteristics involving the segregation of vacancies, Ti,
or other alloying elements to reduce interfacial
energies and precipitate coarsening kinetics to
optimize the radiation resistance of this emerging class of advanced alloys.

Challenges and research directions
1.0a
Y – 78.0%
Ti – 22.0%
O – 0.0%
rppt = 0.83 nm
M/N = 2.17

1.1a
TiO and Y
clusters

1.2a
Y – 15.3%
Ti – 31.2%
O – 53.5%
rppt = 1.09 nm
M/N = 2.17

1.3a
Y – 17.0%
Ti – 30.0%
O – 53.0%
rppt = 1.09 nm
M/N = 0.76

1.4a
Y – 19.2%
Ti – 22.6%
O – 58.2%
rppt = 1.03 nm
M/N = 0.79

b

0.25 O
Y – 26.1%
Ti – 29.1%
O – 44.8%
rppt = 0.70 nm
M/N = 0.64

0.50 O
Y – 14.6%
Ti – 30.9%
O – 54.5%
rppt = 0.81 nm
M/N = 0.79

0.75 O
Y – 10.2%
Ti – 31.2%
O – 58.8%
rppt = 0.89 nm
M/N = 0.93

1.50 O
Y – 7.4%
Ti – 27.8%
O – 64.8%
rppt = 0.94 nm
M/N = 1.55

Figure 6. Lattice Monte Carlo simulation results showing the predicted nanocluster (NC)
structure, size (precipitate radius, rppt), composition, and calculated magnetic/nuclear
(M/N) scattering ratio (a) as a function of NC lattice parameter relative to a reference
value a (e.g., 1.0a, 1.1a) in an Fe-0.47at.%Ti-0.12at.%Y-0.19at.%O alloy at 0°C and (b) as
a function of alloy oxygen content in an Fe-0.47at.%Ti-0.12at.%Y alloy at 400°C and a NC
lattice parameter of 1.3a.59 Note the different size scale for the simulation with a NC lattice
parameter of 1.1a, where Y-Ti-O nanoclusters did not form, but rather individual TiO and Y
clusters continually formed and dissolved.

The three illustrative examples discussed in this
article indicate several challenges to the further
development of atomic-scale design of materials
for radiation resistance. As was shown in the case
of tailoring interface structure, for atomic-scale
design to be successful, quantitative structureproperty or structure-mechanism relationships
for interfaces must be developed and verified.
Considerable insight into these relationships
has already been gained from previous work,
but much of it—being qualitative in nature—is
insufficient for atomic-scale design. For example,
further work is required to fully understand the
structure and mobility of interfaces at elevated
temperatures or with segregated impurities and
how this structure affects interface interactions
with extrinsic point and line defects.
Gaining a quantitative understanding of
structure-mechanism interactions in interfaces
will require modeling methods with improved
accuracy able to access large time and length
scales. Such a capability will be especially useful
in untangling the physics of complex collective
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phenomena, such as thermally activated post-cascade demixing
at irradiated heterophase interfaces. Correspondingly, verification of insights gained from modeling requires experimental
techniques with greater spatial and temporal resolution.
Finally, applying atomic-scale design to create real, physical
materials calls for improvements in the control of synthesis at all
length scales, from the atomic composition of oxide precipitates
in oxide dispersion strengthened steels, to the crystallography
of individual interfaces, and the microstructure of multiphase
composites. One approach to achieving such synthesis is to
take advantage of the nanoscale compositional patterning that
irradiation may trigger in alloy systems composed of immiscible elements, as discussed in this article. While the control
parameters responsible for these self-organization reactions
have been identified for simple binary alloys, tailoring the properties of interfaces in these structures is likely to require the use
of ternary and other multicomponent alloys. These challenges
will make atomic-scale design for radiation resistance a field
of intense research in the years to come.
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Metal deformation and phase transitions
at extremely high strain rates
R.E. Rudd, T.C. Germann, B.A. Remington, and J.S. Wark
The powerful lasers being constructed for inertially confined fusion generate enormous
pressures extremely rapidly. These extraordinary machines both motivate the need and
provide the means to study materials under extreme pressures and loading rates. In this
frontier of materials science, an experiment may last for just 10s of nanoseconds. Processes
familiar at ambient conditions, such as phase transformations and plastic flow, operate far
from equilibrium and show significant kinetic effects. Here we describe recent developments
in the science of metal deformation and phase transitions at extreme pressures and strain
rates. Ramp loading techniques enable the study of solids at high pressures (100s of GPa)
at moderate temperatures. Advanced diagnostics, such as in situ x-ray scattering, allow timeresolved material characterization in the short-lived high-pressure state, including crystal
structure (phase), elastic compression, the size of microstructural features, and defect
densities. Computer simulation, especially molecular dynamics, provides insight into the
mechanisms of deformation and phase change.

Introduction
Materials driven at extremely high strain rates constitute an
important frontier of materials science. In applications such
as laser-driven inertially confined fusion, materials can be
driven so fast that many conventional materials concepts must
be reconsidered. The high-powered lasers used in this work
can compress materials to densities many times their ambient
density over a period on the order of 10 nanoseconds. Since the
drive is typically uniaxial, at least locally, the high compression
rate is accompanied by a high shear strain rate, and the rates
affect material behavior both in the kinetics of phase transitions
and the mechanisms of plastic deformation. The processes of
damage and fracture in the associated rarefaction waves are
also affected. In the past, these extraordinary strain rates were
associated with shock waves—compressive waves with a front
that steepens due to nonlinear material response that causes
the wave velocity to increase with pressure. More recently, the
high strain rates can be attained in strong ramp compression,
in which nonsteady-state waves are tailored to have a rapid
rise but not as abrupt as a shock wave at the same pressure.
This distinction is important for materials dynamics because
shock waves generate a great deal of heat. Shock waves with
pressures greater than a few hundred GPa typically melt solids,
so the ensuing dynamics are the purview of fluid dynamics.
The heat production is a consequence of conservation of mass,

momentum, and energy at the shock front. This heat production
follows the Rankine-Hugoniot equations, and it has been known
for some time that a pressure reached through two smaller shock
waves results in less heat production than if the same pressure
were reached in a single shock. Ramp compression can be
viewed as the limit in which the pressure increase is broken up
into many small shocks and has been called quasi-isentropic. It
is not actually isentropic, since plastic work and other sources
of dissipation generate heat. Ramp compression opens up new
applications; it also facilitates the study of solid materials at
extremely high strain rates and high pressures.
From a materials viewpoint, high rates affect the mechanisms
of deformation. Some mechanisms are too slow to respond
on the time scale of an experiment. Slow processes such as
creep are irrelevant to high-rate deformation. Processes such
as dislocation motion are sufficiently fast and are understood
to play an important role in metal deformation at moderate to
high rates. As the rate increases, the dislocations must flow
faster, so according to the dislocation-mobility law, the shear
stress must be higher. At low stresses, dislocations move from
one lattice site to the next through a thermally activated hopping over the lattice hurdle known as the Peierls barrier. If the
material is to respond at high rates, however, the shear stress
must be high enough that dislocations can glide across the
Peierls barrier rapidly without waiting for a thermal fluctuation.
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At that point, the dislocation motion is limited by dissipative
processes involving phonon emission and scattering: phonon
drag. The mechanism may change from dislocation flow to
twinning in order to allow the material to deform and relieve
the high shear stress on the rapid time scale of the experiment.
The material also may undergo a phase transformation under
dynamic loading, and the deformation rates affect the resulting
microstructure in interesting ways.

The extreme environments of fusion-class lasers
Laser-driven inertially confined fusion (ICF) is a promising
path to nuclear fusion energy,1 a relatively green energy source
with an abundant fuel supply. The energy stored in the deuterium in sea water is sufficient to power the Earth at the current
rate for billions of years.2 Nuclear fusion is the process that
powers the sun. Terrestrial nuclear fusion requires producing
stellar conditions—high compression and high temperature—in
a confined region. The idea of inertially confined fusion is to
compress the fuel into this state dynamically, using shock waves3
or shock waves plus another energy source in fast ignition.4
Lasers can provide the power to compress and heat the fuel.
The National Ignition Facility plans to achieve ignition with
1–2 MJ of laser energy in 192 laser beams directed into a small
hollow metal cylinder known as a hohlraum.5 Inside, the UV
laser light heats the inner surface of the hohlraum generating x-rays. These x-rays uniformly bathe the outer surface
of a fuel capsule held in the cavity of the hohlraum, rapidly
heating it to over a million degrees. This surface layer rapidly
expands radially outward, (ablates) in something like a rocket
exhaust, in reaction to which the capsule is driven radially
inward (implodes). This all takes place in ~10 nanoseconds,
compressing the deuterium-tritium (DT) fuel to a density of
~1000 g/cm3. Successful compression of the fuel to these conditions would produce the high density and high temperature
needed for the hydrogen isotopes to fuse, releasing a burst of
nuclear energy, as illustrated in Figure 1.

Materials science at extremely high rates and
pressures
In this article, we focus on material behavior under the
conditions associated with fusion-class lasers: the effect of
high rate on plasticity, failure, and phase transitions. In the
context of ICF, the material in the pusher (the outer shell of the
capsule) is driven at very high rates during the laser-induced
compression. As it implodes, it is subject to hydrodynamic
instabilities that can degrade ICF performance or prevent
ignition entirely. The best known of these instabilities is the
Rayleigh-Taylor (RT) instability, in which ripples grow at an
interface between a dense fluid accelerated by a lighter (less
dense) fluid. A layer of water initially suspended above air has
the same instability, since the lighter air effectively accelerates
the water against the action of gravity to hold it in place. Perturbations on the interface grow until the air bubbles up through
the water and spikes of water fall down through the air. The
RT instability is not only important in laser ICF applications,
but also in explosive metal forming,6 in planetary interiors in
naturally occurring geophysical flows,7 and in other dynamic
experiments, including heavy-ion experiments8 and pulsed
power experiments.9,10
In ICF, the RT instability can occur at two locations on
the capsule, as shown in Figure 2.11 First, the outer surface is
unstable at the ablation front where a low-density plasma from
the x-ray-induced ablation pushes on the dense shell. Perturbations from the capsule surface roughness seed the instability at
the ablation front, leading to the growth of bubbles and spikes.
These perturbations may be transmitted through to the inner
surface (feed through), which becomes RT unstable later in the
implosion when the fuel is compressed enough to decelerate the
pusher (stagnation). The denser pusher material (plastic, beryllium) is decelerated by the less dense, hot DT fuel, and again
bubbles and spikes can grow, this time on the inner surface.
Spikes of cold, inert pusher material may disrupt the hot spot
and the initiation of nuclear burn (ignition).

Fusion Process
Laser
beams

Laser beams
rapidly heat
the inside
surface
of the
hohlraum

X-rays from
the hohlraum
create a
rocket-like
blowoff of
capsule surface,
compressing
the inter-fuel
portion
of the capsule

Indirect-drive
illumination

X
rays

X
rays

During the
final part of
the implosion,
the fuel core
reaches
20 times
the density
of lead and
ignites at
100,000,000°C

Fuel capsule
compression

Thermonuclear
burn spreads
rapidly through
the compressed
fuel, yielding
many times the
input energy

Fusion
ignition

Fusion
burn

Figure 1. Steps in the process of indirect-drive, laser-driven inertial confinement fusion. In the first panel, laser beams (blue) enter the cylindrical
hohlraum (gold) containing the spherical capsule at its center. The capsule is compressed and heated as described in the text, causing the fuel to
undergo fusion and release energy. Reprinted with permission from Reference 77. ©2010, The Minerals, Metals & Materials Society.
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into a shock, the sample temperature does not
rise above ~1/3 of the melt temperature, allowStagnation
Initial
ing solid-state materials dynamics to be studied
t = 0 nsec
Roughness
at ultrahigh strain rates and pressures.12–16 The
strain rates are very high, on the order of 107 s−1,
corresponding to a characteristic strain of ~10%
over a characteristic time scale of ~10 ns.
One approach to study material deformation
dynamics at ultrahigh strain rates is to imprint
DT Fuel
the metal foil to be studied with a pre-imposed
ripple. The ramped plasma drive accelerates
this rippled foil, and the interface (between the
t = 0.4 ns
stagnating plasma drive and the rippled foil)
Shell
100 mm
is subject to the RT instability, as described
previously. A recent result uses the plasma drive
Figure 2. Schematic illustration of processes involving the Rayleigh-Taylor (RT) instability
to load and accelerate a 35 mm-thick vanadium
during inertially confined fusion capsule compression. The shell, or pusher, surrounds the
(V) foil at accelerations of ~5 × 1013 cm/s2
deuterium-tritium (DT) fuel. (a) The initial surface roughness of one sector of the spherical
capsule is depicted. The surface perturbations seed RT growth at the ablation front, which
(0.5 mm/ns2) (i.e., ~50 billion gs).14 The RT
feeds through to perturb the inner surface of the capsule. (b) The development of RT
instability creates shear stresses that make the
bubbles and spikes as the capsule shell stagnates against the fuel.76
ripple amplitude larger, whereas material shear
strength resists this plastic flow of material. In
The RT growth can be controlled in several ways, such as
the absence of material strength, the ripple amplitude would
improving the initial smoothness of the capsule shell.3 This is
increase very rapidly, whereas the higher the material strength,
a materials-processing challenge. Another approach is to alter
the more it resists this plastic flow (see Figure 3b).
the dynamics, either by thickening the shell, which undesirThe RT-based experiment is distinguished from other recent
ably reduces the ultimate compression,3 or by increasing the
approaches to measuring strength under dynamic conditions18–21
in that the strength is not inferred from a surface velocity meastrength of the pusher material.11 The RT growth necessarily
involves shearing of the material, and strength of the solid matesurement, but instead from a measurement of the ripple growth.
The growing ripple amplitude is measured with in-flight x-ray
rial reduces the rate at which the material can shear. In order to
predict how RT growth is altered, it is necessary to understand
radiography by focusing a different subset of lasers onto a
“backlighter” foil to generate a burst of ~5 keV He-a diagnostic
material strength at extremely high strain rates and pressures.
x-rays. The contrast in the intensity of transmitted backlighter
In the following sections of this article, we first consider
recent developments in laser-driven material experiments
x-rays determines the ripple amplitude. We quantify this as a
“growth factor,” that is, the ratio of final amplitude to initial
that allow materials to be deformed in a controlled manner at
extremely high strain rates using ramp compression to keep
amplitude. For a series of experiments in V at maximum pressures of ~100 GPa, the growth factor has been measured as a
the materials solid. The entire experiment lasts but a few 10s
function of time (Figure 3c). This is compared with 2D simulaof nanoseconds, so it poses numerous challenges to the experimenters, as described in the next section on materials measuretions that include materials-strength models. The data are very
sensitive to the strength model, so that data allow strength
ments. Then we turn to how computer simulations, especially at
the atomic scale, are used to provide further insight into highmodels to be tested and, if needed, “calibrated.” Examples of
different strength models are shown in Figure 3c, including a
rate material-deformation processes. We end with a discussion
state-of-the-art multiscale model (discussed later in article).
of phase transformation at high rates.
a

b

Laser experiments on materials

Determining the microscopic material behavior

A laser-based, experimental platform has been developed to study
solid materials’ dynamics at ultrahigh strain rates and pressures,
relevant to the regimes found in ICF but in planar geometry. An
intense laser pulse is focused onto a ~200 mm-thick plastic foil,
launching a several-hundred-GPa shock wave. When this shock
breaks out the back side of the foil, it unloads across a ~300 mm
vacuum gap as a plasma flow. When this plasma stagnates on the
far side of the gap, it launches a ramp wave through the sample
(Figure 3a). This ramped “plasma drive” allows the sample to be
loaded quasi-isentropically, to pressures of many hundreds of GPa,
and accelerated. Provided that the ramp wave does not steepen

The determination of microscopic behavior is essential; a fundamental understanding of the way in which materials respond
to deformation at ultrahigh strain rates necessitates knowledge
of what is occurring at the lattice level. This requirement has
led to the development of x-ray diffraction on nanosecond and
subnanosecond timescales. Separate but synchronized beams
from the same pulsed lasers that are used to launch compression waves into materials can, when focused to even higher
intensities, produce extremely hot (106–107 K) plasmas, which
are copious sources of diagnostic x-rays intense enough for the
recording of single-shot diffraction patterns. Three different
MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin
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Figure 3. (a) Schematic illustration of a laser-driven ramp wave
experiment, showing the ramped density profiles generated as
the drive laser shocks the plastic reservoir and diagnostic x-rays
generated as a delayed laser beam drives a backlighter for
the radiography. (b) Plot of the vanadium surface ripple growth
during a Rayleigh-Taylor experiment as predicted in a simulation
with shear strength given by the Preston-Tonks-Wallace (PTW)
model in the four panels on the left. The right-most panel shows
much greater ripple growth at 75 ns in an identical simulation
except for zero strength. Reprinted with permission from
Reference 14. ©2010, American Physical Society. (c) Ripple
growth with time from the experiment and from simulations of
continuum strength models. The growth factor is the ratio of the
ripple amplitude to its initial value; higher values indicate lower
strength. The Steinberg-Guinan (SG) and PTW models were fit
to earlier dynamic experiments at lower rates; while the viscosity
model14 was fit to some of the current data. In contrast, the
multiscale model17 is derived from first principles without input
from experiments and so provides the best prediction of the
strength. Reprinted with permission from Reference 17. ©2010,
American Institute of Physics.

diffraction geometries have been developed, each with a particular application: diverging-beam, white light Laue, and powder
(Debye-Scherrer). The best atomic number, Z, for the x-ray
source depends on the diffraction technique used.
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Diverging-beam—the most developed of the geometries—
employs quasi-monochromatic x-radiation emitted by a plasma
of a mid-to-low–Z element. The dominant radiation comes
from the resonance lines of helium-like ions, close in energy
to the more-familiar K-shell radiation used in a conventional
x-ray tube.22–24 Radiation from the small (~100 mm) x-ray source
diverges onto the shocked crystal, diffracts when the Bragg
condition is met, and is recorded on a large-area detector. The
arcs on film correspond to diffraction from planes with differing Miller indices, and compression (or tension) in the crystal
can be directly determined from the shift in the arc, as shown
in Figure 4.
Apart from small shifts due to certain types of defects,25
the shift in the Bragg angle from a particular plane is related
to the elastic strain within the crystal. Since most compression
experiments operate in a geometry in which the target is subject
to uniaxial strain (i.e., the total strain, elastic plus plastic, is
zero perpendicular to the shock propagation direction), x-ray
diffraction allows a direct determination of both the elastic and
plastic components of strain within the sample. The divergingbeam technique has been used to show that single crystals of
silicon can sustain very high elastic strains on these nanosecond
timescales,26 as well as demonstrating that single crystals of
copper, shocked to 100 GPa pressures at high strain rates (close
to 1010 s−1), deform plastically but still support shear stresses in
the GPa regime.27 Furthermore, for single crystals that maintain integrity during a phase transition, the new phase can be
determined. For example, nanosecond diffraction has been
used to directly monitor the alpha-epsilon transition in shocked
single-crystal (001) iron, with the mechanism for rapid transition showing remarkable agreement with molecular dynamics
simulations.28
The second geometry that has been developed for nanosecond diffraction is white light Laue, where a “cocktail” of
medium- to high-Z elements acts as the x-ray source. Emission from the L-shells of the various ions produces broad-band
radiation over a wide energy range (~3 to 10 keV). Collimated
x-rays from the source are incident on the shocked crystal,
which is placed several cm away. In principle, the technique is
well-suited to diagnose phase transitions and changes in shape
of the unit cell due to deviation from hydrostatic compression. It has also been suggested that it may provide information
on the nature and density of defects present during the shock
compression.29
The diverging-beam and Laue geometries are ideal for
studying the response of single crystals. The study of polycrystalline matter can be performed in Debye-Scherrer geometry, which employs quasi-monochromatic radiation (as in the
diverging-beam geometry), but the light again is collimated
before incidence upon the shocked target (as in Laue geometry). This technique promises to yield significantly new insight
into the response of shocked matter at the lattice level, as it
can provide information on how individual grains respond as
a function of their orientation relative to the shock propagation direction.30
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Concurrent multiscale techniques extend
MD to larger system volumes.34–37 Hierarchical multiscale models start with quantum
mechanical calculations and pass information
up through a hierarchy of scales to create a
continuum-level model of constitutive behavior (e.g., strength).38,39
The dynamics of shock waves can be modeled at the atomic level with MD.40,41 Holian
and co-workers were the first to conduct sufficiently large MD simulations to study the
plasticity behind the shock front in solids.42–46
A “piston” such as a momentum mirror drives
one surface of the crystal at a steady velocity, up, launching a shock wave at a velocity
Backlighter
us > up.43,47–50 The relationship between us and
Beam
up is an important material property called the
Hugoniot, the locus of thermodynamic states
for shock waves. Using the calculated potenPoint X-ray
tial energy difference to locate dislocations,
Crystal
Source
very high dislocation densities were observed
to nucleate from the pristine crystal lattice
Diffracted X-ray
due to the high shear stress of the shocked
in “Cone” Pattern
material43,45,46,48,51 (Figure 5a).
The transition from 1D to 3D compression
Point X-ray Source
due to plasticity in a shock wave26 has been analyzed further with MD using simulated x-ray
Plane Normal
diffraction and dislocation analysis, including
(Reciprocal Lattice Vector)
dislocation density (>1014/cm2) and average
dislocation velocities.52 In addition to single
crystals, the behavior of nanocrystalline materiθ
als has been simulated with MD for shock and
θ
Crystal Surface
θ
θ
ramp waves for fcc53 and bcc54 systems. Mechanisms of plasticity involving dislocations and
twins nucleated at the grain boundaries have
Atoms
been identified.
Continuum-level multiphysics computer
simulations play an important role in modelFigure 4. Diverging-beam geometry for nanosecond x-ray diffraction. One of the highing laser-driven dynamics experiments (see,
power laser beams is shined on a “backlighter” foil to create a small (~100 µm) hot
for example, Reference 55). Recently, Becker
plasma that emits quasi-monochromatic diagnostic x-rays. These then diverge onto the
compressed crystal and diffract when the Bragg condition is met, forming arcs on a largeand co-workers developed a hierarchical mularea detector, as shown at the top. As shown, the Bragg condition is met at the angle θ
tiscale model of rate-dependent strength. The
with respect to a lattice plane (in blue), and the resulting cone of diffracted light (shown in
quantum-based model, without any adjustable
orange) makes the arc on the detector. Shifts in the positions of the arcs allow the lattice
spacings to be measured, with components both parallel and perpendicular to the uniaxial
parameters, achieved good agreement with the
strain direction. (See also the article by Browning et al. in this issue of the MRS Bulletin.)
experimental vanadium RT growth rate, indicating plasticity dominated by high-velocity
dislocations in the phonon-drag regime.14
Dynamic fracture also has been simulated using largeComputer modeling of materials dynamics
scale MD simulations. Such processes can occur in fusionComputer simulation provides additional insight into the
class lasers just by stray light hitting support structures,
nature of high-rate plastic flow, especially at the microscopic
launching a compressive wave that creates tension and
level. Molecular dynamics (MD) simulates the motion of
fracture (spallation) when it bounces off a free surface.56
many atoms within a representative region of a material31 up
32,33
MD simulations have given detailed information about the
to a cubic micron of material for up to a few nanoseconds.
nucleation, 57,58 growth, 59–61 and coalescence 62–64 of voids
It has been used to simulate mechanisms of plasticity at the
associated with dynamic ductile fracture. Rudd and Belak59
atomic scale as well as to simulate plastic waves directly.
MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin
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a

b

2 nm
Figure 5. Snapshots of molecular dynamics simulations of dislocations associated with plastic flow. (a) Dislocations after the passage of
a 35 GPa shock wave in copper (top) and during the passage of a 35 GPa ramp wave with a 50 ps rise time. (Reprinted with permission
from Reference 52. ©2006, Nature Publishing Group.) The waves are propagating left to right. The annotations for the ramp wave indicate
multiplication of dislocations from pre-existing sources when the stress is low, followed by homogeneous nucleation of dislocations
once the nucleation stress threshold is passed. A mixed region is in between. These simulations clarified the mechanism of the 1D–3D
plastic relaxation on the time scale of a few 10s of ps. (b) Prismatic dislocation loops (parallelograms) emitted from a void growing under
hydrostatic tension at a high strain rate in copper at a tensile strain of 1.6%,58 colored according to the distance from the center of the
void (the void surface is dark blue). (Reprinted with permission from Reference 61. ©2009, Taylor and Francis.) This simulation clarified
the nature of plastic flow around a void that accommodates the large strains in the material surrounding a void as it grows during high
rate ductile failure.

observed the emission of prismatic loops during void growth
in MD simulations (Figure 5b), and related theories have
been proposed.65,66 Very large-scale direct numerical simulation of spallation also has yielded insight into the collective
mechanisms of plasticity at the atomic scale.67–70

Phase transformations
The pressure-induced polymorphic transformation of iron was
first detected in shock-loading experiments at Los Alamos more
than 50 years ago, inferred from the split multiple-wave structure
that developed.78,79 A few years later, static high-pressure x-ray
diffraction measurements confirmed the transition from a bodycentered cubic (bcc) ground state to a hexagonal close-packed
(hcp) structure at 13 GPa, a landmark triumph for the nascent
shock-physics community.80 However, it was only within the
past decade that a concerted effort involving the large-scale
MD simulations and ultrafast in situ x-ray diffraction techniques
described earlier was able to conclusively demonstrate that the
same bcc-hcp structural transformation seen under static conditions can occur on sub-nanosecond timescales, much faster than
previously inferred.28
Multimillion-atom MD simulations of defect-free iron
single crystals subjected to shock compression in the [001]bcc
crystallographic direction demonstrated the formation of
a split-wave structure above the transition pressure, with
the leading wave corresponding to an elastically compressed bcc lattice and the trailing wave corresponding to
the direct transformation into the hcp product phase via a
simple shuffle mechanism.71 As the shuffle can proceed in
either of two equivalent directions, the product phase is
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nucleated in both variants, separated by twin boundaries
that evolve via a grain-growth mechanism on timescales up
to and beyond the 10s of picoseconds accessible by direct
MD. Laser-driven shock experiments on single-crystal Fe
foils 10–100 mm thick, loaded in the same direction, demonstrated a remarkable degree of agreement with simulations, including the elastic compression of the bcc lattice
up to ~6% followed by a direct shuffle transformation to a
twinned hcp product phase.28 Simulated x-ray diffraction patterns, computed directly from the atomic positions of the MD
simulations, provide an even more quantitative comparison
between simulation and experiment, including the amount
of compression and rotation in each phase72 and even the
product grain size.73
For shock loading in either the [011] or [111] direction,
multiple pathways into both hcp and fcc product phases compete, involving larger shear distortions than the more direct
[001] mechanism. As a result, MD simulations indicate a
much smaller grain size and a larger amount of fcc product.
The amount depends strongly on shock pressure and timescale, because it involves a competition between a kinetically
favored fcc product and an energetically favored hcp one.74
Of course, the response of a bulk polycrystalline sample is
determined both by the combined responses of the constituent
grains and by the plasticity and/or product phase nucleation
and wave scattering at grain boundaries. These effects are seen
in Figure 6, which vividly illustrates the variety of responses
of individual grains, as well as the shock broadening that
is beginning to occur as a result of wave scattering and the
dispersion of shock velocities.75
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References

Figure 6. Molecular dynamics simulation of an iron polycrystal
with 32.7 nm average grain size and 50 K initial temperature
subjected to 39 GPa shock loading (~19% volumetric
compression). Atoms are colored by their local structure, with
grey, red, and green denoting bcc, hcp, and fcc structures,
respectively. The shock wave, traveling from left to right, has
nearly reached the end of the 110 nm sample length (~30 million
atoms) 14.6 ps after impact. Reprinted with permission from
Reference 75. ©2007, American Physical Society.

Conclusion
The next decade promises to be an exciting period in the development of our understanding of metal deformation and phase
transitions at extremely high strain rates. Controlled materials
experiments under these extreme conditions are possible due to
the development of new platforms and techniques, such as the
plasma drives on fusion-class lasers reviewed here. Ramped
compression, as opposed to shock compression, keeps the materials solid even at ultrahigh pressure. Material properties can
be determined even in experiments that only last a few 10s
of nanoseconds. We have discussed several examples of keV
diagnostic techniques based on bright x-ray backlighters. X-ray
radiography is used to determine the Rayleigh-Taylor growth
rate of ripples to infer the material shear strength. X-ray diffraction is used to determine phase change and the kinetics of
plasticity. The nature of dynamic experiments makes computer
modeling important. Molecular dynamics provides a view into
the mechanisms of plasticity, failure, and phase change at the
atomic scale. Multiscale models are beginning to be able to
predict complex macroscopic properties such as plastic flow
from first principles. In the coming decade, the laser drives,
diagnostic capabilities, and large-scale simulation promise to
mature and lift the veil from materials behavior in this extraordinary regime.
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In situ characterization of metals
at extremes
N.D. Browning, G.H. Campbell, J.A. Hawreliak, and M.A. Kirk
The fundamental processes taking place in metals under extreme conditions can occur on
ultrafast timescales (i.e., nanoseconds to picoseconds), and yet their result can continue to
have a significant impact on the structural properties for many years to follow. The challenge
in developing in situ methods for characterization under extreme conditions therefore involves
both the modification of the instrumentation to implement the high-temperature, strain, and
radiation conditions and the definition of the timescale over which the measurement must be
made. While techniques are well established for characterization of the long-term effects of
extreme conditions, experiments are only just beginning to probe the initial stages of structural
evolution. This article reviews recent developments in optical, x-ray, and electron probes of
metals under extreme conditions and also discusses the needs for future experiments and
potential pathways to achieving these goals.

Introduction
The need to develop new materials that can perform well under
the extreme conditions of high temperature, radiation dose, strain
rate, and pressure (either individually or in combination) presents
a unique set of challenges for structural characterization methods.
Instrumentation must be modified to permit some semblance of
the extreme condition(s) to be safely replicated in the experiment,
while at the same time allowing the experiments to be performed
on the critical time and length scales important for the materials’
function. As methods to understand the long-term aging of components under extreme conditions are well established (simple
before-and-after experiments are sufficient provided you can
wait long enough), it is the short-timescale interactions that are
at the forefront of new developments in in situ experimentation.
In this article, the main issues involved in studying metals under
extreme conditions are discussed for the current major methods
of in situ characterization: transmission electron microscopy
(TEM), synchrotron radiation, and short-pulse-laser–driven optical methods. For each of these methods, an example of the type
of experiment that can be performed will be described, and the
potential of each method for future advancements in the study
of extreme conditions will be discussed.

The need for in situ measurements
Since post-mortem materials characterization techniques have
been in existence for many years, the first thing we need to

address with this article is “Why are in situ studies necessary?”
This question takes on even more consequence for metals under
extreme conditions that are very difficult to establish in the
laboratory. So why should we struggle to do this? It is the very
nature of the extreme conditions that makes in situ studies so
valuable, even if the analyses do not achieve the same resolution as static experiments. In the extreme conditions where
we need metals to function, structural changes are rapid, with
many processes often occurring simultaneously (such as phase
transitions, secondary phases, voids, and dislocations), and
materials may progress through intermediate states that exist
for only short periods of time. If we are to control the structure
of materials under extreme conditions, we need to know the
order in which the structural changes occurred and whether
we can change the final outcome of the extreme conditions by
changing the kinetics of the intermediate states.

Phase transformations with rapid
thermal gradients
Since its invention, TEM has excelled at determining and quantifying the structure of materials and the presence of defects at
small length scales.1 The development of aberration correctors2,3
over the last 10 years has taken the available direct-imaging
resolution in state-of-the-art microscopes into the deep subangstrom regime. Significant, but less publicized, progress is
also being made by creating controlled experimental conditions
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at the specimen that allow in situ observations of the structure
as it evolves in response to various forces. These observations
have included oxidation reactions,4 catalytic reactions,5,6 and
mechanical loading.7–9 At the length scales probed by TEM,
the structure evolves rapidly because distances are short; this
is especially true under extreme conditions, where the driving
forces can be very large.
One such example of extreme conditions is pulsed-laser–
induced heating of a material, where heating rates are typically
>1011 K/s and can be much higher. With these rates, a sample can
be heated to a high temperature much faster than its structure
can respond.10 Under these circumstances, subsequent structural
evolutions typically fall into two categories.
In the first category, the change in the structure will be
accompanied by dissipative processes, so if the evolution is
reversed, it will leave a structure that is different from the initial
condition. A specific example would be a phase transformation that introduces dislocations in the surrounding material
to accommodate misfit strains. If the phase transformation is
reversed, the accommodation dislocations will likely remain,
leaving the original microstructure changed. These types of
evolutions encompass phase transformations, chemical reactions, and the movement of dislocations, boundaries, and
interfaces—the types of structural changes that are prevalent
in metals under extreme conditions.
A more limited number of structural changes fall into the
second category, those that are easily reversible or have very
small dissipations, leaving the initial structure unchanged.
Such reversible effects include elastic strains to a lattice, certain electronic transitions, and plasmon excitations. Although
techniques have been developed for TEM that can study these
transformations on the femtosecond timescale,11–13 because they
do not apply in general to metals under extreme conditions, they
will not be discussed further here.
The development of the single-shot dynamic transmission
electron microscope (DTEM) at Lawrence Livermore National
Laboratory (LLNL),14,15 shown in Figure 1, permits the direct
study of structural changes that occur in the presence of dissipative mechanisms, as just described. In the DTEM, a short
(~15 ns) pulse of electrons is generated that contains enough
electrons to acquire a whole diffraction pattern or image with
a single shot. To form a high-quality image, ~108 electrons
must reach the camera,16 implying a current at the specimen in
excess of 10 mA, roughly a million times greater than the ~nA
current in normal operation of a TEM. To create this level of
current from a small source, the LLNL DTEM uses photoemission from a pulsed laser focused on a photocathode, in which
the wavelength of the photons has been converted to 211 nm to
increase the efficiency of the emission.17 The emission proceeds
for the duration of the laser pulse, which in this case is 10 ns
(the electron pulse broadens in time to 15 ns at the specimen
position). The in situ experimental conditions are typically created by a second laser pulse that heats the specimen to a certain
temperature. The relative timing of the two laser pulses sets
the arrival time of the electron pulse at the specimen. A series
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Figure 1. Schematic of the operation of the dynamic
transmission electron microscope. Fast temporal resolution
is achieved by using two nanosecond lasers, one to start the
transformation in the sample and one to create the imaging
pulse of electrons by photoemission.

of delays can be used in separate experiments to follow the
evolution of the material structure in time.
An example of the microstructural evolution created by
extreme heating rates is pulsed-laser–induced crystallization of an amorphous solid.18 In some intermetallic systems,
films can be created with a completely amorphous structure
by sputtering onto a room-temperature substrate. Subsequent
heating can crystallize the amorphous films. The process has
been studied thoroughly with differential scanning calorimetry
(DSC)19 and by slow in situ heating experiments in the TEM.20
In both of these approaches, the heating rate is <102 K/s, and
the temperature of crystallization stays close to the threshold
temperature.
Under pulsed-laser energy deposition in the DTEM, the
volume of the 100-nm-thick TEM foils can be heated essentially uniformly. In most metals, the laser energy is deposited
in a thin layer, typically on the order of 10 nm (the skin depth),
and the through-thickness temperature equilibrates in 10s of
nanoseconds within the irradiated spot, with rates >1011 K/s.
If the crystallization process is slower than the throughthickness temperature equilibration, the film can be heated
to any temperature up to the melting temperature prior to any
crystallization taking place. The film then stays at an elevated
temperature, cooling much slower due to the limited thermal
conduction through the small cross-sectional area of the film.

IN SITU CHARACTERIZATION OF METALS AT EXTREMES

(The temperatures of interest are too low for radiation to be a
strong effect.) In fact, for many of the time scales of interest for
this high-temperature crystallization, the films can be treated
as essentially isothermal.
An example of a DTEM observation of the crystallization
process is shown in Figure 2a. In this image, the crystal nuclei
are visible, and the interfaces between the crystalline and amorphous phase are clearly delineated, even though they are moving
with a speed of up to 1 m/s. These observations give two quantities of direct relevance to the kinetics analysis of the process: the
nucleation rate—by counting nuclei as a function of time—and
the growth rate—by tracking the size of the crystalline islands
as a function of time. These measurements are made as a function of temperature, and the time-temperature-transformation
(TTT) diagram is mapped out (Figure 2b). The data from traditional methods are also shown in the figure, highlighting that
the data acquired with the DTEM map out a section of the TTT
diagram that is accessible by no other technique. In fact, the
DTEM has revealed the “nose” in the C–curve section of the TTT
diagram. Entropic effects limit the nucleation rate above the
nose (thermodynamically limited), and temperature limits the
growth rate below it (kinetically limited). This is arguably
the most important and useful aspect of these data.

a

5 µm

b

1600

Structural materials under irradiation
1400
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Another area where TEM can provide useful in situ information
is the study of materials under irradiation, which is particularly
important for materials being developed for nuclear reactor
applications.21 (See also the article by Demkowicz et al. in this
issue of MRS Bulletin.) Candidate materials for structures
in the next generation of fission reactors and first-generation
fusion power reactors include ferritic-martensitic steels and
also the more complex mechanically alloyed oxide-dispersion–
strengthened (ODS) steels. The attraction of these alloys for
nuclear applications includes relatively low swelling under highfluence neutron irradiation, reduced radiation embrittlement,
good strength at relatively high temperatures, and low activation. However, the fundamental understanding of the radiation
damage under high-fluence neutron irradiation, especially at
elevated temperatures, is quite limited at present. Recently, these
materials (as well as simpler model alloys) have been the subject
of studies by TEM with in situ ion irradiation over ranges of
temperature and accumulated radiation damage equivalent in
dpa (displacements per atom) to years of reactor exposure.
The mechanisms by which radiation damage develops in ferritic materials are still not well understood. In a program from
the University of Oxford, the development of heavy-ion irradiation damage in Fe and FeCr alloys was followed by in situ
electron microscopy and revealed some unexpected dynamic
processes. Thin foils of pure Fe and FeCr alloys (with 5–11%Cr)
were irradiated with 150 keV Fe+ ions at temperatures 30–500°C
in the Argonne IVEM-Tandem Facility, which comprises an
electron microscope linked to a heavy-ion accelerator. Dynamic
observations under weak-beam diffraction conditions followed
the evolution of damage over doses 0–13 dpa.22,23
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Figure 2. (a) A time-resolved plan-view image of an
amorphous NiTi thin film, acquired in the dynamic
transmission electron microscope (DTEM) 2 µs after heating
with a 10 ns pulse of 1064 µm laser light. The Gaussian
beam, centered out of the field of view to the left, creates
a temperature gradient across the field, with higher
temperatures on the left. The lighter-contrast circular spots
are crystalline regions growing into the darker contrast
amorphous matrix. At the left the film is too hot to nucleate,
and at the right it is too cold to nucleate crystals in the 2 µs
interval since the laser irradiation. (b) The time–temperature–
transformation diagram determined by DTEM experiments
like those in (a) (points with error bars, left) and by traditional
furnace-heating in situ experiments (points on right).
The DTEM experiments probe extreme conditions that are
inaccessible to characterization by any other means and
reveal the “C-curve,” in which nucleation takes longer for
temperatures that are either too high or too low.
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At low doses, £1 dpa, damage in pure Fe took the form of
small, isolated dislocation loops with Burgers vectors b = á100ñ
and ½á111ñ. Loops with b = ½á111ñ were highly mobile, moving
by discrete hops from one position to another, both during and
after ion irradiation.22 Similar loops formed in FeCr alloys but
were less mobile than in pure Fe. At temperatures £ 300°C and
doses ³1 dpa, complex microstructures developed in thicker
regions of the foils, both in pure Fe and FeCr alloys. First, strings
of several loops formed, all with the same ½á111ñ Burgers vector, involving cooperative movement of individual loops. Then,
larger loops were produced by the coalescence of loops in a
string. In high-purity Fe irradiated at 300°C, further coalescence
and complex glide and climb processes led to the formation of
large (several mm) finger-shaped loops with b = ½á111ñ and
large shear components. By this stage, the loop nature could
be shown to be interstitial.23 In pure Fe at temperatures higher
than 300°C, square-shaped sessile edge interstitial loops with
b = á100ñ nucleated and grew to large sizes. At temperatures
£ 450°C, these á100ñ loops co-existed with ½á111ñ loops, but at
500°C, only á100ñ loops formed. Mobile ½á111ñ loops formed
at temperatures just below 500°C were seen to move to, and
be subsumed by, large á100ñ loops.24 This change in the predominant Burgers vector type with temperature is consistent
with recent theoretical work by Dudarev et al.25
ODS steels owe their favorable mechanical properties to
their special microstructure, especially the oxide precipitates.
The investigation of the irradiation-altered phase stability of
this microstructure, in particular of these nanosize particles, is
thus necessary to determine whether these properties are maintained under irradiation. These alloys are under consideration
for fuel-cladding applications in future, Gen-IV reactors, so
neutron-irradiation–induced damage is a critical issue. A recent
study by a group from Penn State University addressed this,
one of the main materials research issues for this class of steels
identified by the Gen-IV working groups.26
In that study, several ODS ferritic/martensitic steels, produced by mechanical alloying with Y2O3 particles, are being
considered for advanced nuclear power applications. Characterization of the initial precipitate population revealed (within
the limitations of the technique) two populations of nanoparticles in term of size: small nanoclusters less than 10 nm in size
and larger nanoparticles up to a few hundred nanometers. The
alloys were irradiated, in the IVEM-Tandem facility at Argonne
National Laboratory (ANL), with Fe and Kr ions at 25°C and
500°C. The use of 1 MeV Kr ions allowed high doses (more
than 100 dpa) to be achieved. Various effects of ion irradiation
were observed as they occurred, including amorphization of
large particles at 25°C, dislocation-loop formation, voids, and
precipitate dissolution and formation. At 500°C, amorphization
does not occur, and the fine particles are still present at the end
of the irradiations. Another important observation is that the
alloys retain their microstructural grain morphology even after
reaching doses as high as 100 dpa; this is very important for
assessing whether the properties relying on grain microstructure
can be retained under high doses.27
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A new effort has been initiated to use in situ ion irradiation to
improve and validate computer-model simulations for predicting neutron irradiation effects. The nature of neutron irradiation
experiments has limited their use in providing direct experimental evidence for these computational models, while in situ
TEM ion irradiation has significant advantages. However, the
different aspects of damage produced by neutron irradiation and
in situ ion irradiation must be appreciated, and one of the most
critical aspects is the role of the loss of mobile defects and defect
clusters to nearby foil surfaces in in situ ion irradiated thin foils.
Previously, the effect of foil surfaces was measured indirectly
in the electron microscope in the usual plane view images.28
In a recent experiment using the IVEM-Tandem facility for
comparing and benchmarking computer simulations of radiation
damage in in situ ion-irradiated thin foils, the defect density was
measured in three dimensions by electron tomography.
While electron tomography has been used in biological
specimen examinations for several decades, only recently has
it been applied in materials science to image structures in
3D on the nanometer scale. Here we use diffraction contrast,
with precise control of constant diffraction conditions over a
high tilt range, and apply this technique to in situ ion irradiation of thin foils.29 The nanometer-sized defects are expected
to vary strongly in density with foil depth, but there are no
chemical differences that would allow use of other imaging
techniques.
Both plane view and 3D images were analyzed and compared in detail with computer model simulations of in situ ion
irradiated molybdenum under the exact experimental conditions
(Figure 3). Experimental results were used to refine model
parameters until improved agreement of defect densities and
sizes was achieved. This validated model can then be utilized in
simulations of neutron damage in bulk materials under extreme
conditions of high radiation dose and temperature. The irradiation defect study in molybdenum serves as an example to show
the important role of the in situ TEM ion irradiation and tomography techniques in advancing the fundamental understanding
of irradiation damage by a coordinated approach of computational modeling and experimental validation. The experiments
are intended to show an emerging new research direction in
using the IVEM-Tandem facility to measure defect structures
in 3D and to validate computational modeling for simulating
neutron irradiation damage.

Materials under extreme pressure
A consistent theme of this article is the use of lasers to create
the extreme conditions used for the in situ experiments. At the
top end of the scale, high-power laser systems have the capability of generating short-lived (~10 ns) high-energy density
(>109 J/m3) states of matter.30,31 Understanding materials properties at these extreme conditions is critical for planetary studies
(>1000 GPa)34 and inertial confinement fusion (>105 GPa).35
To study the atomic structure of materials requires single shot
nanosecond in situ x-ray diffraction while the material is in the
high-pressure state.31–33
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Figure 3. (a) Cross-section view and (b) depth measurement of 3D reconstruction of defects in thin (100 nm) Mo foil, irradiated in situ with
1 MeV Kr ions. Comparison of experimental and model computed (c) defect densities and (d) sizes was used to refine the model parameters
for neutron-damage simulations.29

The basis of these experiments is a pump-probe configuration.36
We use one collection of laser beams to provide the material state
through dynamic ablative compression. The simplest form of
ablative compression is directly exposing the target surface with
a constant laser energy to create a Hugoniot state.30 The optical
laser light also can be converted to x-rays in a hohlraum, and
varying the temporal profile of the x-ray distribution can provide
a loading history closer to the isentrope.37 These quasi-isentropic
drives are being developed for the National Ignition Facility to
achieve a solid-state compression greater than 1000 GPa.37
A second set of beams is focused on a small (<0.1 mm diameter) spot to generate a bright burst of quasi-monochromatic
x-rays, which are used to probe the state of atomic structure
using in situ x-ray diffraction. Typically these experiments use
thermal K-shell emission from mid-Z elements (V, Ti, Fe, Cu) as
backlighters because the photon energy is high enough to record
diffraction from multiple lattice planes and can be generated
on mid-level laser systems with ~1015 W/cm2 laser intensities.38

The other regime is using K-a emission from a short pulse laser
beam incident on a foil target, where the x-ray energy can exceed
22 keV (Ag K-a)39 and pulse duration is ~10 ps. One great benefit
of using a laser system is the exquisite time resolution. Typically
the jitter set between the drive and backlighter beams will be on
the order of 50 ps, with the ability to measure it to higher precision
during the actual experiment. This is ideal for measuring material
kinetic processes initiated during the dynamic loading.
Schematic of typical experimental setups are shown in
Figure 4 for both (a) single-crystal53 and (b) polycrystalline materials.41 The single-crystal geometry takes advantage
of the divergent source to probe the crystal with a range of
incident angles. Diffraction occurs where the Bragg condition is met on the sample surface; when pressure is applied,
the interatomic plane spacing changes, causing an associated
shift in the Bragg angle. Typically the diffracted signal is
recorded on large-area–image-plate detectors. In the polycrystalline case, the x-ray source is collimated using a series
MRS BULLETIN • VOLUME 35 • DECEMBER 2010 • www.mrs.org/bulletin
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along the arc give spatial resolution along the
surface of the sample. The polycrystalline
data are spatially integrated over an area of
~1 mm2. By measuring the associated change
in 2q, we can determine the compression of
the material.

Summary and future directions

Although in situ methods require a great deal
of time and effort to establish meaningful and
reproducible conditions, the effort is beginning
Polycrystalline Diffraction
to pay off with unprecedented scientific informaFigure 4. Schematic representation of in situ x-ray diffraction experiments on large-scale
tion about materials under extreme conditions.
lasers. A high-intensity focused beam will generate a point source of x-rays at wavelengths
For the future, the overarching goals are clear:
characteristic of the material irradiated. In the single-crystal case (a), a wide range of
angles are incident on the crystal surface, and wherever the Bragg condition is met,
we need to look at larger samples, increase the
diffraction occurs. For polycrystalline materials (b), the x-ray beam is collimated, and a large
speed at which measurements can be achieved,
detector is placed around the sample to record the Debye-Sherrer rings. VISAR: Velocity
interferometer system for any reflector.
investigate samples under higher irradiation
doses, pressures, and temperature gradients,
and couple these measurements directly with
of pinhole apertures, and the diffraction angle 2q is measured
first-principles simulations. In the near term, there are obvious
relative to the incoming beam. In the shock case, the x-ray
new experiments that can be performed.
pulse is timed so that the finite penetration depth and probe
In the case of electron microscopy, in situ irradiation capatime will give a record of the unshocked sample, which probilities can be coupled with aberration-corrected microscopes
vides a reference from which to measure the lattice change.
to increase the spatial resolution and sensitivity of the analyFigure 5 schematically represents how to record both static
ses. Additionally, coupling the irradiation capabilities with
and dynamic data on a single shot. Figure 6 shows example
a dynamic transmission electron microscope (DTEM) may
in situ x-ray diffraction data from (a) single crystals32 and (b)
allow the individual irradiation tracks to be analyzed while
polycrystals.42 The single-crystal data show a series of arcs
they occur. For DTEM, the goal is clearly to move to faster
from the conic section that meets the Bragg condition on the
timescales. By moving to higher voltages, using concepts such
surface of the crystal. The position and curvature of the arcs
as pulse compression and incorporating new gun designs, it
give plane spacing and orientation. Forward calculations and
may be possible to increase temporal resolution into the picoknowledge of the initial sample structure and orientation can be
second regime with a spatial resolution that will permit the
used to identify the planes associated with each arc. Positions
observation of structural dynamics (although atomic resolution is unlikely). The higher voltages will allow for thicker
samples that may permit shocks to be established in the TEM
samples and a closer connection established with the other
X-ray probe pulse
experimental methods.
In the case of x-ray scattering, current time-resolved results
are limited by both the detector geometry and inherent limitations of the laser drive system. Results of two-dimensional
Time
scattering experiments on recovered material indicate that the
end-state voids are not spherical. Whether this is true throughout the process will be addressed in future experiments using
d0
ds
a two-dimensional detector, along with a beam-shuttering
system to allow a much longer read-out interval. Ultimately,
there is much to be gained by tighter synchronization between
the laser and x-ray source pulses, and this is the long-term
Shock front
direction to be pursued at either a synchrotron or an x-ray
free-electron laser–based source (such as the Linac Coherent
Light Source), which offers much higher single-pulse x-ray
intensity. Such advances will allow an investigation of the
early time behavior of void nucleation and growth as well as
Figure 5. Because the shock front has penetrated only partway
into the sample at a finite time delay, x-rays can record both
void compression in foam materials, both of which require
undriven (lattice spacing d0) and shocked (lattice spacing ds)
detection of very small changes in the shape of the overall
material in a single shock experiment.
scattering curve.
Depth in material

Diffraction from compressed
planes gives lateral strain
Single Crystal Diffraction
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Figure 6. Examples of in situ x-ray diffraction data from (a)
single crystal iron (5 GPa shock) and (b) polycrystalline iron
foil (10 GPa shock). In both cases, the shift associated with
the diffraction lines can be used to interpret the change in the
atomic structure. The dashed and dash-dotted lines are added
to the single-crystal data to indicate the diffraction rings from
static and compressed material, respectively.

Finally, with the commissioning of the National Ignition
Facility and its expanding science program,43 there are opportunities to achieve unprecedented high pressures in a controlled
laboratory setting. At these ultrahigh pressures, a new scientific
opportunity to study materials at extremes is forming. This new
pressure regime will allow us to address questions such as what
is a solid at >1000 GPa? Do all materials form a close-packed
structure? How large a role do the inner-shell electrons play in
determining material structure when the material is compressed
to four times solid density? The ability to record atomic structure in situ will play a key role in answering these questions,
and many others, as we explore new regimes of ultrahigh pressure. As with the all the methods for in situ analysis, we will
continue to discover new structural features and processes that
will help in the development of advanced materials systems to
work under extreme conditions.
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