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Superplastic martensitic Mn–Si–Cr–C steel with 900% elongation
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Abstract

High-strength (1.2–1.5)C–(2–2.5)Mn–(1.5–2)Si–(0.8–1.5)Cr steels (mass%) consisting of martensite and carbides exhibit excellent
superplastic properties (e.g. strain rate sensitivity m � 0.5, elongation �900% at 1023 K). A homogeneous martensitic starting micro-
structure is obtained through thermomechanical processing (austenitization plus 1.2 true strain, followed by quenching). Superplastic
forming leads to a duplex structure consisting of ferrite and spherical micro-carbides. Through 1.5–2% Si alloying, carbides precipitate
at hetero-phase interfaces and martensite blocks at the beginning of superplastic forming. Via Ostwald ripening, these interface carbides
grow at the expense of carbides precipitating at martensite laths, thereby promoting ferrite dynamic recrystallization. Simultaneously,
carbides at ferrite grain boundaries retard the growth of recrystallized ferrite grains. Due to 2–2.5% Mn and 0.8–1.5% Cr alloying, car-
bide coarsening is suppressed owing to the slow diffusion of these elements. As a result, fine and homogeneous ferrite plus spherical car-
bide duplex microstructures with a ferrite grain size of �1.5 lm are obtained after superplastic forming.
� 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Superplasticity of steels is of interest, from both engi-
neering and microstructural perspectives. On the engineer-
ing side, superplasticity of steels with several 100%
elongation allows the manufacturing of parts with nearly
arbitrarily complex shapes. On the structure–property side,
the richness of transformation phenomena in the Fe–C sys-
tem can be used for tailoring microstructures and optimal
strength–ductility profiles after superplastic forming. The
art of designing superplastic steels hence consists of two
steps: first, the starting microstructure has to be optimized
to render the steel superplastic when formed in a suited

temperature–strain rate corridor (�1000 K, �10�4–
10�3 s�1); and second, the deformed material should
assume a homogeneous and sufficiently fine microstructure
after superplastic forming (grain size in the micrometer
range) to provide excellent mechanical properties in the
final product. The current paper reports about such an
attempt.

Various studies have discussed methods for obtaining
microstructures via thermomechanical processing that are
advantageous for superplastic forming of steels, including
temperature cycling across the ferrite–austenite transfor-
mation [1,2], hot and warm deformation combined with
divorced eutectoid transformation [3,4], multiple-pass heat
treatment [5], severe plastic deformation [6–8], cold rolling
with subsequent annealing [9–12] and warm deformation of
martensite [13,14]. The effect of alloying (e.g. Si, Al, Cr) in
conjunction with thermomechanical processing on the
superplasticity of steels has also been discussed [15–17]. It
was observed that thermomechanical processing can be
simplified through (2–2.5)Mn–(1.5–2)Si–(0.8–1.5)Cr
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alloying (mass%). For example, the superplasticity of med-
ium carbon steels was realized via complicated temperature
cycling across the ferrite–austenite transformation [2].
Through Mn–Si–Cr alloying, even without application of
temperature cycling, medium carbon steels were also found
to exhibit superplastic characteristics during warm defor-
mation of an initially martensitic starting microstructure
[13]. For optimal superplasticity, it is required to optimize
the thermomechanical processing to obtain finer starting
microstructures via adequate deformation and heat treat-
ment. Thermomechanical deformation (true strain of 1.2)
applied above the austenite–pearlite equilibrium transfor-
mation temperature (i.e. A1 temperature) was identified
as beneficial for obtaining fine martensite (martensite block
size <10 lm) in Mn–Si–Cr alloyed medium carbon steels
[13,14]. Controlling austenitization and the subsequent
cooling rate led to the formation of a fine microstructure
(martensite plus spherical carbides with a martensite block
size <10 lm) in Mn–Si–Cr alloyed ultrahigh carbon steels
[18]. Such microstructures were observed to reveal super-
plastic flow. The aim of these improvement schemes for
the preceding thermomechanical processing is to obtain
finer microstructures prior to superplastic forming (e.g.
refined martensite), thereby providing more carbide precip-
itation sites and, hence, improving the dispersion of car-
bides during superplastic forming. It was observed that
the dispersed carbides gradually coarsen and promote the
formation of microstructures that are beneficial for super-
plasticity (e.g. a fine and homogeneous duplex ferrite plus
spherical carbide microstructure with a ferrite grain size
�1.5 lm) during superplastic forming. Such microstruc-
tures are desired because submicron-sized carbides at fer-
rite grain boundaries can promote ferrite dynamic
recrystallization (DRX) and retard the growth of ferrite
grains in the superplastic regime [13,18].

Although some results about superplasticity of Mn–Si–
Cr alloyed steels were reported in Refs. [13,14,18], there
is insufficient understanding of the effects of the initial ther-
momechanical processes on superplasticity, the superplas-
tic mechanisms and the final microstructure–property
relations of these steels after forming. Qualitatively, it
was observed that Mn–Si–Cr alloying in conjunction with
thermomechanical processing determines the starting
microstructures and the structure evolution during super-
plastic forming and, hence, also the final mechanical prop-
erties of the superplastically formed samples [13,15].
Therefore, the superplastic behavior is studied here in more
detail from two aspects: first, the specific effect of Mn–Si–
Cr alloying and, second, the thermomechanical processing
that precedes superplastic forming. In this study, a 0.46C–
2.18Mn–1.46Si–1.05Cr steel (denoted by 0.5CMnSiCr;
compositions in mass%) and a 0.48C–0.68Mn–0.25Si–
0.15Cr steel (denoted by 0.5C) were used to analyze the
effect of Mn–Si–Cr alloying on superplasticity. A 1.31C–
2.17Mn–1.83Si–1.02Cr steel (denoted by 1.3CMnSiCr)
was used to analyze the effect of the initial thermomechan-
ical processing. Different types of thermomechanical pro-

cesses were applied in this study, including the above-
mentioned deformation scheme (true strain of 1.2 at
1073 K) in order to obtain refined initial microstructures
prior to superplastic forming. The cooling condition after
deformation was used as a variable in order to explore dif-
ferent resulting microstructures. Previous studies [14,18]
showed that selecting a suitable superplastic forming tem-
perature after thermomechanical processing may finally
lead to ultrahigh strength of the steel after superplastic
forming even without any supplementary heat treatment.
Therefore, the superplastic forming temperature was also
varied.

As a characteristic parameter connected with superplas-
ticity [19], the strain rate sensitivity (m) was used for the eval-
uation of superplasticity. Generally, a value of m P 0.3 is
considered characteristic of superplasticity. Typically,
superplastic elongation of metals increases with the m-value
[20]. Therefore, the aim of the study was the thermomechan-
ical design of steel microstructures with high strain rate sen-
sitivity as a necessary, but not sufficient, precondition for
superplastic flow. However, for ultrahigh strength steels
(e.g. the ultrahigh carbon 1.3CMnSiCr steel used in this
study), brittle phases such as martensite and carbides may
cause internal stress concentrations or even cavities during
deformation. Such effects limit superplastic elongation even
at high m-values. Therefore, the m-value alone is not suffi-
cient to evaluate the superplastic behavior. In this study,
the elongation and the strain rate sensitivity were therefore
both used to quantify and compare the superplastic behavior
of 0.5CMnSiCr and 1.3CMnSiCr alloys.

2. Experimental methods

2.1. Small specimen experiments

Small specimen thermomechanical processing (before
superplastic forming) was conducted on cylinders 8 mm
in diameter and 90 mm long cut from forged billets of
alloys 0.5CMnSiCr and 0.5C (Fig. 1a and b). Pre-deforma-
tion (true strain 1.2) was applied above Ae3 (Ae3, temper-
ature above which no ferrite exists in equilibrium)
followed by air cooling or water quenching, respectively.
After processing, cylinders 6 mm in diameter and 10 mm
long (i.e. specimens 1–3 according to the processing out-
lined in Fig. 1) were cut from the central region for subse-
quent evaluation of the superplastic behavior during warm
deformation (warm deformation hereafter generally refers
to small specimen superplastic testing). The deformation
conditions during superplastic deformation at 973 K are
shown in Table 1. All superplastic forming cycles discussed
in this paper consist of three sequential strain regimes,
namely, the first strain regime (R1), the transition regime
(Rt) and the second strain regime (R2). The regimes R1

(R2) with a total true strain of 0.2 consist of five sequential
strain steps, i.e. R11, R12, R13, R14, and R15 (similarly, R21,
R22, R23, R24 and R25). Each of these sub-regimes imposed
a true strain step of 0.04 at a specific strain rate, see Table 1
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(e.g. R11 indicates a true strain step of 0.04 at 10�4 s�1

within the strain regime R1). A true strain of 0.3 at
10�3 s�1 was applied within Rt in order to focus on the dif-
ference in strain rate sensitivity between deformation
regimes R1 and R2. The strain rate change method was
employed to measure the strain rate sensitivity within R1

and R2. In order to study the microstructure evolution dur-
ing superplastic forming, water quenching was used imme-
diately after warm deformation. The small specimen
experiments were performed by uniaxial compression test-
ing on a Gleeble 1500D instrument.

2.2. Large-scale thermomechanical treatment

Large-scale thermomechanical processing was applied
to alloys 0.5CMnSiCr and 1.3CMnSiCr in order to obtain
tensile samples for the evaluation of their superplastic
properties. Compared with the small specimens, the
large-scale treatment was conducted to obtain sufficiently
large and homogeneous samples for superplastic character-
ization. Rectangular forged billets 100 � 60 � 60 mm3

(length � width � thickness) were cut to conduct continu-
ous rolling after holding at 1223 K for 1 h. The continuous
rolling used three passes (reduction �10 mm each pass),
leading to a final plate thickness of 30 mm. The final rolling
temperature was �1073 K. Air cooling and water quench-
ing were used after rolling to obtain air-cooled (AC) and
water-quenched (WQ) tensile samples from the center of
the rolled plates, respectively.

2.3. Tensile testing for evaluation of superplastic properties

A high-temperature tensile testing machine (Instron
Model 1185) was used to quantify superplastic elongation.
Bone-shaped flat tensile samples (gauge length 10 mm)
were machined (Fig. 2). During testing, the crosshead dis-
placement speed was set to 0.5 mm min�1 to keep the initial
strain rate at �10�4 s�1. The limited gauge area of uniform
temperature may lead to non-uniformity during testing
when large samples are used. Therefore, tensile samples
with a short gauge length of 5 mm were employed for the
tensile testing of the 1.3CMnSiCr samples, which revealed
very high elongation values up to 900%.

2.4. Microscopy

Microstructural observation (secondary electron imag-
ing), composition analysis (energy-dispersive X-ray spec-
troscopy, EDX), and texture measurements (electron
backscatter diffraction) were conducted using scanning
electron microscopy (SEM; JEOL JSM-6301F). The vol-
ume fractions of martensite, pearlite and ferrite were esti-
mated using Imageproplus analysis software produced by
Media Cybernetics Company [21]. The linear intercept
method [22] was used to measure the size of the ferrite
grains and spherical carbides.

Fig. 1. Schematic diagram explaining the small specimen thermomechan-
ical processing before superplastic forming of alloys (a) 0.5CMnSiCr and
(b) 0.5C; air cooling, AC; water quenching, WQ; specimens 1–3 obtained
from this initial processing served as input materials to the subsequent
superplastic forming experiments; Ae3, temperature above which no
ferrite exists in equilibrium.

Table 1
Deformation conditions during superplastic warm deformation at 973 K.

Strain regime First strain regime (R1) Transition regime (Rt) Second strain regime (R2)

R11 R12 R13 R14 R15 R21 R22 R23 R24 R25

Strain 0.04 0.04 0.04 0.04 0.04 0.3 0.04 0.04 0.04 0.04 0.04
Strain rate, s�1 10�4 2 � 10�4 4 � 10�4 10�3 3 � 10�3 10�3 10�4 2 � 10�4 4 � 10�4 10�3 3 � 10�3

The superplastic forming cycles consist of three sequential strain regimes, namely, the first strain regime (R1), the transition regime (Rt), and the second
strain regime (R2). Regimes R1 (R2) with a total true strain of 0.2 consist of five sequential strain steps, i.e. R11, R12, R13, R14, and R15 (similarly, R21, R22,
R23, R24 and R25). Each of these sub-regimes imposed a true strain step of 0.04 at a specific strain rate (e.g. R11 indicates a strain step of 0.04 at 10�4 s�1

within regime R1).

H. Zhang et al. / Acta Materialia 59 (2011) 5787–5802 5789



Author's personal copy

3. Results

3.1. Microstructure

Fig. 3 shows the secondary electron imaging results for
specimens 1–3 (specimen 1, alloy 0.5CMnSiCr; specimens
2 and 3, alloy 0.5C as obtained by thermomechanical pro-
cessing; Fig. 1). Fig. 3a and c shows the microstructures of
specimens 2 and 3 (alloy 0.5C) obtained after pre-processing
(before superplastic forming) (Fig. 1b). For the 0.5C alloy,
the microstructure of specimen 2 contains pearlite (P,
�75 vol.%), martensite (M, �20 vol.%), and ferrite (F,
�5 vol.%), which is different from that of specimen 3 con-
taining martensite (�93 vol.%), pearlite (as shown within
the dashed circle, �5 vol.%) and ferrite (as shown within
the solid circle�2 vol.%). For alloy 0.5CMnSiCr, the micro-
structure of specimen 1 obtained after the processing
described in Fig. 1a contains 100 vol.% martensite (Fig. 3e).

The microstructures of specimens 1–3 after superplastic
deformation at 973 K (and subsequent quenching) are
shown in Fig. 3f, b and d. Corresponding high-resolution
SEM images are given in Fig. 3g for specimen 3 after super-
plastic deformation at 973 K (same state as in Fig. 3d) and
in Fig. 3h for specimen 1 after superplastic deformation at
973 K (same state as in Fig. 3f).

It can be seen that the duplex microstructure (ferrite
plus spherical carbides) in Fig. 3f and h is very homoge-
neous. The upper-right micrograph of the area marked
by the red1 dashed rectangle clearly shows that micron-
sized ferrite grains are surrounded by submicron-sized
carbides. The average size of the ferrite grains and of the
submicron-sized carbides located at ferrite grain
boundaries are �1.5 lm and 0.5 lm in diameter, respec-
tively. Compared with the microstructure obtained after
superplastic forming (Fig. 3f), the microstructures visible

in Fig. 3b, d and g are more inhomogeneous and coarse
(ferrite grain size �5 lm). In Fig. 3b, carbide spheroidiza-
tion occurs within the initial pearlite zone (solid circle).
DRX of ferrite has taken place within the area marked
by the solid rectangle. Fig. 3d and g shows that DRX of
the ferrite was even more complete than in Fig. 3b, and
the average size of the ferrite grains formed during DRX
(�5 lm, green arrows) is larger than that in Fig. 3f and h
(�1.5 lm).

Further, it is observed that more nanometer-sized car-
bides are dispersed in the microstructure shown in
Fig. 3d and g (number fraction �70%) than revealed in
Fig. 3f and h (number fraction �15%). The number frac-
tion describes in this case the number of the nanometer-
sized carbides divided by the total number of all carbides,
including nanometer-sized and submicron-sized carbides.
Also, it is observed that the average size of the submi-
cron-sized carbides determined for Fig. 3d and g
(�0.8 lm in diameter) is larger than that observed in
Fig. 3f and h (�0.5 lm in diameter). The diameter distribu-
tion amounts to �0.8 ± 0.3 lm for Fig. 3d and g and
�0.5 ± 0.2 lm for Fig. 3f and h.

Fig. 4a and b shows the AC and WQ microstructures
obtained from the center of the rolled plates for alloy
1.3CMnSiCr after the large-scale thermomechanical treat-
ment (1 h holding at 1223 K plus 50% reduction at 1223–
1073 K followed by cooling), respectively. The AC micro-
structure contains mainly spherical carbides and lamellar
pearlite, while the WQ microstructure reveals mainly
spherical carbides and martensite. Fig. 4c and d shows
the AC and WQ microstructures obtained from the center
of the rolled plates for alloy 0.5CMnSiCr after large-scale
thermomechanical treatment (1 h holding at 1223 K plus
50% reduction at 1223–1073 K followed by cooling),
respectively. The AC and WQ microstructures are com-
posed mostly of martensite.

3.2. EDX

Fig. 5 shows the EDX results of the carbide and ferrite
zones in specimen 1 (alloy 0.5CMnSiCr) after superplastic
forming at 973 K (i.e. the yellow and blue dots in Fig. 3f),
respectively. Attention should be paid to the distribution of
Mn, Si and Cr within the red frames. It can be seen that
Mn and Cr aggregate at the carbides, while Si partitions
mainly into the ferrite.

3.3. Crystallographic texture

The ferrite orientation distribution maps of specimen 1
(alloy 0.5CMnSiCr) and specimen 3 (alloy 0.5C) after
superplastic deformation at 973 K are shown in Fig. 6a
and d, respectively. Fig. 6b and e reveals the spatial distri-
bution of specific fiber texture components of the micro-
structures shown in Fig. 6a and d. The yellow and red
zones represent the h1 1 1i||ND and h1 0 0i||ND fiber tex-
tures including 15� orientation scatter around the main

Fig. 2. Tensile sample shapes used for high-temperature tensile testing
(973 K) in the superplastic regime for small and average elongations
(several 100%). Note that specimens tested at even higher temperatures of
1023 K (with elongations up to 900%) used a smaller central gauge portion
in order to ensure temperature homogeneity.

1 For interpretation of color in Figs. 3, 6, 7 and 11, the reader is referred
to the web version of this article.
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Fig. 3. SEM micrographs: left-hand side, microstructure after initial pre-processing before superplastic testing; right-hand side, microstructure after
superplastic warm deformation at 973 K and subsequent quenching. (a) Specimen 2 after initial pre-processing before superplastic testing (alloy 0.5C; M,
martensite; P, pearlite; F, ferrite); (b) specimen 2 after superplastic warm deformation at 973 K and subsequent quenching (carbide spheroidization occurs
within the solid circle; DRX of ferrite occurs within the solid rectangle); (c) specimen 3 after initial pre-processing before superplastic testing (alloy 0.5C)
(within the dashed circle, pearlite; within the solid circle, ferrite); (d) specimen 3 after superplastic warm deformation at 973 K and subsequent quenching
(the green arrows denote the ferrite grains formed by DRX); (e) specimen 1 after initial pre-processing before superplastic testing (alloy 0.5CMnSiCr; M,
martensite); (f) specimen 1 after warm deformation at 973 K and subsequent quenching (within the red dashed rectangle: (ferrite plus spherical carbides)
duplex microstructure; the ferrite and spherical carbide denoted by the blue and yellow dots, respectively); (g) specimen 3 after superplastic warm
deformation at 973 K and subsequent quenching as high-resolution SEM micrograph (same state as (d)); (h) specimen 1 after superplastic warm
deformation at 973 K and subsequent quenching as high-resolution SEM micrograph (same state as (f)).
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crystallographic fiber. Fig. 6g and h shows the pole figures
for specimen 1 (alloy 0.5CMnSiCr) and specimen 3 (alloy

0.5C) after superplastic deformation at 973 K. Fig. 6i
shows the corresponding orientation distribution functions
(ODF).

The data reveal that pronounced orientation distribu-
tions are formed. The h1 1 1i||ND fiber represent a typical
texture formed during DRX of ferrite, while the
h1 0 0i||ND texture fiber indicates the occurrence of ferrite
recovery in steels [9,23–25].

The fraction of the h1 0 0i||ND texture fiber component
in Fig. 6e (46 area%; alloy 0.5C) is higher than in Fig. 6b
(30 area%; alloy 0.5CMnSiCr). This observation suggests
that the progress of ferrite recovery during superplastic
deformation of specimen 3 (alloy 0.5C) is more intense
than that during superplastic forming of specimen 1 (alloy
0.5CMnSiCr). This is also confirmed by Fig. 6i, where the
ODF sections reveal for alloy 0.5C a strong prevalence of a
texture component close to {0 0 1}h1 1 0i, which is indica-
tive of recovery in body-centered cubic (bcc) steels [9,23–
26].

In contrast, the fraction of the h1 1 1i||ND fiber texture
formed during superplastic deformation of specimen 1
(25 area% in Fig. 6b, alloy 0.5CMnSiCr) is higher than that
obtained during superplastic deformation of specimen 3
(20 area% in Fig. 6e, alloy 0.5C). This is also confirmed
by the ODF analysis shown in Fig. 6i. These data suggests
that the DRX or even post-DRX of ferrite in specimen 1
(alloy 0.5CMnSiCr) proceeds more completely than that
in specimen 3 (alloy 0.5C) during superplastic forming.

Fig. 4. (a) AC and (b) WQ microstructures obtained from the center of the rolled plates (30 mm) for alloy 1.3CMnSiCr after large-scale thermomechanical
treatment; (c) AC and (d) WQ microstructures obtained from the center of the rolled plates (30 mm) for alloy 0.5CMnSiCr after large-scale
thermomechanical treatment.

Fig. 5. EDX results of (a) carbides and (b) ferrite in specimen 1 (alloy
0.5CMnSiCr) after warm deformation at 973 K.
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Fig. 6. Alloy 0.5CMnSiCr (specimen 1) after superplastic deformation at 973 K: (a) ferrite orientation distribution map; (b) in-plane distribution of main
texture fibers; (c) grain boundary map; (g) pole figures, alloy 0.5C (specimen 3) after superplastic deformation at 973 K: (d) ferrite orientation distribution
map; (e) in-plane distribution of main texture fibers; (f) grain boundary map; (h) pole figures (LD, longitudinal direction of flat compressed sample; TD,
transverse direction of flat compressed sample; black pixels in (b) and (e), unidentified zones). (i) 2D sections and 3D presentation of the orientation
distribution functions of alloy 0.5CMnSiCr (specimen 1) after superplastic deformation at 973 K (top row) and of alloy 0.5C (specimen 3) after
superplastic deformation at 973 K (bottom row).
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The grain boundaries formed in the superplastic regime in
specimens 1 and 3 are shown in the grain boundary maps in
Fig. 6c and f. The black and red lines denote high-angle
(h > 15�) and low-angle (2� < h < 15�) grain boundaries,
respectively. The density of low-angle grain boundaries in
specimen 1 (alloy 0.5CMnSiCr) is larger than in specimen
3 (alloy 0.5C) after superplastic deformation. In addition,
some unidentified orientation zones exist (i.e. black areas
in Fig. 6b and e), which are the result of dispersed carbides.

Generally, it is admissible that the crystallographic tex-
tures obtained in the present study from uniaxial compres-
sion tests can be qualitatively interpreted in terms of the
texture evolution known from rolling. The reason for that
is the dominance of the compressive stress component for
the texture evolution in either case. Plane strain states such
as used for the idealization of rolling processes (neglecting
the complex forward and backward shear processes in the
actual rolling gap) can be approximated by the Tucker
stress state. This loading situation is characterized by a
compressive stress component in the sheet normal direction
and a tensile stress in the forward (rolling) direction. This
means that, except for the longitudinal stress component,
rolling and compressive deformation states are compara-
ble. The strong similarity between the two types of textures
was also experimentally observed in detailed texture studies
on steels that were conducted on uniaxial large-scale com-
pressive tests using a 2.5 MN hot press [9,25,26].

3.4. Stress–strain curves

Fig. 7a shows the stress–strain curves of specimen 1
(alloy 0.5CMnSiCr) and specimens 2 and 3 (alloy 0.5C)

taken during superplastic deformation at 973 K. The flow
stress reveals a downward trend (specimen 1, from
125 MPa to 113 MPa; specimen 2, from 122 MPa to
110 MPa; specimen 3, from 107 MPa to 94 MPa) with
increasing strain within Rt. For the plain alloy 0.5C, the
flow stress of specimen 2 containing 75 vol.% pearlite is
�15 MPa higher than that of specimen 3 containing
93 vol.% martensite during warm deformation. The flow
stress of the Mn–Si–Cr alloyed specimen 1, containing
100 vol.% martensite, is similar to that of specimen 3 within
regimes R11–R12 and R21–R22 (i.e. R11, R12, R21 and R22),
while the former is higher than the latter within regimes
R13–R15 and R23–R25. The m-value within strain regimes
R1 and R2 at 973 K is shown in Table 2. It can be seen that
specimen 1 (alloy 0.5CMnSiCr) exhibits superplastic char-
acteristics (m > 0.3) within R21–R24 (i.e. at a strain rate of
10�4–10�3 s�1). The m-value of specimens 2 and 3 (alloy
0.5C) is low (m < 0.23) within the regimes R1 and R2.

Fig. 7b exemplarily shows the full stress–strain curves
for the WQ large-scale tensile samples of the alloy 1.3CMn-
SiCr at 973 K and 1073 K, respectively. Fig. 7c presents the
stress–strain curves of different small-scale samples of alloy
1.3CMnSiCr during superplastic deformation at different
temperatures. The deformation steps, sequence and condi-
tions are the same as for the procedure outlined in Fig. 7a.

3.5. Elongation

The AC and WQ tensile samples of alloys 0.5CMnSiCr
and 1.3CMnSiCr were obtained from the center of
the rolled plates after large-scale thermomechanical
treatment (1 h holding at 1223 K plus 50% reduction at

Fig 6. (continued)
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1223–1073 K followed by cooling). Previous studies [14,18]
showed that the optimum superplastic temperature range
for these steels is around the A1 temperature (usually
slightly below A1). Therefore, 973 K and 1023 K (just
below A1) were chosen as the tensile testing temperatures.
Figs. 8 and 9 show the results at 973 K and 1023 K, respec-
tively. For alloy 1.3CMnSiCr, the average elongation of
the WQ samples (432% at 973 K and 530% at 1023 K;
Fig. 7b) is higher than that observed for the AC samples
(257% at 973 K and 233% at 1023 K). For the 0.5CMnSiCr
alloy, the average elongation of the WQ samples (217%) is
close to that determined for the AC samples at 973 K
(218%), while the elongation of the former (205%) is
slightly lower than that of the latter (340%) at 1023 K.

The WQ samples of 1.3CMnSiCr exhibit excellent super-
plasticity (elongation �600% at 1023 K). The tensile test
results obtained for the AC and WQ samples (note the
short gauge length) of 1.3CMnSiCr at 1023 K are shown
in Fig. 10. The quantification of the elongation for such
a limited central gauge length (5 mm, owing to the small
zone of homogeneous temperature) reveals a drastic
increase in elongation of the WQ samples from 600% to
900%.

The WQ cylinders (6 � 10 mm) that were cut from the
rolled plates after large-scale thermomechanical treatment
had a hardness of about HRC 63–64 (hardness according
to the Rockwell scale). After superplastic forming at 973 K
the final material had a much lower hardness of HRC 32–
33, owing to its homogeneous ferrite–carbide matrix.

4. Discussion

4.1. Microstructures obtained after small specimen

thermomechanical processing

The Ae3 temperatures of alloys 0.5CMnSiCr and 0.5C
are <1073 K, i.e. austenite does not transform during
pre-deformation at 1073 K (Fig. 1a and b). A previous
study [27] showed that Mn alloying retards pearlite trans-
formation during cooling. In the current alloy concept,
Mn–Si–Cr alloying improves the hardenability of alloy
0.5CMnSiCr. As a result, the austenite in alloy 0.5CMn-
SiCr transforms fully into martensite during AC after

Fig. 7b. Exemplary full stress–strain curves for the WQ tensile samples of
the alloy 1.3CMnSiCr at 973 K and 1073 K, respectively.Fig. 7a. Stress–strain curves obtained for specimen 1 (alloy 0.5CMnSiCr)

and specimens 2, 3 (alloy 0.5C) during superplastic warm deformation at
973 K. The superplastic deformation conditions are given in Table 1. All
superplastic deformation cycles consist of three sequential strain regimes,
namely, the first strain regime (R1), the transition regime (Rt) and the
second strain regime (R2). regimes R1 (R2) with a total true strain of 0.2
consist of five sequential parts, i.e. R11, R12, R13, R14 and R15 (similarly,
R21, R22, R23, R24 and R25). Each of these sub-regimes imposed a true
strain step of 0.04 at a specific strain rate specified in Table 1 (e.g. R11

represents a true strain of 0.04 at 10�4 s�1 within the strain regime R1). A
true strain of 0.3 at 10�3 s�1 was applied within Rt in order to focus on the
difference in strain rate sensitivity between deformation regimes R1 and
R2. The line colors indicate the differences in the starting microstructures
(specimens 1–3) obtained after the pre-processing steps before superplastic
forming according to Figs. 1 and 3. Specimen 1 (alloy 0.5CMnSiCr)
contained 100 vol.% martensite before superplastic forming. Specimen 2
(alloy 0.5C) contained pearlite (�75 vol.%), martensite (�20 vol.%), and
ferrite (�5 vol.%) before superplastic forming. Specimen 3 (alloy 0.5C)
contained martensite (�93 vol.%), pearlite (�5 vol.%), and ferrite
(�2 vol.%) before superplastic forming.

Table 2
m-Value within the first and second strain regimes during superplastic warm deformation at 973 K.

Strain regime First strain regime (R1) Second strain regime (R2)

R11–R12 R12–R13 R13–R14 R14–R15 R21–R22 R22–R23 R23–R24 R24–R25

m of specimen 1 0.24 0.30 0.29 0.25 0.38 0.35 0.31 0.24
m of specimen 2 0.16 0.20 0.15 0.12 0.13 0.15 0.15 0.13
m of specimen 3 0.19 0.22 0.16 0.15 0.22 0.19 0.19 0.21

Specimen 1 (alloy 0.5CMnSiCr) and specimens 2–3 (alloy 0.5C) are obtained after the corresponding thermomechanical pre-processing steps in Fig. 1.
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deformation. In contrast, most of the austenite in alloy
0.5C transforms to pearlite (�75 vol.% in specimen 2) dur-
ing AC after pre-deformation. Even during water quench-
ing after the thermomechanical deformation, some of the
austenite in alloy 0.5C transforms to ferrite and pearlite
(�7 vol.% in specimen 3). This indicates that the hardena-
bility of alloy 0.5CMnSiCr is much better than that of alloy
0.5C. The hardenability is determined by the phase trans-
formation (from austenite to martensite/ferrite/pearlite)
during cooling after the preceding thermomechanical
deformation above the Ae3 temperature.

4.2. Microstructure evolution during superplastic warm

deformation

Fig. 3 shows the microstructures of specimen 1 (alloy
0.5CMnSiCr) and specimens 2 and 3 (alloy 0.5C) that
evolve during superplastic deformation at 973 K. Pearlite
lamellae break up and carbides spheroidize within the ini-
tial pearlite zone (solid circle, Fig. 3b). At the same time,
DRX of ferrite occurs within the initial martensite zone
(solid rectangle, Fig. 3b) because the critical strain required
for DRX of ferrite during warm deformation is much smal-
ler for lath martensite than for ferrite and pearlite [28].

Since specimens 1 and 3 contain a much larger martensite
fraction than specimen 2, the DRX of ferrite revealed in
Fig. 3f and d is more complete than that in Fig. 3b.

It was addressed in Ref. [28] that tempering of lath mar-
tensite for 300 s at 923 K led to the formation of carbides
(�0.1 lm in diameter) at grain boundaries. Therefore, it
is conceivable that the precipitation of carbides is finished
within the martensite zone soon after the onset of warm
deformation at 973 K. Moreover, carbon diffusion is accel-
erated during warm deformation, promoting the precipita-
tion of carbides [29]. With increasing strain, the average
size of the carbides at grain boundaries increases, and the
density of carbides inside the grains drops [30]. The result-
ing carbide dispersion is controlled by Ostwald ripening. In
Fig. 3f, submicron-sized carbides (�0.5 lm) are located at
ferrite grain boundaries, and only a small density of nano-
meter-sized carbides occurs inside the ferrite grains. The
submicron-sized carbides precipitate at hetero-phase inter-
faces and martensite blocks soon after the onset of super-
plastic forming. Owing to the contribution of interface
diffusion, they can grow fast at the expense of nanome-
ter-sized carbides precipitating inside the martensite
blocks. This is revealed in Fig. 3d, where nanometer-sized
carbides are dispersed inhomogeneously. The zones lacking

Fig. 7c. Stress–strain curves of different small-scale cylinders obtained for alloy 1.3CMnSiCr during superplastic warm deformation at different
temperatures. The deformation steps, sequence and conditions are the same as for the procedure outlined in (a). (a) AC cylinder (973 K); (b) AC cylinder
(1023 K); (c) WQ cylinder (973 K); (d) WQ cylinder (1023 K).
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Fig. 8. Tensile test results obtained from superplastic forming at 973 K. (a) AC samples and (b) WQ samples of alloy 1.3CMnSiCr; (c) AC samples and (d)
WQ samples of alloy 0.5CMnSiCr.

Fig. 9. Tensile test results obtained from superplastic forming at 1023 K: (a) AC samples and (b) WQ samples of alloy 1.3CMnSiCr; (c) AC samples and
(d) WQ samples of alloy 0.5CMnSiCr.
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the nanometer-sized carbides are formed through the disso-
lution of nanometer-sized carbides inside the martensite
blocks. However, a large amount of these carbides still dis-
tributes inside the ferrite grains, as revealed in Fig. 3d.
These observations suggest that there is a specific precipita-
tion mechanism that is responsible for the formation of
these small carbides. Ferrite recovery includes mechanisms
such as dislocation accumulation, formation of low-angle
grain boundaries and polygonization. During superplastic
deformation, dislocations are multiplied and accumulated.
A previous study [31] showed that the bonding energy
between the carbon atoms and dislocations in ferrite is lar-
ger than that between the carbon and iron atoms in
cementite. Therefore, nanometer-sized carbides precipitat-
ing inside martensite blocks dissolve, and the released car-
bon atoms diffuse, probably via dislocation cores, to form
Cottrell atmospheres [31,32]. With increasing strain, low-
angle grain boundaries are formed through dislocation
reorganization and annihilation. At the same time, the sol-
ubility of carbon atoms in ferrite drops with the decrease in
dislocation density, which results in the re-precipitation of

nanometer-sized carbides. Consequently, the dispersed
nanometer-sized carbides revealed in Fig. 3d are assumed
to be formed mostly in terms of a dissolution and re-precip-
itation mechanism [33,34]. In addition, the average size of
submicron-sized carbides in Fig. 3d (�0.8 lm) is larger
than that in Fig. 3f (�0.5 lm). This is caused by the effect
of Mn–Si–Cr alloying and will be discussed below.

Previous studies [35,36] showed that ferrite nuclei
formed by DRX were located near large carbides
(>0.5 lm), owing to the strain gradient that exists in the
vicinity of these precipitates. Therefore, DRX of ferrite
most probably occurs near those submicron-sized carbides
during superplastic warm deformation. At the same time,
ferrite recovery [37] is promoted with increasing strain.

4.3. Effects of Mn, Si and Cr on microstructure evolution

during superplastic deformation

The density of submicron-sized carbides in Fig. 3f is larger
than that in Fig. 3d. This is attributed to the effect of Si which
suppresses carbide precipitation [38,39]. For specimen 1
(Mn–Si–Cr alloyed), the interfaces of the martensite laths
are not the preferential precipitation sites of carbides due
to the influence of Si. The preferential precipitation sites
are rather located at hetero-phase interfaces and martensite
blocks soon after the onset of superplastic deformation.
Owing to the contribution of interface diffusion, the carbides
precipitating at the hetero-phase interfaces and martensite
blocks grow fast, at the expense of the carbides at the mar-
tensite laths, and finally lead to the formation of a high den-
sity of submicron-sized carbides, as shown in Fig. 3f. For
specimen 3 (no Mn–Si–Cr alloying), the interfaces of mar-
tensite laths also act as favorable sites for precipitation of
carbides. Since each martensite block contains multiple
laths, the precipitation at martensite laths competes with
that at hetero-phase interfaces and martensite blocks so that
the frequency of precipitation events at hetero-phase inter-
faces and martensite blocks is reduced. Fig. 11 schematically
shows the carbide precipitation behavior of specimen 1
(alloy 0.5CMnSiCr) and specimen 3 (alloy 0.5C) soon after
the onset of superplastic warm deformation. Owing to the
effect of Si, the density of precipitation sites at hetero-phase
interfaces and martensite blocks is higher than that at mar-
tensite laths in specimen 1 (alloy 0.5CMnSiCr). Without
the presence of Si, the density of the precipitation sites at
martensite laths is close to that at hetero-phase interfaces
and martensite blocks in specimen 3 (alloy 0.5C). The differ-
ence in precipitation behavior between the two samples leads
to the effect that a higher density of submicron-sized carbides
exists in the microstructure revealed in Fig. 3f compared with
that shown in Fig. 3d. The precipitation discussed here
occurs soon after the onset of superplastic deformation,
which should be distinguished from the re-precipitation of
nanometer-sized carbides known from the dissolution and
re-precipitation mechanism. However, the slow diffusion of
Mn, Si and Cr retards the growth of the carbides precipitat-
ing at hetero-phase interfaces and martensite blocks. Conse-

Fig. 10. Tensile test results obtained for (a) AC samples and (b) WQ
samples (short gauge length: 5 mm) of alloy 1.3CMnSiCr at 1023 K.
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quently, the submicron-sized carbides revealed in Fig. 3f are
smaller than those in Fig. 3d. In addition, specimen 1 has a
higher density of precipitation sites at hetero-phase inter-
faces and martensite blocks compared with specimen 3.
Therefore, the total carbon content is blended into more sub-
micron-sized carbides, and the average size of the submi-
cron-sized carbides is limited during superplastic forming
of specimen 1.

DRX of ferrite mainly occurs near the submicron-sized
carbides during warm deformation. Therefore, more ferrite
nuclei are obtained by DRX due to a higher density of sub-
micron-sized carbides in specimen 1 (compared with speci-
men 3). The carbides act as obstacles for the growth of
ferrite grains due to Zener pinning. As a result, the ferrite
grains revealed in Fig. 6a are much finer than those pre-
sented in Fig. 6d. In addition, Cr stabilizes the carbides
[17] so that the fine precipitates at the ferrite grain bound-
aries prevents ferrite grain coarsening during superplastic
forming.

4.4. Role of carbon during superplastic deformation

According to the Lifshitz–Slyozov–Wagner (LSW) the-
ory [30,40], the kinetic equation for spherical carbide coars-
ening is given, when carbon diffusion controls the process,
by

�r3 � �r0
3 ¼ 8cV 2

hxcDc

9RT
� ðt � t0Þ ð1Þ

In this equation, r is the average radius of the carbides at time
t, r0 is their initial radius at the onset of coarsening, c is the
carbide–ferrite interface energy, Dc is the diffusion coefficient
of carbon, xc is the solubility of carbon in ferrite, R is the gas
constant, T is the absolute temperature, and Vh is the molar
volume of the carbides. Fig. 3f shows that the average size of
the carbides is �0.5 lm in diameter after superplastic form-
ing of specimen 1 (alloy 0.5CMnSiCr). Then Dc can be calcu-
lated as 2.55 � 10�3 cm2 s�1 according to Eq. (1) (using
c = 0.7 J m�1 [41], Vh = 2.397 � 10�5 m3 mol�1 [42],
xc = 7.7 � 10�4 [43]).

Here, the diffusion of carbon occurs during superplastic
deformation at 973 K. Grain boundary diffusion or even
pipe diffusion along dislocations is assumed to be the domi-
nant diffusion mechanism due to the high density of grain
boundaries and dislocations in the material. Therefore, Dc

is considered the grain boundary diffusion coefficient and
calculated as 4.4 � 10�5 cm2 s�1 according to Eq. (2) [44,45].

Dc ¼ 6:2� 10�3

� exp � 40; 000ðJ=molÞ
RT

� �
cm2=s
� �

ð623–1123 KÞ

ð2Þ
The difference in the two calculated diffusion coefficients of
carbon indicates that Mn–Si–Cr alloying accelerates the
diffusion of carbon, promoting carbide coarsening during
superplastic warm deformation of the initial martensitic
microstructure. The average size of submicron-sized car-
bides revealed in Fig. 3d (�0.8 lm) is larger than that pre-
sented in Fig. 3f (�0.5 lm), which suggests that the
coarsening of carbides should be faster even without Mn–
Si–Cr alloying. Therefore, it is supposed that the coarsen-
ing of carbides is controlled by the slow diffusion of Mn,
Si and Cr. Although Mn–Si–Cr alloying retards the coars-
ening of the carbides, a large density of submicron-sized
carbides was formed at a low strain (i.e. true strain 0.7)
during warm deformation at 973 K. This is attributed to
the large amount of carbide precipitation sites at the het-
ero-phase interfaces and martensite blocks. Furthermore,
the additional contribution of grain boundary diffusion
(or pipe diffusion) contributes to the formation of submi-
cron-sized carbides.

4.5. Factors affecting the superplasticity of Mn–Si–Cr–C

steels

4.5.1. Thermomechanical processing prior to superplastic

forming

After initial thermomechanical processing (Fig. 1b),
specimen 2 with 75 vol.% pearlite and specimen 3 with

Fig. 11. Carbide precipitation behavior of (a) specimen 1 (alloy 0.5CMnSiCr) and (b) specimen 3 (alloy 0.5C) soon after the onset of warm deformation at
973 K (blue dots, the precipitation sites at hetero-phase interfaces and martensite blocks; red dots, the precipitation sites at martensite laths).
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93 vol.% martensite were obtained (both alloy 0.5C). The
difference in microstructure between the two is due to the
different cooling rates. At 973 K, the flow stress of speci-
men 2 is �15 MPa above that of specimen 3. This indicates
that the thermomechanical processing affects the subse-
quent superplastic forming owing to its influence on the
starting microstructures. Table 2 shows that the m-value
for specimen 2 is lower than that for specimen 3 within
regime R2 (see details in Fig. 7a) during superplastic form-
ing at 973 K. The difference in m-value between the two
specimens 2 and 3 indicates a basic influence of the preced-
ing thermomechanical processing on the subsequent super-
plastic flow behavior. However, the AC and WQ tensile
samples of alloy 1.3CMnSiCr obtained after large-scale
thermomechanical treatment (1 h holding at 1223 K plus
50% reduction at 1223–1073 K followed by cooling) exhibit
different elongations at 973 K (Fig. 8a and b). This differ-
ence is caused by the differences in microstructure between
the AC and WQ samples (Fig. 4a and b).

4.5.2. Effect of Mn–Si–Cr alloying on the formation of

superplastic microstructures
It is observed that the range of alloying studied here, (2–

2.5)Mn–(1.5–2)Si–(0.8–1.5)Cr, not only improves hardena-
bility, but also facilitates the formation of microstructures
that promote structural superplasticity. More specifically, a
homogeneous ferrite plus spherical carbide duplex micro-
structure is obtained during superplastic forming. The high
hardenability of Mn–Si–Cr–C steels is beneficial for
obtaining relatively fine martensite (martensite blocks
<10 lm) after a thermomechanical process which consists
of austenitization plus true strain of 1.2, followed by fast
cooling. During subsequent superplastic forming of the ini-
tial martensite microstructure, the high interface density
provides multiple carbide precipitation sites and leads to
a homogeneous precipitation topology. Furthermore,
Mn–Si–Cr alloying seems to increase the density of carbide
precipitation sites at hetero-phase interfaces and martensite
blocks, thereby resulting in a high density of submicron-
sized carbides. These carbides grow at the expense of the
carbides precipitating at martensite laths. The ferrite is
essentially formed by DRX. Consequently, the material
assumes a fine ferrite grain size �1.5 lm at low superplastic
strains (i.e. true strain of 0.7) at 973 K. The submicron-
sized spherical carbides located at the ferrite grain bound-
aries act as obstacles for the growth of ferrite grains due to
Zener pinning during superplastic forming [13]. As men-
tioned above, the microstructure of alloy 0.5CMnSiCr
(Fig. 3f) is much finer and more homogeneous than that
of alloy 0.5C in Fig. 3d after warm deformation at
973 K. The pole figures (Fig. 6g) indicate that intense sub-
grain formation, and probably also subgrain rotation,
occurs during ferrite recovery in the course of warm defor-
mation of alloy 0.5CMnSiCr. These two phenomena also
contribute to a gradual deformation-driven grain refine-
ment and, thereby, might promote grain boundary sliding
during superplastic deformation [19].

4.5.3. Effect of carbon content on microstructure and

superplasticity

A previous study [28] showed that the martensite block
size decreased with an increase in carbon content. It was
also observed that martensite refinement promoted ferrite
recrystallization during the subsequent superplastic defor-
mation. This means that an increase in the carbon content
is advantageous for realizing superplasticity in the current
alloys. Also, the amount and dispersion of carbides sup-
pressing ferrite coarsening is increased with higher carbon
content, which further promotes superplasticity. In the
present work, the elongation of the WQ samples of alloy
1.3CMnSiCr is higher than that of the WQ samples of alloy
0.5CMnSiCr at 973 K and 1023 K (Figs. 8 and 9). How-
ever, the elongation of AC samples of alloy 1.3CMnSiCr
is similar to or even lower than that of AC samples of alloy
0.5CMnSiCr at 973 K and 1023 K. This contradiction is
due to the difference in the microstructure of the AC sam-
ples prior to superplastic tensile testing. The AC micro-
structure of alloy 1.3CMnSiCr contains mainly lamellar
pearlite, while the AC microstructure of alloy 0.5CMnSiCr
is composed mostly of martensite. The present results
showed, however, that martensite transforms to a duplex
microstructure consisting of ferrite and spherical carbides
soon after the onset of superplastic warm deformation at
973 K. Therefore, the AC samples of 0.5CMnSiCr show
higher elongations than those of 1.3CMnSiCr.

4.6. Elongations and m-values of Mn–Si–Cr–C steels

A previous study [46] showed that the final m-value
determines the elongation to fracture. The m-value within
the regimes R21–R22 is higher than that within R11–R12

(details in Fig. 7a) during superplastic deformation of spec-
imen 1 (alloy 0.5CMnSiCr) at 973 K (Table 2). In Fig. 8c
and d, the elongation of alloy 0.5CMnSiCr (with a micro-
structure similar to that of specimen 1, i.e. martensite)
reaches a value of 200% at 973 K. Nevertheless, as dis-
cussed above, a high m-value alone is not sufficient to
obtain a high elongation, especially when microstructures
contain brittle phases (e.g. martensite and carbides). The
occurrence of brittle phases may result in a low elongation
even at a high m-value. Therefore, special attention is
placed on the relationship between the m-value and the
resulting elongation of Mn–Si–Cr–C steels. Table 3 shows
the m-value of alloy 1.3CMnSiCr within the superplastic

Table 3
m-Value of alloy 1.3CMnSiCr within the second strain regime during
superplastic warm deformation.

Second strain regime (R2) R21–R22 R22–R23 R23–R24 R24–R25

m of AC cylinder at 973 K 0.38 0.32 0.28 0.23
m of AC cylinder at 1023 K 0.43 0.44 0.35 0.30
m of WQ cylinder at 973 K 0.49 0.47 0.41 0.32
m of WQ cylinder at 1023 K 0.46 0.47 0.36 0.31

The AC and WQ cylinders are obtained from the center of the AC and
WQ plates (30 mm) after rolling, respectively.
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strain regime R2. The AC and WQ cylinders used for the
measurement of the m-value are 6 mm in diameter and
10 mm in length. They were cut from the center of the
rolled plates after large-scale thermomechanical treatment
(1 h holding at 1223 K plus 50% reduction at 1223–1073 K
followed by cooling). The measurement of the correspond-
ing m-values is conducted through superplastic warm defor-
mation with the same deformation conditions as used for
specimens 1–3, as shown in Table 1. Fig. 7c shows the corre-
sponding stress–strain curves of the different small-scale cyl-
inders of alloy 1.3CMnSiCr (AC and WQ; 973 K
and1073 K) during superplastic warm deformation at differ-
ent temperatures. The deformation steps, sequence and con-
ditions are the same as for the procedure outlined in Fig. 7a.

The microstructures of the cylinders are the same as
those of the samples used for tensile testing, owing to iden-
tical sampling positions. Since the strain rate is kept at
�10�4 s�1 during tensile testing, the average m-value
within regimes R21–R23 (i.e. at 10�4–4 � 10�4 s�1,
Fig. 7a) is used during superplastic deformation to achieve
similar testing conditions. The average m-value of the AC
cylinders is �0.35 at 973 K and �0.44 at 1023 K (the aver-
age elongation of AC samples is �257% at 973 K and
�233% at 1023 K). The average m-value of the WQ cylin-
ders is �0.48 at 973 K and �0.47 at 1023 K (the average
elongation of WQ samples is �432% at 973 K and
�530% at 1023 K). As a rule, the WQ cylinders exhibit
higher m-values, and this leads to higher elongations in
comparison with the AC samples. However, it was also
observed that higher m-values alone do not necessarily lead
to higher elongations. For example, the average m-value of
the AC cylinders at 1023 K (�0.44) is higher than that of
the AC cylinders (�0.35) at 973 K. In contrast, the average
elongation at 1023 K (�233%) is lower than that at 973 K
(�257%). This indicates that a higher m-value is necessary,
but not sufficient, for obtaining higher superplastic elonga-
tions in Mn–Si–Cr–C steels. In future, with regard to the
further development of Mn–Si–Cr–C steels with excellent
superplasticity, the measurement of the m-value can be
applied to predict superplasticity in advance and should
then be combined with tensile testing to identify the opti-
mal superplastic deformation regime. It must also be con-
sidered that the specific tensile testing conditions affect
the elongation results. A limited gauge area of uniform
temperature may lead to non-uniform conditions and smal-
ler elongations during testing.

5. Conclusions

(1) As an effective way of improving hardenability, (2–
2.5)Mn–(1.5–2)Si–(0.8–1.5)Cr alloying is beneficial
for obtaining martensite through a thermomechani-
cal process (austenitization plus true strain of 1.2 fol-
lowed by fast cooling) in steels. The strain rate
sensitivity of (1.2–1.5)C–(2–2.5)Mn–(1.5–2)Si–(0.8–
1.5)Cr steels consisting initially of martensite and
spherical carbides (before superplastic forming)

reaches values up to nearly 0.5 and a maximum
superplastic elongation of as much as 900% at
1023 K. Such a high elongation is achieved for the
first time in the field of low-alloyed steels produced
through conventional processing.

(2) Mn–Si–Cr alloying seems to increase the density of
carbide precipitation sites at hetero-phase interfaces
and martensite blocks soon after the onset of super-
plastic forming at 973–1023 K (below austenite–
pearlite transformation). Owing to the contribution
of interface diffusion, the carbides precipitating at
hetero-phase interfaces and martensite blocks grow
fast at the expense of the carbides precipitating at
martensite laths. Simultaneously, DRX and recovery
of ferrite occur, finally leading to the formation of a
fine and homogeneous duplex microstructure (ferrite
plus spherical carbides) with a ferrite grain size
�1.5 lm in Mn–Si–Cr–C steels. The spherical car-
bides include submicron-sized carbides at the ferrite
grain boundaries and nanometer-sized carbides inside
the ferrite grains. Nanometer-sized carbides are
formed via dissolution and re-precipitation.

(3) Redistribution of Mn, Si and Cr occurs between the
ferrite and carbides during superplastic forming at
973–1023 K. Carbide coarsening is controlled by the
slow diffusion of Mn, Si and Cr. Although Mn–Si–Cr
alloying may accelerate carbon diffusion, carbide
coarsening is suppressed owing to the slow diffusion
of Mn, Si and Cr. As a result, the average size of submi-
cron-sized carbides at the ferrite grain boundaries is
reduced.

(4) Subgrain formation occurs during ferrite recovery in
the course of superplastic forming of Mn–Si–Cr–C
steels at 973 K. This could promote grain boundary
sliding and, hence, superplasticity.

(5) Thermomechanical processing before superplastic
forming, Mn–Si–Cr alloying, carbon content and
superplastic deformation conditions (temperature,
strain rate) are the main factors affecting superplastic
flow, properties, and microstructures of low-alloyed
Mn–Si–Cr–C steels.
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