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Abstract

This paper reports a three-dimensional (3D) study of the microstructure and texture below a conical nanoindent in a (111) Cu single
crystal at nanometer-scale resolution. The experiments are conducted using a joint high-resolution field emission scanning electron
microscopy/electron backscatter diffraction (EBSD) set-up coupled with serial sectioning in a focused ion beam system in the form of
a cross-beam 3D crystal orientation microscope (3D EBSD). The experiments (conducted in sets of subsequent ð11�2Þ cross-section
planes) reveal a pronounced deformation-induced 3D patterning of the lattice rotations below the indent. In the cross-section planes
perpendicular to the (111) surface plane below the indenter tip the observed deformation-induced rotation pattern is characterized
by an outer tangent zone with large absolute values of the rotations and an inner zone closer to the indenter axis with small rotations.
The mapping of the rotation directions reveals multiple transition regimes with steep orientation gradients and frequent changes in sign.
The experiments are compared to 3D elastic–viscoplastic crystal plasticity finite element simulations adopting the geometry and bound-
ary conditions of the experiments. The simulations show a similar pattern for the absolute orientation changes but they fail to predict the
fine details of the patterning of the rotation directions with the frequent changes in sign observed in the experiment. Also the simulations
overemphasize the magnitude of the rotation field tangent to the indenter relative to that directly below the indenter tip.
� 2006 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction and motivation

Nanoindentation is a well-established test method for
the determination of mechanical properties at microstruc-
tural scales [1–3]. The mechanically relevant volume
probed by this test typically lies between (30 nm)3 and
(10 lm)3 depending on the indentation set-up and the
material indented. Owing to its high lateral resolution,
small-scale indentation is not only very useful for determin-
ing the mechanical heterogeneity of complex microstruc-
tures but also for investigating the local mechanical
response of modern miniaturized electronic and engineer-
1359-6454/$30.00 � 2006 Acta Materialia Inc. Published by Elsevier Ltd. All
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ing devices, micro-electromechanical systems (MEMS),
and functional coatings [3].

Due to its complexity, small-scale indentation testing
challenges modelers and experimentalists to better under-
stand the deformation mechanisms that govern the
mechanics in the indentation zone. The complexity of such
tests arises from the complicated boundary and kinematic
conditions, microstructural size effects, anisotropy, and
heterogeneity of the deformation and stress fields as well
as from the corresponding dislocation arrangements that
are created below and around an indent [3–12].

There are two main benefits from an improved under-
standing of nanoindentation. First, the material parameters,
which are commonly extracted from the force–displacement
curves, could be placed on a more solid theoretical ground.
rights reserved.
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This applies in particular to the field of plasticity where a
more detailed comprehension of the contact area, rate and
relaxation effects, three-dimensional (3D) stress state, nano-
scale friction, and material anisotropy might render the data
acquisition more detailed and robust. Second, an enhanced
understanding of indentation mechanics might enable one
to extract and address a larger spectrum of constitutive
material parameters than before. For instance it is conceiv-
able to obtain tensorial rather than only scalar data, precise
nanofriction coefficients, residual stresses, flow anisotropy,
or small-scale damage effects from nanoindentations at a
more quantitative scale than currently possible.

In that context this study addresses, as one particular
aspect of nanoindentation, the formation of the crystallo-
graphic texture and microstructure in the deformation zone
around an indent in three dimensions. For this purpose we
use for the first time a novel experimental approach,
namely a 3D electron backscatter diffraction (EBSD) tex-
ture and microstructure analysis. For this experiment we
use a cross-beam microscope, which is a set-up of a high-
resolution field emission scanning electron microscopy
(SEM) instrument in conjunction with an EBSD system
and a focused ion beam (FIB) microscope used for serial
sectioning [13–15]. This technique allows us to map the
deformation-induced lattice rotations below an indent in
three dimensions. The experiment is conducted on a
[111] Cu single crystal with a conical indenter using a
Hysitron TriboIndenter set-up. A conical shape is used to
avoid symmetries other than those of the crystal structure.
The joint investigation of plastic deformation and induced
lattice rotations is of great interest for an improved micro-
mechanical understanding of indentation experiments
owing to the close connection between crystallographic
shear and the resulting lattice spin (the term ‘‘lattice spin’’
is in the following used synonymously for related terms
such as crystalline reorientation, texture evolution, or
induced lattice rotation).

The experimental 3D observations are compared to cor-
responding 3D elastic–viscoplastic crystal plasticity finite
element simulations which adopt the geometry and bound-
ary conditions of the experiments. The crystal plasticity
finite element simulations are essential for the interpreta-
tion of the observed rotation fields. They allow us not only
to establish the relationship between crystallographic shear
and texture but also provide information about the spatial
3D distribution of the individual shear rates on the active
slip systems that entail the observed lattice rotations. The
latter aspect is of particular interest because the 3D distri-
bution of the shear rate contributions of the 12 slip systems
cannot currently be obtained by any other experimental or
theoretical method owing to the heterogeneity of the inden-
tation test.

To understand which contributions of the observed
deformation and rotation pattern are due to isotropic
mechanics as opposed to those effects that have an aniso-
tropic crystallographic background, we also conduct simu-
lations with a J2 yield stress criterion (where J2 is the
second invariant of the stress deviator as an isotropic yield
criterion). This combination of isotropic and anisotropic
(crystal plasticity) finite element simulations enables one
to separate carefully macromechanical isotropic effects in
the pattern formation from crystallographic aspects
[16,17]. This approach has been successfully used before
for the interpretation of crystallographic versus isotropic
micromechanical aspects in the field of crystal plasticity
[18,19].

2. Previous studies on deformation-induced lattice rotations

during indentation

Only a few experimental studies have addressed the rela-
tionship between indentation and deformation-induced lat-
tice rotations in the vicinity of an indent. In a set of recent
papers the group of Larson et al. [20–24] obtained impres-
sive results on the microstructure evolution below indents
by using a non-destructive 3D synchrotron diffraction
method. In their work they observed a systematic deforma-
tion-induced orientation pattern below [111] indents in Cu
single crystals. The experimentally observed pattern was
characterized by outward rotations at the rim of the indent
(tangent zone of the indent) and inward rotations directly
below the indent close to the indenter axis. The results were
discussed in terms of Kröner’s concept of geometrically
necessary dislocations. Wang et al. [25] investigated the
dependence of nanoindentation pile-up patterns and of lat-
tice rotations for Cu single crystals with different orienta-
tions ([100], [110], and [111]) using a conical indenter.
The 2D orientation measurements in this work were con-
ducted around the indents at the surface with a high-
resolution EBSD technique but no 3D analysis could be
performed at that time.

Previous continuum-based indentation simulations
aimed at elucidating the heterogeneity of the mechanics
involved in such tests have been published by various
groups. Most of these works, however, did not address
the formation of crystallographic textures.

Besides the experiments mentioned above, Wang et al.
[25] also conducted corresponding simulations using a 3D
elastic–viscoplastic crystal plasticity finite element method.
The group of Curtin [26,27] used coupled atomistic-contin-
uum modeling for the investigation of nanoindentation.
Smith et al. [28] conducted simulations of nanoindentation
using an extended version of the quasicontinuum model,
which works by embedding an interatomic force law within
a finite element framework. Bolshakov and Pharr [29] have
investigated the influence of material pile-up on the
measurement of mechanical properties by load- and
depth-sensing indentation techniques using finite element
simulations of conical indentation. Fivel et al. [30]
conducted 3D simulations of indent-induced plastic zones
at the mesoscale using a combination of 3D discrete
dislocation simulation and the finite element method.
Durst et al. [31] conducted finite element simulations of
spherical indentations in the elastic–plastic transition



Fig. 1. Schematic showing (a) the crystal directions and (b) the arrange-
ment of the incident secondary electron beam, the specimen, the FIB, and
the EBSD detectors. Indents were made into the crystallographic (111)
plane whereas serial sectioning was performed along the ½11�2� crystallo-
graphic direction (details in Fig. 2).
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regime. In their work they examined spherical indentations
using various elastic–perfectly plastic constitutive material
laws. Similar work was published by Park and Pharr [32]
who investigated nanoindentation with spherical indenters
by use of finite element simulations with particular refer-
ence to the elastic–plastic transition regime. Lichinchi
et al. [33] conducted finite element simulations of nanoin-
dentation of thin films. They applied the method to the
investigation of the stress–strain field of thin hard coatings
subjected to nanoindentation. Durst et al. [34] conducted
finite element simulations of the indentation size effect in
metallic materials introducing a correction for the size of
the plastic zone. In another work, Durst et al. [35]
published a finite element study of nanoindentation
measurements on two-phase elastic–plastic materials. In
this study, they used the approach to investigate the influ-
ence of the shape and the aspect ratio of particles embed-
ded in a matrix material on the deformation behavior
and hardness during depth-sensing indentation.

Very detailed atomistic simulations of the incipient
stages of nanoindentation in face-centered cubic (fcc) single
crystals were recently conducted by Li et al. [36] and Van
Vliet et al. [37]. These studies provided excellent insights
into the early stages of nucleation of slip during the
beginning of indentation. The data revealed a strong
influence of the crystallography on the formation of surface
patterns.

3. Experimental

3.1. Material and sample preparation

A copper single crystal with a (111)-oriented surface
plane was drawn from the melt and cut into a cube-shaped
specimen by spark erosion. The surface plane was wet
ground, diamond polished, and finally electropolished.
An array of indents was placed on the (111) plane of the
single crystal at a distance of 50 lm from the edge. After
indentation the crystal was diamond polished along the
ð11�2Þ plane using a particle size of 1 lm in order to remove
about 20 lm of material perpendicular to the indented
(111) surface (Fig. 1). After polishing, the sample was
cleaned in an ultrasonic acetone bath for 5 min. After that
pure water and high-pressure air were used to clean the
sample of the acetone. The serial sectioning procedure
required for the 3D EBSD analysis was directly conducted
in the Zeiss joint high-resolution field emission cross-beam
3D SEM/EBSD microscope by the FIB unit (Fig. 2).

3.2. Hardness testing

The nanohardness tests were performed using a Hysi-
tron nanoindenter system (TriboIndenter). The instrument
included an XYZ sample stage and a set-up combining a
piezo-scanner as known from conventional atomic force
microscopy (AFM) with a transducer and a conical dia-
mond indenter tip. The XYZ stage was used for the fine
positioning of the sample under the piezo-scanner and for
the approach of the indenter.

The experiments were carried out with a conical indenter
in order to avoid symmetries other than those of the crystal
structure. The nanohardness tests were conducted in load-
controlled mode. A triangular loading–unloading pattern
was used with a maximum peak load of 10 mN but without
any holding time at that load. Loading and unloading were
conducted at the same rate of 1.82 mN/s. The displacement
of the indenter was measured simultaneously to give a
force–displacement curve. To calculate both hardness and
Young’s modulus accurately from the force–displacement
data, it was necessary to know the exact geometry of the
indenter tip. Since the depth of penetration in the copper
single crystals was too large to be achieved in quartz, the
indenter cross-sectional area function was determined by
performing indentation tests at different depths on an alter-
native material with a known and constant Young’s mod-
ulus (poly(methyl methacrylate)). Some 36 indentation
tests in the form of a 6 · 6 matrix with a spacing of
20 lm between the indents and an indentation depth of
about 900 nm were performed, and both hardness and
Young’s modulus were calculated for each of them. The
surface profiles of the indented and surrounding area were
determined using AFM.

3.3. Serial sectioning by FIB and 3D EBSD measurements

Our current approach to 3D EBSD was inspired by the
work of Uchic et al. [13] and Zaefferer et al. [14,15] as well
as by the 3D texture measurements via synchrotron radia-
tion published by the group of Larson [20–24].

The 3D EBSD experiments were conducted using a joint
high-resolution field emission SEM/EBSD set-up together
with a FIB system in the form of a Zeiss cross-beam
3D crystal orientation microscope. SEM allows for the
observation with SE, backscattered electrons, scanning
transmission electron microscopy, EBSD, and energy dis-
persive X-ray analysis. The integrated scanning Ga+ FIB
device allows for the observation with ion-induced SE as
well as for sputtering (milling) for serial sectioning, trans-
mission electron microscopy thin-foil preparation, surface



Fig. 2. (a) Joint high-resolution field emission SEM/EBSD set-up
together with a FIB system in the form of a cross-beam 3D crystal
orientation microscope for conducting 3D EBSD measurements by
serial sectioning (Zeiss) [14,15]. (b) Schematic of the joint FIB/EBSD
set-up. (c) Schematic of the FIB sectioning geometry. The exact
positions of the sections where EBSD mappings were taken are given in
Table 1.
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structuring, and the deposition of various types of films (W,
Pt, SiO2) from organic precursor gasses.

The particular analysis method chosen in this study
involved conducting highly precise and fully automated
serial sectioning with the FIB and subsequently mapping
the texture in each of those layers using high-resolution
EBSD. This approach requires a quick and precise
change between milling for serial sectioning (sample at
36�) and EBSD mapping (sample at 70�) (Fig. 2). The
minimum possible spatial resolution of the 3D pixels
amounts to about 50 · 50 · 50 nm3 [14,15]. The ion beam
did not create noticeable damage, i.e., no serious deteri-
oration of the EBSD pattern quality was observed after
milling the copper single crystal. In order to provide pro-
tection of the free edges against diffuse FIB cutting, a
tungsten layer about 1 lm thick was deposited on the
surface over the indent before starting the milling
process.

In total a volume of 20 lm along the ½1 1�2�, 30 lm along
the ½1�10�, and 20 lm along the [111] direction was
removed by FIB serial sectioning in front of the indent to
expose gradually the volume inspected. The incident angle
of the FIB was normal to the (11 1) plane and an ion beam
current of 500 pA was used for removing the material. For
the last milling step before the EBSD characterization a
smaller beam current of only 100 pA was used in order
to obtain less roughness and better Kikuchi pattern qual-
ity. After this final FIB polishing step the sample was tilted
to the standard EBSD measurement position. The electron
beam had an angle of 20� relative to the [111] direction on
the ð11�2Þ crystal plane. The EBSD measurements were car-
ried out in each layer after serial sectioning at a step size of
80 nm. The whole process of alternating FIB sectioning
and EBSD measurements was carried out for a set of 11
subsequent layers through the 3D deformation zone
around the indent.

Table 1 shows that a set of subsequent serial sections
were placed near the center plane below the actual inden-
ter tip. For each of those planes EBSD mappings were
obtained. The texture data were analyzed in terms of
the misorientation angle with respect to the undeformed
crystal, of the sense of the crystallographic re-rotation
and the axis of rotation.
Table 1
Distance of serial sections from the center plane below the indent

Serial section
plane number

Distance from
center plane below
the indent (lm)

Serial section
plane number

Distance from
center plane below
the indent (lm)

1 7.22 2 5.97
3 5.24 4 1.57
5 0.876 6 0.796
7 0.641 8 0.474
9 0.318 10 0.176

11 �0.484
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4. Simulation of Cu single-crystal indentation

4.1. Introduction

Nanoindentation experiments require careful control of
a set of boundary conditions, such as the surface finish,
defect-free subsurface of the sample indented, accuracy of
the indenter surface and shape, and precise data acquisi-
tion. These difficult experimental conditions suggest the
use of a finite element approach for simulating indentation.
This allows one to investigate the evolution of the material
characteristics during the entire indentation process and
assign the material data obtained to a specific stress–strain
state of the experiment at each instant. In addition it allows
one to investigate the sample interior and to modify sys-
tematically material or process parameters for conducting
numerical experiments.

4.2. Constitutive model

4.2.1. Flow rule

In order to describe the flow kinematics, the finite defor-
mation defined by the deformation gradient F is multiplica-
tively decomposed into two contributions, namely the
elastic part of the deformation gradient Fe and the plastic
part of the deformation gradient Fp. The latter quantity
describes an intermediate configuration accounting only
for the deformation induced by the plastic slip in the lat-
tice, i.e., det |Fp| = 1. Fe captures both the stretch and the
rotation of the lattice. The flow rule is used in the form

_F p ¼ LpF p ð1Þ
where the plastic velocity gradient Lp is given by

Lp ¼
X

a

_ca ma
0 � na

0

� �
ð2Þ

in which ma
0 and na

0 are the orthonormal vectors describing
the slip direction and the slip plane normal of the slip sys-
tems a in the reference configuration, respectively, and _ca

describes the shear rates on the slip systems a.
4.2.2. Hardening mechanism
The material law is based on a crystal plasticity model

introduced by Kalidindi et al. [38,39] for the prediction of
crystallographic texture based on the phenomenology of
the fcc lattice. The hardening law on a slip system a follows:

_ca ¼ _c0
sa

sa

����
����
1=m

signðsaÞ ð3Þ

where _ca is the shear rate on the slip system subjected to the
resolved shear stress sa having a slip resistance of sa. _c0 and m
are material parameters and are the reference shear rate and
the rate sensitivity of slip. The influence of any other slip sys-
tem b on the hardening behavior of system a is given by

_sa ¼
X

b

hab _cb

�� �� ð4Þ
where

hab ¼ qab h0 1� sb

ss

� �a� �
ð5Þ

In this formulation h0, a, and ss are slip hardening parame-
ters, which are assumed to be identical for all fcc slip sys-
tems owing to the underlying characteristic dislocation
reactions [38,39]. The parameter qab is taken as 1.0 for
coplanar slip systems a and b and 1.4 otherwise. The time
integration procedure for updating the stresses at the inter-
mediate configuration at time T = (t + Dt) is represented by

r�ðT Þ ¼ r�½saðT Þ; F ðT Þ; F pðtÞ� ð6Þ
saðT Þ ¼ sa½saðtÞ; sbðT Þ; r�ðT Þ� ð7Þ

which are solved iteratively. The Cauchy stress r can be
determined by

r ¼ 1

det F ej j
F er

�F T
e ð8Þ
4.2.3. Determination of the constitutive parameters
A compression test for a Cu single crystal was per-

formed in order to determine the values for the material
parameters required for the model. Loading was along
the [111] axis, which results in six active slip systems with
the same Schmid factor of 0.2722 (Table 2).

The sample used for the compression test was a wire-cut
cylinder with dimensions of 3 mm · 4.5 mm (diame-
ter · length). The compression speed was 0.1 mm/s result-
ing in an average overall strain rate of 4.3 · 10�4 s�1. The
strain rate could then be resolved in the shear rate over
each activation plane by

_ca ¼
�_e

6� SSchmid

ð9Þ

By fitting the material parameters in the model excellent
correspondence could be achieved with the experimental
results (Fig. 3). The resulting constitutive material param-
eters are h0 = 200 MPa, a = 1, ss = 75 MPa, m = 0.012.
The initial value of the slip resistance was chosen as
8 MPa and _c0 was taken to be 0.001 s�1. The elastic con-
stants were those for pure Cu, i.e., C11 = 168 GPa,
C12 = 121.4 GPa, C44 = 75.4 GPa.

4.2.4. Finite element model

The constitutive model with the time integration proce-
dure outlined above was implemented in the finite element
code MARC using the user-defined subroutine HYPELA2
for the simulation of the indentation of the Cu single crystal
[40]. The mesh consisted of 1888 elements (3D quadrilat-
eral, 8 integration points) and 2205 nodes (Fig. 4). Near
the center of the model special care was taken when design-
ing the mesh owing to the possibility of high element distor-
tion. Because of the large difference in the elastic stiffness of
the diamond indenter and the Cu sample (10:1) the indenter
was assumed rigid. As a boundary condition the lower face
of the modeled cylinder was kept restricted from any degree



Fig. 3. Stress–strain curve for a shear test obtained from experiment and
model fit. The material parameters for the fitting procedure were
h0 = 200 MPa, a = 1, ss = 75 MPa, m = 0.012, an initial value of slip
resistance s0 of 8 MPa, and _c0 ¼ 0:001 s�1 (see details in Eqs. (1)–(7)).

Table 2
Active planes for a Cu single-crystal compression with [111] loading axis

Plane (111) ð�111Þ ð1�11Þ ð�1�11Þ
System A1 A2 A3 B1 B2 B3 C1 C2 C3 D1 D2 D3
Direction 01�1 �101 1�10 01�1 101 �1�10 0�1�1 �101 110 0�1�1 101 �110
Schmid factor 0 0 0 0 0.2722 0.2722 0.2722 0 0.2722 0.2722 0.2722 0
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of freedom. All other nodes were free to move in any direc-
tion. Zero friction was assumed between indenter and sam-
ple. The initial orientation of the sample was chosen by
selecting appropriate Euler angles such that the x, y, z coor-
dinate system represents the ½1�1 0�; ½11�2�; and ½1 11� crystal
directions, respectively.

5. Results and discussion

Fig. 5 shows a micrograph of the indented matrix
(Fig. 5(a)) and a close-up of one of the indents
Fig. 4. FEM model. The same mesh was used for the crystal plasticity finite e
also for the isotropic (J2) finite element simulation. The x, y, z coordinate syste
the case of the crystal plasticity finite element simulations.
(Fig. 5(b)). Fig. 5(c) shows the sixfold symmetry of the
pile-up pattern around the (111) indent, which was earlier
observed by Wang et al. [25]. Fig. 6 shows SEM images of
two different serial sections along the ½11�2� crystal direc-
tion, one before the actual indent (Fig. 6(a)) and the other
close to the indenter tip (Fig. 6(b)). The micrographs also
show the protective tungsten layer that was deposited
before the FIB milling process in order to prevent the ero-
sion of the surface edge. The micrographs reveal that a sub-
stantial amount of material had to be removed by milling
in order to avoid shadowing effects during the subsequent
EBSD measurements. From a series of tests we observed
that the optimum milling geometry had to follow a trape-
zoidal shape (Fig. 6(a)).

Fig. 7 shows sets of successive ð11�2Þ serial sections per-
pendicular to the (11 1) indentation plane. The sections
were taken at different spacings from the actual indenter
tip (for geometrical details see Figs. 1 and 2). Scan 4 is
far away from the indenter tip (1567 nm) and scan 10 is
close to the indenter tip (176 nm) (Table 1). The color code
indicates the magnitude of the orientation change relative
to the initial undeformed crystal orientation. The color
scheme and scaling is identical for all diagrams. The images
on the left-hand side (Fig. 7(a)–(h)) were obtained from
crystal plasticity finite element simulations as outlined
above. The corresponding misorientation maps on the
right-hand side were determined via EBSD measurements
in each layer prepared by serial FIB sectioning (Fig. 7(i)–
(p)). The positions of the simulation results correspond
exactly to the cutting positions where the experimental tex-
ture mappings were taken. Sections that were more remote
from the indent than Section 4 did not reveal a substantial
microtexture pattern and are, therefore, not shown.
Fig. 8(a) provides a closer view of the microtexture pattern
using a different scaling from that in Fig. 7.
lement simulation which considers both elastic and plastic anisotropy and
m represents the ½1�10�; ½11�2�; and ½111� crystal directions, respectively, in



Fig. 5. SEM images of (a) the 6 · 6 matrix of indents and (b) a close-up of
one of the indents. (c) AFM mapping of the surface roughness around the
indents in the (111) plane of the copper single crystal. The AFM image
reveals the sixfold pile-up symmetry around the indents characteristic of
[111] indents in Cu [25].

Fig. 6. SEM images of a serial section (a) before the actual indent and
(b) at the indent.
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One important result from Figs. 7 and 8 is that,
although the simulations and experiments show basically
similar rotation patterns, they do not reveal a one-to-one
correspondence.

The crystal plasticity finite element simulations reveal a
single peak behavior for the misorientation pattern in
Section 4, i.e., 1567 nm far away from the indenter tip
(Fig. 7(a)). In sections closer to the indenter tip (scans 5
and 6; Fig. 7(b) and (c); Table 1) the simulated distribution
of the deformation-induced lattice rotations shows a
double-well pattern with steep maxima below the zones
tangent to the indenter. Sections close to the indenter tip
(scans 7–11; Fig. 7(d)–(h)) show a simulated distribution
of the lattice rotations with the same dominant double-well
pattern with steep reorientation maxima below the tangent
zones as already simulated for Sections 5 and 6 but with
additional minor rotation zones close to the indenter tip.
Of particular interest are the simulation results for scan 7
(Fig. 7(d)) and 11 (Fig. 7(h)). Scan 7 shows a new very
small maximum of the deformation-induced rotation in
the inner tangent region close to the indenter tip. This pat-
tern can be referred to as an inner double-well pattern (see
also the image on the right-hand side of Fig. 9(b)). Scan 11
shows a new maximum in the deformation-induced rota-
tion pattern that appears exactly at the position of the
indenter tip. The lateral arrangement of the orientation
changes allows one to differentiate coarsely between six dif-
ferent characteristic regions (Fig. 8(b)). Regions 1 and 6 do
not reveal large orientation changes (below 4� in the exper-
iment). Regions 2 and 5 are characterized by large strains
and correspondingly by large orientation changes (up to
16� in the experiment). Regions 3 and 4 reveal smaller lat-
tice rotations (below 14� in the experiment). The experi-
mental data obtained for scans 6–9 reveal particularly



Fig. 7. Rotation maps for a set of successive ð11�2Þ sections perpendicular to the (111) indentation plane (surface plane perpendicular to the plane
presented) with different spacing to the actual indent. Scan 4 is far away from the indenter tip (1567 nm) while scan 10 is close to it (176 nm) (see details in
Figs. 1 and 2 and Table 1). The images on the left-hand side (a–h) were obtained from viscoplastic crystal plasticity simulations. The corresponding maps
on the right-hand side (i–p) were determined via EBSD measurements in succeeding planes prepared by serial FIB sectioning. The color code shows the
magnitude of the orientation change relative to the initial crystal orientation without indicating the rotation axis or rotation direction. Scaling is identical
for all diagrams.
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steep orientation gradients in part over a length of less than
100 nm in the transition area between regions 2 and 3 and
regions 4 and 5, respectively (Figs. 7 and 8(a)).

Although showing a similar deformation-induced lattice
rotation pattern in terms of the magnitude of the rotations
Fig. 8. (a) Closer view of the experimentally observed pattern of the absolute v
the vicinity of the indent using a different scaling from that in Fig. 7. The rota
information). (b) From the distribution of the shear rates and lattice rotations s
ð11�2Þ sections.
as the simulations (Fig. 7(a)–(h)), the experimental results
(Fig. 7(i)–(p)) reveal also some differences. First, the EBSD
experiments generally reveal a smaller magnitude of the
maximum occurring lattice rotations as compared to the
simulations. While the simulations are characterized by
alues of the deformation-induced crystalline lattice rotations in degrees in
tion axis and rotation direction are not indicated (see Figs. 12–14 for this
ix different deformation zones can be roughly identified. The diagrams are



Fig. 9. Von Mises equivalent strain distribution in the middle section directly below the indenter tip obtained from two different types of finite element
simulations (same mesh in both cases, see Fig. 4). (a) Finite element simulation with an isotropic plastic constitutive J2 model (no preferred directions; J2:
second invariant of the stress deviator as an isotropic yield criterion). (b) Finite element simulation with an anisotropic crystal plasticity constitutive
model, as explained in Section 4, in the crystallographic ð11�2Þ plane.
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maximum misorientations of up to 25� relative to the start-
ing orientation, the experiments show smaller values of the
maximum occurring misorientations of only 16�. A second
Fig. 10. Distribution of the shear strains on all 12 slip systems as extracted from
Six systems carry the largest portion of the deformation (the amount of shea
simplified assumption of compression along the [111] axis.
difference between simulation and experiment is that prac-
tically all sections obtained from the experiments reveal a
pronounced inner pattern (i.e., close to the indenter tip;
the crystal plasticity finite element simulation in the indented (111) plane.
r is given in the bottom rows). The Schmid factors are calculated for the
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see white arrows in Fig. 8(a)) of orientation changes within
the larger outer double-well pattern tangent to the indent
that dominated the predicted rotation pattern. In general
it seems that the experimentally observed rotation patterns
are characterized by a more rapid change in the rotation
field among neighboring material portions than the simula-
tions. This point will be discussed below in more detail
when analyzing also the direction of the deformation-
induced rotations. A third obvious difference between sim-
ulation and experiment is that the experimental data are
less symmetric than the predicted ones since the experimen-
tally observed rotation patterns appear somewhat distorted
at least in some sections.

Concerning the deviation in the magnitude of the simu-
lated and experimentally observed orientation changes,
two aspects have to be considered. The first is that owing
to edge effects and milling-induced curvature, the EBSD
method misses mapping the microstructure that is closest
to the actual interface between the indented material and
the surface of the indenter. These zones are the ones where
the rotation rates should be highest according to the simu-
lated deformation and rotation patterns. This means that
the interface layers with the largest deformation-induced
rotations were probably not completely mapped by the
experiment. This might amount to a layer of 100–200 nm
at most and would explain the difference in the magnitude
of the rotations observed between the experiment and sim-
ulation. The second aspect is the fact that the crystal plastic-
ity finite element simulation method used in the current
work does not take into account gradient terms at a slip sys-
tem level in the constitutive description. This means that the
predicted rotation rates are presumably exaggerated. The
reason for this assumption is that the consideration of gra-
dient terms in a crystal plasticity constitutive environment
exerts a penalty term against high local rotation rates of
the lattice. This applies in particular when neighboring
material portions have less of a tendency to follow that
Fig. 11. Distribution of the shear strains on the 12 slip systems, predicted by t
ð11�2Þ plane below the indenter tip.
rotation. In such a case (which is typical of an indentation
boundary condition) such rapid changes in the local texture
evolution require a rapid corresponding accumulation of
geometrically necessary dislocations for the accommoda-
tion of the resulting mismatch in the lattice spin among
neighboring material portions [20–24,41–45]. The observa-
tion that the experimentally observed rotation patterns
show at least four (if not more, see faint maximum on the
left-hand side of Fig. 8(a), small gray arrows) characteristic
misorientation peaks much more clearly than the simula-
tions can be discussed in terms of Fig. 9. This figure shows
the von Mises equivalent strain distribution in the middle
section directly below the indenter tip as obtained from
two different types of finite element simulations. The simu-
lation result in Fig. 9(a) shows finite element simulations
with an isotropic plastic constitutive model without any
preferred crystallographic directions. The result in
Fig. 9(b) shows simulations with the anisotropic crystal
plasticity constitutive model as introduced above (ð11�2Þ
section). Both types of simulations were conducted using
the same mesh (Fig. 4). The comparison between the isotro-
pic and the anisotropic case clearly reveals that the main
outer double-well pattern where the deformation (and
hence also the crystalline rotation) is accumulated in the
shear zones tangent to the indent is not a purely crystalline
phenomenon but occurs also in the isotropic case (see
arrows in Fig. 9(a)). The crystal plasticity simulation shows
the same outer double-well strain pattern as the isotropic
simulation, but it reveals additionally a second inner dou-
ble-well pattern (see arrows at the bottom of Fig. 9(b)). This
means that the inner portion of the strain pattern, which
supposedly gives rise to a corresponding rotation pattern
(Figs. 7 and 8) has a clearly crystallographic origin, i.e., it
must be due to the crystalline discreteness of the plastic slip.

Fig. 10 provides a more detailed view of the simulated
distribution of the plastic deformation around the indent.
It reveals for each of the 12 slip systems the accumulated
he crystal plasticity finite element simulation. View in the crystallographic



Fig. 12. 3D presentation of the simulated rotations (crystal plasticity
finite element model) about the crystallographic ½1�10� axis presented
(a) in the ð11�2Þ plane and (b) in the ð1�10Þ plane. The planes presented
are center planes, i.e., they both contain the indenter axis as a
common zone axis. Scaling is the same for (a) and (b), i.e., from �20�
to +20�. (c) Schematic of the arrangement of the net geometrically
necessary dislocations explaining the rotation direction in the outer
tangent zones.
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shear strain as predicted by the crystal plasticity finite ele-
ment simulation. The result shows that six slip systems
carry the largest portion of the overall plastic deformation
(see the amount of shear in the two bottom rows). These
dominant systems are theð�111Þ½101�; ð�111Þ½1 10�; ð1�11Þ
½011�; ð1�11Þ½110�; ð�1�11Þ½011�; and ð�1�11Þ½101� slip sys-
tems. This result of the simulation is quite obvious and
matches earlier observations [25]. It is in accord with the
maximum orientation factors on these systems for the sim-
plified assumption of compression along the [111] axis.
The result also matches and explains the sixfold symmetric
pile-up pattern faintly visible in Fig. 5(b) (SEM) and more
clearly in Fig. 5(c) (AFM) around the indent.

It is worth noting that a second set of slip systems
pertaining to the indented (111) plane, namely
ð111Þ½01�1�; ð111Þ½�101�; and ð111Þ½�110�, also contribute
significantly to the total deformation when compared to
the strain provided by the six dominant systems listed
above. The fact that the orientation factors of these slip
systems are zero in the table is of course due to the simpli-
fying assumption of uniaxial compression that was made to
calculate them. The amounts of shear listed in the table, in
contrast, stem from the actual crystal plasticity finite ele-
ment simulation, which imposes the correct boundary con-
ditions locally. One special feature of this second group of
slip systems is the high symmetry of the shear they contrib-
ute (two peaks of shear are visible on either side of the
indenter axis).

Fig. 11 shows the distribution of the shear strains on all
12 slip systems as extracted from the crystal plasticity finite
element simulation in the crystallographic ð11�2Þ plane. As
already observed from the top view in the (111) plane in
Fig. 10, the dominant slip systems that essentially carry
the strain in the ð11�2Þ plane are the ð�111Þ½1 01�; ð�111Þ
½110�; ð1�11Þ ½011�; ð1�11Þ½110�; ð�1�11Þ½011�; and ð�1�11Þ
½101� systems. Minor shear activity can be observed on
the ð111Þ½�110� slip system. An equivalent shear contribu-
tion on two other systems, ð111Þ½01�1� and ð111Þ½�101�,
also exists with a similar pattern as observed for the
ð111Þ½�110� slip system, but it cannot be seen in this crystal-
lographic section (see the same systems also in Fig. 10). The
shear distribution on the main slip systemsð�111Þ½101�;
ð�111Þ½110�; ð1�11Þ½011�; ð1�11Þ½110�; ð�1�11Þ½011�; and ð�1�11Þ
½101� prevails also in the deeper regions far below the
indenter tip where a change in the rotation sign was
observed (Figs. 7 and 8).

The subdivision of the deformation pattern into six dif-
ferent characteristic regions suggested as a coarse subdivi-
sion in Fig. 8 is also helpful for discussing the sense and
axis of the deformation-induced lattice rotations. Fig. 12
shows the lattice rotations about the crystallographic
½1�10� axis presented in the ð11�2Þ plane (Fig. 12(a)) and
in the ð1�10Þ plane (Fig. 12(b)) as predicted by the crystal
plasticity finite element simulation. Both figures reveal
the same rotation pattern as observed above, but they
include the rotation direction. They both show one outer
pair of zones with large lattice rotations tangent to the
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indenter surface and a second inner pair of zones with
smaller lattice rotations close to the tip of the indenter. Dif-
ferent from the images discussed above which only revealed
the absolute amount of the rotations, the simulation results
in Fig. 12 show that in the tangent regime the ½1�1 0� rota-
tions point away from the indenter axis while in the inner
zone the rotations point towards the indenter tip. This
means that a transition regime exists between the outer
and the inner deformation zone that is characterized by
steep gradients and, in particular, by a change in the sign
of the rotation direction.

The predicted profile with large rotations in the tangent
zones (regions 2 and 5; large symbols in Fig. 12(a) and (b))
can be qualitatively understood in terms of the mass that
must be displaced by the indenter from the bulk towards
the surface. This large-scale displacement naturally creates
the rotation angle confirmed by the 3D EBSD measure-
ments (Fig. 13) and by the crystal plasticity simulations
(Fig. 12). Another more detailed picture matching this tan-
gent rotation field is the pattern of the net amount of geo-
metrically necessary dislocations that has to be created for
compatibility reasons in the tangent zones (Fig. 12(c)).
Fig. 13. Rotation angles and rotation directions in the ð11�2Þ plane for scan 9 (
rotations in the ð11�2Þ plane for the ½1�10� rotation axis; left: ½1�10� rotations sca
simulations; right: ½1�10� rotations from crystal plasticity finite element simulati
rotation axis; left: ½11�2� rotations scaled to ±8�; center: same data scaled to ±2
crystal plasticity finite element simulations scaled to ±20�.
Although both approaches allow one to reconstruct basi-
cally the induced rotation pattern in the outer tangent
zones (regions 2 and 5), the counter-rotations observed in
the inner deformation zone close to the indenter axis are
not a necessary consequence of this explanation.

Fig. 13 shows the rotation angles and the rotation direc-
tions in the ð1 1�2Þ plane in scan 9 (see details in Table 1).
This ð11�2Þ section is placed 318 nm before the actual
indenter tip. The upper row shows the rotations in that
plane for the ½1�10� rotation axis. The image on the left-
hand side shows the ½1�10� rotations scaled to ±8�. The cen-
ter image shows the same data scaled to ±20� for better
comparison with the crystal plasticity finite element simula-
tions on the right-hand side in the same row. The images in
the bottom row show the rotations in the ð11�2Þ plane in
scan 9, but for the ½11�2� rotation axis. The image on the
left-hand side shows the ½11�2� rotations scaled to ±8�.
The center image shows the same data scaled to ±20� for
comparison with the simulations on the right-hand side
in the same row.

The experimental maps of the rotation directions about
the ½1�10� and ½11�2� rotation axes (images on the left-hand
see Table 1). This ð11�2Þ section is 318 nm before the indenter tip. Top row:
led to ±8�; center: same data scaled to ±20� for better comparison with the
ons scaled to ±20�. Bottom row: rotations in the ð11�2Þ plane for the ½11�2�
0� for better comparison with the simulations; right: ½11�2� rotations from



Fig. 14. Detail from Fig. 13 (bottom row; ½11�2� rotations in ð11�2Þ). The experimentally observed rotation pattern reveals a larger number of cross-over
zones, where the sign of the rotation direction changes, when compared to the simulated results (note the difference in scaling). The signs indicate positive
or negative rotation direction about the ½11�2� axis.
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side in Fig. 13) basically show a similar deformation-
induced rotation pattern as discussed above in the context
of the absolute values of the deformation-induced rotations
(Figs. 7–9). Also the experimentally observed patterns of
the rotation directions reveal some basic similarities to
those predicted by the crystal plasticity finite element
method (images on the right-hand side in Fig. 13).

The possible reason for differences in the absolute mag-
nitude of the rotation angles has been discussed above in
terms of rim and edge effects. Besides this discrepancy,
another main difference in the rotation direction field
between experiment and simulation is that the experiments
reveal a larger number of changes in the sign of the rota-
tion direction along the contact zone between sample and
indenter. This applies to both ½1�10� and ½11�2� rotation
axes. The difference is particularly apparent in the map of
the ½11�2� rotations in the ð11�2Þ plane scaled to ±8�
(Fig. 13, bottom row, left). Fig. 14 shows a detail from
Fig. 13 (bottom row; ½11�2� rotations in ð11�2Þ), which
reveals that the experimentally observed rotation pattern
shows a higher number of cross-over zones, where the sign
of the rotation direction changes, when compared to the
simulated results.

This applies in particular to the rapid changes in the sign
of the rotation direction along the outer tangent zones. In
these areas far away from the indenter tip the predicted
rotation pattern also reveals gradients in the orientation
field, but no frequent switches in sign are observed as in
the experiments. This comparison shows that the viscoplas-
tic crystal plasticity finite element simulation of nanoinden-
tation presented in this work is obviously not capable of
capturing the fine details of the deformation-induced rota-
tion patterning observed in the experiment, at least not
when it comes to the direction of rotation. The results
shown in Fig. 9 (comparison of the equivalent strain field
obtained from an isotropic simulation and from an aniso-
tropic simulation) emphasize that the details of the defor-
mation field must indeed be linked to crystallographic
aspects. Therefore, one may hope to obtain better simula-
tion results with regard to steep gradients in the rotation
field by incorporating more detailed constitutive descrip-
tions in the crystal plasticity finite element model. Owing
to our experimental data these model variants should in
particular include two aspects. These are (i) gradient effects
at the single slip level and (ii) dislocation patterning effects.
The first aspect is obvious owing to the gradient mechanics
associated with nanoindentation [8–11]. The second aspect
seems to be of relevance because we assume that the pro-
nounced patterning of the deformation-induced rotation
field both in terms of the absolute orientation changes
(e.g., Figs. 7 and 8) and of the rotation direction (Figs.
12–14) can only be fully understood by taking into account
short-range dislocation patterning aspects, which would
impede the formation of the smooth rotation fields pre-
dicted by our current simulations.

6. Conclusions

We have presented a 3D analysis of the deformation-
induced rotation pattern below a conical nanoindent in a
[111] Cu single crystal using a 3D EBSD experimental
method and a 3D elastic–viscoplastic crystal plasticity
finite element method for the simulations. The main con-
clusions are as follows.

� A new microscopy approach using a combined SEM/
FIB was for the first time applied to the 3D EBSD anal-
ysis of nanoindentation. Particular attention was placed
on studying deformation-induced lattice rotations.
� The experiments and simulations reveal pronounced

deformation-induced 3D patterning of the lattice rota-
tions below and around the indent.
� The simulated pattern is characterized by an outer tan-

gent zone with large rotations and an inner zone closer
to the indenter axis with smaller rotations. The rotations
in the tangent regime point away from the indenter axis
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while in the inner zone the rotations point towards the
indenter tip. This leads to a transition regime between
the outer and the inner rotation zone that is character-
ized by steep orientation gradients and a change in the
sign of the rotation direction (cross-over zone).
� The experimentally observed pattern is characterized by

similar features in the overall rotation distribution to the
simulations. In particular, the crystal plasticity finite ele-
ment simulations reveal a similar pattern formation in
terms of the absolute rotation rates as the experiments.
However, when analyzing details of the axis–angle rela-
tionship of the rotations the experiments clearly reveal a
higher frequency of cross-over zones, where the sign of
the rotation direction changes, than the simulations.
Some of these cross-over zones are not captured at all
by the simulations.
� The crystal plasticity finite element simulations provide

details of the shear distribution in the deformation zone
on the different slip systems. The main shear contribu-
tion is carried by those six slip systems that would also
be expected from a maximum orientation factor analysis
for the simplifying case of uniaxial compression along
Æ111æ.
� The isotropic (J2 flow criterion) finite element simula-

tions only reveal an outer pronounced deformation
zone, but the inner deformation zone is not predicted,
which underlines its crystallographic origin. This obser-
vation emphasizes that corresponding simulations of
nanoindentation must take the crystallographic nature
of the plastic slip into account.
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Abstract

We suggest a theory of in-grain orientation gradients in plastically strained metals. It is an approach to explain why
initially uniformly oriented crystals can—under gradient-free external loadings—build up in-grain orientation gradients
during plastic deformation and how this phenomenon depends on intrinsic factors (crystal orientation) and extrinsic
factors (neighbor grains).

The intrinsic origin (orientation dependence) of in-grain orientation gradients is investigated by quantifying the
change in crystal reorientation upon small changes in initial orientation. This part of the approach is formulated by
applying a divergence operator to reorientation rate vector fields (in the present paper calculated by using strain-rate
homogenization Taylor–Bishop–Hill theory). The obtained scalar divergence function (but not the reorientation vector
field itself) quantifies the kinematic stability of grains under homogeneous boundary conditions as a function of their
orientation. Positive divergence (source in the reorientation rate vector field) characterizes orientations with diverging
non-zero reorientation rates which are kinematically unstable and prone to build up orientation gradients. Zero diver-
gence indicates orientations with reorientation rate identity with the surrounding orientations which are not prone to
build up orientation gradients. Negative divergence (sink in the reorientation rate vector field) characterizes orientations
with converging non-zero reorientation rates which are kinematically stable and not prone to build up orientation
gradients. Corresponding results obtained by use of a crystal plasticity finite element formulation are in good agreement
with the reorientation field divergence function derived by homogenization theory.

The extrinsic origin of in-grain orientation gradients (influence of grain–neighbor interaction) is addressed using a
crystal plasticity finite element bicrystal model. The simulations show that a significant dependence of orientation
gradients on the neighbor crystals occurs for grains with high positive divergence. The build-up of orientation gradients
in grains with close to zero or negative divergence is in body centered cubic crystals less sensitive to the presence of
neighbor orientations than in face centered cubic crystals (Goss and cube orientation). 2002 Published by Elsevier
Science Ltd on behalf of Acta Materialia Inc.
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1. Introduction

1.1. Phenomenology and terminology of
orientation gradients

Plastic deformation of poly- and single crys-
tals can lead to individual orientation changes
of the grains and, as a consequence, to the devel-
opment of deformation textures. However,
initially uniformly orientated crystals do often
not rotate as units but subdivide into portions
with a range of different orientations. We refer
to this phenomenon, which was already in 1940
observed and discussed by Barrett and Levenson
[1], to the formation of orientation gradients,
meaning spatial continuous or discontinuous
variations of crystal orientation within the orig-
inal grain borders.

Orientation gradients do not only form in the
trivial case of externally imposed strain gradients
(e.g. bulk torsion or rolling operations with non-
zero friction) but also under gradient-free external
loadings. They are in the literature also referred to
as localized orientation gradients [2], grain frag-
mentation [3], deformation banding [4–6] orien-
tation splitting [7], grain subdivision [4,8], or lat-
tice curvature [8–11].

Beaudoin et al. [2], Raabe [3], Leffers [4], and
Lee et al. [5,6] provided theoretical approaches to
explain the formation of a non-uniform orientation
spread within a grain. Using many elements per
grain Beaudoin et al. [2] observed in their 3D crys-
tal plasticity simulations heterogeneous defor-
mations within individual grains which lead to the
development of domains which were separated by
boundaries of high misorientation. Similar investi-
gations using crystal plasticity finite element
methods were also conducted by other authors (e.g.
[1,12–21]). Raabe [3], Leffers [4], and Lee et al.
[5,6] gave arguments for the formation of orien-
tation gradients on the basis of modified homogen-
ization models.

The term lattice curvature was typically used by
authors who underlined the mechanical aspects of
continuous in-grain orientation gradients [8–10],
mainly referring to the formation of geometrically
necessary dislocations.

Quantitative experimental work on this subject

was essentially conducted using orientation imag-
ing techniques via analysis of Kikuchi diffraction
patterns in the scanning electron microscope
(SEM) (e.g. [22–38]) and in the transmission elec-
tron microscope (TEM) (e.g. [37–41] [42–48]).
Earlier experimental work about orientation gradi-
ents was based on analysis of X-ray Bragg diffrac-
tion pole figures, Kossel diffraction patterns, elec-
tron channeling patterns, etch pits, and orientation
sensitive etching methods.1

The above described phenomena can occur in
single crystals as well as in grains of polycrystals.
From the quoted literature some common features
of in-grain orientation gradient phenomena can be
identified: Orientation gradients were found

1. to occur under homogeneous boundary con-
ditions, i.e. they take place even if no gradients
are exerted by external loading (the internal load
is usually less well known) (e.g. [2,6,11,23]);

2. to depend on the strain path (e.g. [11]);
3. in many cases to depend on the initial orien-

tation and on the orientation path of the strained
crystal (e.g. [3,11,19,24,30,31,33]);

4. in many cases to depend on the neighbor grains
(e.g. [1,2,12–19]);

5. to be closely connected with a change in glide
system activity in the different in-grain portions
with different orientations (e.g.
[11,24,41,47,48]) (such in-grain domains of dif-
ferent orientation have in these works been
referred to as differently deforming regions);

6. in many cases to occur already at low strains
and build up further throughout deformation
(e.g. [1,3,7,24]);

7. to undergo continued refinement in the spatial
scale of subdivision with increasing total strain
and to occur at different spatial scales within the
same crystal (e.g. [12,24,30–32]).

In order to avoid confusion we will use the
expression orientation gradient (here always
meaning in-grain orientation gradient) as a rep-

1 Since this is no overview paper on experimental methods,
we quote only a selected set of papers and refer the interested
reader to the RISØ-overview of Hughes [47].
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resentative term for the various phenomena listed
above in the ensuing sections of the paper.

1.2. Aims of an orientation gradient theory

Besides the basic scientific challenge to eluci-
date the origin of orientation gradients, five main
practical reasons can be given for the formulation
of an orientation gradient theory. First, due to the
complexity of existing results and details observed
so far theory is required to better understand and
structure the underlying principles of orientation
gradients. Second, the key idea of our approach,
namely the use of the reorientation rate vector field
divergence as an intrinsic measure of orientation
gradients can be formulated as a concise scalar
function in orientation space using for instance
spherical harmonics. Third, our formulation is trac-
table for subsequent integration into other frame-
works dealing with the orientation dependence of
recrystallization or strain hardening phenomena.
Fourth, theoretical concepts help to separate
important from less important microstructural
information in the context of orientation gradients.
Fifth, complete experimental instead of theoretical
characterization of in-grain orientation gradient
phenomena throughout orientation space is not
possible due to the huge number of crystal orien-
tations and boundary conditions to be considered.

1.3. Basic theoretical approach

The present work aims at explaining why uni-
form crystals can build up orientation gradients
during plastic deformation and how this phenom-
enon depends on crystal orientation (intrinsic
dependence) and on the interaction with neighbor
grains (extrinsic dependence). The intrinsic origin
of orientation gradients is investigated on the basis
of the geometrical stability of grains with respect
to small changes in starting orientation. The orien-
tation dependence of orientation gradients is in the
intrinsic approach, i.e. without consideration of
neighbor interaction, formulated by applying a
divergence operator to reorientation rate vector
fields in orientation space. This scalar divergence
function then quantifies stability of grains under
homogeneous boundary conditions as a function of

orientation and strain state. Extrinsic reasons for
orientation gradients are addressed by calculating
the influence of grain–neighbor interaction directly
using a crystal plasticity finite element approach.

1.4. Plan of the paper

The plan of the paper is as follows: In Section
2 we introduce the reorientation field divergence
as a scalar function in Euler space for quantifying
the intrinsic origin of orientation gradients and for-
mulate it for fcc and bcc crystals for the plane
strain case. In Section 3 we check the consistency
of these predictions by use of crystal plasticity
finite element simulations. In Section 4 we investi-
gate the influence of neighborhood on the forma-
tion of orientation gradients using a crystal plas-
ticity finite element bicrystal model. Section 5
provides a discussion of the predictions, compares
the findings with experimental data from the litera-
ture, and explains differences found between the
fcc and the bcc structure.

2. Divergence of crystal reorientation fields as
intrinsic measure for orientation gradients

2.1. Concept and calculation method

The theoretical approach we suggest in this
paper for the explanation of the formation of in-
grain orientation gradients under homogeneous
external boundary conditions is based on strain rate
homogenization modeling and on crystal plasticity
finite element modeling. It aims at explaining why
initially uniformly oriented crystals can under
homogeneous boundary conditions form in-grain
orientation gradients during plastic straining and
how this phenomenon depends on crystal orien-
tation (intrinsic dependence) and on grain–
neighbor interaction (extrinsic dependence). In
contrast to some of the above quoted works the
present investigation does not make any predic-
tions about the spatial arrangement, size, or shape
of in-grain orientation gradients but provides a
more general geometrical approach for calculating
what the potential tendency of a particular grain
is to form orientation gradients within its original
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borders as a function of its initial orientation, its
neighbor grains, and the strain state.

The intrinsic origin of orientation gradients is
investigated on the basis of the kinematic stability
of grains with respect to small changes in starting
orientation. This follows a suggestion of Kocks
[49] who stated that orientation gradient effects
may proceed from a variation in slip system acti-
vation throughout a grain entailing microscopic
initial variation in slip and hence in the plastic
rotation leading to local domains with different
orientation. We will extent this approach and show
that the tendency to build up orientation gradients
can be formulated in terms of the orientation
dependence of such in-grain variations in slip sys-
tem selection and the resulting in-grain spread of
the reorientation rate. A consequence of this model
is that one can quantify the orientation dependence
of the phenomenon by calculating the dependence
of reorientation rate upon tiny changes in the initial
host orientation.

It will be shown that it is a strong function of
the grain orientation itself whether such initial vari-
ations entail in-grain orientation gradients during
plastic straining or not. As was found earlier and
as will be shown below the reorientation rate vec-
tor itself is not an adequate measure of future orien-
tation gradients.

The orientation dependence of in-grain orien-
tation gradients is in the intrinsic approach, i.e.
without consideration of neighbor interaction, for-
mulated by applying a divergence operator to reori-
entation rate vector fields in orientation space.
Such fields are generated by mapping the reorien-
tation rate vectors obtained (in the present case)
from strain-rate homogenization theory for each
orientation throughout orientation space (see e.g.
[11,49–51]). This scalar divergence function then
quantifies kinematic stability of grains under
homogeneous boundary conditions as a function of
orientation and strain state.

It is obvious that such a divergence analysis of
reorientation paths is a general approach for quan-
tifying orientational instabilities. It should be noted
though that the analysis of orientation stability is
not necessarily a non-linear problem, since many
homogenization models are linear. However, the
here suggested divergence approach for the analy-

sis of orientational stability is generally inde-
pendent on the underlying deformation model or
experiment. Its starting point is simply a theoreti-
cally derived or experimentally observed reorien-
tation field in orientation space (not in real space).

Fig. 1 describes the principle of our approach
(intrinsic case). The size of the different grain
regions is purely schematical. Fig. 1(a) shows a
grain in the initial state with some small initial
orientation variation and after straining with a
larger orientation variation. This is a case where
the initial orientation variation becomes stronger
during straining, due to different slip system acti-
vation in the different regions. This is a case where
reorientation vectors of different regions in the
same grain are non-zero and point in opposite
directions (arrows). Mathematically this corre-
sponds to a positive divergence of the reorientation
field (source in the reorientation vector field)
characterizing kinematically unstable orientations
which have an intrinsic tendency to build up orien-
tation gradients.

Fig. 1(b) shows a case where reorientation vec-
tors of different regions in the same grain are non-
zero and identical. This means the entire grain
rotates homogeneously with the same reorientation
vector. In this case the initial orientation fluctu-
ation remains unchanged, but the bulk grain
undergoes bulk reorientation. Mathematically this
corresponds to zero divergence of the reorientation
field (reorientation identity of the different orien-
tation segments) characterizing orientations which
do not have an intrinsic tendency to build up orien-
tation gradients.

Fig. 1(c) shows a case where reorientation vec-
tors of different regions in the same grain are non-
zero and point towards each other, or more general,
towards the same stable orientation. In this case
the initial orientation fluctuation becomes smaller.
Mathematically this corresponds to negative diver-
gence of the reorientation field (sink in the reorien-
tation vector field) indicating orientations which do
not have an intrinsic tendency to build up orien-
tation gradients.

For obtaining an intrinsic function of grain frag-
mentation which depends solely on crystal orien-
tation and which is independent of neighbor grain
interaction we calculated reorientation fields by
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Taylor–Bishop–Hill strain-rate homogenization
theory. Calculations were conducted for body cent-
ered cubic (bcc) crystal structure with 12
{110}�111� slip systems and 48 slip systems
(12×{110}�111�, 12× {112}�111�, 24×
{123}�111�) as well as for face centered cubic
(fcc) crystal structure with 12× {111}�110� slip
systems and 18 slip systems (12× {111}�110�,
6× {110}�110�), exerting homogeneous external
plane strain conditions with relaxation of longitudi-
nal and transverse shear constraints at the grain
level (pancake model) (see overviews in [55–57]).
Finally we applied a divergence operator to the
obtained reorientation vector field. The resulting
scalar divergence function was developed in the
form of spherical harmonics using a series expan-
sion degree of 34 and then plotted in orientation
space.

Since the approach suggested in this paper
essentially takes a geometrical view at the develop-
ment of crystal orientations it is only capable of
addressing observations (1)–(6). Observations (7)
cannot be explained in the present framework since
this would require to include dislocation dynamics

Fig. 1. (a) Grain in the initial state with some small initial
orientation variation and after straining with a larger orientation
variation. This is a case where the initial orientation variation
becomes stronger during straining, due to different slip system
activation in the different regions. This is a case where reorien-
tation vectors of different regions in the same grain are non-
zero and point in opposite directions (arrows). Mathematically
this corresponds to a positive divergence of the reorientation
field (source in the reorientation vector field) indicating orien-
tations which have a tendency to form orientation gradients. (b)
Case where reorientation vectors of different regions in the
same grain are non-zero and identical. The entire grain rotates
homogeneously with the same reorientation vector. In this case
the initial orientation fluctuation remains unchanged, but the
grain undergoes bulk reorientation. Mathematically this corre-
sponds to zero divergence of the reorientation field
(reorientation identity with the surrounding orientations) indi-
cating orientations which do not have a tendency to form orien-
tation gradients. (c) Case where reorientation vectors of differ-
ent regions in the same grain are non-zero and point towards
each other, or more general, towards the same stable orien-
tation. In this case the initial orientation fluctuation becomes
smaller. Mathematically this corresponds to negative diver-
gence of the reorientation field (sink in the reorientation vector
field) indicating orientations which do not have a tendency to
form orientation gradients.
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based effects [9,52–54] which are not part of this
investigation.2 On the other hand it is likely that,
due to the dominance of the reorientation field for
the formation of orientation gradients [11,50,51],
explicit incorporation of dislocation dynamics
effects would lead to an overall damping force, i.e.
to slower rotations, rather than to entirely different
results. In other words, this paper concentrates on
the kinematic origin of orientation gradients, i.e.
on the role of changes in slip system selection and
the resulting reorientation changes as a function
of orientation.

2.2. Results for body centered cubic crystal
structure (intrinsic, reorientation field
divergence)

Fig. 2 shows the reorientation field divergence
of a bcc polycrystal with 12 slip systems, derived
by using the pancake model. The figure is in the
form of j1=constant sections in Euler-space to
show the divergence along relevant plane strain
deformation and shear texture fibers and compo-
nents.3 The intensity lines show areas with positive
divergence above +1. The diagram shows high
divergence around the rotated cube
({001}�110�, j1 = 0°, f = 0°, j2 = 45°) and the
Goss ({011}�100�, j1 = 0°, f = 45°, j2 = 0°)
texture components as well as along the ζ-fiber.
This is only in part in accord with experimental
experience. Whilst orientations around Goss and

2 Attempts were made to calculate microtextures from dis-
crete dislocation dynamics [54]. However, such approaches are
computationally too time-consuming for formulating a theory
of orientation gradients.

3 For bcc materials these are the αbcc-fiber (fiber axis �110�
parallel to the rolling direction including major components
{001}�110�, {112}�110�, and {111}�110�), γ-fiber (fiber
axis �111� parallel to the normal direction including major
components {111}�110� and {111}�112�), η-fiber (fiber
axis �001� parallel to the rolling direction including major
components {001}�100� and {011}�100�), ζ-fiber (fiber
axis �011� parallel to the normal direction including major
components {011}�100�, {011}�211�, {011}�111�, and
{011}�011�), �-fiber (fiber axis �011� parallel to the trans-
verse direction including major components {001}�110�,
{112}�111�, {111}�112�, and {011}�100�), and θ-fiber
(fiber axis �001� parallel to the normal direction including
major components {001}�100� and {001}�110�).

Fig. 2. Reorientation rate vector field divergence of a bcc
polycrystal with 12 slip systems; pancake model; j1=constant
sections in Euler space; intensity lines show areas with diver-
gence above 1.

the ζ-fiber are indeed known to form strong orien-
tation gradients under plane strain conditions, the
rotated cube orientation {001}�110� is known as
a very stable component without building up pro-
nounced in-grain orientation gradients during plane
strain deformation (see experiments in
[30,31,33,58]). Section 5 will provide a more
detailed comparison with experimental data.

Fig. 3(a) shows the reorientation field diver-
gence for 48 slip systems (bcc, pancake model). It
reveals high divergence around the Goss compo-
nent and an absolute maximum at the RZbcc

component (j1 = 34°, f = 84°, j2 = 45°). Fig. 3(b)
shows in the form of a j2 = 45°-section some
details of the divergence between 0.1 and 1. It can
be seen that some orientations around the γ-fiber
and on the α-fiber reveal small positive divergence.
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Fig. 3. (a) Reorientation rate vector field divergence of a bcc polycrystal with 48 slip systems; pancake model; j1=constant sections
in Euler space; intensity lines show areas with divergence above +1. (b) Details of the divergence function shown in (a) between
0.1 and 1.

2.3. Results for face centered cubic crystal
structure (intrinsic, reorientation field
divergence)

Fig. 4 shows the reorientation field divergence
of a fcc polycrystal with 12 slip systems, calculated
by using the pancake model. The figure is in the
form of j2=constant sections to show relevant
components of typical fcc plane strain deformation
and shear textures.4

4 For fcc materials these are the αfcc-fiber (fiber axis �011�
parallel to the normal direction including major components
{011}�100�, {011}�211�, {011}�111�, and
{011}�011�) and the β-skeleton line (less symmetric fiber
including major components {211}�111� (Cu-component),
�{123}�634� (S-component) and {011}�211� (Brass-
component)).

The results show strong divergence close to the
{001}�110� component. This is equivalent to the
divergence observed around the Goss component
for the bcc structure because of the 90° rotation
relationship about the transverse direction between
the fcc and the primary 12 bcc slip systems. Sig-
nificant divergence appears in the vicinity of the
Brass component ({110}�112�) and towards
higher angles on the αfcc-fiber. According to the
predictions the Goss and the cube orientation
should reveal a relatively weak intrinsic tendency
to build up orientation gradients. This is in contra-
diction to experimental observations. In the follow-
ing sections we will show, that these deviations are
essentially due to the influence of the neighbor
grains which are not included in this section. Cal-
culations on the basis of 18 slip systems reveal
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Fig. 4. Reorientation rate vector field divergence of a fcc
polycrystal with 12 slip systems; pancake model; j2=constant
sections in Euler space; intensity lines show areas with diver-
gence above +1.

similar divergence behavior (Fig. 5). The
maximum on the αfcc-fiber is shifted from the
Brass towards the Goss component.

3. Verification of the reorientation field
divergence theory using a crystal plasticity
finite element method

3.1. Concept and calculation method

The results obtained form the divergence calcu-
lations presented in the preceding section are
influenced by the homogenization model used for
the calculation of the reorientation fields. Various
approaches can be used for the calculation of the
reorientation field, for instance crystal plasticity

Fig. 5. Reorientation rate vector field divergence of a fcc
polycrystal with 18 slip systems; pancake model; j2=constant
sections in Euler space; intensity lines show areas with diver-
gence above +1.

finite element, Taylor–Bishop–Hill, or self-consist-
ent models.

This section presents crystal plasticity finite
element calculations showing predictions of orien-
tation gradients of selected single crystal orien-
tations under external (not necessarily internal)
plane strain boundary conditions. The results are
compared with the predictions made in the pre-
vious section. In order to simulate external plane
strain conditions the free surface of the crystals
was constrained to preserve orthorhombic sym-
metry during plastic straining.

Mesh configuration was conducted via
ABAQUS/CAE [59] using a 3-dimensional linear
element type with eight nodes and eight integration
points. The total number of elements was 512
(8×8×8). An implicit crystal plasticity procedure
proposed by Kalidindi et al. [60] was implemented
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and used for the time integration of the constitutive
equations. Calculations were carried out using the
finite element program ABAQUS in conjunction
with the user defined material subroutine UMAT
[59]. Simulations were based on 48 slip systems
(12× {110}�111�, 12× {112}�111�, 24×
{123}�111�) in case of bcc crystals and on 12
{111}�110� slip systems in case of fcc crystals.
For selected bcc and fcc grain orientations plane
strain compression to 50% thickness reduction was
simulated (thickness reduction is given as �d/d0,
where d is the thickness).

3.2. Results for body centered cubic crystal
structure (intrinsic, FEM)

Fig. 6(a) shows the accumulated misorientations
in gray scale coding (with light values indicating
large misorientations) for a bcc grain with initial
rotated cube orientation, {001}�110�, after 50%
plane strain deformation. The projected orientation
distribution is given in the form of {111} pole fig-
ures. The open squares show the initial orientation
(which was the same at all integration points). The
black dots show the orientations of all integration
points after deformation. It is remarkable, that
neither bulk rotation nor orientation gradients
occur. This behavior corresponds to the case
described in Fig. 1(c). The prediction is in very
good accord with the reorientation divergence
model using 48 slip systems [Fig. 3(a,b)].

Fig. 6(b) shows the results for the inverse Brass
component ({112}�110�, j1 = 0°, f = 35°,
j2 = 45°). It can be seen that the initially uniform
grain has split up into two different orientation

Fig. 6. Accumulated misorientations in gray scale coding
(light values indicate large misorientations) for a bcc grain (48
slip systems) after 50% plane strain deformation. The texture
is given in the form of {111} pole figures. The open square
shows the initial orientation (which was the same at all inte-
gration points) and the black dots show the orientations after
deformation. The starting orientations were (a) 45° rotated cube
orientation (j1 = 0°, f = 0°, j2 = 45°); (b) inverse Brass orien-
tation (j1 = 0°, f = 35°, j2 = 45°); (c) Goss orientation
(j1 = 0°, f = 45°, j2 = 0°); (d) less symmetric orientation
(j1 = 0°, f = 18°, j2 = 73°); (e) RZbcc orientation (j1 = 34°,
f = 84°, j2 = 45°); (f) 90° rotated Goss orientation (j1 = 0°,
f = 90°, j2 = 45°).
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branches, related to each other by a rotation about
the longitudinal direction, corresponding to a crys-
tal �110� axis. The mutually misoriented volume
portions are connected by orientational transition
bands. This behavior corresponds to the case
described by Fig. 1(a). The reorientation diver-
gence model also predicts a positive though weak
divergence value matching this result [see Fig. 3(b)
around f = 35°, j1 = 0°).

Fig. 6(c) shows the results for the Goss orien-
tation. The grain has split into two different sharp
orientation branches, related to each other by a
rotation about the transverse direction �011�. As
in the previous case a transition zone mediates
between the orientation fragments. This results is
in excellent accord with the prediction of the reori-
entation divergence model, which revealed a
maximum divergence close to the Goss component
[Fig. 3(a)].

Fig. 6(d) shows the results for the less sym-
metric orientation j1 = 0°, f = 18°, j2 = 73°,
which was chosen because it is known to be
unstable and tends to rotate towards the αbcc-fiber
under plane strain conditions. It can be seen that
the crystal, though building up minor orientation
gradients, nearly rotates in one piece and does not
split into different orientation branches with dis-
similar orientation paths. This behavior corre-
sponds to the case described by Fig. 1(b). The
result is in excellent accord with the reorientation
divergence model, which predicts a very small
value for this component.

Fig. 6(e) shows the results for the RZbcc orien-
tation, j1 = 34°, f = 84°, j2 = 45°, which was
chosen because it was identified as the absolute
maximum in the reorientation divergence model
(Fig. 3). The pole figure obtained by the crystal
plasticity finite element simulation confirms a very
strong tendency of the originally uniformly ori-
ented grain to form orientation gradients. The pole
figure shows a scattered array of orientation frag-
ments after straining, which reveal accumulated
orientation changes of up to 45° from their initial
orientation prior to deformation.

Fig. 6(f) shows the results for the rotated Goss
orientation ({110}�110�, j1 = 0°, f = 90°,
j2 = 45°), which splits strongly during straining.
This in excellent accord with the reorientation field

divergence model, which shows a local maximum
close to the rotated Goss orientation. Since the
component is itself unstable under plane strain con-
ditions, it rotates into this maximum and then starts
to split up and form orientation gradients as pre-
dicted in the previous section.

3.3. Results for face centered cubic crystal
structure (intrinsic, FEM)

Fig. 7(a) shows the accumulated misorientations
in gray scale coding (using light values for large
misorientations) for a fcc grain with initial Goss
orientation after 50% reduction in thickness. The
orientation distribution is given in the form of
{111} pole figures. The open squares show the
initial orientation (which was the same at all inte-
gration points). The black dots show the orien-
tations of all integration points after deformation.
For the Goss orientation neither bulk rotation of
the entire crystal nor in-grain orientation gradients
have occurred during plastic straining. This
behavior corresponds to Fig. 1(c). It is in very good
accord with the reorientation divergence model
using 12 slip systems (Fig. 4). The Goss orientation
in fcc crystals with 12 slip systems is under plane
strain conditions kinematically similar to the
rotated cube orientation in bcc crystals with 48 slip
systems [Fig. 6(a)]. The similarity is due to the 90°
transverse rotation relationship which exists
between the two texture components on the one
hand and the 12 fcc {110}�111� slip systems and
the 12 primary bcc {111}�110� slip systems on
the other hand [61]. As will be discussed in the
next section the stability of the bcc rotated cube
orientation and of the fcc Goss orientation are
influenced differently by grain neighbor interac-
tion. It turns out that the fcc Goss orientation is
strongly affected by neighbor grains.

Fig. 7(b) shows the results for the Brass compo-
nent ({110}�112�, j1 = 35°, f = 45°, j2 = 0°). It
can be seen that the initially uniform grain has
changed its overall orientation and at the same time
built up strong orientation gradients inside its bor-
ders. The reorientation divergence model shown in
Fig. 4 is in excellent accord with this observation
since it predicts a pronounced positive divergence
matching the finite element result (see Fig. 4
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between j1 = 30° and 35° at f = 45° in the
j2 = 0° section).

Fig. 7(c) shows the results for the 45° rotated
cube orientation. It can be observed that the grain
has formed pronounced orientation gradients
resulting in two different orientation branches,
related to each other by a �011� crystal rotation
axis parallel to the transverse direction. A tran-
sition zone preserving the original bulk orientation
remains between the orientation fragments [11].
This results is in very good accord with the predic-
tion of the reorientation divergence model, which
showed a pronounced positive value of the diver-
gence at the rotated cube orientation in the first
section of Fig. 4.

Fig. 7(d) shows the result for the less symmetric
S orientation ({123}�634�, j1 = 60°, f = 32°,
j2 = 65°) which was already well investigated
using crystal plasticity simulations by Beaudoin et
al. [2]. It can be seen that the crystal, though
undergoing substantial formation of orientation
gradients, rotates as an entity and does not break
up into completely different orientation branches
with dissimilar orientation paths. This behavior
corresponds to the case described by Fig. 1(b). The
result corresponds very well to the reorientation
divergence model which predicts a rather small
value for this component.

Fig. 7(e) shows the results for the RZfcc orien-
tation (j1 = 32°, f = 85°, j2 = 85°), which was
chosen because it was identified as the absolute
maximum in the reorientation divergence model
for an fcc material with 12 slip systems (Fig. 4).
The pole figure obtained by the crystal plasticity
finite element simulation indeed confirms a very
strong tendency to build up strong orientation

Fig. 7. Accumulated misorientations in gray scale coding
(light values indicate large misorientations) for a fcc grain (12
slip systems) after 50% plane strain deformation. The texture
is given in the form of {111} pole figures. The open square
shows the initial orientation (which was the same at all inte-
gration points) and the black dots show the orientations after
deformation. The starting orientations were (a) Goss orientation
(j1 = 0°, f = 45°, j2 = 0°); (b) Brass orientation (j1 = 35°,
f = 45°, j2 = 0°); (c) 45° rotated cube orientation (j1 = 45°,
f = 0°, j2 = 0°); (d) S orientation (j1 = 60°, f = 32°,
j2 = 65°); (e) RZfcc orientation (j1 = 32°, f = 85°, j2 = 85°);
(f) Copper orientation (j1 = 90°, f = 35°, j2 = 45°).
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gradients within the originally uniformly oriented
grain. Some of the orientation fragments reveal
accumulated orientation changes which are much
larger than in all other investigated fcc crystals.

Fig. 7(f) shows the results for the Copper orien-
tation ({112}�111�, j1 = 90°, f = 35°,
j2 = 45°) which forms only weak orientation
gradients during straining. This in good accord
with the reorientation divergence model (Fig. 4).

4. Influence of neighbor grains on the
tendency to form in-grain orientation
gradients

4.1. Concept and calculation method

This section is concerned with the simulation of
the influence of the plastic interaction between a
grain and its neighbor grains on its tendency to
form orientation gradients. This extrinsic effect on
orientation gradients is investigated by exposing
different bicrystal arrangements to external plane
strain loading using the crystal plasticity finite
element method sketched above. Boundary con-
ditions were assigned to the free surface to con-
strain the entire assembly to an orthorhombic shape
in the course of plastic straining (Fig. 8). Mesh
configuration was carried out using
ABAQUS/CAE [59]. The element number in the
3D model was 512 (8×8×8) elements with 64 of
them (4×4×4) in the center part. A 3D solid linear
element type with eight nodes and eight integration
points was employed. An implicit procedure pro-
posed by Kalidindi et al. [60] was used as consti-
tutive crystal plasticity model. The scheme was
implemented in the finite element program
ABAQUS via the material subroutine UMAT [59].

Different crystal orientations, characterized by
different reorientation rate and reorientation diver-
gence, were assigned to the center and surrounding
crystal, respectively. The compound was then
exposed to 50% thickness reduction, like the single
crystals discussed above.

4.2. Results for body centered cubic crystal
structure (extrinsic, FEM)

Fig. 9(a) shows an example of a deformed
bicrystal consisting of two grains with bcc crystal

Fig. 8. The bicrystal set-up and displacement conditions used
in the crystal plasticity finite element simulations. To simulate
the influence of plastic neighbor interaction among the grains,
i.e. the extrinsic component of grain fragmentation, different
bicrystal arrangements were investigated under external plane
strain loading. The free surface was constrained to preserve
orthorhombic symmetry.

structure with 12× {110}�111�, 12×
{112}�111�, and 24× {123}�111� slip systems.
The center grain has Goss orientation,
{011}�100�, and the surrounding grain has
rotated cube orientation, {001}�110�. The gray
scale quantifies the accumulated misorientation at
each integration point (with light values indicating
large misorientations). The figure shows that the
two grains reveal very little interaction. The shape
changes of both individual crystals follow the
exerted plane strain deformation state. The texture
changes in both individual crystals, given in {111}
pole figures [Fig. 9(a)], are similar to those
observed already in the corresponding single crys-
tals [Fig. 6(a,c)]. This homogeneous plastic co-
deformation of both grains can be attributed to two
points which are known from grain interaction
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Fig. 9. (a) Example of a bcc bicrystal (48 slip systems), where the center grain has Goss orientation and the surrounding grain has
45° about normal rotated cube orientation. (b) Example of a bcc bicrystal (48 slip systems), where the center grain has RZbcc orientation
and the surrounding grain has 45° about normal rotated cube orientation.

homogenization theory. First, both grains obvi-
ously have small shear tendency under plane strain
deformation conditions. A grain is characterized by
a large shear tendency when the required amount
of shear on its slip systems (Taylor factor) can be
lowered by dropping some of the external shape
prescriptions at the cost of compatibility with the
neighbor grains. Allowing for the partial relaxation
of shear constraints means for orientations with
large shear tendency that less slip is required for
fulfilling the remaining non-relaxed constraints.
Small shear tendency, as in Fig. 9(a), occurs when
little or no deformation energy can be saved by
dropping external constraints and shearing into a
neighbor grain [57]. A second factor is that both
grains reveal similar kinetic hardness, i.e. both
individual crystals undergo nearly identical thick-
ness reduction. It is an important fact that irrespec-
tive of the obvious strain and stress compatibility
of the two grains the Goss crystal reveals the for-
mation of strong orientation gradients.

Fig. 9(b) shows a different example of a bcc

bicrystal. The center grain has RZbcc orientation
and the surrounding grain has again {001}�110�
orientation. In this case compatibility in shape
change is not given among the two interacting
crystals. The pole figures show that the interaction
leads to a stronger orientation spread in the
{001}�110� component when compared to the
corresponding single crystal [Fig. 6(a,e)]. Table 1
summarizes some pole figures obtained from the
bicrystal results for the bcc crystal structure. The
data show the rotated cube (j1 = 0°, f = 0°,
j2 = 45°) component, an orientation close to the
rolling texture fiber (j1 = 0°, f = 18°, j2 = 17°),
and the rotated Goss orientation (j1 = 0°,
f = 90°, j2 = 45°) as surrounding grains and the
inverse Brass component (j1 = 0°, f = 35°,
j2 = 45°), another orientation close to the rolling
texture fiber (j1 = 0°, f = 18°, j2 = 73°), the Goss
orientation (j1 = 0°, f = 45°, j2 = 0°), and the
RZbcc orientation (j1 = 34°, f = 84°, j2 = 45°) as
center grains.

The textures show the influence of neighbor
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Table 1
(a) Some pole figures obtained from 3D bicrystal finite element results for bcc crystal structure. The textures show the influence of
neighbor interaction on the resulting orientation gradients for different bicrystal combinations. This table shows the pole figures for
the center grains (see Figs. 8 and 9). (b) Some pole figures obtained from bicrystal finite element results for bcc crystal structure.
The textures show the influence of neighbor interaction on the resulting orientation gradients for different bicrystal combinations.
This table shows the pole figures for the surrounding grains (see Figs. 8 and 9)

interaction on the resulting orientation gradients
for different bicrystal combinations. Table 1(a)
shows the pole figures for the center grains and
Table 1(b) for the surrounding grains. Comparing
these data with the pole figures given in Fig. 6 for
the single grains5 suggests that a significant depen-
dence of the tendency to form orientation gradients
on the neighbor crystals occurs particularly for
grains with high positive divergence. Examples are
the RZbcc orientation and the Goss orientation.
Both texture components revealed very high diver-

5 The single grains (Figs. 6 and 7) have a constrained surface
to preserve orthorhombic symmetry during straining. They must
not be confused with single crystals.

gence of their reorientation rate vector field [Fig.
3(a)]. The bicrystal finite element results confirm
these predictions and show at the same time that
their orientation spread depends considerably on
changes in the neighbor orientations. The tendency
to form orientation gradients within grains with
close to zero or negative divergence reveals much
smaller sensitivity to the orientation of the
neighbor grain. For instance the Inverse Brass
orientation [Table 1(a)] and the 45° rotated cube
component [Table 1(b)] show less changes in the
orientation spread when their neighbor grains are
changed.
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4.3. Results for face centered cubic crystal
structure (extrinsic, FEM)

Fig. 10(a) shows an example of a deformed
bicrystal consisting of two grains with fcc crystal
structure using 12× {111}�110� slip systems.
The center grain has RZfcc orientation and the sur-
rounding grain has Goss orientation. The gray scale
quantifies the accumulated misorientation at each
integration point (light values indicate large
misorientations). The figure shows that the two
grains reveal very little plastic interaction, i.e.
nearly no mutual distortion takes place and both
individual crystals follow the external plane strain
state. The texture changes in both individual crys-
tals, given in {111} pole figures [Fig. 10(a)], are
similar to those observed in the single crystals [Fig.
7(a,d)]. In the bicrystal arrangement the Goss
orientation reveals a larger scatter than as a single
crystal. In contrast, the RZfcc oriented center grain
in the bicrystal reveals weaker orientation gradi-
ents than as a single crystal. Like in the bcc case

Fig. 10. (a) Example of an fcc bicrystal (12 slip systems), where the center grain has RZfcc orientation and the surrounding grain
has Goss orientation. (b) Example of a bcc bicrystal (12 slip systems), where the center grain has Brass orientation and the surrounding
grain has Goss orientation.

this homogeneous co-deformation of the two
grains can—when translated into homogenization
theory—be understood in terms of their small shear
tendency under plane strain deformation conditions
and in terms of their similar Taylor factors.

Fig. 10(b) shows a different example of an fcc
bicrystal. The center grain has Brass orientation
and the surrounding grain has again Goss orien-
tation. In this case the two interacting crystals do
not preserve self-similar shapes as the couple in
Fig. 10(a). Since the Goss orientation alone
deforms symmetrically the strong shape distortion
observed at the interface of the two grains can be
attributed to the strong shear tendency of the Brass
orientation. The two pole figures show that the
interaction leads to a significantly stronger forma-
tion of orientation gradients in the Goss component
when compared to the corresponding single crystal
[Fig. 7(a)] and to the bicrystal in Fig. 10(a). In
contrast, the orientation scatter in the deformed
Brass orientation in the bicrystal is much smaller
than in the corresponding single crystal [Fig. 7(b)].
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The simulations shows that a bicrystal where one
grain has a much larger intrinsic tendency to form
orientation gradients than the other one tends to
distribute the overall orientation scatter over both
crystals rather than concentrating it in one crystal
(namely in the one which tends to form larger
orientation gradients in the intrinsic case).

Beyond the examples given in Fig. 10(a,b) and
Table 2 summarizes the pole figures of further fcc
bicrystal arrangements. The data show the Goss
orientation (j1 = 0°, f = 45°, j2 = 0°), the S orien-
tation (j1 = 60°, f = 32°, j2 = 65°), and the
rotated cube (j1 = 45°, f = 0°, j2 = 0°) component
as surrounding grains and the Brass component

Table 2
(a) Some pole figures obtained from 3D bicrystal finite element results for fcc crystal structure. The textures show the influence of
neighbor interaction on the resulting orientation gradients for different bicrystal combinations. This table shows the pole figures for
the center grains (see Figs. 8 and 10). (b) Some pole figures obtained from bicrystal finite element results for fcc crystal structure.
The textures show the influence of neighbor interaction on the resulting orientation gradients for different bicrystal combinations.
This table shows the pole figures for the surrounding grains (see Figs. 8 and 10)

(j1 = 35°, f = 45°, j2 = 0°), the Copper orien-
tation (j1 = 90°, f = 30°, j2 = 45°), the cube
component (j1 = 0°, f = 0°, j2 = 0°), and the
RZfcc orientation (j1 = 32°, f = 85°, j2 = 85°) as
center grains.

The textures show the influence of neighbor
interaction on the resulting orientation gradients
for different bicrystal combinations. Table 2(a)
shows the pole figures for the center grains and
Table 2(b) for the surrounding grains. The data
suggest that both, orientations with positive and
also with close-to-zero divergence reveal a sig-
nificant dependence of their tendency to form in-
grain orientation gradients on the neighbor crystals.
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This is a different result than obtained for the bcc
crystal structure [see Table 1(a,b)] which revealed
less neighborhood dependence for crystals with
small reorientation divergence. For instance the fcc
Goss orientation and the fcc cube orientation turn
out to show a strong dependence on the orientation
of the neighbor grains (Fig. 10).

5. Discussion

Some of the presented predictions can be com-
pared to experimental observations of orientation
gradients in different texture components and crys-
tal structures deformed under plane strain con-
ditions. In case of the bcc crystal structure parti-
cularly the 45° rotated cube component,
{001}�110�, is well known for its small in-grain
orientation gradients even after large plane strain
deformation. Particularly the EBSP (electron back
scatter diffraction) method has provided detailed
data about orientation gradients in this texture
component. Raabe et al. reported that the orien-
tation scatter in {001}�110� grains typically
remains in the small angle grain boundary regime
below 15° maximum in-grain misorientation (e.g.
[3,30,31,33,58,62]). Similar observations for
{001}�110� grains in polycrystalline specimens
were made by Dillamore et al. [63,64]. Earlier
work on that subject was conducted by Hu on
deformed {001}�110� oriented iron–silicon sin-
gle crystals [65,66]. Hu reported that {001}�110�
oriented single crystals do not change their initial
orientation during rolling deformation and reveal a
uniform microstructure without orientation gradi-
ents after straining. From a simple though suf-
ficiently realistic Schmid-type analysis Hu con-
cluded that the slip systems activated for the plane
strain deformation of a {001}�110� oriented
grain are (101)[111], (101)[111], (011)[111],
(011)[111]. These systems have little mutual elas-
tic interaction and it is assumed that such con-
ditions also promote weak strain hardening. The
various experimental observations about in-grain
orientation gradients in the rotated cube orientation
are in excellent agreement with the predictions
[Fig. 3(a,b), 6(a), 9(a,b)]. Particularly Fig. 9(a,b)
and Table 1(b) demonstrate that the reluctance of

this texture component against the formation of
orientation gradients is not much affected by
grain–neighbor interaction.

Apart from the rotated cube orientation which is
in the bcc structure a good example for very weak
orientation gradients stronger orientation scatter
has been frequently found for {111}�uvw� and
{112}�110� oriented grains (e.g.
[30,31,33,58,67–72]). These studies reported that
such grains reveal small cell sizes, high stored dis-
location densities, and microstructural inhomogen-
eities such as shear bands which provide strong
local misorientations. For the {111}�uvw� grains
the correspondence between experiment and pre-
dictions is less well pronounced. Fig. 3(b) shows
local maxima of the reorientation field divergence
not exactly on the {111}�uvw� orientation fiber
but in its immediate vicinity.

Another orientation which has been intensely
investigated in the bcc structure is the Goss
component, due to its importance in the fields of
shear texture, recrystallization, and secondary
recrystallization (e.g. [33,61,62,71,72]). It was
essentially found that the Goss orientation is in the
bcc lattice stabilized by shear strain. Under plane
strain deformation it is not stable and splits up to
rotate towards {001}�110� and {111}�112�,
respectively, building up strong orientation gradi-
ents. The remaining transition zones between such
orientation branches can preserve the Goss orien-
tation and for instance provide later highly poten-
tial nucleation sites. The strong tendency of the
Goss orientation to form such in-grain orientation
gradients was correctly predicted both, by the
divergence approach [Fig. 3(a)] and by the finite
element approach [Fig. 6(c)].

Similar arguments as for the rotated cube orien-
tation in the bcc lattice apply for the Goss compo-
nent in the fcc lattice. Under ideal plane strain con-
ditions it can essentially be deformed by four
symmetric slip systems. Its small tendency to build
up orientation gradients is not only found in the
reorientation field divergence approach (Fig. 4,
first section) but also in the single crystal simula-
tions [Fig. 7(a)]. However, the fcc Goss component
significantly differs from the bcc rotated cube
orientation with respect to its stability under the
influence of neighbor grains. Comparing Tables
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1(b) (bcc) and 2(b) (fcc) shows that the fcc Goss
orientation builds up larger in-grain orientation
gradients when co-deformed with the Brass or the
Copper texture components than the bcc rotated
cube component. This difference which is also well
known from experiment can be attributed to the
fact that (in this investigation) the fcc orientations
deform by use of 12 slip systems while the bcc
orientations use 48 systems. In other words the bcc
crystals have more degrees of freedom in the dis-
placement and hence deform more like a con-
tinuum when compared to the fcc crystals. Bcc
crystals can therefore obviously better accommo-
date changes in the local boundary conditions. This
might also explain why the rotated cube orientation
is in cold rolled bcc alloys typically much more
pronounced relative to the other texture compo-
nents (see typical bcc α- and γ-fibers) than the
Goss orientation in the textures of cold rolled fcc
alloys (see typical bcc α- and β-fibers).

Besides the complicated fcc Goss orientation
also other fcc texture components have been well
investigated with respect to orientation gradients.
For instance many experiments confirm the present
predictions of a relatively small tendency to build
up pronounced orientation gradients in the fcc
Brass orientation. In contrast the cube orientation
and the S orientation were reported to form larger
orientation gradients (e.g. [5–7,22–27,41,
48,73,74]). However, the present results for the
Goss and the cube orientation underline that their
deformation and rotation paths are in experiments
more governed by their neighborhood rather than
by their (rather weak theoretical) intrinsic tendency
to form gradients.

The prediction and experimental observation of
orientation gradients is not only a problem of fun-
damental interest in the field of crystal kinematics
but is also important in the context of hardening
and recrystallization. Although the fields of texture
and dislocation theory have not yet been fully
merged since the first works of Nye [8], Kröner
[9], and Ashby [10] in this domain the occurrence
of orientation gradients clearly implies the gener-
ation of corresponding in-grain populations of geo-
metrically necessary dislocations. These may con-
tribute in a statistical, mechanically equilibrated
and thus scalar manner or even in a tensorial

fashion to the overall hardening. In either context
the present work suggests that in grains with a
strong kinematical tendency to form in-grain orien-
tation gradients the effect of geometrically neces-
sary hardening should be taken into account. It can
be anticipated that this will have a damping influ-
ence on the formation of orientation gradients since
it provides a certain penalty term opposing further
curvature. Vice versa this means that a theory of
hardening—when considering geometrically
necessary dislocations—must be formulated as an
orientation dependent theory.

Similar arguments apply for the phenomenology
of primary static recrystallization. It is a common
observation that nucleation can only take place in
areas with large stored elastic energy
(thermodynamic instability criterion) and large
orientation gradients (kinetic instability criterion).
On the basis of the present approach the latter cri-
terion implies that recrystallization nucleation must
be considered as a highly orientation dependent
problem (see e.g. [33]).

6. Conclusions

We introduced a theory of orientation gradients
in plastically strained crystals. The aim was to
explain why uniform crystals can—under gradient-
free external loadings—build up in-grain orien-
tation gradients during straining and how this
phenomenon depends on the crystal orientation
(intrinsic dependence) and on the neighbor grains
(extrinsic dependence). The intrinsic origin of
orientation gradients was explained in terms of the
dependence of the crystal reorientation rate vector
on variations in initial orientation. The dependence
was quantitatively formulated by applying a diver-
gence operator to reorientation rate vector fields
calculated by strain-rate homogenization theory.
The predictions were confirmed by crystal plas-
ticity finite element simulations. The extrinsic
influence on in-grain orientation gradients was
addressed by investigating the effects of grain–
neighbor interaction on the subdivision of crystals
using a crystal plasticity finite element bicrystal
model. The main conclusions are:
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1. Orientation dependence of orientation gradients
(intrinsic dependence)

The divergence of reorientation rate vector
fields can be used to quantify the intrinsic
tendency for the formation of in-grain orien-
tation gradients as a function of crystal orien-
tation and strain state. The divergence analy-
sis method is independent on the underlying
deformation model or experiment. Its starting
point can be any theoretical or experimental
reorientation field in orientation space. The
method makes no prediction about the spatial
arrangement of orientation gradients. Positive
divergence indicates orientations with diverg-
ing non-zero reorientation rates which are
unstable and form orientation gradients. Zero
divergence indicates orientations with reori-
entation rate identity with the surrounding
orientations which are not prone to form
orientation gradients. Negative divergence
indicates orientations with converging non-
zero reorientation rates which are kinemat-
ically stable and not prone to form orientation
gradients. Intrinsic results on orientation
gradients obtained by use of a crystal plas-
ticity finite element formulation are in very
good agreement with the reorientation field
divergence function derived by homogeniz-
ation theory. The predictions are in good
accord with experiments except for the fcc
Goss and the fcc cube orientation which
reveal a high dependence of grain neighbor
interaction.

2. Grain neighborhood dependence of orientation
gradients (extrinsic dependence)

Significant dependence of in-grain orientation
gradients on the neighbor crystals (beyond
their intrinsic tendency to form orientation
gradients) was found in the bcc case for
grains with high positive divergence and for
the fcc case for grains with small and high
positive divergence. The differences between
bcc and fcc are due to the difference in slip
selection (we used 12 systems for fcc and 48
for bcc). The formation of orientation gradi-
ents in crystals with close to zero or negative
divergence depends less strongly on changes
in the neighbor orientations. Exceptions occur

for the fcc case where the Goss and the cube
orientation reveal a strong dependence on
grain neighborhood.
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Abstract

Aluminum polycrystals with columnar coarse grains are plastically compressed in a channel die. The spatial distribution of the
accumulated plastic surface strains is determined by measuring the displacement fields using photogrametry. For this purpose
digital stereological image pairs of the sample surface are taken at the beginning and after each deformation step. The
displacement field is derived from them by applying an image analysis method based on pattern recognition to the data before
and after straining. The three components of the plastic displacement vector field are used to derive the surface portion of the
plastic strain tensor field. The microtexture of the specimens is determined by the analysis of electron backscattering patterns
obtained in a scanning electron microscope. The experiments are interpreted by comparing them to the corresponding crystal
plasticity finite element simulations. © 2002 Elsevier Science B.V. All rights reserved.
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1. Introduction

Deformed crystalline matter usually reveals a non-
uniform distribution of the plastic strain. This can be
attributed to the anisotropic nature of the crystal slip,
to the non-isotropic interaction of the different lattice
defects, and to the influence of macroscopic boundary
conditions in terms of geometry and friction.

This article reports about a novel experimental ap-
proach for the investigation of such phenomena at the
grain scale [1–7]. The technique is characterized by the
joint application of photogrametry and microtexture
determination [1]. It aims at mapping both, mechanical
and crystallographic changes during the plastic defor-
mation of polycrystalline specimens. Photogrametry is a
method used in determining the spatial distribution of
microstrains at the sample surface by measuring the
changes in the three-dimensional plastic displacement
field during a deformation experiment [1,8]. The tech-
nique employs a pattern recognition algorithm for the
detection of changes in the gray scale distribution of
surface patterns occurring during elastic–plastic strain-

ing. The microtexture of the specimens is determined by
the analysis of electron backscattering patterns ob-
tained in a scanning electron microscope.

The aim of this project is to understand better the
plastic interaction of grains in polycrystalline specimens
under loading. Scientific and technological spin-off
from such investigations may be expected for the fields
of microstructure mechanics of miniaturized crystalline
devices; strain localization; failure; surface roughness
mechanics; Taylor–Bishop–Hill type polycrystal ho-
mogenization theory; orientation dependence of nano-
indentation; and phenomenological theories of
nucleation for homo- and heterophase transformations
in plastically strained crystalline matter.

2. Experimental

2.1. Basic procedure

The experiments aim at the determination of the
accumulated non-uniform plastic strain field and the
microtexture in the same sample. The data are taken
between subsequent plastic deformation steps exerted in
a plane strain channel die set-up.

Coarse-grained recrystallized polycrystalline alu-
minum samples of commercial purity (�99.99 wt.%

* Corresponding author. Tel.: +49-211-6792-278; fax: +49-211-
6792-333

E-mail address: raabe@mpie.de (D. Raabe).

0921-5093/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
PII: S0921 -5093 (01 )01974 -8

mailto:raabe@mpie.de


M. Sachtleber et al. / Materials Science and Engineering A336 (2002) 81–8782

Al) were used to prepare the specimens. A quasi-two-di-
mensional array of crystals with columnar morphology
perpendicular to the transverse sample surface was
prepared by heating samples into the grain growth and
subsequent tertiary recrystallization regime. The final
average grain size was about 3.5 mm. After annealing,
each specimen was polished and finally etched. The
sample shape was limited by the size of the chamber of
the scanning electron microscope and by the 70° tilting
angle required for obtaining Kikuchi backscatter dif-
fraction patterns for the determination of the microtex-
ture. Taking into account the elongation of the sample
during plane strain deformation a maximum sample
size of 17 mm×10 mm and a thickness between 3 and
10 mm was chosen. These limitations in sample size
were necessary to mount the elongated sample into the
scanning microscope for microtexture analysis between
the subsequent deformation steps.

Prior to the first deformation step, crystal orientation
maps were taken at the sample surface. Orientation
mapping is a technique for analyzing the topology of
texture and grain boundaries in the crystalline material.
Local lattice orientations are measured on a regular
grid by the automated acquisition and processing of
electron backscatter diffraction patterns in the scanning
electron microscope. The microstructure can be recon-
structed subsequently by coloring similar orientations
on the measured grid with similar colors. In addition,
the pattern quality of the Kikuchi patterns, which is a
measure for the local perfection of the crystal lattice, is
determined for each point. In the present investigation,
the size of the measurement grid was chosen as a
compromise between accuracy and measuring time. The
grid step size was 100 �m which is well below the
average grain size of 3500 �m.

Experiments were conducted after the determination
of the starting texture using plane strain compression.
For this purpose a servo-hydraulic mechanical testing
machine equipped with a channel die set-up was used.

The tools were made from hardened steel and consisted
of three parts that were bolted together during the test
(Fig. 1). The rectangular samples matched the channel
geometry exactly, which was open in the longitudinal
direction. The sample was compressed by a punch
device permitting its unconstrained elongation along
the longitudinal direction. The channel walls prevented
lateral expansion during compression, leading to a
macroscopic plane strain state. Solid-state lubrication
was obtained by placing a Teflon foil of 80 �m thick-
ness around the sample. The Teflon also protected the
gray scale pattern on the sample surface required for
the photogrametric determination of the displacement
field. Experiments were carried out at a strain rate of
1.7×10−5 s−1 at room temperature. Plastic deforma-
tion proceeded in a series of subsequent steps each
imposing a macroscopic engineering thickness reduc-
tion of about 3–5% per compression step.

Crystal orientation maps and digital image pairs of
the sample surface were taken after each of the subse-
quent plane strain deformation steps. The images were
used for the calculation of the three-dimensional plastic
displacement fields employing photogrametry. Details
of the method are outlined in the ensuing section.

2.2. Determination of the plastic displacement and
strain fields

The determination of the plastic displacement field
and the subsequent calculation of some tensor compo-
nents of the plastic strain field was after each deforma-
tion step conducted by a photogrametric procedure.
This is a digital image analysis method based on the
recognition of geometrical changes in the gray scale
distribution of surface patterns before and after strain-
ing [1,8]. Both, the natural characteristics of an unpre-
pared sample surface or an artificial quasi-stochastic
color spray applied to a polished surface (Fig. 2) may
serve as an input pattern. In order to measure the
three-dimensional surface coordinates digital stereo pair
images of the sample were acquired using two high
resolution CCD cameras as shown in Fig. 3.

Pattern recognition was carried out by a digital im-
age processing procedure which maps a rectangular
grid onto the image. The grid points are characterized
by the three-dimensional coordinates and by the gray
scale distribution in their proximity, Fig. 4. After
straining, the pattern is again recognized based on the
assumption that the gray scale distribution around a
certain coordinate remains constant during straining.
From the change in border coordinates containing the
correct initial gray scale distribution around the grid
point the three-dimensional displacement gradient ten-
sor field is determined at each grid point. These data
serve as input for deriving the surface components of
the local strain tensor. The strain tensor is used in theFig. 1. Schematical drawing of the channel die plane strain set-up.
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Fig. 2. Sprayed gray scale pattern on the surface of an undeformed polished and etched aluminum sample. The upper left picture was taken by
digital optical microscopy. The lower right picture was taken in the scanning electron microscope. Images of this kind, taken before and after
straining, were used for the photogrametric calculation of the plastic displacement fields. For the spray, a color was chosen which did not affect
the orientation measurement via electron backscattering diffraction.

definition as the first-order approximation of the stan-
dard polar decomposition of the displacement gradient
tensor.

In this study, a fine white color spray was applied to
the polished surface of the undeformed sample. The
resulting gray scale pattern on the surface of the speci-
men was recorded and reference coordinates for the
different experimental methods (microtexture, metallo-
graphy, microstrain determination) were fixed on the
sample surface. These surface markers allowed us to
identify the same sample areas under the different
experimental environments ensuring a one-to-one corre-
spondence of the different results. The specimen was
then plane strain compressed using the channel die
set-up. After each deformation step the surface gray
scale pattern was acquired and the displacement gradi-
ent field as well as the strain distribution were
calculated.

It must be underlined in this context that the pho-
togrametric method works without any additional ar-
tificial regular grid on the sample surface. The
displacement gradient field is derived exclusively from
changes in the border coordinates for a gray scale
distribution at each coordinate. The spatial resolution
of the method is therefore independent of some external
grid size but is of the order of the respective optical
setup (12.5 �m in the present case). The strain resolu-
tion is below 1% since the method uses the match of the
complete gray scale distribution before and after load-
ing as a measure to determine the exact shift in border
coordinates. This procedure provides a larger precision
than the determination of the new border coordinates
in the form of discrete pixel steps.

3. Results and discussion

Using the experimental procedures described above
two sets of mappings were determined after each defor-
mation step, namely, the microstrain distribution and
the microtexture.

Fig. 5 shows the microtexture of the undeformed
polycrystalline sample. The upper diagram shows the
orientation angles with respect to the crystal direction
normal to the compression plane. The lower diagram
shows the angles with respect to the extension direction.

Fig. 6(a) shows the in-plane distribution of the accu-
mulated shear at the sample surface after 3% thickness
reduction along the compression direction. The shear is
given in the reference system of the sample formed by
the compression and longitudinal directions. The dis-
placement fields were determined by use of the pho-
togrametric method explained in the preceding section.
The grain structure determined experimentally (electron
backscattering diffraction) is additionally mapped in
the same diagram (Fig. 5). The superimposed lines
indicate orientation changes above 15°. Fig. 6(b) shows
the corresponding distribution of the accumulated von
Mises strain together with the grain boundaries. The
figures show that the grain scale deformation already is
non-uniform at a very early stage of plastic straining.
Pronounced localization of the strain is initiated at
some of the triple points and along some of the grain
boundaries.

This tendency to accommodate the imposed strain in
a heterogeneous fashion becomes even more obvious
after 8% sample thickness reduction. Fig. 7 reveals that
some grains show much higher accumulated plastic
strain than others. While some crystals carry as little as
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1% von Mises strain within their borders (Fig. 7(b)),
others show a maximum deformation above 16%, par-
ticularly close to the grain boundaries.

Some of the grains reveal a relatively homogeneous
strain field inside their borders. This observation indi-

Fig. 5. Crystallographic microtexture of the sample before plastic
deformation using separate color scales for the crystallographic axes
parallel to the direction normal to the compression axis (ND) and
parallel to the extension direction (RD). The grain boundaries with
orientation changes above 15° were superimposed in Fig. 6.

Fig. 3. Schematical drawing and photo of the experimental set-up of
the CCD camera system.

cates that they respond as mechanical entities to the
externally imposed load. Finding such homogeneous
in-grain behavior is even more surprising if one consid-
ers that the non-zero friction conditions always entail
macroscopic strain gradients within the specimen [9].
As will be discussed below in more detail by use of
crystal plasticity simulations we attribute this mechani-
cally uniform response of some grains to the dominance
of their orientation factors for the overall percolation
path of the strain. It must be noted though that the
homogenization theory suggests smaller variations than
the variations observed here in the strain distribution.
The deviation between the standard Taylor–Bishop–
Hill-type polycrystal homogenization theory and the
present observations can be readily attributed to the
large grain size encountered in the present work. This
means that a small set of large grains cannot be theore-
tically investigated using the classical polycrystal mod-
els but must be treated using methods which more
suited to treat the micromechanics of crystal clusters.

Fig. 4. Schematical drawing indicating the initial array (before strain-
ing) and the distorted array (after straining) containing a matching
gray scale distribution.
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It is further remarkable that strain gradients between
2 and 16% occur within some of the grains. The strain
maximum occurs in such cases in front of large angle
grain boundaries the plane of which has an inclination
close to 45° relative to the reference sample system.
Other pairs of grains reveal practically no change in
strain across their common grain boundary. This ap-
plies particularly for boundaries with relatively small
misorientation (below 15°). Consequently, these grains
seem to co-deform in a cluster-type fashion. However,
due to the limited number of grains and grain
boundaries involved in the present experiment it is not
reasonable to draw general conclusions about the grain
cluster mechanics at this stage.

Similar tendencies are found after 15% total sample
thickness reduction (Fig. 8). The changes in the accu-
mulated strains from grain to grain are even more
pronounced than at a lower deformation. About half of
the grains still behave as relatively homogenous me-
chanical units (Fig. 8(b)). This indicates that the grain
scale strain hardening has not yet led to an equilibra-
tion of the flow stress in all parts of the specimen.

These continuing differences in grain hardness entail
further amplification of grain-scale strain patterning. It
is noteworthy that non-crystallographic strain localiza-
tion effects do not dominate the appearance of strain
heterogeneity in the sample. This observation under-
lines the strong importance of the initial crystal orienta-
tion distribution and the resulting profile in kinematic
hardness for the overall strain heterogeneity.

Fig. 8(a) reveals another interesting detail, namely,
the strong influence of the free surface on deformation.
For instance, the large grain in the center of the sample
(see arrows) is separated into two areas: one revealing
the forward shear and the other the backward shear.
This orientation of shear in the direction of the closest
free surface leads to an additional source of strain
heterogeneity.

Owing to the complexity of the experimental obser-
vations it is useful to inspect the situation under investi-
gation by corresponding simulations. For this purpose,
we used a crystal plasticity finite element method. This
technique accounts for the discrete crystallographic na-
ture of in-grain and grain-to-grain polycrystal kinemat-

Fig. 6. Distribution of the (a) accumulated engineering plastic shear and (b) von Mises strain in the specimen after 3% sample thickness reduction
(�d/d, where d is the sample extension along the compression direction). The strains were determined using photogrametry. The grain boundaries
indicated by white lines were taken from microtexture measurements.
Fig. 7. Distribution of the (a) accumulated engineering plastic shear and (b) von Mises strain in the specimen after 8% sample thickness reduction
(�d/d, where d is the sample extension along the compression direction). The strains were determined using photogrametry. The grain boundaries
indicated by white lines were taken from microtexture measurements.
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Fig. 8. Distribution of the (a) accumulated engineering plastic shear and (b) von Mises strain in the specimen after 15% sample thickness reduction
(�d/d, where d is the sample extension along compression direction). The strains were determined using photogrametry. The grain boundaries
indicated by white lines were taken from microtexture measurements.
Fig. 9. (a) The microstructure of the initial sample was mapped onto a finite element mesh. Grid configuration was conducted along the grain
boundaries using a bilinear element with four nodes and four integration points (5705 elements). (b) and (c) Accumulated von Mises strain as
predicted from the crystal plasticity finite simulation for 3% (b), 8% (c), and 15% (d) sample thickness reduction. The finite element calculations
were conducted using plane strain boundary conditions and a friction coefficient of �=0.2. The constitutive crystal plasticity law was implemented
using 12 {11� 1}�110� slip systems and viscoplastic hardening. Finite element simulations were conducted using the finite element program ABAQUS

in conjunction with the user defined material subroutine UMAT [14].

ics and allows one to conduct forming simulations with
boundary conditions that approximate those of the real
experiment.

For implementing crystal plasticity into a non-linear
finite element scheme we used the fully implicit time-in-
tegration method suggested by Kalidindi et al. [10].
This model provides a direct means for updating the
material state via integration of the evolution equations
for the crystal lattice orientation and the critical re-
solved shear stress. The deformation behavior of the
grains is at each integration point determined by a
crystal plasticity model, which accounts for the plastic
deformation by crystallographic slip and the rotation of
the crystal lattice during deformation. The crystal kine-
matics follow those described by Asaro [11] and the
rate-dependent formulation follows that developed by
Peirce and co-workers [12,13]. In this concept of the

constitutive description the slip rate on a slip system is
assumed to be related to the resolved shear stress on
this system through a power law relation which is
equipped with a scalar scaling parameter for the stress
as a phenomenological measure for the slip system
strength or resistance to shear and a strain rate sensitiv-
ity exponent of 0.002. The value of the strain rate
sensitivity exponent is low so that the material response
is practically rate-independent.

With the slip rates given as an explicit function of the
known resolved shear stresses, the rate-dependent
method avoids the ambiguity in the selection of active
slip systems which is encountered in many rate-indepen-
dent formulations where it must be solved using an
additional selection criterion. For the present simula-
tions, the strengths of all the slip systems at a material
point are taken to be equal, i.e. we adopt the Taylor
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hardening assumption. The hardening as a function
of accumulated slip is assumed to follow the macro-
scopic strain hardening behavior obtained from a me-
chanical test by fitting the experimental data to a
Voce equation. The fit was adjusted by the average
Taylor factor, using an approximate value of 3, to
give the slip system resistance to shear as a function
of the accumulated shear. When applied in a poly-
crystal simulation of a tensile test, this treatment of
the slip system hardening will approximately repro-
duce the hardening behavior that was measured origi-
nally. The cubic elastic constants used in the
simulation are typical for aluminum: C11=108 GPa,
C12=62 GPa and C44=28.3 GPa. Further details on
the simulations are given in [1].

The microstructure of the initial sample was
mapped onto an appropriate finite element mesh, Fig.
9(a) [13]. Grid configuration was conducted along the
grain boundaries employing a bilinear element with
four nodes and four integration points using 5705
elements. The finite element calculations were con-
ducted under external plane strain boundary condi-
tions using a friction coefficient of �=0.2. The
constitutive crystal plasticity law was implemented
with 12 {11� 1}�110� slip systems. Finite element simu-
lations were conducted using the finite element pro-
gram ABAQUS in conjunction with the user defined
material subroutine UMAT [14].

Fig. 9(b)– (d) show the accumulated von Mises
strain as predicted from the crystal plasticity finite
simulation for 3, 8, and 15% sample thickness reduc-
tion. The simulations show a very heterogeneous dis-
tribution of strain, similar to as observed
experimentally. In some areas, they show a strain pat-
tern that reproduces the topology given by the large
angle grain boundaries. This is in accord with the
experimental observations (e.g. for 8% thickness re-
duction see Figs. 6(b) and 9(c)). Pronounced strain
localization occurs along the upper left and lower
right parts of the deformed shape diagonals as well as
within the center grains (e.g. Fig. 9(c)). Areas with
small plastic strain can be found in the vicinity of the
middle of the top and bottom edges. Some grains
reveal very small overall strains within their borders
(see arrows in Fig. 9(c) and (d)).

The simulations reveal a good agreement with the
experiments. Deviations can be attributed essentially
to the friction conditions and their change during
forming (the simulations assumed constant friction
conditions). The major correspondence of the simula-
tions and the experiments is that grain scale hetero-
geneity is mainly determined by two factors. First, by
the external friction conditions and second, by the
orientation factors that occur and their influence on
strain accommodation.

4. Conclusions

The paper presented a novel experimental approach
for the investigation of grain-scale strain heterogene-
ity during plastic deformation. The main results are
as follows: Quantitative experimental grain- and sub-
grain scale strain analysis can be conducted using
photogrametry in conjunction with microtexture ex-
perimentation. Strain patterning in aluminum during
plane strain compression is strongly determined by
the orientation dependence of the kinematic hardness
of the individual grains. This effect was interpreted in
terms of the respective orientation factors. Two forms
of grain deformation were observed. The first kind
was characterized by the individual and homogeneous
deformation of single grains at individual strain levels
(corresponding to their orientation factors) which
were significantly different from those of their neigh-
boring grains. The second kind was characterized by
the co- or cluster-type deformation of areas compris-
ing more than one grain, revealing a common fairly
homogeneous strain level. At sample thickness reduc-
tions up to 3% strain localization was in some cases
initiated at grain triple points (the specimen had a
quasi-2D columnar grain structure) and along some
grain boundaries which had an angle close to 45°
with respect to the sample coordinates. The experi-
mental results were in good accord with the corre-
sponding crystal plasticity finite element simulations.
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