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Abstract

We have studied a nanocrystalline AICrCuFeNiZn high-entropy alloy synthesized by ball milling followed by hot compaction at
600 °C for 15 min at 650 MPa. X-ray diffraction reveals that the mechanically alloyed powder consists of a solid-solution body-centered
cubic (bec) matrix containing 12 vol.% face-centered cubic (fcc) phase. After hot compaction, it consists of 60 vol.% bcc and 40 vol.% fec.
Composition analysis by atom probe tomography shows that the material is not a homogeneous fcc—bec solid solution but instead a
composite of bee structured Ni—Al-, Cr-Fe- and Fe—Cr-based regions and of fcc Cu—Zn-based regions. The Cu—Zn-rich phase has
30 at.% Zn o-brass composition. It segregates predominantly along grain boundaries thereby stabilizing the nanocrystalline microstruc-
ture and preventing grain growth. The Cr- and Fe-rich bcc regions were presumably formed by spinodal decomposition of a Cr-Fe phase
that was inherited from the hot compacted state. The Ni—Al phase remains stable even after hot compaction and forms the dominant bec
matrix phase. The crystallite sizes are in the range of 20-30 nm as determined by transmission electron microscopy. The hot compacted
alloy exhibited very high hardness of 870 4+ 10 HV. The results reveal that phase decomposition rather than homogeneous mixing is pre-
valent in this alloy. Hence, our current observations fail to justify the present high-entropy alloy design concept. Therefore, a strategy
guided more by structure and thermodynamics for designing high-entropy alloys is encouraged as a pathway towards exploiting the
solid-solution and stability idea inherent in this concept.
© 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Metallic alloys are often based on one or two major
alloying elements with one constituent being the principal
(solvent) element and the other constituents in small pro-
portion (solutes) acting as alloying elements for tuning
the desired properties [1]. A new class of alloys referred
to as “high-entropy alloys” (HEAs) has been suggested;
these alloys are defined as having at least five principal ele-
ments in equiatomic or near-equiatomic ratios [2]. The ini-
tial rationale behind this design concept is to maximize the
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configurational entropy of mixing with the aim of stabiliz-
ing a solid-solution-based alloy with high hardness,
strength and stability at high temperatures [3,4]. Formation
of ordered intermetallics and dissociation into multiple
phases is usually not desired. Zhang et al. [3] studied the
solid-solution phase formation rules for HEAs and stated
that for a high-entropy solid solution the absolute value
of the enthalpy of mixing should lie between —2.6856 —
2.54 < AHpix < —1.285 +544kImol~'.  This relation
establishes a phenomenological link between the mixing
enthalpy and the atomic size parameter (6). The authors
also suggested that ¢ should be less than 4.6 and the mixing
entropy (ASpix) should be greater than 1.61R, where R is
the gas constant. Sheng et al. [5] studied the effect of
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valence electron concentration (VEC) on the stability of
body-centered cubic (bec) or face-centered cubic (fcc) solid
solutions in HEAs. Based on the calculations for different
HEA compositions, it was reported that for alloys with
VEC > 8, fcc phases are stable, and bcc phases are
reported to be stable for VEC < 6.87 [5].

Several studies have been carried out on hexanary alloy
systems such as AlCoCrCuFeNi due to their favorable
combination of high hardness, compressive strength and
resistance to softening even at 800 °C [6,7]. Many reports
have shown that HEAs produced by conventional metal-
lurgical processing routes such as casting tend to form
solid-solution phases either with fcc or bec structures or
mixtures of both [2,8]. Singh et al. [9] studied the micro-
structure of a multicomponent AlICoCrCuFeNi HEA in
the as-cast and splat-quenched condition using transmis-
sion electron microscopy (TEM) and atom probe tomogra-
phy (APT). They observed that the splat-quenched alloy
had an imperfectly ordered bcc phase, whereas the conven-
tionally cast alloy formed multiple bce and fcc phases with
a dendritic microstructure within the same alloy. Within
these phases local compositional fluctuations and segrega-
tions within the dendrites for the same and similar compo-
sitions were observed at the nanometer scale by APT [9,10].
The splat-quenched equiatomic AlCoCrCuFeNi HEA
exhibited better soft magnetic properties than the as-cast
material. It was shown that the Cr-Fe—Co-rich regions in
the as-cast alloy underwent spinodal decomposition upon
ageing which improved the magnetic properties [11].

Nanostructured single-phase solid-solution formation in
HEAs synthesized by mechanical alloying has been
reported recently [12-14]. The advantage of powder pro-
cessing is that the alloys containing low/high melting point
elements as constituents can be produced economically
compared to other processing routes such as casting. Var-
alakshmi et al. [12] studied the phase formation in nano-
crystalline AICrCuFeTiZn HEA from binary to hexanary
compositions using X-ray diffraction (XRD), scanning
electron microscopy (SEM) and TEM. The alloy in the
as-milled condition exhibited a single bcc phase with crys-
tallite size of about 10 nm. The high-entropy solid solution
was stable even after annealing at 800 °C for 1 h and also
possessed very high hardness of about 2 GPa. Similar
results were obtained for different hexanary alloy systems
such as AICoCuNiTiZn and CoCrFeMnNiW [13]. Also,
dissociation into multiple phases during sintering of
mechanically alloyed AlCoCrCuFe and CoCrCuFeNi
HEA powders have been reported, where the mixing
enthalpy was found to play an important role in the segre-
gation of a Cu-rich fcc phase [14]. However, detailed stud-
ies on the microstructure evolution and phase formation in
nanocrystalline HEAs have not yet been conducted. More-
over, the stability of nanocrystalline phases at high temper-
atures is not yet well understood.

The present investigation is, therefore, focused on the
atomic-scale analysis of phase formation in a multicompo-
nent nanocrystalline AICrCuFeNiZn HEA synthesized by

mechanical alloying and subsequent hot compaction. Both
the as-milled powder and the compacted specimens were
investigated using XRD and TEM for phase identification
and crystallite size measurements. Composition analysis in
the different phases and at the grain boundaries was con-
ducted by APT. Our target is twofold: on the one hand
we aim at a better understanding of structures and phases
that occur in nanocrystalline HEA; on the other hand we
critically evaluate the thermodynamic and kinetic founda-
tions of phase formation and dissociation kinetics in the
HEA framework. For this purpose we use our experimen-
tal observations to provide suggestions for the further
development of the HEA concept. The first aspect to be
discussed in that context takes a thermodynamic direction,
namely addressing the fact that the stable state of a solid
solution is determined by the Gibbs free energy of all com-
peting phases and not by the mixing entropy alone. Second,
our current and some previous observations [8,9] show that
many HEA systems do not in fact form the claimed homo-
geneous solid-solution phase but instead tend to dissociate
into several phases. We, therefore, aim at confronting the
HEA concept with microstructural observations of multi-
ple phase formation in the present case.

2. Experimental

The HEA was synthesized by mechanical alloying of ele-
mental powders of Al, Cr, Cu, Fe, Ni, Zn (purity >99.5%;
particle size 45 um) in equiatomic fractions in a planectary
high-energy ball mill (Fritsch Pulverisette P-5) operated
at 300 rpm for 20 h with a ball-to-powder weight ratio of
10:1. Tungsten carbide balls of 10 mm in size and tungsten
carbide vials were used for mechanical alloying, with tolu-
ene acting as the process-controlling agent. Powder sam-
ples were taken at regular intervals of 5h in order to
study the alloying behavior during milling. The 20 h milled
powder was subjected to hot uniaxial compression using a
hydraulic press at 650 MPa and 600 °C for a holding time
of 15min. The compacts produced under this condition
had a density of about 94% as measured by Archimedes
principle.

The as-milled powder and compacts were characterized
using XRD, TEM and APT. XRD patterns were obtained
using a Bruker AXS D8 X-ray diffractometer with Cu K,
radiation in Bragg-Brentano 0-20 configuration in con-
junction with a monochromator. Overlapping XRD peaks
were deconvoluted using Lorentz functions. Compacted
specimens were mechanically polished with 1 ym diamond
suspension prior to XRD analysis.

TEM samples were prepared by mounting a small piece
of a sufficiently thin powder compact/sprinkling of powder
particles over a conductive graphite paste. Subsequently
the paste was applied uniformly over a Mo ring of 3 mm
diameter followed by Ar milling [15,16].

The microstructures of the powder and compacted spec-
imens were characterized using a Philips CM 30 transmis-
sion electron microscope operated at 300 kV equipped
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with an energy-dispersive X-ray (EDX) spectrometer. The
beam spot size for EDX microanalysis was typically
10 nm. Crystallite sizes were quantified via XRD peak
broadening using the Scherrer equation [17] and also from
TEM analysis.

The elemental distribution was investigated by APT
which allows three-dimensional mapping of elements with
near-atomic resolution and high detection sensitivity [18].
APT samples were prepared using a dual-beam focused
ion beam (FIB) (FEI Helios Nanolab 600) following the
procedures described in Ref. [19]. To minimize beam dam-
age, a low-energy (5 keV) Ga beam was used for final ion-
milling. APT experiments were performed with a local elec-
trode atom probe (LEAP™ 3000X HR, Cameca Instru-
ments), applying a laser energy of 0.4nJ at a pulse
repetition rate of 250 kHz. The tip temperature was kept
at about 60 K. The APT data was evaluated using the soft-
ware IVAS 3.6 provided by Cameca Instruments.

Nanohardness and the reduced indentation elastic mod-
ulus of the powder compacted specimens were measured
using a Hysitron TriboIndenter TI900. The measurements
were carried out at a load of 2500 pN for 10 s. The reported
hardness measurements are an average of at least 10 mea-
surements taken on both sides of the same sample.

3. Results
3.1. Mechanically alloyed powder

Based on SEM images, the as-milled powder samples
revealed a particle size of approximately 8 4+ 3 um. The size
measurements were done on powders that were first dis-
persed in methanol, ultrasonicated, filtered and then dried
prior to imaging. These steps were done to avoid agglom-
erated particles. After this treatment, we observed that
the particles had equiaxed shape and a homogeneous size
distribution.

XRD patterns of the powder samples of AlCrCuFe-
NiZn HEA obtained after sequential 5 h milling intervals
are shown in Fig. la. After 20 h milling, XRD peaks corre-
sponding to a bcc phase were observed with a lattice
parameter, ap.. = 287 pm. Even though broadening of the
peaks represents nanocrystallization of the alloy, the
{110} peak is asymmetric with a small shoulder at 43.5°.
Upon deconvolution, the presence of a minor phase with
maximum intensity at 43.6° was observed as shown in
Fig. 1b. Based on the powder diffraction patterns obtained
after 5h milling steps, we observed that an overlapped
phase with a peak corresponding to the {111} plane, indi-
cating the presence of a fcc phase with lattice parameter
agee = 367 pm. This phase could not be indexed because
of the absence of successive high-index peaks indicating a
small fcc phase fraction compared to the bcc phase. The
20 h milled powder had an average crystallite size of
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Fig. 1. X-ray diffraction pattern of the AICrCuFeNiZn HEA powder
samples (a) obtained after accumulative milling intervals of 5h (Cu K,
A =154 pm); (b) deconvoluted high-intensity (1 10) peak corresponding to
the major bce phase (@ =267 pm) obtained after 20 h milling, also
showing the presence of a minor fcc phase peak corresponding to the
(111) plane with lattice parameter ag.. = 367 pm.

10 & 2 nm with a lattice strain of about 0.75% as measured
from the {110} XRD peak after deconvolution.

The dark-field TEM micrograph in Fig. 2a, imaged
using the [110] diffraction ring, shows nanocrystals with
an average crystallite size of 11 + 1 nm. The selected-area
electron diffraction (SAED) pattern in Fig. 2b shows dif-
fraction rings corresponding to the bcc phase with
apee = 287 pm in the 20 h milled condition. Fig. 2¢ shows
a high-resolution (HR) TEM image which confirms the
presence of bcc phase with an interplanar spacing of
203 pm corresponding to the bee [110] plane. Table 1 sum-
marizes the TEM observations and the XRD
measurements.
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Fig. 2. (a) Dark-field TEM image of the 20 h milled AICrCuFeNiZn HEA powder using the (110) diffraction ring; (b) corresponding SAED pattern
showing the diffraction rings of the bce phase; (c) HRTEM image of a region with atomic planes corresponding to the bce phase with an interplanar

spacing of 203 pm.

Table 1

Experimental and calculated d-spacing values of the phases present in nanocrystalline equiatomic AICrCuFeNiZn HEA after 20 h of ball milling and hot
compaction (600 °C for 15 min at 650 MPa). The experimental error for the d-spacing values is below 5%.

Angle (20) (degree) d-Spacing (XRD) (pm)

d-Spacing (calculated) (pm)

d-Spacing (TEM) (pm) (hkl) Planes-crystal structure

Mechanically alloyed powder (20 h milled)

44.5 203 203
64.7 144 143
81.8 117 117
Hot compacted (600 °C, 650 MPa, 15 min)

42.69 211 211
44.47 203 203
49.69 183 183
64.63 143 144
72.87 129 129
81.88 117 117
88.28 110 110

203 (110)-bee
141 (200)-bee
116 (211)-bee
213 (111)-fec
203 (110)-bee
183 (200)-fce
146 (200)-bee
135 (220)-fce
114 (211)-bee
108 (311)-fce

3.2. Hot compacted alloy: structure, composition and
nanohardness

Fig. 3 shows the XRD pattern for the 20 h mechanical
alloyed powder after (a) annealing at 600 °C for 15 min
and (b) after hot compaction at 650 MPa at the same tem-
perature and for the same time. Peaks corresponding to the
fcc and bee phases are obtained in both cases and the phase
formation follows the same pattern. Based on peak posi-
tions, the lattice parameters of the two phases are deter-
mined to be 287 pm for bec and 367 pm for fcc,

respectively. It should be noted that the intensity of the
fce phase in the annealed condition (Fig. 3a) is lower com-
pared to that of the hot compacted condition (Fig. 3b),
indicating their lower volume fraction. Thus the load
applied during compaction has accelerated the formation
of the fcc phase. However, the parent bcc phase remains
the majority phase in both cases. In either case, for the
hot compacted condition the bcc phase occupies about
60 vol.% and the fcc phase 40 vol.%. The average crystallite
size measured for the phases from these two different treat-
ments is found to be approximately 20 4+ 1 nm.



4700
g oS Hbee
Sl =
hall [ et |20h milled + Hot compacted|
—_ S — = .
2 & s g 8§ ¢
5 ® 8§ §F = 2
o
g =
= x
2 S
o [E =l= [20h milled + Annealed
4= < _
® —_ _ — = —_
8 S S 8§ T
N} g 8 " <
® X ® ®
T T T T T T T T T T T
30 40 50 60 70 80 20

20 (degree)

Fig. 3. X-ray diffraction pattern (Cu K, A = 154 pm) of the 20 h milled
AlICrCuFeNiZn HEA powder after: (a) annealing at 600 °C for 15 min; (b)
hot compaction at 600 °C with 650 MPa for 15 min.

A dark-field TEM micrograph imaged using the [110]
diffraction ring of the bce phase is shown in Fig. 4a. Fine
nanocrystals of 15-20 nm in diameter are clearly visible.
The inset of Fig. 4a displays a histogram of the crystallite
size distribution. It can be fitted by a log-normal function
with an average crystallite size of 20 + 8 nm. The corre-

Average crystallite
size:20+8 nm
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sponding SAED pattern of the compacted sample is shown
in Fig. 4b. The diffraction rings suggest the same bce and
fce lattice parameters as observed by XRD. Fig. 4¢ shows
the HR TEM image, confirming the presence of the matrix
bce phase with an interplanar spacing of 203 pm corre-
sponding to the distances of the {110} planes. Considering
the small crystallite size of the nanocrystals, EDX measure-
ments obtained on these samples at various regions for
identifying the elemental distribution in each of the phases
are not completely reliable and hence are not discussed
here. However, in some regions we observed an enrichment
of Cu and Zn corresponding to the 30 at.% Zn o-brass
composition (see Table 2).

The elemental distribution within the nanocrystals and
the chemical composition across different phases and
boundaries were obtained from APT. Fig. 5a shows the ele-
mental map of one such measurement, while Fig. 5b dis-
plays the individual atomic positions of Al, Cr, Cu, Fe,
Ni and Zn in an analyzed volume of 46 x 46 x 180 nm?.
All elements are non-uniformly distributed and can be
divided into at least two regions based on the enrichment
of at least one of the alloying elements. In order to clearly
distinguish these regions, a one dimensional concentration—
depth profile was plotted (Fig. 6a) using a cylinder of
12 nm radius oriented along the central line through the
analyzed volume (inset in Fig. 6a). The error bars represent
the 20 standard deviation. It is obvious from the concentra-

(111) fee
(200) fee
(220) fee

Fig. 4. TEM images of hot compacted (600 °C for 15 min at 650 MPa) AlCrCuFeNiZn HEA: (a) dark-field micrograph imaged using the (1 10) diffraction
ring showing fine nanocrystals (inset shows histogram of crystallite size; continuous curve displays fit using log-normal distribution function); (b)
corresponding SAED pattern showing the diffraction rings corresponding to the bec and fec phases; (c) HRTEM image of a region showing atomic planes

corresponding to the bec phase with an interplanar spacing of 203 pm.
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Table 2

4701

Chemical composition of phases (at.%) of mechanically alloyed and hot compacted AlICrCuFeNiZn high-entropy alloy measured by TEM/EDX and by

APT. The error bars represent 2¢ standard deviation.

Method/region Enrichment Al Cr Cu Fe Ni Zn
TEM-EDX spot (fcc phase) Cu 0.7 0.6 63.2 0.7 43 30.4
APT 1 (bee phase) Ni 18+ 1.5 - 16+ 1 6+0.5 43 +2 17+1
APT 2 (bee phase) Fe - 0.4 +0.1 0.2+0.1 95+0.3 3.2+0.1 02+0.1
APT 3 (fcc phase) Cu - - 62+4 - 443+2 33.1+£3
APT 4 (bcc phase) Cr - 86+ 6 - 14+7 - -

tion—-depth profile that region 1 is enriched in Ni
(~43 at.%) and region 2 is mainly enriched in Fe
(~90 at.%). Along the boundaries of Ni-rich and Fe-rich
regions, segregation of Cu and Zn (marked by arrows in
Fig. 5a and b) having a-brass type composition has been
determined which acts as a hetero-interface. It has already
been shown from the XRD and TEM measurements that
the fcc phase is composed of Cu-Zn. From the concentra-
tion—depth profile in Fig. 6a, it is difficult to identify such
Cu—Zn enrichment as the segregated area is very thin and
the cylinder (12 nm radius) used for the analysis is very
large. Hence an isoconcentration surface with 28 at.% Cu
is created (rectangle area in inset of Fig. 6b) and from
the proximity histogram (Fig. 6b) the local composition
of the hetero-interface is determined as listed in Table 2.
It should be noted that the concentration of Cr (0.2 at.%)
is very low over the entire analyzed volume, which gives
rise to speculation that it could be segregated as an almost
pure Cr phase similar to that of Fe. In order to verify this
hypothesis, several measurements were carried out under
the same sample conditions.

Fig. 7 displays the elemental map of another APT mea-
surement of hot compacted AlICrCuFeNiZn HEA, showing
the individual atomic positions of Al, Cr, Cu, Fe, Ni and
Zn in an analyzed volume of 74 x 74 x 46 nm>. In accor-
dance with the result shown in Fig. 5, all the elements are
non-uniformly distributed and can be divided into different
regions similar to those in Fig. 5. Considering the morphol-
ogy of the Cu enrichment, and in order to determine the
local chemical composition more accurately, proximity his-
tograms were plotted after creating isoconcentration sur-
faces as shown in Fig. 8a. In order to maintain
consistency in identification, regions enriched in Ni are
numbered region 1, while the regions enriched in Cu and
Zn are numbered region 3, since the local concentrations
of these regions are comparable with the measurement
shown in Fig. 5. In addition to Ni-, Fe- and Cu-Zn-rich
phases observed in Fig. 5, segregation of Cr atoms along
with traces of Fe atoms are identified and are referred to
as Cr-rich phase, numbered region 4. The diameters of such
regions are about 5-6 nm (see Fig. 8c) with a number den-
sity of 4 x 10 m 2. The term “number density” refers
here to the frequency of these zones in the probed APT vol-
ume. The local chemical concentrations of such Cr enrich-
ments were determined from the concentration—depth

profile (in Fig. 8d) plotted using a cylinder of 0.65 nm
radius oriented along two Cr-rich regions marked in
Fig. 8c by a rectangle. Table 2 summarizes the local con-
centrations in each of these regions together with the
TEM/EDX result of the Cu—Zn-rich phase. It could be
noted that all the different regions are distinctly partitioned
and the sizes of each of these regions are well below 30 nm.
The powder compacts had very high hardness in the range
of 870 + 10 HV with an indentation-reduced elastic modu-
lus of 148 + 20 GPa.

4. Discussion
4.1. High-entropy solid-solution formation

We have successfully synthesized nanocrystalline
AICrCuFeNiZn HEA solid solution by mechanical alloy-
ing, and probed the alloying process as a function of mill-
ing time. The disappearance of individual elemental XRD
peaks and the evolution of solid-solution peaks as shown
in Fig. la demonstrate gradual alloy formation.

HEAs are by original definition [2-5] suggested to be
equiatomic or near-equiatomic multicomponent solid solu-
tions. All elements are solutes and, therefore, the chemical
compatibility, i.e. the electronegativity difference and the
enthalpy of mixing (AH ;) between them, should also be
relevant for alloy formation. The high-entropy solid-solu-
tion formation rules described above are similar to the
Hume-Rothery rules for binary solutions [20]. In the case
of AICrCuFeNiZn HEA the calculated values of the
atomic size misfit parameter J, mixing enthalpy AH
and mixing entropy ASx for this composition are 5.17,
—2.5346 kI mol™' and 14.89 J K 'mol™!, respectively.
This confirms the very high mixing entropy of the alloy
which is claimed to result in the formation of solid-solution
phases. We also observe that this trend is nearly followed,
however, only when the material is mechanically alloyed.
The values for 6, AH,,,;x and AS,,;x were obtained following
the formulations and physicochemical parameters
described elsewhere [3,21-23]. The calculated phase equi-
librium shows that AICrCuFeNiZn does not fall in a sin-
gle-phase solid-solution range as anticipated by the HEA
rules. Therefore, the as-prepared powder is expected to
have a microstructure consisting of a high-entropy solid
solution as main phase plus ordered precipitates [23]. This
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Fig. 5. APT data of hot compacted (600 °C, 650 MPa, 15 min) AICrCuFeNiZn HEA: (a) elemental map displaying the overall distribution of atoms; (b)
three-dimensional reconstruction of individual Al, Cr, Cu, Fe, Ni, Zn atom positions in an analyzed volume of 46 x 46 x 180 nm>. The arrows indicate the

segregation of Cu and Zn atoms along the grain boundaries.

matches our findings shown in Fig. 1b, where the as-milled
AICrCuFeNiZn HEA powder contains a major bcc phase
along with small fractions of fcc phase. Hence, it can be
concluded that the matrix of the AICrCuFeNiZn HEA is
a bec solid solution (Fig. 2b and ¢) containing minor pre-
cipitated fcc phase fractions. The results obtained from

more equilibrated samples after hot compaction or anneal-
ing indeed reveal that a solid solution is not obtained when
the system is brought closer to equilibrium. Nevertheless,
metallic multiphase alloys can often be rendered into solid
solutions when mechanically alloyed (e.g. via ball milling
or wire drawing). This non-equilibrium solid-solution state
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compacted (600 °C, 650 MPa, 15 min) AICrCuFeNiZn HEA taken along
the analyzed volume of 46 x 46 x 180 nm? (inset). Concentration values
are determined in 2 nm thick slices with a radius of 12 nm. The profiles are
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separate regions 1 and 2 which are enriched in Ni and Fe, respectively. (b)
Proximity histogram of 0.1 nm bin size with respect to the selected Cu-Zn
phase boundary (with 28 at.% Cu interface) marked with a rectangle in the
inset.

is promoted by shear-induced mixing during intense co-
deformation of initially separated phases [24-29].

4.2. Interphase segregation

Following the gradual progress of mechanical alloying
(Fig. la), we observe that Cu and Zn segregate into a
Cu-rich fcc brass-type phase (Fig. 1b). The formation of
this phase can be explained based on the positive enthalpy
of mixing of Cu with Fe, Cr and Ni [30]. During hot com-
paction the fcc phase fraction has increased (40%) with
respect to the as-milled condition (12%) as can be seen
from the increase in intensity of the fcc peak in Fig. 3b.
The lattice parameter of the fcc phase (367 pm) as deter-
mined by XRD (Fig. 3b) matches the one measured from

TEM diffraction rings (see Fig. 4b). APT measurements
reveal that the composition of the Cu-rich region 3 as indi-
cated in Table 2 (from Figs. 6b and 8b) contains mainly Cu
(62-63 at.%), Zn (31-34 at.%) and small amounts of Ni (3—
4 at.%). The APT-determined composition of region 3
matches well with the TEM/EDX-measured concentration
(see Table 2). Hence, we conclude that region 3 belongs to
the minority fcc phase with typical a-brass composition
(Cu-30 at.% Zn). The presence of small amounts of Ni is
expected to increase the stability of the low melting o-brass
phase besides improving its strength [14,31]. A high melting
element has as a rule a lower diffusion coefficient in a solid
solution than an element with low melting point [32].
Hence, Zn diffusion in the a-brass phase will be relatively
high. This explains the formation of a-brass on many inter-
faces throughout the probed volume, (Fig. 5a and b, see
arrows). Since the alloy is nanocrystalline the grain bound-
ary density is very high. This favors segregation of Cu and
Zn to the grain boundaries and hence the formation of o-
brass (Figs. 5a and 8a).

4.3. Thermally stable hard bcc matrix and discussion of
nanocrystalline grain size

The APT analysis reveals that the phases abutting the o-
brass-rich interface regions are enriched or respectively
depleted in Ni-Al and Cr-Fe (see Figs. 6b and 8d). The
formation of a Ni—Al-rich phase is due to the strong inter-
actions of these atoms during mixing, i.c. Ni and Al have
the largest negative enthalpy of mixing among all alloying
elements, namely —22 kJ mol~! [30]. The values of the
energy of formation of the corresponding intermetallic
phases are even larger, namely —60 kJmol™' for the
ordered B2 phase NiAl and about —40 kJ mol~' for the
L12 phase NizAl. However, the Ni-Al-rich phase also con-
tains substantial amounts of Cu (~16 at.%), Zn (~17 at.%)
and Fe (~6 at.%) (see Table 2, region 1). The lattice param-
eter of the majority bec phase both in the as-milled and hot
compacted condition as measured from the XRD peak
positions (Figs. la and 3b) and SAED ring pattern
(Figs. 2b and 4b) correspond to ape. = 287 pm. A similar
Ni-Al phase (apcc =288 pm) of B2 structure with high
amounts of Co, Fe, Cu and Cr has been previously
reported for an as-cast AICoCrCuFeNi HEA [9]. Based
on the observation of such enrichments, a near-stoichiom-
etric Ni-Al phase was proposed with different types of sub-
lattice occupations where Fe and Cu were suggested to
prefer Al sites, while Cr and Co were assumed to occupy
Ni sites [9]. The current HEA has a calculated VEC value
of 4.98, and hence the alloy is expected to have a stable
bee phase [5]. This is in accordance with the observation
that the bce Ni—Al phase remains stable even after anneal-
ing at 600 °C for 15 min [9]. Therefore, we conclude that
the major bcc matrix phase is of Ni—Al type, with other
alloying elements occupying specific sublattice positions.
Strict long-range intermetallic B2 NiAl ordering, however,
cannot be concluded from the current diffraction data, sup-
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Fig. 7. APT elemental map displaying the atomic positions of Al, Cr, Cu, Fe, Ni and Zn in an analyzed volume of 74 x 74 x 46 nm® of hot compacted

AlCrCuFeNiZn HEA (600 °C, 650 MPa, 15 min).

posingly owing to the variation in the corresponding sub-
lattice occupation.

The formation of a Cr—Fe phase in the hot compacted
condition (region 4; see Table 2) can also be explained in
terms of Hp;. With the enthalpy of mixing of Cr—Fe binary
system being —1 kJ mol ! it is obvious that these elements
tend to segregate into tiny Cr-rich regions of 6 4+ 0.5 nm
in size as shown in Fig. 8c. This effect can also be explained
in terms of the low intrinsic diffusion coefficient of the
higher melting point element Cr in a solid solution [33].
Chen et al. [33] studied the competition between different
elements during mechanical alloying. It was realized that

the elements with higher melting points had a sluggish
alloying rate. Accordingly, they observed the segregation
of Cr in the form of a separate bcc phase in different
HEA systems even after long milling times. In the present
case, however, only one type of bcc phase is observed in
the as-milled condition (Figs. 1a, 2b and c). This means that
mechanical alloying has led to a non-equilibrium bcc solid
solution after 20 h milling which upon hot compaction at
600 °C for 15 min has undergone decomposition (probably
spinodal) resulting in three chemically different regions but
constituting only one bcc phase peak in XRD (Fig. 3b).
Spinodal decomposition of the Cr—Fe—Co-rich phase into
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regions of Fe—Co-rich and Cr-rich domains has been
reported in the as cast AlICoCrCuFeNi HEA [11]. This
matches our present findings of the existence of a nearly
pure Fe phase (region 2 in Fig. 5b) and a Cr-rich phase
(Fig. 8c). Formation of such Cr-rich sigma phase (o) after
spark plasma sintering at 900 °C of the mechanically
alloyed NiCoCrCuFe and NiCoCrFe HEA has also been
reported [14], suggesting the possibility of similar decompo-
sition behavior. Since the lattice parameter of bee Cr is the
same as that of the Ni—Al bcc phase (ape. = 287 pm) it is
highly unlikely that they can be distinguished using diffrac-
tion techniques. Moreover, the chemical composition anal-
ysis and elemental mapping by TEM EDX may be
unreliable in the current case as the crystallite size of the
phases in the as-milled and hot compacted condition are
extremely small, namely of the order of 11+ 1 and
20 + 8 nm, respectively.

The crystallite size of the HEA after hot compaction is
only 20 + 8 nm. The average values of the crystallite size
obtained from TEM match those measured by XRD.
Moreover, the presence of the characteristic ring pattern
(Fig. 4b) also confirms the overall nanocrystalline nature
of the hot compacted alloy. The reason for such high ther-
mal stability of the nanocrystals could be associated with

the formation of an a-brass phase (Cu—30 at.% Zn) along
the grain boundaries. The enrichment of Cu in a-brass is
expected to exert a strong repulsive interaction [30] with
other elements in the alloy except for Zn [20], thereby pre-
venting the diffusion of elements between phases and hence
controlling grain growth. This explains the presence of an
almost pure Fe phase (96 at.%), (region 2 in Fig. S5a)
adjoining the o-brass hetero-interphase. As a result the
nanocrystalline microstructure of the alloy is stabilized by
the Cu—Zn enrichments.

These results reveal that the nanostructure of the HEA
under investigation has a composite microstructure consist-
ing of alternating hard Ni-Al and Cr—Fe phases that are
separated by a more ductile a-brass phase along the inter-
faces between these phase regions. The very high hardness
of the AICrCuFeNiZn HEA can be attributed to the nano-
crystalline nature of the alloy and to the individual hard-
ness of Ni-Al and Cr-Fe phases, which together
constitute the bce matrix phase [12-14].

The current results enable us to critically evaluate phase
formation and dissociation kinetics in the HEA design con-
cept. More specific, the results show that the thermody-
namically stable state of a multicomponent solid-solution
phase, competing with other phases of similar composition,
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is determined by the Gibbs free energy of all competing
phases [34-37] and not by the mixing entropy alone as sta-
ted by the original high-entropy concept.

5. Summary, conclusions and outlook

The equiatomic AICrCuFeNiZn HEA, produced by
mechanical alloying and hot compaction, was investigated
using XRD, TEM and APT. XRD indicates the deforma-
tion-driven formation of a major bce solid-solution phase
with a lattice parameter of 287 pm after 20 h mechanical
alloying. Upon hot compaction at 600 °C for 15 min a com-
posite microstructure was observed. The material had sig-
nificant fractions of fcc phase (i.e. up to 40 vol.% after hot
compaction) along with a major bee matrix phase consisting
of stable nanocrystals (20 + 8 nm in size). Further analysis
by APT revealed that the bec phase was comprised of two
locally decomposed regions, namely Ni-Al and Cr—Fe, hav-
ing identical structure and lattice parameters. The Ni-Al
and Cr—Fe regions are separated along the grain boundaries
by a ductile fcc a-brass interphase region consisting of
63 at.% Cu and 32 at.% Zn. Such o-brass segregations along
the grain boundaries stabilize the nanostructure.

Irrespective of the material having highly stable nano-
structures the primary objective of synthesizing a single-
phase alloy and retaining the same nanostructure at high
temperatures has not been realized. Moreover, in many
previous cases, including the present alloy, the microstruc-
tural changes at the atomic scale upon annealing violate the
HEA design principles where a homogeneous solid solution
is targeted. We hence suggest a conceptual modification of
the HEA design, considering that the Gibbs free energy
determines the equilibrium state of an alloy, and not the
mixing entropy alone. In order to achieve this criterion,
the alloying elements considered must have high equilib-
rium solid-solubility limits among each other which can
be determined using CALPHAD-type models.
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