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Abstract

A series of nanocrystalline Fe–C alloys with different carbon concentrations (xtot) up to 19.4 at.% (4.90 wt.%) are prepared by ball
milling. The microstructures of these alloys are characterized by transmission electron microscopy and X-ray diffraction, and partitioning
of carbon between grain boundaries and grain interiors is determined by atom probe tomography. It is found that the segregation of
carbon to grain boundaries of a-ferrite can significantly reduce its grain size to a few nanometers. When the grain boundaries of ferrite
are saturated with carbon, a metastable thermodynamic equilibrium between the matrix and the grain boundaries is approached, induc-
ing a decreasing grain size with increasing xtot. Eventually the size reaches a lower limit of about 6 nm in alloys with xtot > 6.19 at.%
(1.40 wt.%); a further increase in xtot leads to the precipitation of carbon as Fe3C. The observed presence of an amorphous structure
in 19.4 at.% C (4.90 wt.%) alloy is ascribed to a deformation-driven amorphization of Fe3C by severe plastic deformation. By measuring
the temperature dependence of the grain size for an alloy with 1.77 at.% C additional evidence is provided for a metastable equilibrium
reached in the nanocrystalline alloy.
� 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Nanocrystalline materials have great potential in a vari-
ety of applications. However, due to the extremely high
density of grain boundaries, many nanocrystalline materi-
als suffer from microstructural instability. Therefore, it is
difficult to achieve a thermally stable microstructure on
the nanometer scale [1], a deficiency that strongly limits
the application of these materials. A strategy to overcome
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this limitation is to reduce the grain boundary energy by
solute segregation and thus diminish the driving force for
grain growth. The reduction of interfacial energy by solute
segregation was quantitatively described by Gibbs [2] by
his adsorption isotherm:

dc ¼ �CdlA; ð1Þ
where c is the interface or grain boundary energy, C is the
excess solute at the boundary and lA is the chemical poten-
tial of the solute A. Atoms of type A segregating to grain
boundaries lead to a positive excess and thus reduce the
grain boundary energy.
rights reserved.
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The concept of suppressing grain growth in nanocrystal-
line alloys by applying Gibbs’ relation was first suggested
by Birringer [3] and then quantitatively treated by Weiss-
müller [4,5]. The latter has shown that in the framework
of thermodynamics a metastable equilibrium is attained
in a closed system if the grain boundary energy is reduced
to zero. For grain boundaries saturated with solute the fol-
lowing relation was derived by Weissmüller [4,5]:

c ¼ co � CsatðDH seg þ RT ln xgiÞ; ð2Þ
where co is the energy of the pure grain boundary (C = 0),
Csat is the excess solute for the boundary saturated with A,
DH seg is the segregation energy of A (defined as positive for
segregating species) and xgi is the molar ratio of A within
the grain interior. In order to reduce c to a large fraction
of co both DHseg and xgi have to be large because Csat is ex-
pected to be of the order of one monolayer. Using reason-
able figures for the quantities in Eq. (2) Weissmüller has
shown that c may become zero. However, it was also
shown by one of the authors [6] that c = 0 may not be
reached, because the two quantities in brackets might de-
pend on each other. As proposed by Hondros et al. [7]
the solubility of A (the upper value of xA) is related to
the segregation enrichment factor (a measure of DHseg).
Thus oversaturation of A within the grains may be required
to attain a value of c = 0 according to Eq. (2) [6]. In a gen-
eralization of Gibbs treatment [8,9] it was also shown that
Eq. (1) is also valid for other discontinuities or defects such
as vacancies, dislocations etc., and the term defactants was
coined. Defactants segregate to defects and reduce their
formation energy in the same way that surfactants segre-
gate to surfaces reducing surface energies. In this context
it was also shown [8] that Eq. (2) is a special case of Eq.
(1) (see Appendix A) and that in open systems for c < 0
the attainment of metastable equilibrium with c = 0 re-
quires that the derivative dc/da is positive [10].

Since the pioneering work of Weissmüller [4,5] it has
been shown in many studies [11–22] that nanocrystalline
alloys can be stabilized by grain boundary segregation.
Whether the stabilization was achieved by kinetic barriers
or by reaching the equilibrium with c = 0 often remained
an open question. Evidence for thermodynamic stabiliza-
tion is provided by showing thermal stability of the nano-
crystalline structure in the presence of segregating solutes,
i.e. showing that c as the driving force for grain growth
is suppressed. Another approach for proving c = 0 is mea-
suring the total solute concentration, ctot (in mole m�3) and
its partitioning between grain interior, cgi and grain bound-
aries, cgb. Solute conservation requires:

ctot ¼ cgi þ
aC
V
; ð3Þ

where a is the total grain boundary area, C the excess solute
at these boundaries and V is the sample volume. For grains
of cubic or spherical shape with a grain diameter, d, Eq. (3)
becomes [4,17]:
ctot ¼ cgi þ
3C
d
: ð4Þ

Eqs. (3) and (4) are valid independent of the value of c.
However, for c = 0 Eq. (2) requires that cgi is independent
of the grain size d, reaching the constant value co

gi. Under
these conditions the excess should have reached saturation
and Eq. (4) takes the special form:

ctot ¼ co
gi þ

3Csat

d
: ð5Þ

Thus a hyperbolic relation between grain diameter and
total solute concentration should exist for c = 0 as pre-
dicted [17,18,23] and experimentally proven [17,18]. Atom
probe tomography (APT) is especially suited to measure
both co

gi and Csat as done for phosphorous in nanocrystal-
line nickel [17] and cobalt [18]. If the equilibrium values
of co

gi and Csat are known, a direct comparison of Eq. (5)
with experimental results for d and ctot becomes possible.
Metastable thermodynamic equilibrium with the chemical
potentials of solute atoms being the same in grain bound-
aries and the grain interior is possibly not yet established
after preparation of nanocrystalline alloys but may require
a moderate annealing treatment [17].

In the present study APT is used for nanocrystalline Fe–
C alloys prepared by ball milling of iron and graphite. The
grain size of the mechanically alloyed samples was deter-
mined by both dark-field transmission electron microscopy
(TEM) and X-ray diffraction (XRD). Compared to the pre-
vious work by Hono et al. [24,25] the total carbon concen-
tration was varied over a large range and a much larger
number of grain boundaries was measured, because a local
electrode atom probe (LEAP) was used to analyze a large
volume, allowing fast data acquisition and high mass reso-
lution [26–29]. Experimental data are evaluated on the
basis of Eq. (5), in order to check whether equilibrium with
c = 0 is attained. In addition, for one of the Fe–C alloys the
temperature dependence of the average grain size was
determined and compared with a new equation derived
from Eqs. (2) and (5).

Unlike the thermodynamic approach, grain refinement
induced by carbon addition is explained as promotion of
dislocation multiplication and retardation of dynamic
recovery by carbon during the ball-milling process [30]. It
has already been shown by APT in previous studies that
carbon atoms in ball-milled nanocrystalline Fe–C alloys
exhibit pronounced segregation to grain boundaries of
nanocrystalline ferrite [25,31]. However no quantitative
comparison of experimental results with the theoretical pre-
dictions displayed in Eqs. (2) and (5) has been performed.
This is done in the present work where the total carbon con-
centration and temperature were systematically varied.

It is interesting to note that the two equilibrium phases
graphite and iron, used in this study and by Hono et al. as
starting materials [24,25], should not intermix at room tem-
perature according to the phase diagram. However, the
external forces applied during ball milling drive the system



Table 1
Fraction of graphite in the mixed powders and analyzed total carbon
concentration ctot of the ball-milled Fe–C alloys labelled A–G. Whether
the samples were characterized by either XRD or TEM is marked in the
last two lines.

A B C D E F G

Graphite (at.%) 0.93 1.84 3.76 7.05 13.37 17.33 25
xtot (at.%) 0.93 1.77 3.27 6.19 13.34 14.21 19.4
xtot (wt.%) 0.20 0.38 0.72 1.40 3.19 3.43 4.90
ctot (mole m�3) 1300 2500 4600 8700 18800 20,000 27,400
XRD Yes Yes Yes Yes
TEM Yes Yes Yes Yes Yes
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to a non-equilibrium state with carbon atoms sitting mostly
at grain boundaries. A similar final nanocrystalline state
can be obtained by using a pearlitic steel as starting mate-
rial for superplastic deformation [30].

2. Experimental

2.1. Materials

Nanocrystalline Fe–C alloys with variable carbon con-
centrations labeled as alloys A, B, C, D, E, F and G in
Table 1 were prepared by ball milling iron powder
(99.99% purity) mixed with different amounts of graphite
powder (99.99% purity). The ball-milling experiments were
carried out with a Fritsch planetary mill Pulverisette 6 clas-
sic line including the Safe-Lock clamping system. The
grinding bowl and grinding balls were made of zirconium
dioxide. The ball to powder weight ratio was 10:1 (powders
were handled in an argon glovebox to avoid contamination
with oxygen). Ball milling of each powder mixture was con-
ducted in an argon atmosphere for 100 h. In order to sep-
arate graphite not alloyed with iron the powders were
immersed after ball milling into diiodomethane (CH2I2)
which has a higher density (3.325 g cm�3) than graphite
(2.09–2.23 g cm�3) but a lower one than iron
(7.874 g cm�3). After stirring, the unalloyed graphite pow-
ders floated onto the surface of CH2I2 while the Fe–C pow-
ders sank down to the bottom. Afterwards, the powders
separated in CH2I2 were cleaned in ethanol at least three
times and dried in the fume hood at room temperature.
The carbon concentrations ctot of the cleaned powders were
measured using a carbon analyzer (G4 Icarus CS HF, Bru-
ker AXS), and are listed in Table 1. To investigate the
changes of microstructure and distribution of carbon at
higher temperatures, annealing treatments were performed
in a high-vacuum furnace (�10�5 mbar) and subsequently
cooled down to room temperature within the furnace.

2.2. Characterization techniques

Microstructures of the powders were characterized by
means of TEM and XRD. TEM specimens were prepared
with a focused ion beam (FIB) FEI Nova 600 Nano Lab
and were investigated in a Philips CM 30 TEM operated
at an acceleration voltage of 300 kV. XRD measurements
were obtained with a Philips X’pert MRD diffractometer
using Co Ka radiation (kKa1 = 0.178897 nm). Step size
and counting time per step are 0.02� and 20 s, respectively.
Calibration of the XRD results was done with a standard
Si sample. The grain sizes of the powders were determined
by analyzing TEM dark-field images and by X-ray line pro-
file analysis (XLPA) [32–34]. The current XLPA was per-
formed by means of the extended convolution multiple
whole-profile (eCMWP) procedures [32–34] which is more
elaborate than a simple Williamson–Hall analysis and
yields more reliable results for the grain sizes and disloca-
tion densities of the powders. The physical parameters used
in eCMWP fitting are Burgers vector b = 0.248 nm and
average dislocation contrast factor Ch00 = 0.256 [35]. The
distribution of grain sizes is assumed to be log-normal,
i.e. f ðdÞ ¼ ½1=ð2pÞ1=2r�ð1=dÞ expf�½lnðd=mÞ�2=2r2g with d

the grain size, r2 the variance and m the median [32], which
is ascertained by TEM analyses. According to Ref. [36], the
area weight of d can be expressed as dXLPA

area ¼ m expð2:5r2Þ.
In order to determine the lattice parameters of the pow-

ders, the positions of the Bragg peaks were obtained by fit-
ting the measured XRD profiles with a pseudo-Voigt
function with a Lorentzian factor of 0.5. Carbon concen-
trations in ferrite grains cgi were determined via the lattice
parameters using the equation xgi = (a � a0)/
[(8.4 ± 0.8) � 10�3] with a the measured lattice parameter
of ferrite, and a0 = (2.8664 ± 0.0001) Å the lattice constant
of pure iron [37]. Excess carbon in the grain boundaries
was then calculated using the measured grain size and
Eq. (4). It should be noted that there are some factors
which may influence the measurements of the lattice
parameters of ferrite. Upon ball milling, the materials are
severely deformed. Since the temperature during the ball
milling is relatively low (below 323 K in this work), a large
number of vacancies might be produced, which could cause
contraction of the lattice of ferrite leading to uncertainties
in the evaluations of the carbon concentrations.

A local electrode atom probe (LEAP 3000X HR, Cameca
Instruments) was employed for quantitative analyses of the
carbon concentration at grain boundaries and grain interi-
ors. The measurements were performed in voltage mode at
70 K under an ultra-high vacuum of 8 � 10�9 Pa. The pulse
fraction was 15%. The pulse repetition rate was 200 kHz at a
detection rate of 0.005 atoms per pulse. The reconstruction
of the atom probe data was done using standard parameters
for iron. The final tip radii after APT measurements were
also taken into account. Carbon peaks in the mass spectra
were identified as C++ at 6 Da and 6.5 Da, C+ at 12 Da
and 13 Da, Cþþ3 at 18 Da and 18.5 Da, Cþ2 at 24 Da and
25 Da, Cþþ4 at 24.5 and Cþ3 at 36 Da. The quantitative carbon
distributions in grain interiors and at grain boundaries are
analyzed for the individual subvolumes as illustrated in
Fig. 1. An isoconcentration surface (in green) at 1.5 at.% C
is shown in Fig. 1a to quantitatively distinguish grain bound-
aries from grain interiors, which are displayed in Fig. 1b and
c, respectively. This method yields relatively accurate
concentration values, because for each region of interest its



Fig. 1. Example of carbon atom (red dots) maps of a nanocrystalline Fe–C alloy (alloy B annealed at 573 K for 1 h). The analyzed volume is divided into
subvolumes for analysis of the carbon concentration at grain boundaries and in grain interiors. The subvolumes are separated by isoconcentration surfaces
with x = 1.5 at.% C. (a) Total volume with isoconcentration surfaces in green, (b) grain boundaries and (c) grain interiors. (For interpretation of the
references to color in this figure legend, the reader is referred to the web version of this article.)
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own specified mass spectrum was analyzed. Moreover, the
carbon concentration in grain interiors was determined with
high statistics due to the large analyzed volume, as shown in
Fig. 1c.

The carbon excess at grain boundaries was measured by
means of direct counting of carbon atoms per grain bound-
ary area, as described in previous work [38,39]. As the
apparent carbon-enriched zone at grain boundaries is
wider than the true width of a grain boundary, an analyzed
volume with 4 nm width in the normal direction to the
grain boundary was chosen to evaluate the grain boundary
excess of carbon.

3. Results

3.1. Characterization of the microstructure

XRD patterns of the ball-milled powders with different
xtot are shown in Fig. 2. For alloys A–F, only the peaks
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Fig. 2. XRD patterns of the ball-milled Fe–C powders.
corresponding to ferrite can be observed, despite the fact
that xtot is much higher than the equilibrium solubility of
carbon in a-ferrite at room temperature. When xtot reaches
the highest value of 19.40 at.% C (alloy G), only one rather
broad peak is detected. In addition, the profile of this peak
shows strong diffuse background scattering, indicating a
large fraction of amorphous structure formed in this alloy
with the highest carbon concentration, which is in agree-
ment with results of Ogasawara et al. [40].

As xtot increases, broadening of the Bragg peaks
becomes more and more significant. Broadening of Bragg
peaks can be caused by a decreasing grain size and increas-
ing microstrain [41]. According to Ref. [42], dislocations
are the main sources of microstrains in ball-milled iron
powders. In order to separate contributions from grain size
and dislocations to the broadening of Bragg peaks of fer-
rite, XLPA was performed on the measured XRD line
profiles.

Fig. 3 shows a pattern of alloy C fitted by eCMWP,
revealing a perfect fitting by the applied analysis. Unfortu-
nately, this fitting procedure could not give satisfactory
solutions in alloys with high carbon concentrations (E, F
and G) due to the strong scattered background of the cor-
responding XRD patterns. Table 2 shows the results of
XLPA and eCMWP for the alloys A–D. It can be seen that
with increasing xtot, the grain size of the ball-milled pow-
ders decreases continuously. The dislocation densities of
these powders are of the order of 1016 m�2, which corre-
sponds to the saturation value in iron [16].

Typical TEM micrographs of the ball-milled nanocrys-
talline Fe–C alloys are shown in Figs. 4–6. For low xtot,
only ferrite can be resolved from the selected-area diffrac-
tion pattern (SADP), see Fig. 4a. Fig. 4b–d are dark-field
images of alloy B corresponding to (110), (200) and
(211) Bragg reflections of ferrite. As can be seen, volume
fractions of grains with different crystal orientations are



50 60 70 80 90 100 110 120 130

0

200

400

600

800

1000

1200

1400

1600
 measured data
 fitted profile
 difference

In
te

ns
ity

2θ

Fig. 3. Result of XLPA with eCMWP fitting for alloy C. Open circles, red
line and blue line are measured data, fitted profile and the difference
between the measured and fitted data, respectively. (For interpretation of
the references to color in this figure legend, the reader is referred to the
web version of this article.)

3176 Y.Z. Chen et al. / Acta Materialia 61 (2013) 3172–3185
quite similar, showing the typical characteristic of untex-
tured structures. In the case of high xtot, besides ferrite,
two Bragg reflections of Fe3C, i.e. (210) and (221), which
cannot be distinguished in XRD patterns, are visible in the
SADP, see Fig. 5a. As for alloy B, volume fractions of fer-
rite grains in alloy E are equivalent with respect to different
crystal orientations. When xtot reaches the highest value
(alloy G), the microstructure exhibits amorphous charac-
teristics in some parts (see Fig. 6a and c), while in some
other parts a diffraction pattern contains both the diffrac-
tion rings of ferrite and Fe3C, see Fig. 6b. In Fig. 6a the dif-
fraction ring shows a uniform contrast, indicating that it
stems from amorphous regions. Some dark regions
(marked by arrows) are observed in the microstructure,
revealing that there are at least some crystallites embedded
in an amorphous structure. This is also what Fig. 6c sug-
gests. The diffraction ring in Fig. 6b shows a grainy struc-
ture; this resembles a Debye–Scherrer ring from randomly
oriented crystalline grains. In Fig. 6b both the diffraction
rings of ferrite and Fe3C are detected.
Table 2
Results obtained by X-ray line profile analysis (XLPA) via eCMWP
dislocation density, m the median of grain size, r its variance and th
either dTEM

area (if available) or dXLPA
area þ 1:5 nm (cf. text).

A B C

xtot (at.%) 0.93 1.77 3.27
mXLPA (nm) 7.04 7.37 5.17
rXLPA 0.52 0.38 0.45
dXLPA

area (nm) 13.7 10.7 8.5
q (1016 m�2) 3.2 ± 0.4 4.0 ± 0.3 1.9 ± 0.2
mTEM (nm) 8.29 7.92
rTEM 0.36 0.35
dTEM

area (nm) 11.4 10.8
dmean (nm) 14.2 11.4 10.8
According to the above TEM results alloys A–D con-
sist of single ferrite phase, alloys E and F of ferrite + Fe3-

C, and alloy G of amorphous regions + ferrite + Fe3C.
These observations are in agreement with the results from
Hidaka et al. [43], who showed that Fe3C will be present
in the final microstructures when the carbon concentra-
tion of the ball-milled Fe–C alloys is higher than 2 wt.%
(8.70 at.%).

Statistical analyses on the TEM dark-field images of the
ball-milled powders indicate that the grain size of the ball-
milled powders follows a log-normal distribution, see
Fig. 7. Therefore, the area weight of the grain size distribu-
tion is taken as the mean value, which can also be expressed
as dTEM

area ¼ m expð2:5r2Þ. A typical result of XLPA and
TEM analysis on the distribution of the grain size of ferrite
is shown in Fig. 7 for alloy C. The results for all alloys
reveal that dXLPA

area is always slightly smaller than dTEM
area . This

phenomenon is often observed in nanocrystalline materials
prepared by severe plastic deformation (SPD), since their
microstructures consist of subgrains or dislocation cells
that cause additional X-ray scattering [36]. Combining
the analyses on some annealed samples (not shown in this
work), the difference between dTEM

area and dXLPA
area is within the

range of 1–2 nm. Apparently, dTEM
area is more reliable in deter-

mining the mean grain size (dmean) of the nanocrystalline
ferrite. If the average deviation between dXLPA

area and dTEM
area is

chosen as 1.5 nm, a relationship of dmean = -
dTEM

area = dXLPA
area + 1.5 nm is obtained.

3.2. Partitioning of carbon between grain boundaries and
grain interior

XRD measurements of the lattice parameters of the fer-
rite were used to obtain the carbon concentration within
the grain interiors of ferrite (xgi) ranging from 0.4 to
0.9 at.% as presented in Table 3. From these values the
excess carbon at grain boundaries C was calculated via
Eq. (4) using the total carbon concentration, xtot, and the
mean grain size, dmean, (cf. Table 2). In Ref. [38] the excess
carbon was overestimated because the unalloyed graphite
was not separated from the Fe–C alloy powders yielding
larger values of xtot. The average value of C for alloys C
fitting [32–34] and by fitting TEM dark-field images: q is the
e corresponding grain diameter darea ¼ m expð2:5r2Þ [36]. dmean is

D E F G

6.19 13.34 14.21 19.4
3.40
0.48
6.0
2.2 ± 0.4

4.64 4.9
0.28 0.28
5.6 6.0

7.5 5.6 6.0



Fig. 4. TEM micrographs of alloy B: (a) bright-field image with diffraction pattern; (b and c) dark-field images corresponding to reflections (110), (200)
and (211) of ferrite.

Fig. 5. TEM micrographs of alloy E: (a) bright-field image with diffraction pattern; (b) dark-field image corresponding to Bragg reflections (110) of
ferrite.
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and D corresponds to 1.4 ± 0.1 � 10�5 mole-C m�2 in the
ball-milled state, whereas alloys with relatively low xtot

(alloys A and B) yield lower values for C, indicating that
the boundaries are not saturated with carbon. Annealing
of alloy B at 573 K for 1 h raises the excess carbon from
a value of 0.7 ± 0.1 � 10�5 to 1.2 ± 0.1 � 10�5 mole-
C m�2, whereas the same annealing treatment of alloy C
causes no change within the limits of error (cf. Table 3).

In order to analyze the segregation of carbon in the
grain boundaries of ferrite directly, APT measurements
were performed. Fig. 8 shows 2-D atom maps of alloy B
in both as-milled (Fig. 8a) and as-annealed (Fig. 8c) states



Fig. 6. TEM micrographs of alloy G: (a and b) bright-field images, and (c) a high-resolution image. Marked by arrows in (a) are dark regions revealing
that there are at least some crystallites embedded in an amorphous structure.
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and alloy C in the as-milled state (Fig. 8b). As the grain size
measured by TEM is �10 nm for the two alloys, the slice
thickness of the 2-D atom maps was chosen to be 10 nm,
which gives a better visualization of grain boundaries and
avoids their overlap. It can be seen that carbon segregates
to grain boundaries in all cases. 1-D carbon concentration
profiles of the three states for the selected regions are dis-
played in Fig. 9. In the ball-milled state, the carbon concen-
tration in grain boundaries of alloy C is apparently higher
than that of alloy B. While after annealing treatment at
573 K for 1 h where a precipitation of Fe3C is not
observed, the peak value of carbon concentration in grain
boundaries of the annealed alloy B increases and is compa-
rable to that of alloy C. Also, it can be seen that upon
annealing the carbon concentration in the valleys of the
1-D carbon profiles of alloy B decreases, which indicates
that carbon atoms are moved from grain interiors to grain
boundaries during annealing at 573 K for 1 h.

Besides iron and carbon, the elements zirconium and
oxygen were also detected during APT. The latter two ele-
ments were within the same small regions of about 10 nm
in diameter. These features seemed to be debris from the
ZrO2 balls used in the milling process. As zirconia is a very
stable oxide it will not dissolve within the ferrite and, there-
fore, does not affect carbon activity and carbon partition-
ing between grains and grain boundaries.



Table 3
Carbon concentration within the grains, cgi, and excess carbon at grain boundaries U of the ferrite (alloys A–D). The first two rows of data are determined
by means of the measured lattice parameters of ferrite and Eq. (4). The last two rows are values determined directly by APT.

Alloys A B B (573 K) C C (573 K) D

xgi (XRD), at.% C 0.6 ± 0.2 0.5 ± 0.2 0.4 ± 0.2 0.9 ± 0.2 0.6 ± 0.2 0.9 ± 0.2
U (XRD), mole-C m�2 0.3 ± 0.1 � 10�5 0.7 ± 0.1 � 10�5 1.2 ± 0.1 � 10�5 1.3 ± 0.1 � 10�5 1.4 ± 0.1 � 10�5 1.5 ± 0.1 � 10�5

xgi (ATP), at.% C 0.45 ± 0.006 0.35 ± 0.013 0.35 ± 0.004
U (ATP), mole-C m�2 0.78 ± 0.27 � 10�5 1.22 ± 0.20 � 10�5 1.37 ± 0.13 � 10�5

Fig. 8. 2-D (10 nm in thickness) carbon atom maps of (a) alloy B, (b) alloy C and (c) alloy B in the as-annealed (573 K for 1 h) state. All detected carbon
atoms are shown.

Fig. 9. Carbon atom maps of the selected regions and the corresponding
1-D carbon concentration profiles (fixed sample counts 2000 atoms per
step) for alloy B in the ball-milled state (top), alloy C in the ball-milled
state (middle), and alloy B in the annealed state (573 K for 1 h) (bottom).
The arrows mark concentration peaks at grain boundaries.

Table 4
Changes in the grain sizes of the nanocrystalline ferrite after annealing
treatment in vacuum at 573 K for 1 h.

Alloys A B C D

dmean (ball-milled state), nm 14.2 11.4 10.8 7.5
dmean (573 K), nm 28.5 19 11.3 8
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The results for xgi and Cgb of these three alloys deter-
mined by APT are listed in Table 3. It can be seen that
in the ball-milled state xgi of alloy B is slightly higher than
that of alloy C, while its C is apparently lower than that of
alloy C. Upon annealing alloy B at 573 K for 1 h, its xgi

decreases to 0.35 ± 0.013 at.%, while C increases to
1.22 ± 0.20 � 10�5 mole-C m�2, values equivalent to those
of alloy C. As shown in Table 3, the values of xgi and C are
consistent with those obtained from XRD analyses. The
small deviations for the values of xgi derived by the XRD
method can be ascribed to the above-mentioned uncertain-
ties in evaluating the lattice parameters.

For alloys with low carbon content (alloys A and B) the
XRD and APT results show that the grain boundaries were
not saturated by carbon after ball milling at room temper-
ature. This saturation occurred during annealing at 573 K
and it was accompanied by pronounced grain coarsening
(see Table 4). For alloy C the excess carbon at the grain
boundaries did not change within the limits of error and
after annealing at 573 K and grain growth was negligible.
Plotting the values of dmean after annealing vs. the total car-
bon concentration, xtot, as in Fig. 10, shows that for the
single ferrite alloys (alloys A–D) dmean decreases continu-
ously with increasing xtot, while for the alloys consisting
of ferrite and Fe3C (alloys E and F), dmean reaches a lower
limit of �6 nm.
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Fig. 10. Evolution of the average grain diameter, dmean (Tables 2, 4 and
text), as a function of the total carbon concentration, xtot. Experimental
values and prediction of Eq. (5) (line drawn with independently
determined values of xo

gi = 0.35 at.% C and Csat = 1.3 � 10�5 mole-
C m�2).

Table 5
Grain size of alloy B after annealing at the given temperature for 1 h in
high vacuum (10�3 Pa). The values at the highest temperatures 623, 673
and 873 K were determined by TEM and the ones for the lower
temperatures at 423, 473 and 573 K were obtained from X-ray line profile
analysis and corrected (cf. text) with respect to TEM values.

Temperature (K) 423 473 573 623 673 873
Grain size (nm) 14 16.2 19.1 20.3 21.6 36.2
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3.3. Temperature dependence of grain size for the Fe–

1.77 at.% C alloy (alloy B)

Alloy B (1.77 at.% C) was annealed in a furnace at var-
ious temperatures for 1 h under high vacuum (�10�3 Pa)
and cooled down to room temperature within the furnace.
Afterwards the grain size was determined by XLPA and
TEM from dark-field images. The obtained results are
compiled in Table 5.

4. Discussion

4.1. Carbon distribution in Fe–C samples produced by severe

plastic deformation

SPD of iron alloys with low carbon content by ball mill-
ing always led to nanocrystalline ferrite independent of the
starting materials whether these are iron and graphite as in
the present study or pearlitic steel as in Ref. [25]. SPD of
pearlitic steel by cold wire drawing up to total strains of
6 only caused a partial dissolution of the cementite lamel-
lae. However, in all cases the ferrite lamellae were supersat-
urated with carbon with concentrations of �0.5 at.%. In
the present study it was shown by both XRD and APT that
this concentration is independent both of the grain size and
total carbon concentration. This is in agreement with the
requirements of thermodynamic stabilization of the nano-
structured alloys as described in the Introduction and in
Refs. [4,8,9]. Another requirement for using Eqs. (2) and
(5) is a state of solute saturation of grain boundaries. This
was proven directly by APT or indirectly by XRD for the
high-carbon alloys after ball milling (cf. Table 3). It was
shown that metastable equilibrium has not been attained
yet in alloys A and B for the ball-milling conditions used
in this study, and annealing was necessary to reach the
equilibrium values of xgi and Csat.

The excess carbon at saturation Csat determined in this
study is 1.3 ± 0.1 � 10�5 mole-C m�2 which is about half
of a monolayer of the (100) plane of a-iron (2.0 � 10�5 -
mole-Fe m�2) and close to the carbon density in the
(10 0) plane of cementite Fe3C (1.5 � 10�5 mole-C m�2).
It is interesting to note that a similar value of Csat was
determined for the Ni–P system which has an equilibrium
phase Ni3P [6,17] with the same composition as Fe3C. In
both nanocrystalline alloys Fe–C and Ni–P the given val-
ues for C are averages over 5–15 boundaries in one sample
with a standard deviation of < 0.1 � 10�5 mole-C m�2.
Thus the random distribution of grain orientation (cf.
Fig. 4) and orientation of grain boundary planes seemed
not to have an effect on the saturated excess carbon despite
the expected differences in grain boundary structures. This
experimental result may be interpreted as resulting from a
2-D compound formation, where the gain in chemical
energy is much larger than the elastic energy for the
required small positional changes of the grain boundary
atoms to accommodate the 2-D compound. One may also
call this a heterogeneous precipitation of a 2-D phase at
grain boundaries.

4.2. Grain size as a function of total solute content

It has been shown in the previous section that the car-
bon concentration within the grain interior, xgi, and the
excess carbon, C, at the grain boundaries reach values of
xo

gi and Csat which are independent of grain size d. Thus
Eq. (5) can be applied as shown in Fig. 10. It is shown that
there are large deviations between dmean in the ball-milled
state and the theoretical prediction according to Eq. (5).
However, after annealing at 573 K, where a saturation of
carbon at the grain boundaries occurs, dmean at low values
of the total carbon content increase significantly. There is a
good agreement between the theoretical prediction and
experimental values of xtot and dmean at low values of the
total carbon content. It should be noted that the line shown
in Fig. 10 was calculated without a fitting parameter but by
using independently determined values of xo

gi and Csat. The
same procedure was applied successfully to the nanocrys-
talline Ni–P system [6,17].

A continuous decrease in the grain size of nanocrystal-
line alloys with increasing solute content has been observed
in many nanocrystalline alloy systems, e.g. Ni–P [6,17], Ni–
W [22], Fe–N [44], Pd–Zr [20], Ni–O [45] and as well as by
others in the Fe–C system [30]. There are essentially two



Fig. 11. (a) Following Eq. (6) the inverse grain size is plotted vs. total
solute concentration for ball-milled Fe–C (this study, filled circles) and
Fe–N [44] (open circles). For comparison, results for Fe–C measured by
Takaki et al. [29] (triangles) and for Ni–P [17] (crosses) are presented. The
slope of the straight line for carbon corresponds to an excess carbon of
Csat

gb = 1.3 � 10�5 mole-C m�2. According to Eq. (4) the intercept with the
abscissa corresponds to the solute concentration within the grains, which
is xgi = 0.35 at.% C (cgi = 500 mol-C m�3) as determined by APT. No
APT data are available for nitrogen, and therefore the same value of Csat

gb ,
or the slope of the straight line respectively, was chosen as for carbon. For
Ni–P both Csat

gb and xgi are known, yielding the dashed straight line in
agreement with experimental data. (b) Same plot as in (a) but for Ni–O.
The straight line through the first two data points corresponds to an excess
oxygen of C = 1.7 � 10�5 mole-O m�2.
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competing explanations for this phenomenon, namely a
thermodynamic approach and a kinetic approach. The
thermodynamic approach attributes the reduction of grain
size by increasing solute content to the achievement of a
metastable equilibrium in a nanocrystalline alloy system
as discussed before. For a comparison of the results
obtained in the studies mentioned before, Eq. (5) is rear-
ranged as:

1

d
¼ ctot

3Csat
�

co
gi

3Csat
: ð6Þ

Thus, plots of the inverse grain size vs. total solute con-
centration should yield straight lines of slope 1/(3Csat) and
intercept ctot/(3Csat). Corresponding plots of the results of
the present study and for nanocrystalline Fe–N [44], Fe–C
[30], Ni–P [6,17] and Ni–O [45] are presented in Fig. 11. In
all cases the data at low concentrations can be described by
straight lines. For the Ni–P system the line is obtained
without a fitting parameter [6] and describes the grain size
data well over the entire concentration range. The grain
diameter determined by Takaki et al. [16] for Fe–C agrees
with the data of the present study, and therefore can be
described for low carbon content by Eq. (6) and by the val-
ues of ctot and Csat determined in this work too. Aufrecht
et al. [44] measured grain diameters of nanocrystalline
Fe–N by XRD and as shown in Fig. 11a the results can
be fitted to a straight line over the entire concentration
range with the same slope as for the Fe–C system. Thus
it is concluded that nitrogen in iron has the same excess
at grain boundaries after saturation. However, the inter-
cept with the ctot-axis, i.e. the nitrogen concentration within
the grains, is larger. The large concentration cgi of nitrogen
is consistent with the rather large microstrain of �0.01
measured in nanocrystalline nitrogen alloys [44]. In both
cases, i.e. nitrogen and carbon, the solute concentration
within the grains is much larger than the terminal solubil-
ity. The same plot as for Fe–C and Fe–N is shown for
the system Ni–O in Fig. 11b. In this system the grain sizes
were larger because they were obtained by annealing at
673 K [45]. Moreover, the available data do not fall on a
straight line, but a line through the two low-concentration
data yields an excess oxygen of C = 1.7 � 10�5 mole-
O m�2 which is close to the oxygen density in the (100)-
plane of NiO. Deviations of experimental values from
Eq. (6) that occur for Fe–C and Ni–O at higher solute con-
centrations will be discussed in the following section.

In contrast to the previous thermodynamic interpreta-
tion it was suggested for the Fe–N and Fe–C systems, both
processed by ball milling, that purely kinetic effects of sol-
ute addition should be responsible for the grain refinement
[16,44]. In the Fe–N system Aufrecht et al. [44] proposed
that the addition of nitrogen immobilizes the grain bound-
aries formed upon ball milling, which hinders further
dynamic recrystallization of the nanostructure and leads
to grain refinement. Takaki et al. [16] suggest that in
ball-milled Fe–C powders the interaction of carbon with
dislocations restricts the mobility of dislocations and
therefore suppresses dynamic recovery. No attempt was
made for the two kinetic interpretations to relate the
obtained grain sizes to the total solute content.

4.3. Attainment of a metastable equilibrium for

nanocrystalline alloys

In a rigorous treatment of the thermodynamics of nano-
structures [4,5] Weissmüller has shown that at constant
temperature and pressure a metastable equilibrium is
reached in closed systems if the grain boundary energy is
zero (c = 0). Any positive or negative change of the grain
size then drives the system back to equilibrium. As the



Fig. 12. Plot of the high-temperature values of Table 5 according to Eq.
(7). The straight line is a linear fit through the data points yielding a slope
of �1700 ± 100 and an intercept with the ordinate of �2.60 ± 0.16.
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condition c = 0 corresponds to zero driving force for grain
growth, the retarded or missing grain coarsening of nano-
crystalline alloys is interpreted as evidence for metastable
equilibrium.

For saturated grain boundaries Weissmüller derived Eq.
(2) which for c = 0 predicts a definite solute concentration
xgi within the grains. This concentration should be inde-
pendent of grain size and the total solute content leading
to Eq. (6). Thus the agreement with many experimental
data as discussed in the previous section could be consid-
ered as another piece of evidence for the attainment of
metastable equilibrium. The conditions for this equilibrium
were also derived in Refs. [8,9] based on Eq. (1) and in a
general context of solute–defect interaction. In Appendix
A the relation between Eqs. (1) and (2) is discussed.

In the following we will apply Eq. (2) to the experimental
data of this work which is very appropriate as the quantities
in Eq. (2) were either measured in this work or are available
in the literature. For c0 = 0.79 J m�2 (grain boundary
energy of pure iron) [46], xgi = 0.0035 (xgi = 0.35 at.%),
and Csat = 1.3 � 10�5 mole m�2 a rather large value of the
segregation enthalpy DHseg = 74 kJ mole-C�1 would be
required, in order to attain a zero grain boundary energy
at 295 K. This value is larger than the average experimental
value of about 55 kJ mole-C�1 for a variety of tilt bound-
aries determined by Auger electron spectroscopy in the
Fe–C system [47]. However, the published experimental val-
ues of DH seg vary over a large range between 38 and
80 kJ mole-C�1 [47] and were determined at higher temper-
atures than 295 K, different carbon concentrations and lar-
ger grain sizes. Taking also the error bars of the values
inserted in Eq. (2) into account the agreement between ther-
modynamic prediction and experiment is considered to be
good for the nanocrystalline Fe–C system at low total car-
bon concentrations. For the nanocrystalline Fe–N results
shown in Fig. 11a the values xgi = 0.035, and Csat = 1.3 -
� 10�5 mol m�2 may be appropriate, yielding DHseg = 68 -
kJ mol-N�1 which agrees with the experimental results of
DHseg = 88 ± 12 kJ mol-N�1 [48]. As for carbon, the nitro-
gen concentration within the grains is orders of magnitude
above the terminal solubility in a-iron [49]. However, this
solubility of nitrogen in equilibrium with Fe4N at 300 K
[49] is much larger than the corresponding value for carbon
in equilibrium with Fe3C [50], which supports the values for
xgi determined in this study.

4.4. Grain size as a function of temperature

It is assumed that for the alloys with a low carbon con-
tent the grain size obtained after ball milling does not cor-
respond to the one given in Eq. (5), because the equilibrium
between carbon within the grains and within grain bound-
aries has not yet been attained. This is supported by the
fact that the excess carbon at the grain boundaries is lower
after preparation than the saturation values for alloy B
reached at 573 K (see Table 3). If the grain size after ball
milling is smaller than the one given by Eq. (5), grain
growth and redistribution of carbon atoms will occur upon
annealing treatment, leading to equilibrium, which requires
sufficient carbon and grain boundary mobility.

According to the previous discussion, both Eqs. (2) and
(5) with c = 0 have to be fulfilled for equilibrium. Under
these conditions we can eliminate xgi = cgiVFe (cgi is in
mole m�3, VFe = molar volume of Fe) from both equa-
tions, replace ctot by xtot = ctotVFe and obtain an implicit
relation between grain diameter and temperature:

ln xtot �
3CsatV Fe

d

� �
¼

co
Csat
� DH seg

RT
: ð7Þ

Based on this equation, the values of Table 5 are plotted
in Fig. 12. The high-temperature values fall on a straight
line in agreement with Eq. (7), but the intercept with the
ordinate at �2.60 ± 0.16 is not zero. The latter deviation
from Eq. (7) may be due to entropic contributions to the
segregation free energy and the grain boundary energy.
The intercept and the slope of �1700 ± 100 K�1 were
obtained from a linear fit to the points shown in Fig. 12.
The low-temperature data deviate remarkably from the lin-
ear fit which may be due to not corresponding to equilib-
rium values. If the values of co = 0.78 J m�2 and
Csat = 1.3 � 10�5 mole-C m�2 are used as before, the slope
of the linear fit yields DHseg = 45.9 kJ mole-C�1. This value
corresponds remarkably well to the predicted value of
50.4 kJ mole-C�1 predicted by Lejček and Hofmann [47],
and is a little smaller than the average experimental value
of 55 kJ mole-C�1 [47]. It is, however, somewhat smaller
when compared to the previous evaluation based on Eq.
(2) which gave a larger value of 74 kJ mole-C�1.

The increasing grain diameter with increasing tempera-
ture can be explained via Eq. (2) as follows: based on the
assumption that the quantities co, DHseg and Csat do not
depend strongly on temperature, the remaining term
RT ln xo

gi has to be independent of temperature as well, if
the equilibrium condition c = 0 is to be fulfilled. Thus xo

gi

(or co
gi) have to increase with increasing temperature, which

causes an increase in grain size because of Eq. (6), i.e. grain
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boundary area has to be annihilated to provide the neces-
sary carbon for the grain interior.

4.5. Grain boundary segregation and the onset of

precipitation

Taking the empirical correlation [7] between terminal
solubility and segregation tendency into account, it has
been shown in Ref. [6] that the reduction in grain boundary
energy (co–c) is only 0.06–0.4 J m�2 if xgi in Eq. (2) is not
allowed to exceed the terminal solubility. Thus grain
boundary energies, having average values of �1 J m�2, will
become zero only if supersaturation of solutes within the
grain interiors is allowed. This conclusion is in agreement
with the measured values for carbon in iron obtained by
APT in this study. Supersaturation in this case may be pos-
sible because of the difficulties in nucleating the equilib-
rium-phase Fe3C. Supersaturation within the grains has
also been observed for nanocrystalline Ni–P. By formation
of the equilibrium phase Ni3P at temperatures above 673 K
saturation was reduced and according to Eq. (2) the grain
boundary energy became positive again, leading to grain
growth.

At higher carbon contents the formation of the equilib-
rium phase Fe3C has been observed in alloys E and F. The
corresponding carbon part corresponding to Fe3C is not
considered in Eq. (6), and therefore deviations from the
straight line may occur as for alloy D, although the corre-
sponding small fraction of Fe3C particles was not detected
in TEM micrographs of this alloy. Here, the question arises
as to why not all of the carbon is deposited as excess solute
at grain boundaries, reducing the grain size accordingly.
One explanation might be that we have not yet reached
the metastable equilibrium, simply because the ball-milling
time was not sufficiently long for the high carbon content.
For grain sizes below the experimental limit of �6 nm,
there might be also energy contributions arising from the
increasing curvature of the grains or increasing total length
of triple lines which counteract any further reduction in
grain size. While this might explain the deviations observed
for Fe–C and Ni–O in Fig. 11, it then raises the question
why it does not occur for Ni–P and Fe–N.

4.6. Formation of Fe3C and amorphous structure in the FeC

alloys at high carbon contents

When xtot reaches high values, i.e. in alloys E–G, the
formation of nanostructures becomes more complicated
due to the formation of the Fe3C phase with an amorphous
structure. The grain size of these alloys reaches a lower
limit and some of the carbon agglomerates as Fe3C. If
Fe3C is severely deformed during ball milling, the deforma-
tion-driven amorphization of Fe3C would be expected as
observed in heavily deformed pearlitic steels [51–53] and
Cu–Nb–Ag alloys [54]. A detailed discussion on the defor-
mation-driven amorphization is described elsewhere [54].
In fact, the amorphization of Fe3C may also occur in alloys
E and F, whereas the volume fraction of the amorphous
structure may be too low to be detected.

5. Conclusions

(1) Single nanocrystalline ferrite structures are observed
after ball milling of iron and graphite at low carbon
concentrations, whereas at higher concentrations
the nanostructures consist of ferrite and Fe3C. At
the highest carbon content of 19.40 at.% C a mixture
of ferrite, Fe3C and an amorphous phase is found.
The grain size of ferrite decreases with increasing car-
bon concentration and reaches a lower limit of
�6 nm.

(2) A strong segregation of carbon at grain boundaries of
ferrite is observed by APT which saturates during ball
milling or after annealing at 573 K with the same
excess of 1.3 � 10�5 mole-C m�2 for all grain
boundaries analyzed within one sample and indepen-
dent of the total carbon content or the grain size,
respectively.

(3) The carbon concentration within the ferrite grains of
�0.35 at.% corresponds to a highly supersaturated
state or a high chemical potential. Thus the Gibbs
adsorption isotherm predicts a large decrease in the
grain boundary energy.

(4) A metastable equilibrium with zero grain boundary
energy is attained in the low-carbon alloys as proven
by the good agreement of experimental results with (i)
the validity of Weissmüller’s equation, (ii) the pre-
dicted dependence of grain size upon total carbon
concentration and (iii) the newly derived temperature
dependence of grain size.

(5) A metastable equilibrium with zero grain boundary
energy is not reached for the alloys with a carbon
content of P6 at.% C for the given milling condi-
tions, because some of the carbon is consumed by
the formation of crystalline or amorphous cementite
instead of being deposited at additional and newly
formed grain boundaries. Thus the grain size does
not decrease below 6 nm.
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Appendix A. Relation between Gibbs’ and Weissmüller’s

equation

In Appendix B of Ref. [8] it was proven in a semiquan-
titative way that Eq. (2) is a special case of Eq. (1). The rea-
soning will be repeated here and it will be extended by
including the Langmuir–McLean segregation isotherm
leading to a quantitative relationship.

In Fig. A1 the grain boundary energy, c, is plotted vs.
the chemical potential of the solute, l. For l!�1 the
total concentration as well as the excess become very small,
i.e. C! 0 and the curve c(l) starts with zero slope accord-
ing to Eq. (1). Increasing l finally leads to saturation of
grain boundaries with an excess Csat and a corresponding
constant negative slope of the c(l) curve. Assuming that
the turnover from zero to constant slope occurs at
l = DHseg (with the standard value of the chemical poten-
tial set to lo

A ¼ 0), Eq. (2) is expressing the slope of the tri-
angle shown in Fig. A1 by:

Csat ¼
co � c

DHseg � l
¼ co � c

DHseg � RT ln xgi
: ðA1Þ

Besides this geometrical derivation a direct integration of
Eq. (1) from lA = DHseg to l = RT ln xgi with C = Csat

yields the same result.
In order to determine the turnover quantitatively the

function C(lA) has to be known. An analytical expression
for this function is derived in the following based on the
Langmuir–McLean equation which is presented here in a
form given in Ref. [4]:

Ngb

Nsat
gb � Ngb

¼ Ngi

No
exp

DH seg

RT

� �
; ðA2Þ

where Ngb and Ngi are the number of A atoms in the grain
boundaries or in the grain interior, respectively, Nsat

gb and No

are the number of available lattice sites in the grain bound-
aries or in the grain interior, respectively. If the density of
Fig. A1. Schematic presentation of the grain boundary energy c as a
function of the chemical potential l of a segregating solute according to
Eq. (1) and saturation of the excess solute C at the grain boundary. The
dashed triangle is a geometrical presentation of Eq. (2) (cf. text in
Appendix A).
these sites, i.e. the latter two numbers per volume is equal,
the excess is given by:

C ¼
N gb � NgiN sat

gb =N o

A
; ðA3Þ

where A is the total grain boundary area. Inserting Ngb

from Eq. (A2) yields

CA ¼
Nsat

gb

No expð�DH seg=RT Þ=N gi þ 1
� N giNsat

gb =No: ðA3Þ

For low solute concentrations within the grain interior,
the chemical potential is given by:

l ¼ lo þ RT ln
N gi

N o
¼ lo þ RT ln xgi: ðA4Þ

Inserting Eq. (A4) into Eq. (A3) leads to:

C¼
Nsat

gb

A
1

exp½ð�DH seg�lþloÞ=RT�þ1
�exp½ðl�loÞ=RT�

� �
:

ðA5Þ
Integrating the Gibbs adsorption isotherm (Eq. (1)) with

Eq. (A5) gives:

c¼ co�
Z l

�1
Cdl¼ co�RT

Z l�lo

�1
Cd

l�lo

RT

� �

¼ coþ
N sat

gb RT

A
exp

l�lo

RT

� �
� ln 1þ exp

DH segþl�lo

RT

� �� �� �
:

ðA6Þ

Excess saturation for dilute solutions within the grain
interior (Ngi/No� 1) corresponds to Csat = Nsat

gb =A: Three
limiting cases are derived from Eq. (6):

(a) c ¼ co for l� lo ! �1
(b) c ¼ co þ CsatRT for l� lo << DHseg which corre-

sponds to a relation derived by Seah [53]
(c) c ¼ co þ CsatðDH seg þ l� loÞ ¼ co þ CsatðDH seg þ RT ln xgiÞ for

l� lo >> DH seg which is equivalent to Eq. (2).
The corresponding straight line intersects the hori-
zontal line c = co at RT ln xgi ¼ DH seg in agreement
with the assumption in Ref. [8].
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