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Abstract

Hydrogen embrittlement affects high-strength ferrite/martensite dual-phase (DP) steels. The associated micromechanisms which lead
to failure have not been fully clarified yet. Here we present a quantitative micromechanical analysis of the microstructural damage
phenomena in a model DP steel in the presence of hydrogen. A high-resolution scanning electron microscopy-based damage quantifica-
tion technique has been employed to identify strain regimes where damage nucleation and damage growth take place, both with and
without hydrogen precharging. The mechanisms corresponding to these regimes have been investigated by employing post-mortem
electron channeling contrast imaging and electron backscatter diffraction analyses, as well as additional in situ deformation experiments.
The results reveal that damage nucleation mechanism (i.e. martensite decohesion) and the damage growth mechanisms (e.g. interface
decohesion) are both promoted by hydrogen, while the crack-arresting capability of the ferrite is significantly reduced. The observations
are discussed on the basis of the hydrogen-enhanced decohesion and hydrogen-enhanced localized plasticity mechanisms. We discuss
corresponding microstructure design strategies for better hydrogen-related damage tolerance of DP steels.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Ferrite/martensite dual-phase (DP) steels are attractive
materials for automotive applications [1–3], owing to a
good combination of tensile strength (up to 1.2 GPa) and
ductility (e.g. 10% or higher) [1,4–6]. This beneficial combi-
nation of mechanical properties in conjunction with a lean
alloy concept is directly linked to the micromechanics of
the composite-like ferrite–martensite microstructure. The
high mechanical contrast inherent to such microstructures
also introduces certain risk factors, namely, strong

strain/stress partitioning [7–9], strain localization [10–12]
and damage evolution, e.g. by martensite cracking [1,5].
While these micromechanical phenomena have been inves-
tigated in some detail, the associated hydrogen effects have
not been accordingly addressed, despite reports on the
susceptibility to hydrogen embrittlement (HE) of high-
strength steels [13–15] and DP steels [1,16–19], and the
increased susceptibility of ferrite and martensite phases to
HE compared to stable austenite [20,21]. Our study aims
to close this gap through a micromechanical analysis of
the hydrogen-related microcracking mechanisms in DP
steel.

HE in steels has been discussed mainly in terms of
hydrogen-enhanced and strain-induced vacancies (HESIV)
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[22], hydrogen-enhanced decohesion (HEDE) [23–25] and
hydrogen-enhanced localized plasticity (HELP) [26–29].
These embrittlement mechanisms, including their mutual
interactions, are well documented in single-phase steels.
For instance, the HE of fully ferritic steels was essentially
ascribed to the HELP effect [30]. Lath martensitic steel,
on the other hand, was reported to undergo HE associated
with HELP as well as HEDE [31]. Given the more complex
microstructures and local mechanics of DP steels, the con-
nection of their HE to the HEDE, HESIV and HELP
mechanisms, respectively, is expected to be more complex.
In fact, indications of differences compared to single-phase
materials were observed in a previous work on DP steels:
unlike typical martensitic steels (which often show HE in
the elastic or microplastic regimes [32–34]), HE of DP steels
occurs after a significant level of plastic strain [1,16,17].
Unlike typical ferritic alloys, DP steels show significant
microcracking (i.e. damage) before the final fracture even
without hydrogen charging [5]. Note that this type of local-
ized brittleness is caused by cracking of the martensite, i.e.
the HE susceptibility of DP steel typically decreases by
tempering [16] and increases with higher martensite frac-
tions [17]. These observations underline the important
influence of local plasticity and the damage sensitivity of
the two phases on the overall HE susceptibility of DP steel.
In order to elucidate these effects more clearly, we conduct
here both (i) a quantitative assessment of the damage
evolution and (ii) a crystallographic analysis of these
microstructural phenomena in presence of hydrogen as a
function of plastic strain.

Step-by-step quantitative analysis of micromechanical
phenomena, such as gradual strain partitioning and dam-
age evolution, are often not considered in conventional
approaches to the evaluation of HE susceptibility of
high-strength steels. Instead, certain critical macroscopic
parameters (e.g. strain, external stress, stress intensity fac-
tor, hydrogen content) are typically determined when ana-
lyzing results obtained from flat [33,34] or notched
[31,35,36] tensile samples. These more practical approaches
are partially due to hydrogen-diffusion-related difficulties
in experimentation, i.e. hydrogen can be released from
the material, depending on the charging and environmental
holding parameters. In order to render such analysis more
quantitative and more microstructure-oriented, we investi-
gate here the effects of hydrogen charging in conjunction
with (i) electron backscatter diffraction (EBSD) based local
misorientation measurements for assessing strain partition-
ing and (ii) a novel continuum damage mechanics-based
approach to assess damage evolution,1 both conducted
through post-mortem characterization of fractured sam-
ples, without any limitation due to hydrogen desorption.

A more detailed crystallographic and local plasticity-ori-
ented analysis of the governing damage micromechanisms,
on the other hand, requires the combined use of EBSD and
electron channeling contrast imaging (ECCI) [40], as was
conducted in previous works on 316 stainless steel and
twinning-induced plasticity steel [41–43]. Here, the post-
mortem EBSD/ECCI technique is employed to retrace
the hydrogen-assisted local plasticity and cracking mecha-
nisms in DP steels. These analyses are also supported by
in situ deformation experiments providing direct evidence
of the observed mechanisms.

In the following, we first explain these experimental
methods and the undeformed microstructures in detail. A
full analysis of hydrogen-assisted damage evolution is then
presented, introducing quantitative trends and the underly-
ing micromechanisms. Finally, these results are discussed
on the basis of the proposed HE theories.

2. Experimental procedure

A DP steel sheet with the chemical composition shown
in Table 1 was solution treated at 1183 K for 1 h, followed
by air cooling to ambient temperature. The sheet was then
intercritically annealed at 1023 K for 30 min and subse-
quently water quenched to produce a ferrite/martensite
microstructure. Tensile specimens with gauge dimensions
of 1.0 mm width � 0.4 mm thickness � 5.0 mm length were
machined by mechanical grinding and spark erosion.

Hydrogen charging was performed for 1 h in a 5%
H2SO4 aqueous solution containing 3 g lÿ1 of NH4SCN at
a cathodic current density of 2 A mÿ2. A platinum foil with
dimensions of 25 mm width � 0.1 mm thickness � 25 mm
length was used as the counter electrode. Since the surface
area of the Pt foil in the solution was 1260 mm2, the anodic
current density was about 0.8 A mÿ2. Since the effective dif-
fusion coefficient of hydrogen is higher in ferrite than in
martensite (i.e. due to the high density of dislocations in
martensite acting as trapping sites, decreasing the diffusion
speed), the diffusion coefficient of hydrogen in DP steels is
considered to be higher than that in martensitic steels.
The diffusion coefficient of hydrogen in martensite depends
not only on the solute concentration but also on the temper-
ing conditions [44–46]. Since the effective diffusion coeffi-
cient of hydrogen was reported to be 3.7 � 10ÿ11 m2 sÿ1

in an as-quenched low-alloy martensitic steel [45], the diffu-
sivity of hydrogen in the DP steel is higher than the diffusiv-
ity of the martensitic steel. The hydrogen-affected zone can
be estimated roughly by (Dt)1/2, where D is effective diffu-
sion coefficient of hydrogen and t is the hydrogen-charging
time. Assuming that the diffusion coefficient of hydrogen in
the DP steel is 3.7 � 10ÿ11 m2 sÿ1, the hydrogen-affected
zone just after hydrogen charging for 1 h is 0.365 mm. Since
hydrogen enters from both surfaces of the specimen, it can
be safely claimed that the whole specimen was affected by
hydrogen charging.

Thermal desorption analysis (TDA) was carried out
from room temperature to 650 K using mass spectrometry

1 This method relies on determining permanent damage fraction (i.e. the

ratio of the damaged to the undamaged cross-sectional area [37–39]) from

high-resolution SEM imaging, and the strain levels corresponding to these

damage values from digital image correlation (DIC).
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to measure the diffusible hydrogen content. The diffusible
hydrogen, which is defined as the hydrogen that diffuses
at ambient temperature, is reported to play a key role in
HE [47]. The first TDA was started within 20 min after
hydrogen charging under the same conditions as described
above, and the second TDA was conducted after exposure
in air at ambient temperature for 10 days. These measure-
ments of hydrogen content were taken as the reference data
in this study (although measurement inaccuracies can be
introduced due to the 20 min duration [48]). The heating
rate was 200 K hÿ1. A standard leak gas system of hydro-
gen using a crimper capillary whose hydrogen gas leak rate
is 5.4 � 10ÿ11 mol sÿ1 was used for calibration. Calibration
was done before each hydrogen desorption measurement.
The diffusible hydrogen content was determined by mea-
suring the cumulative desorbed hydrogen content from
room temperature to 573 K. Although various definitions
of the diffusible hydrogen content are possible [49,50], the
temperature range used in this study was determined for
the following reasons: (i) the first peak finished at 573 K;
and (ii) the first peak disappeared after an exposure time
of 10 days in air. The conventional TDA results in DP
steels also showed that the first peak, corresponding to dif-
fusible hydrogen, ends at around 573 K [1]. The diffusible
hydrogen content was measured to be 0.66 mass ppm,
and decreased to 0.02 mass ppm after the exposure to air
for 10 days. The hydrogen desorption spectra are shown
as Supplemental data.

The tensile tests were carried out along the rolling
direction (RD) at an initial strain rate of 4.0 � 10ÿ3 sÿ1

at ambient temperature with and without hydrogen pre-
charging. The tensile tests were conducted three times for
each condition. In the case with hydrogen precharging,
the tensile tests were started 20 min after the hydrogen
charging had finished. In addition, an interrupted tensile
test was conducted to investigate the hydrogen desorp-
tion-induced mechanical recovery. The specimen for this
test was first deformed to 6% engineering strain with
hydrogen precharging, and was subsequently unloaded.
The deformed specimen was left in air at ambient temper-
ature for 10 days to desorb most of the diffusible hydrogen,
then deformed again until fracture.

Deformation experiments were conducted by using a
Kammrath & Weiss stage coupled with an Aramis system.
Optical images, captured during the tensile tests, were post-
processed by digital image correlation (DIC) to measure
the local strains on the tensile specimens [51,52]. A random
pattern to obtain the local strains was provided by using a

graphite spray. Quantitative values of deformation-
induced damage were obtained by means of measure-
ments of the damage area fraction, which is defined as
Ad/Aa, where Ad is the damaged cross-sectional area
and Aa is the area of the entire region observed. Since
cracks and voids appear black in micrographs, the dam-
aged area was measured from digitized scanning electron
micrographs taken at various local plastic strains. The
number of cracks per area was also measured from the
same images. These measurements were conducted on
the fractured specimens with and without hydrogen
precharging.

Ex situ microstructure observations were performed by
optical microscopy, secondary electron imaging, EBSD
and ECCI to observe the initial microstructure consisting
of ferrite and martensite and the deformation-induced
cracks with and without hydrogen charging. The optical
micrograph of the initial microstructure was taken after
etching with a 10% HNO3 + 90% C2H5OH solution and
subsequent color etching with a 10% Na2S2O5 aqueous
solution on a mechanically polished surface. After the color
etching, ferrite and martensite appear as white and black,
respectively. The specimens for the scanning electron
microscopic (SEM) observations were prepared by
mechanical polishing with colloidal silica long enough to
remove the layers affected by polishing with coarser parti-
cles. The SE and ECC imaging were operated at 20 and
15 kV, respectively. The EBSD analysis was operated at
15 kV, with a beam step size of 100 nm.

In situ microstructure observations under tensile and
three-point bending tests were conducted. The specimens
for the in situ tests were mechanically polished and subse-
quently etched with a 10%HNO3 + 90%C2H5OH solution.
The ferrite and martensite phases in these observations
were distinguishable as the ferrite phases are more sensi-
tively etched compared to the martensite phases. We sys-
tematically studied etching effects in connection with
EBSD measurements to improve the understanding on
phase classification on etched surfaces. The in situ tensile
test was employed to observe crack initiation and growth
in a specimen without hydrogen charging. Since hydrogen
desorption during observation is a critical issue for in situ
SEM experiments, the in situ bending test was carried
out under an optical microscope in a specimen that was
precharged with hydrogen at a cathodic current density
of 2 A mÿ2 for 1 h. The in situ observation during the
bending test was completed within 30 min after the hydro-
gen charging had finished.

Table 1

Chemical composition of the present steel.

Alloy C Mn Si Al N (ppm) P S Nb

wt.% 0.147 1.709 0.249 0.040 39 0.011 0.004 0.011

V Ti Cu Sn Cr Ni Mo B (ppm) Ca (ppm)

0.003 0.003 0.011 0.002 0.543 0.022 0.002 5 23
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3. Results

3.1. Characterization of the undeformed microstructure

In Fig. 1a is presented an optical microscope image of
the undeformed microstructure of the investigated steel,
from which the martensite fraction is determined to be
55 vol.%. The martensite distribution can also be shown
by an EBSD image quality (IQ) map in Fig. 1b, where,
due to the high density of lattice defects, martensite
appears darker than ferrite [5]. Fig. 1c shows a map of
the Kernel average misorientations (KAM), which quanti-
fies the average misorientation around a measurement
point with respect to a defined set of nearest neighbor
points. KAM values have been shown to qualitatively cor-
respond to the geometrically necessary dislocation density
[5,53–55]. Therefore, the KAM map shown in Fig. 1c also
visualizes martensite which contains a considerable number
of lattice defects. Since hydrogen is trapped at lattice
defects such as dislocations, it is assumed that the martens-
ite contains a greater amount of hydrogen than the ferrite.
Such a trend, i.e. an increase in hydrogen content with
increasing lattice defect density, has been reported
previously [56].

Note that the ferrite in the DP steel also contains a sig-
nificant number of lattice defects even before deformation,
especially near the phase boundaries (Fig. 1c) [55].
These dislocations are accommodating the martensitic

transformation, as seem more clearly in the ECC image
in Fig. 1d.2 Since these dislocations are also potential
hydrogen trap sites, their presence suggests a heterogeneous
distribution of diffusible hydrogen in ferrite, especially
when comparing the vicinity of the phase boundaries with
the grain interiors. The heterogeneity of hydrogen concen-
tration, which depends on microstructure [57], is also an
important factor for HE susceptibility.

3.2. Hydrogen-assisted damage evolution: quantitative

analysis

The results of the tensile tests are presented in Fig. 2.
The comparison of the results with and without hydrogen
precharging clearly demonstrates the HE effect (Table 2).
We observe that the yield and tensile strengths did not
change significantly upon hydrogen charging, while the
elongation to fracture deteriorated drastically. We note
that the interrupted test shows a partial recovery of the
elongation due to hydrogen desorption. The relevance of
the observation will be discussed in Section 4.

(a) (b) (c)

(d)

Fig. 1. Undeformed microstructures of the investigated DP steel. (a) Optical micrograph after the color etching, showing ferrite and martensite as white

and black, respectively. (b) EBSD image quality map and (c) the corresponding KAMmap. (d) Orientation-optimized ECC image. The KAM values were

calculated using first neighboring EBSD points at a distance of 100 nm. (For interpretation of the references to color in this figure legend, the reader is

referred to the web version of this article.)

2 Since the surface orientation is optimized to reduce the electron

backscattering yield, the original version of this ECC image showed

dislocations with white contrast and the matrix with black contrast. Also,

the martensite containing a considerable number of lattice defects is shown

as white contrast. Here we inverted the image for visual clarity in the print

version.

M. Koyama et al. / Acta Materialia 70 (2014) 174–187 177



When comparing the local plastic strain distributions of
the specimens just before the fracture with and without
hydrogen precharging using the DIC analyses (Fig. 3), we

find that the local plastic strain is almost identical in the
two samples except for the necking region. This means that
hydrogen does not affect the uniform elongation regime but
causes the ductility to deteriorate specifically in the post-
necking regime. Hence, a more detailed inspection of the
hydrogen effects is conducted in the necking regime.

We next concentrate on the influence of hydrogen on the
deformation-induced damage evolution. Fig. 4 shows the
evolution of the damage area fraction, the number of dam-
age incidents per area and the average crack size, all as a
function of the applied nominal strain. The average crack
size, dave, is calculated from the prior two values, i.e. as
dave = Da/n, where Da is the damage area fraction and n

the number of cracks per area. Examining Fig. 4c as an
example without hydrogen charging, the damage evolution
can be classified into three stages: (i) damage incubation
(0–9%); (ii) damage nucleation (9–30%); and (iii) damage
growth (30%–fracture), where the percentage refers to the
local strain. The average crack size was roughly constant
in the damage nucleation regime. In the case of the hydro-
gen-charged specimen, we observed that all three damage
evolution stages were significantly reduced to much smaller
strains by the hydrogen uptake. We also find that the aver-
age crack size (�0.35 lm2) during the damage nucleation
stage was not changed by the hydrogen charging.

3.3. Hydrogen-assisted damage evolution: underlying

micromechanisms

Fig. 5a–c shows results obtained from the in situ SEM
tensile test conducted on the specimen which was not
hydrogen-charged. Fig. 5a0–c0 shows magnified images cor-
responding to the regions outlined by the white broken
lines. These observations were initiated after necking was
confirmed. Since Fig. 5a was obtained after the necking
and just before the engineering stress decrease (11%
macroscopic strain), this corresponds to the late damage
nucleation regime. The micrograph from the late damage
nucleation regime identifies martensite cracking as the
dominant mechanism (see the red arrows in Fig. 5a and
a0). With further deformation, the damage size increased,
yet the crack propagation paths were within the martensite
or along the ferrite/martensite interfaces (see the yellow
arrows in Fig. 5b, c, b0 and c0). The crack propagation
paths were never observed inside the ferrite grains even in
the vicinity of the fracture surface. Previous studies on
the damage evolution of DP steel without hydrogen charg-
ing also showed such martensite and ferrite/martensite
interface decohesion mechanisms [5,7,58].

We next examine damage nucleation in the presence of
hydrogen at various local plastic strain levels in the hydro-
gen-charged specimen, as shown in Fig. 6. Fig. 6a shows a
crack that was observed in the early damage nucleation
regime (�2% local plastic strain). Similarly to the case
without hydrogen charging, the crack was initiated in the
martensite region (Fig. 6b). At 5% local plastic strain,
new damage incidents are nucleated (see red arrows in
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specimen was reloaded to fracture.

Table 2

Tensile mechanical properties.

0.2% PS (MPa) UTS (MPa) Total elongation (%)

Without H 789 ± 27 1168 ± 69 13.0 ± 1.7

With H 819 ± 27 1148 ± 71 6.3 ± 0.6

The tensile tests were conducted three times. PS: proof stress; UTS:

ultimate tensile strength.

Fig. 3. DIC strain map on the set of failure in the specimens deformed (a)

without hydrogen charging (total elongation: 12%) and (b) with hydrogen

charging (total elongation: 6%). (c) Local plastic strain along the profiles

in (a) and (b). Note that the local plastic strains are almost identical except

for the necking region.
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Fig. 6c), yet, even when the new cracks are nucleated in the
vicinity of a pre-existing crack, the cracks did not coalesce,
but instead remain confined inside the martensite regions
(Fig. 6d). Only in the late damage nucleation regime
(�7% local plastic strain) did the martensite cracks start
to propagate through a few grains (see the red arrows in
Fig. 6e and the corresponding magnified image in
Fig. 6f). In the late damage growth regime (�10% local
plastic strain), a considerable amount of well-developed

damage incidents were observed (Fig. 6g). However, most
cracks propagated only through a few grains and, interest-
ingly, many cracks grew only along the tensile direction,
without showing coalescence through crack growth in
thickness and width directions. These facts clearly indicate
that the hydrogen-enhanced damage evolution in the dam-
age growth stage is not caused by coalescence of hydrogen-
related martensite cracks or by the simple interface damage
mechanism that was observed in hydrogen-free samples.
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(a) (b) (c)
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Fig. 5. In situ SEM observations during tensile testing without hydrogen charging in (a) the damage nucleation regime (11% macroscopic strain), (b) the

damage growth regime (12% macroscopic strain) and (c) the late damage growth regime (at the vicinity of the fractured part). The strains are macroscopic

strain, not local plastic strain. The dotted red lines in (c) indicate the fracture surface. According to Fig. 3, the local strain in the vicinity of fracture surface

is speculated to be about 34% plastic strain. (a0–c0) The magnified images corresponding to the regions outlined in (a–c). The red dotted lines in (a0)

indicates ferrite (F)/martensite (M) interfaces. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of

this article.)
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Comparing the fracture behavior in DP steel with and
without hydrogen charging also reveals another interesting
fact (Fig. 7a and b): the fracture surfaces of both types of
specimens show dimples as well as brittle features, as indi-
cated by red dotted lines. The fracture surface of the inter-
rupted test also exhibits a similar feature, as shown in
Fig. 7c (the relevance of this fractograph will be discussed
in Section 4). Although the fractographs were taken in a
vicinity of the edge, these features were observed also in
the central region of the specimens. The appearance of
dimples indicates that coalescence of voids and cracks con-
tributed to the final fracture. Since the size of each brittle
region is larger than the grain size (shown in Fig. 1a), the
brittle fracture regions of both types of specimens result
from brittle crack propagation through multiple grains.
The hydrogen charging increased the size of the brittle frac-
ture region, and the large brittle feature region contains a
considerable number of voids and dimples, as indicated
by the red arrows in Fig. 7b. The martensite-related crack-
ing associated with decohesion is considered to be the cause
of the partial brittle fracture surface. The voids and dim-
ples observed in the hydrogen-charged sample indicates
that hydrogen-assisted crack propagation was caused by
decohesion as well as ductile cracking. In addition, the final
fracture in both the hydrogen-charged and the hydrogen-
free samples was caused not only by brittle cracking but
also by coalescence of microvoids, since the fracture sur-
face includes many dimples, as shown in Fig. 7a and b.

To understand the micromechanics behind these obser-
vations, various EBSD measurements were carried out in
the damage nucleation and growth regimes of the same
specimens used for the ECCI observations shown in
Fig. 6. We first focus on the martensite cracking, observed
in all samples in the damage nucleation regime, to better
understand the assistance of hydrogen in reducing the

damage incubation regime. Fig. 8a shows an IQ map at
2% local plastic strain for the hydrogen-charged sample.
Cracks were observed here in the martensite region, as
shown in Fig. 6b. Fig. 8b shows the magnified image of
the part outlined by the square in Fig. 8a. This image more
clearly demonstrates that the cracking occurred inside the
martensite. The RD inverse pole figure (IPF) map shown
in Fig. 8c indicates that the crack has propagated along
the prior austenite grain boundary, which was analyzed
from the crystallographic orientations. Namely, the misori-
entations between neighboring grains on the crack did not
correspond to the conventionally reported values for
packet/block/lath boundaries [59], and the crack did not
run along the {110} planes, on which the lath boundaries
lie [34]. Hydrogen was reported to exist on prior austenite
grain boundaries preferentially in martensite [60], which
strongly suggests that the preferential prior austenite grain
boundary cracking observed at small strains is caused by
enhanced hydrogen concentrations at such interfaces.

It is also important to note that the prior austenite grain
boundary cracking was arrested at the surrounding ferrite
grains by localized plasticity in the ferrite (see the KAM
map shown in Fig. 8d). Fig. 8e schematically describes
the cracking mechanism described above. A sharp crack
is first initiated on the prior austenite grain boundary,
and is then arrested by plastic deformation of the ferrite
grains around the crack tip, resulting in crack blunting,
as shown in Fig. 8b.

With further deformation in the damage nucleation
regime, ferrite/martensite interface cracking and block/lath
boundary cracking mechanisms are also observed, as well
as prior austenite boundary cracking (see Fig. 8f showing
an SE image of the 70°-tilted specimen with 7% local plastic
strain). For the former, the corresponding IQ map shown
in Fig. 8g enables identifications of ferrite and martensite,

Fig. 6. ECC images at two different magnifications showing damage evolution as a function of plastic strain in the fractured specimen with hydrogen

precharging in (a, b) the end of the damage incubation regime (1–2% local plastic strain), (c, d) the early damage nucleation regime (4–5 local plastic

strain), (e, f) the late damage nucleation regime (6–7% local plastic strain) and (g, h) the damage growth regime (�10%). The magnified images correspond

to the squares in the lower magnification image. Some of the cracks are indicated by the red arrows. The broken red line in (h) indicates prior austenite

grain or ferrite/martensite phase boundaries around the crack. F and M indicate ferrite and martensite, respectively. The total elongations of the used

specimens with and without hydrogen were 6% and 12%, respectively. (For interpretation of the references to color in this figure legend, the reader is

referred to the web version of this article.)
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and for the latter, based on the specific crystallographic
relationship on lath martensite [59], the RD IPF map
shown in Fig. 8h allows identifications of block/lath
boundary cracking and prior austenite grain boundary

cracking, respectively. The cracks observed here that are
aligned along the block/lath boundaries match crystallo-
graphic {110}M planes, similar to the observations previ-
ously reported on quasi-cleavage cracking of martensitic
steels [34,61,62]. Note also that prior austenite grain
boundary cracking was reported in fully martensitic steel
as well [34], indicating that the hydrogen-assisted martens-
ite cracking in DP steels has similarities with that in fully
martensitic steels.

From these observations, it can be concluded that the
reduction in the critical strains required for martensite
cracking and ferrite/martensite cracking is caused by
hydrogen localizing at certain boundaries and its assistance
in cracking. The observation of martensite cracking and
ferrite/martensite interface cracking in the hydrogen-free
specimen (Fig. 5) also supports the hypothesis that hydro-
gen assists rather than fully induces these mechanisms.

When aiming to reconstruct how this process takes
place, it should be underlined that the decohesion behavior
in DP steels depends on the cohesive energy of the martens-
ite-related boundary (i.e. prior austenite grain boundary,
block/lath boundary and ferrite/martensite interface
boundary) and the number of dislocations piling up at
the boundaries [55]. In a previous work, the correlation
between dislocation pile-ups and decohesion was clarified
by a KAM analysis to explain suppression of decohesion
by grain refinement in a DP steel [5]. Fig. 9 shows the
KAM distribution in ferrite and martensite of the
undeformed and deformed specimens with and without
hydrogen precharging. The data taken at 7% local plastic
strain reveal that the peak of the KAM distribution broad-
ens and shifts to higher values particularly for ferrite in
case of both types of samples, i.e. hydrogen-charged and
hydrogen-free specimens. However, the KAM distribution
does not show a significant difference between the speci-
mens with and without hydrogen charging even at 7% local
plastic strain. This clearly suggests that the main cause of
the hydrogen-assisted martensite cracking and ferrite/
martensite cracking is the influence of hydrogen not on
the dislocation pile-ups but, rather, directly on the cohesive
interface energy. The promotion of brittle cracking associ-
ated with the reduction in cohesive energy is described by
the so-called HEDE mechanism.

We next discuss the damage growth regime in Fig. 4c:
Fig. 10 shows typical crack propagation characteristics dis-
covered in this regime through high-resolution EBSD mea-
surements. The IQ map presented in Fig. 10a allows the
identification of ferrite and martensite grains. We observe
that the crack propagation has taken place in the interior
of the ferrite grain surrounding the martensite islands.
Considering the significant difference introduced by the
presence of hydrogen to the critical local plastic strain level
when the damage growth regime is initiated, we propose
that hydrogen has a significant effect on the further propa-
gation of cracks, formed inside the martensite regions, into
the soft surrounding ferrite grains. When analyzing the RD
IPF and KAM maps in Fig. 10b and c, it is seen that the

Fig. 7. Fracture surfaces of the specimen (a) without and (b) with

hydrogen charging. The red dotted lines indicate brittle fractured regions.

The total elongations of the used specimens with and without hydrogen

were 6% and 12%, respectively. (c) Fracture surface of the specimen for the

interrupted test shown in Fig. 2. (For interpretation of the references to

color in this figure legend, the reader is referred to the web version of this

article.)
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local orientation changes and high KAM values occur
around the crack tip. This observation underlines a partic-
ular characteristic and function of the ferrite phase in DP
steels, namely, its crack-arresting capability. The localized
slip activity at the crack tip observed in Fig. 10c proves that
this ability is still present under the presence of hydrogen.
However, when considering the drop in the critical strain
where the crack growth regime is initiated (Fig. 4c), we pro-
pose that hydrogen strongly decreases the crack-arresting
property of ferrite. This effect is considered to arise from
hydrogen localization in the vicinity of the crack tip and
the subsequent hydrogen-assisted easing of localized plastic
shear in ferrite.

Considering these points, the details of the crack open-
ing process observed in Fig. 10a–c can be schematically
described, as shown in Fig. 10d–h, to provide a generalized
overview of the micromechanics responsible of the damage
growth regime in Fig. 4. The crack is initiated in the mar-
tensite region (Fig. 10d) and then propagates along the fer-
rite/martensite interface (Fig. 10e), in accordance with the
mechanism discussed with Fig. 8 (and depicted schemati-
cally in Fig. 8e). Note that this cracking process was
observed even without hydrogen precharging, as shown
in Fig. 5. Such cracks are initially (i.e. in the damage nucle-
ation regime) arrested when abutting the surrounding
ferrite grains, as shown by the strain localization inside

(a)

(b) (c) (d)

(f)

(g)

(h)

(e)

Fig. 8. (a) IQ map at a 1–2% local plastic strain (end of the damage incubation regime). The red arrows indicate cracks. (b) IQ, (c) RD IPF and (d) KAM

maps corresponding to the part surrounded by the square in (a). (e) Schematics for the crack initiation and arrest process. (f) SEM image of the specimen

tilted to 70° at 6–7% local plastic strain (late damage nucleation regime). (g) IQ and (h) RD IPF maps corresponding to the SEM image in (f). The parts

highlighted by the squares in (d–h) show cracks, and correspond to each other across the images. All of these images were taken on the fractured specimen

with hydrogen precharging. F: ferrite, M: martensite, LS: localized slip. (For interpretation of the references to color in this figure legend, the reader is

referred to the web version of this article.)
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the ferrite in Fig. 8d. Considering also the stress field at the
crack tip along with the strain localization, hydrogen
localization in the vicinity of the crack tip is an expected
consequence,3 resulting in the hydrogen-assisted crack
propagation into ferrite (Fig. 10f). The crack is arrested
by the further plastic deformation in ferrite, shown in terms
of the local orientation change and locally high KAM val-
ues. When the crack has opened sufficiently wide along the
tensile direction by tearing the plastically deformed ferrite
region (Fig. 10g), the crack is finally arrested completely,

due to the local plastic deformation of the ferrite grain
(Fig. 10h) and the associated reduction in the local stress
intensity factor (crack blunting effect). As a result of the
process summarized in Fig. 10d–h, the wide-open, blunt
crack shown in Fig. 10a–c is produced. Hence, in the pres-
ence of hydrogen, the damage growth regime (Fig. 5c) is
dominated by ferrite/martensite interface cracking and fer-
rite cracking.

To confirm the mechanisms identified by post-mortem
analyses presented above, in situ light microscopy bending
tests were carried out after hydrogen charging (see Fig. 11
and the Supplementary video file). Although the initial
bending step did not show any cracking (Fig. 11b), mar-
tensite cracking is observed in the following step, as indi-
cated by the red arrow (Fig. 11c) and the dotted circle
(Fig. 11d). The crack propagated into the ferrite grain, as
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Fig. 9. (a) KAM maps at different plastic strain levels with and without hydrogen charging. The ferrite and martensite were separated in terms of grain

average IQ value. (b) KAM value distribution of the specimen with and without hydrogen charging at 0% and 7% local plastic strains. The condition for

the calculation of KAM values is the same with Fig. 1.

3 For instance, hydrogen that exists in interstitial sites diffuses even in

the absence of a stress field up to �180 lm within 30 s, based on the

assumption of (Dt)1/2 in ferrite of an annealed mild steel (where D is

1.05 � 10ÿ9 m2 sÿ1 [45]). The stress gradient also promotes the hydrogen

diffusion to the crack tip.
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indicated by the dotted circle (Fig. 11e). The crack propa-
gation and further deformation opened the crack (Fig. 11f).
This crack-opening process is considered to correspond to
Fig. 10. These observations indicate that the well-opened
cracks shown in Fig. 6g and h that occur in the presence
of hydrogen are attributed to ferrite/martensite interface
cracking and crack propagation from the interface into
the ferrite, as well as ferrite/martensite boundary sliding
(the boundary sliding can be observed more clearly in the
Supplementary video file). The latter mechanism can be
observed during the bending, as shown in Fig. 11c–f, where
the cracked martensite, indicated by the red arrow, slides
along the ferrite/martensite interface.

4. Discussion: the role of the HEDE and HELP mechanisms

in hydrogen-assisted fracture of DP steel

Here we discuss the observed hydrogen effects on crack-
ing in the context of the HEDE and HELP mechanisms,
which are based on the reduction in cohesive energy and
on the increase in dislocation mobility, respectively. As
mentioned in Section 3.2, the damage evolution curves
were separated into the three subsequent stages in terms
of the critical strains observed for damage nucleation and
for the onset of damage growth. As shown in Figs. 5, 6a
and b and 8b and c, the critical strain for damage
nucleation was controlled by martensite cracking, a

(a) (b) (c)

(d) (e) (f) (g) (h)

Fig. 10. (a) IQ, (b) RD IPF and (c) KAM maps at 7% local plastic strain of the sample with hydrogen precharging. (d–h) Schematics demonstrating how

the crack shown in (a–c) nucleated, propagated and opened. F: ferrite, M: martensite, LS: localized slip.
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HEDE-related mechanism, reducing the damage incuba-
tion regime in Fig. 4c.

After a crack is arrested at the surrounding ferrite grain,
the further propagation of this crack is controlled by two
phenomena, namely, ferrite/martensite interface cracking
and the cracking of the ferrite grain itself (as shown in
Figs. 5 and 8f and g). The former is again a HEDE-based
process, and the latter is explained within the framework of
the HELP theory. Apparently, the HEDE and HELP
mechanisms act here in a cooperative manner, reducing
the damage nucleation regime and increasing the crack
growth rate (Fig. 4c). In particular, the HELP effect con-
tributes to the reduction in the critical strain, since the
well-grown brittle fracture surface shown in Fig. 7b
includes a considerable number of voids and dimples which
are characteristic features of ductile fracture. Note that
such hydrogen-assisted crack propagation phenomena
have been often observed in iron and steels [62–65]. Also,
in a ferrite/pearlite dual-phase steel, the hydrogen-assisted
ductile crack propagation to ferrite has been reported to
stem from the hydrogen localization at the tip of a brittle
crack in pearlite [65].

The relative importance of the HEDE and HELP mech-
anisms can be clarified through the interrupted test results
presented in Fig. 2. Since 5–6% plastic strain corresponds
to the uniform deformation (see Fig. 3c), the interruption
of the tensile test of the hydrogen-precharged sample at
6% strain represents a prestraining just up to necking.
One should note that the 6% macroscopic strain corre-
sponds here to almost the same level of local plastic strain.
This strain level corresponds to the damage nucleation
regime marked in Fig. 4c. In this regime martensite
cracking has already been initiated, but no crack growth

into ferrite has yet occurred when the tensile test was inter-
rupted. Since most of the diffusible hydrogen was desorbed
after an exposure to air for 10 days, no direct hydrogen
effect should be present when the tensile test is restarted
after the interruption. Therefore, as seen in Fig. 7c, the size
of the brittle feature region indicated by the yellow arrow is
much larger than the grain size, but smaller than that in the
fully hydrogen-affected specimen. This observation indi-
cates that the reduction in elongation compared to the test
without hydrogen charging is caused by martensite crack-
ing associated with HEDE. Since the average size of HEDE
induced-cracks stayed fixed in the damage nucleation
regime (i.e. due to the crack arrest at surrounding ferrite),
martensite cracking is considered to promote coalescence
of voids and cracks due to the increased number of
microcracks, accelerating the final catastrophic failure.
When compared to the test conducted with hydrogen
precharging, a recovery of the elongation is observed
due to hydrogen desorption, indicating that the HEDE-
and HELP-assisted crack propagation which occurred in
the crack growth regime also plays a key role in the
hydrogen-induced degradation of the tensile property.
Hence, the interrupted test provides evidence that HE of
DP steels is caused by the combined effect of HEDE and
HELP.

These results are also interesting from a microstructure
design point of view, as they indicate that improvement
in the HE of DP steels requires ways not only to improve
HEDE-induced martensite cracking behavior (e.g. by
employing tempering treatments), but also to retrieve
HELP-induced loss in ferrite crack-arresting ability (e.g.
by employing compositions that lead to a higher strain
hardening capability of the ferrite phase).

Fig. 11. In situ light microscopic observations during bending after hydrogen precharging. The corresponding video is attached as a Supplementary video

file. The red arrow and dotted circle indicate the same position among the micrographs. The lower right images in each figure show a low-magnification

image of the three-point bending test stage. Martensite is the darker phase, as a result of etching. The red arrows indicate the same edge of martensite. All

images were taken in the tensile deformed lower region of the specimen. (For interpretation of the references to color in this figure legend, the reader is

referred to the web version of this article.)
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5. Conclusions

The microcracking phenomena in martensite–ferrite
dual-phase steels were investigated in the presence of
hydrogen. We used a quantitative, micromechanical and
microstructure-sensitive approach. The results show that
the damage evolution process in DP steels can be generally
understood in terms of three basic regimes, namely, dam-
age incubation, damage nucleation and damage growth.
We observe that hydrogen charging strongly affects all of
them. The first regime is characterized by crack incubation,
i.e. when a critical plastic strain is reached decohesion-
based martensite cracking is initiated (damage incubation
regime). In the second regime, once this critical strain is
reached, damage sets in, with a constant average crack size
due to the ferrite phase arresting these cracks (crack nucle-
ation regime). The third regime is characterized by the fact
that, upon further straining, a critical strain for the onset of
crack growth is reached, and crack propagation and open-
ing take place, increasing the average crack size until occur-
rence of final fracture (crack growth regime). Hydrogen not
only decreases the critical strain for the decohesion in
martensite regions through the HEDE mechanism, but also
promotes ferrite/martensite cracking, ferrite/martensite
boundary sliding and cracking of the ferrite grains. While
the ferrite/martensite cracking is also attributed to decohe-
sion, the ferrite/martensite boundary sliding and ferrite
cracking mechanisms are associated with enhanced disloca-
tion mobility, i.e. the HELP mechanism. Thus, in the pres-
ence of hydrogen, both HEDE and HELP mechanisms
assist the damage evolution in dual-phase steels in a coop-
erative manner, causing macroscopic hydrogen embrittle-
ment. Consequently, higher resistance against hydrogen
embrittlement of these materials can only be achieved by
simultaneously reducing both of these effects.
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