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a b s t r a c t

Hydrogen embrittlement of a precipitation-hardened Fee26Mne11Al-1.2C (wt.%) austenitic

steel was examined by tensile testing under hydrogen charging and thermal desorption

analysis. While the high strength of the alloy (>1 GPa) was not affected, hydrogen charging

reduced the engineering tensile elongation from 44 to only 5%. Hydrogen-assisted cracking

mechanisms were studied via the joint use of electron backscatter diffraction analysis and

orientation-optimized electron channeling contrast imaging. The observed embrittlement

was mainly due to two mechanisms, namely, grain boundary triple junction cracking and

slip-localization-induced intergranular cracking along micro-voids formed on grain

boundaries. Grain boundary triple junction cracking occurs preferentially, while the

microscopically ductile slip-localization-induced intergranular cracking assists crack

growth during plastic deformation resulting in macroscopic brittle fracture appearance.

Copyright ª 2014, Hydrogen Energy Publications, LLC. Published by Elsevier Ltd. All rights

reserved.

1. Introduction

Among the different microstructural concepts suited for

designing high strength structural steels, stable austenite

appears favorable for hydrogen-related infrastructure (i.e.

storage, transportation, energy conversion) due to its lower

susceptibility for hydrogen embrittlement in comparison to

ferrite [1], martensite [2] or metastable austenite (i.e. which

transforms to martensite when exposed to mechanical loads)

[3]. In more recent steel alloy design concepts the austenite is

stabilized by high amounts of manganese (Mn) and carbon (C),

and as a result a desirable combination of high tensile

strength up to 1 GPa with a large uniform elongation of 60% or

higher can be achieved [4e6]. Most of these austenitic alloys

show high tensile elongations owing to mechanical twining

and complex cell structure formation [6e8]. One of the main

factors enhancing the mechanical properties of these ‘twin-

ning-induced plasticity (TWIP)’ steels is the high work hard-

ening capacities resulting from deformation twinning and the

associated dislocation plasticity [6e8]. This attractive combi-

nation of mechanical properties is utilized not only in steel
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applications for hydrogen-related infrastructures, but also in

potentially highly mechanically loaded automotive compo-

nents for reasons of weight reduction [9,10].

The addition of aluminum to such FeeMneC-based alloys

increased the materials strength even further, while strongly

reducing the specific weight [11,12]. Since Al and C promote

formation of ferrite and carbide, respectively, Al-containing

TWIP steels can consists of three phases, depending on heat

treatment [11,12], and hence are also referred to as ‘TRIPLEX’

steels. Austenite serves the majority phase, while ferrite and

Al-based k-carbide (Fe,Mn)3AlC [13] are minority phases [11].

The increase in Al content and ferrite fraction decreases the

mass density due to the smaller atomicweight of Al compared

to Fe as well as the difference in atomic density between the

fcc and bcc structures in steels [11]. The yield strength of

MneCeAl steels can be enhanced by precipitation hardening

through the formation of k-carbide [11,12,14]. In addition, the

formation of k-carbide plays a key role on the reported strong

slip localization during deformation, providing superior uni-

form elongation [11,14e16]. However, as hydrogen embrittle-

ment occurs preferably in strain-localized regions, this slip-

localization trend observed in TRIPLEX steels is speculated

to have an influence on hydrogen embrittlement, which is of

high importance for using in hydrogen-related infrastructures

such as a hydrogen storage tanks [17,18].

Several publications have presented investigations on

hydrogen embrittlement of MneC-based high strength steels

[19e23]. A Fee18Mne1.2C TWIP steel was reported to show

intergranular cracking as well as twin boundary cracking

[19,20]. While ferrite/austenite boundary cracking and slip-

localization-related cracking were observed in a MneCeAl

alloyed steel [17], a comprehensive understanding of the

respective hydrogen embrittlement mechanisms and their in-

teractions are sill impededby themicrostructural complexity of

these materials. Thus, in this study, we focus on hydrogen ef-

fects on tensile properties and hydrogen-assisted cracking

mechanism in an austenitic MneCeAl steel (without ferrite

phase), to investigate the role of strain localization phenomena

associatedwith the occurrence of k-carbide precipitations in an

austenitic matrix with a high stacking fault energy.

In previous studies [19,20], we introduced the joint use of

electron backscatter diffraction (EBSD) and electron chan-

nelingcontrast imaging (ECCI) analyses for studyinghydrogen-

related cracks in a FeeMneC austenitic steel. The microstruc-

ture observations in the vicinity of the crack enabled us to

establish direct correlations between microstructure and

cracking mechanism such as crack initiation site and propa-

gation path. Since the present steel used for this study is also

austenitic, we employ the same experimental approach.

2. Experimental procedure

The Fe-25.7Mne10.6Ale1.16C (wt.%) alloy is a k-carbide-

hardened austenitic steel [11]. It was prepared by induction

melting under argon atmosphere and cast into a copper mold.

After homogenization under air at 1150  C for 2 h, the ingot

was hot rolled at a starting temperature of 1050  C from 60mm

down to a hot strip of 2.5 mm in thickness. Then it was so-

lution treated at 1050  C for 25 min and subsequently water

quenched. The average grain size was 32 mm including the

annealing twin boundaries.

Fig. 1 e (a) A setup for the tensile testing under hydrogen charging. (b) The parts of the setup. (c) The geometry of tensile

specimens.
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Tensile testingwas conducted at room temperaturewithan

initial strain rate of 10!4 s!1 (crosshead speed) along the rolling

direction (RD) using a hydraulic testingmachine, Instron 8511.

The tensile specimens with gage dimensions of 3 mm

wide " 1 mm thick " 10 mm long shown in Fig. 1c were cut by

spark erosion. Three tests each were conducted at air and

under hydrogen charging (Fig. 1a and b). The gage part was

exposed to the solution and chargedwith hydrogen. The other

immersed parts of the specimen, the grips, and metallic con-

stituents of the cell in the solution were covered with a non-

conductive lacquer spray. Hydrogen was introduced into the

specimens before the tensile test for 40 min and also contin-

uouslyduring the tensile tests by electrochemical charging in a

3% NaCl aqueous solution containing 3 g/L of NH4SCN at a

cathodic current density of 10 A m!2. A platinum foil with di-

mensions of 25 mm wide " 0.1 mm thick " 25 mm long was

used as the counter electrode. Since the surface area of the Pt

foil in the solution was 1260 mm2, the anodic current density

was about 0.8 A m!2. Hydrogen charging was stopped when

the specimen failed. Hence, the total hydrogen charging time

is determined by the pre-charging time (40 min) and fracture

strain divided by the strain rate. Hydrogen charging during

tensile testing introduced hydrogen effectively into the sam-

ples via diffusion as well as through the motion of hydrogen-

decorated dislocations [24,25]. It was observed before that

such tensile tests conducted directly under hydrogen charging

revealed hydrogen embrittlement of fully austenitic high

strength FeeMneC TWIP steels [22,26,27]. Hydrogen uptake

before the start of the tensile test was measured by thermal

desorption analysis (TDA) from room temperature to 900  C

using a quadrupole mass spectrometer for detection of the

gases. The specimen used for TDAwas chargedwith hydrogen

in the same solution as that used for the tensile test

(40 min prior to deformation) at a current density of 10 A m!2.

TDA was started within 25 min after the tensile test. The

heating rate was changed from 6.5 to 26  C min!1 to estimate

the spectrum of activation energies for hydrogen desorption

pertaining to a specific trap site distribution. The activation

energieswere estimated by using a Kissinger plot as defined in

Ref. [28], i.e.

vln
�

4

T2
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v

�

1
Tc

 ¼ !
Ea

R
(1)

where 4 is heating rate, Tc the temperature at which the

maximum of the hydrogen desorption peak occurs, R the gas

constant, and Ea the activation energy for hydrogen desorp-

tion. The activation energies for hydrogen desorption from the

different trap sites are calculated as the slope of a lnð4=T2
c Þ vs

1/Tc plot. The obtained activation energies are then used to

identify the active hydrogen trap sites.

Microstructure observations were performed in the scan-

ning electron microscope (SEM) by secondary electron imag-

ing (SEI), electron backscatter diffraction (EBSD), and ECCI.

The specimens were prepared by standard mechanical pol-

ishing techniques. For SE and ECC imaging the SEMs were

operated at 15 kV accelerating voltage. The EBSD analysis was

operated at 20 kV with a beam step size of 300 nm or 1 mm,

respectively. The microstructure observations were conduct-

ed 10 days or longer after conducting the in-situ hydrogen-

charged tensile tests. Since diffusible hydrogen in a FeeMneC

austenitic steel was reported to be completely desorbed after

exposure to air for 10 days [29], the diffusible hydrogen con-

tent of the present specimenwas assumed to be negligibly low

when the microstructure was observed.

3. Results

3.1. Undeformed microstructures and hydrogen uptake

affecting the tensile properties

Fig. 2a shows the rolling direction (RD)-inverse pole figure (IPF)

map of the as-solution-treated specimen. The RD-IPF EBSD

map indicates that the initial microstructure is austenite

Fig. 2 e Initial microstructures of the as-solution treated specimen. (a) RD-IPF EBSD map. The black and red lines indicate

high angle and S3 twin boundaries, respectively. (b) Orientation distribution along RD obtained from (a). (c) Orientation-

optimized ECC image showing nm-sized precipitates (RD: rolling/longitudinal direction; IPF: inverse pole figure). (For

interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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without ferrite, and includes S3 annealing twin boundaries.

The crystallographic orientation along RD is randomly

distributed with a small peak near <102> as shown in Fig. 2b.

Fig. 2c shows an orientation-optimized ECC image which

shows nano-sized precipitates. Since the orientation of the

grain is optimized for Bragg’s condition in Fig. 2c, thematrix is

imaged as black, and the precipitate appear in relatively bright

contrast. When the orientation is rotated to realize optimized

Bragg contrast, the grain appears dark on the ECC image

because of the low back scattering yield [30]. Dislocations,

twins, and second phases such as precipitates locally affect

the channeling contrast, and hence are revealed with a bright

contrast.

Fig. 3 shows engineering stressestrain curves of the spec-

imens with and without hydrogen charging. The flow stress

slightly decreased at low plastic strains, and sustained or

increased at higher strains. This characteristic behavior is

identical to previously reported stressestrain responses of

TRIPLEX steels with a similar composition [11]. The obtained

tensile properties are summarized in Table 1. Although the

yield strength did not change significantly, the elongation was

deteriorated dramatically by hydrogen charging. The presence

of hydrogen reduces the flow stress directly after the onset of

yielding, leading to premature failure.

Fig. 4aec shows hydrogen desorption rates plotted against

temperature measured at different heating rates. These re-

sults were obtained in the specimens hydrogen-charged for

40 min without any plastic deformation. Hence, the hydrogen

distribution and content correspond to those in the samples

just before starting the tensile tests. Four peaks appeared in all

of the three hydrogen desorption rate curves. In all cases the

positions of the peaks shifted to higher temperatures with

increasing heating rate. Since the first peak is separated

clearly from the other peaks, the cumulative hydrogen con-

tent from room temperature to the finishing temperature of

the first peak could be obtained as shown in Table 2. The

average cumulative hydrogen content related to peak 1 is

0.14 & 0.05 mass ppm. Fig. 4deg shows the Kissinger plots

obtained from Fig. 4aec. The activation energies for hydrogen

desorption corresponding to peaks 1, 2, and 4were found to be

27, 76, and 80 kJ mol!1, respectively. The activation energy for

peak 3 was estimated to be around 78 kJ mol!1. Its determi-

nation was less precise compared to the three other peaks

owing to the scatter in the corresponding Kissinger plot.

3.2. Deformation microstructure without hydrogen

effect

Fig. 5 shows a set of micrographs obtained in the specimen

fractured without hydrogen charging. Fig. 5a shows a low

magnification ECC image at 5% plastic strain around which

the fracture took place in the corresponding hydrogen-

charged specimens shown in Fig. 3. The image indicates that

5% straining did not induce any martensite or deformation

twins which should otherwise have appeared in the ECC

image. The orientation-optimized ECC image at 5% plastic

strain shown in Fig. 5b shows the grainmatrix in dark contrast

and localized slip in white contrast as indicated by arrows. In

particular, strain localization shown in white contrast is

remarkably intense at the intersections between such local-

ized slip bands and the grain boundary as indicated by red

arrows in Fig. 5c.

Fig. 5d shows a RD-IPF mapwith the corresponding IQmap

taken in the vicinity of the necking region after the specimen

had failed without hydrogen charging. The tensile texture is

characterized by pronounced <111> or <001> orientations

parallel to the tensile axis. Martensite as well as deformation

twins were not observed. As indicated by the red arrow, only

deformation bands without any phase and large (twin-like)

orientation changeswere observed in the IQmap. Hence these

local plastic inhomogeneities are due to localized slip such as

shown in Fig. 5b. In addition, cracking was observed along or

in the vicinity of grain boundaries as indicated by the black

arrows in Fig. 5d. Fractographs were also taken in the same

specimen. The fracture surface was dominantly ductile as

shown in Fig. 5e. However, some parts on the fracture surface

showed specific ductile features in the form of surface steps as

indicated by the dotted lines in Fig. 5f.

3.3. Hydrogen-assisted cracking and fracture

Fig. 6 shows a region of the fracture surface obtained in the

specimen fractured with hydrogen charging (2% total elon-

gation to fracture). Fig. 6a shows an overview image of the

fracture surface. In the central region, the surface is domi-

nated by dimples. In contrast, the fracture surface regions

which are close to the side edges reveal characteristics of

Fig. 3 e Engineering stressestrain curves with and without

hydrogen charging. The hydrogen was introduced by

hydrogen pre-charging for 40 min as well as in-situ

hydrogen charging during the tests.

Table 1 e Tensile mechanical properties. PS: Proof Stress.
UTS: Ultimate Tensile Strength.

0.2% PS (MPa) UTS (MPa) Total
elongation (%)

Without H 1009 & 15 1012 & 10 44 & 2

With H 1015 & 9 1018 & 13 5 & 4
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intergranular cracking. Fig. 6b shows the magnified image of

the right hand portion of Fig. 6a where intergranular fracture

features prevail. The region highlighted by the square in

Fig. 6b was further magnified as shown in Fig. 6c. In the vi-

cinity of the specimen edge that is surrounded by the yellow

dotted and white solid lines, a smooth intergranular fracture

surface appears. On the other hand, the interior region rela-

tive to the yellow dotted line shows slip traces on the inter-

granular fracture surface, e.g. the region highlighted by the

red dotted lines in Fig. 6c. The highlighted region is magnified

in Fig. 6d, revealing the multiple slip traces. In addition,

intergranular cracking and ductile fracture features exist

along the grain boundaries on the fracture surface as indi-

cated by the black arrow and the circle in Fig. 6d, respectively.

Fig. 7a shows a cross sectional SE image taken on a spec-

imen strained to 2% in the vicinity of the hydrogen-assisted

fractured region after grinding about 300 mm from the sur-

face. Several cracks were observed as indicated by the arrows.

Fig. 7b shows hydrogen-assisted cracking at a grain boundary

triple junction. Fig. 7c shows the corresponding Kernel

Fig. 4 e TDA results obtained at heating rates of (a) 26  C minL1, (b) 13  C minL1, and (c) 6.5  C minL1. Kissinger plots

showing the activation energies corresponding to (d) peak 1, (e) peak 2, (f) peak 3, and (g) peak 4 which are shown in (aec).

Table 2 e Cumulative hydrogen contents corresponding to the first peak.

Heating rate ( C min!1) Peak position ( C) Peak center temperature ( C) Hydrogen concentration (w. ppm)

6.5 RT-260 168 0.16

13 RT-300 218 0.18

26 RT-320 238 0.08
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average misorientation map (KAM). Local plastic straining is

observed around the crack tips (indicated by the red arrows) as

well as at the grain boundary triple junction (indicated by the

black arrows). The Kernel average misorientation has been

suggested as a measure of the geometrically necessary dislo-

cation density [31] (see Fig. 7c). From that we observe that the

amount of local plastic strain around the grain boundary triple

junctions is comparable to that around the crack tips.

Fig. 8a shows a RD-IPF map of the grains surrounding the

well-developed crack shown in Fig. 7a. The RD-IPF map in-

dicates that the hydrogen-assisted cracking occurs preferen-

tially along grain boundaries, which matches the observation

of intergranular fracture shown in Fig. 6. The KAM map cor-

responding to Fig. 8a is shown in Fig. 8b to reveal locations

where specifically high plastic strain localization and hence

local lattice curvature occurs. Remarkable plastic strain

localization takes place around the region outlined by the

dotted lines. Amore detailedmicrostructure analysis from the

region with higher strain-localized was conducted using the

orientation-optimized ECCI technique, Fig. 8c. Similar to the

case without hydrogen charging, slip localization was

observed particularly at the intersections of grain boundaries

and slip bands. Also, voids along the grain boundaries were

observed as indicated by the arrows.

In order to investigate the origin and development of the

two hydrogen-related fracture modes observed (triple junc-

tion cracking and strain-localization-related intergranular

cracking) in more detail, interrupted tensile testing was per-

formed. First, the specimen was hydrogen-pre-charged for

40 min followed by deformation under hydrogen charging

until the yield point. After unloading, the specimen was

heated outside the tensile machine to 200  C for 40 min in

order to remove diffusible hydrogen. Then, the specimen was

re-mounted and tensile tested without hydrogen charging

until fracture. As can be seen from the engineering stress/

strain curves shown in Fig. 9, the pre-deformation with

hydrogen charging did not affect the tensile elongation and

increased the work hardening slightly. However, the

corresponding fracture surface shown in Fig. 10a and b is not

entirely ductile. Grain boundary triple junction cracking was

observed at the vicinity of the specimen surface, although the

fracture surface was covered dominantly by dimples. Also

note that the surface of the cracks at the grain boundary triple

junction is covered with small dimples (Fig. 10b).

4. Discussion

4.1. Microstructure characteristics without hydrogen

The undeformedmicrostructure of the investigated MneAleC

steel consists of austenite and precipitates (see Fig. 2). The

nano-size precipitates in the investigated alloy system are

well known to have a L102 structures, namely, so-called k-

carbide [11,14,15]. Since k-carbide is most probably formed

through spinodal decomposition occurring already during

quenching [32e34], it may be present even in the as solution-

treatedmicrostructure [11]. The formation of k-carbide acts as

an important strengthening factor [11,14,15], providing the

high yield strength of the present steel as shown in Fig. 3. 3

(hcp)-martensitic transformation or deformation twinning

was not observed in our experiments (Fig. 5a and d), unlike

found in other FeeMneC-based high strength austenitic steels

[6,8,10]. This is related to the increased stacking fault energy of

the investigated steel (reportedly about 110 mJ/m2 [11])

compared to TWIP and hcp-martensite transformation-

induced plasticity steels (0e40 mJ/m2 [9,8,10]). Instead, slip

localization was observed in our study (Fig. 5b). The occur-

rence of slip localization was shown to be caused by an

enhancement of dislocation planarity arising from shearing of

k-carbide [14,15], and it is considered to assist micro-void

formation in the intersections of grain boundary and local-

ized slip band, causing the partial intergranular fracture

shown in Fig. 5d. Hence, we conclude that the steps observed

on the fracture surface in Fig. 5f result from slip-localization-

assisted intergranular cracking.

Fig. 5 e Deformation microstructures without hydrogen charging. TA: Tensile axis. (a) ECC image with 5% strain, and (b) its

magnified image which is orientation-optimized. (c) The magnified image of (b) with an enhanced contrast. (d) RD-IPF D IQ

map of the fractured specimen. The secondary electron image (SEI) was shown to evidence the occurrence of cracking. (e)

Fracture surface of the specimen without hydrogen charging. (f) Magnified image of the part surrounded by dotted lines in

(d) (RD: rolling/longitudinal direction; IPF: inverse pole figure; IQ: image quality).
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4.2. Hydrogen uptake and embrittlement

Four peaks were observed in the hydrogen desorption curves

shown in Fig. 4aec. Their position and magnitude are dis-

cussed based on corresponding literature data for activation

energies of hydrogen desorption from various hydrogen trap

sites (Table 3). The activation energy pertaining to the first

peak (27 kJ mol!1) fits roughly to the data reported for

hydrogen desorption from dislocations [28,35]. More specif-

ically, the hydrogen desorption associated with the first peak

is mainly attributed to capturing of hydrogen within the

elastic field of an edge dislocation [42]. Since the dislocation

density in the as-solution-treated specimens is low, the area

under the first peak is much smaller than those under the

third and fourth peaks, respectively. Also we assume that the

first peak contained hydrogen which was desorbed from

other low-barrier sites such as interstitial sites, vacancies,

and grain boundaries. The hydrogen trapped in these sites

has higher mobility compared to hydrogen stored at

dislocations, since the activation energies of hydrogen

desorption from these sites are lower than that for hydrogen

stored at the elastic field of edge dislocations [28,42]. The

amount of diffusible hydrogen included also in the first peak

can hence not be ignored, since the investigated steels

contain grain boundaries, vacancies and other low-barrier

capture sites. For example, in pure Ni as well as in an

austenitic steel, hydrogen localization at grain boundaries

[43] was revealed by secondary ion mass spectroscopy [44,45]

and the silver decoration technique [46,47]. The contribution

of these hydrogen trap sites can, however, not be distin-

guished by the TDA technique [39].

Peaks 2 and 4 exhibit activation energies for hydrogen

desorption of 76 and 80 kJmol!1, respectively, which aremuch

higher than that associated with peak 1. As shown in Table 3,

only hydrogen desorption from precipitates can explain such

high activation energies. In addition, the areas underneath

peaks 2 and 4 are comparable or even higher compared to that

of peak 1, indicating that the amount of hydrogen trapped at

Fig. 6 e Fractographs of the specimen deformed under hydrogen charging. (a) Entire image of the fracture surface. Magnified

images of the parts surrounded by the red dotted lines in (b) Fig. 6a, (c) Fig. 6b, and (d) Fig. 6c. The white solid lines indicate

the edges of the surface. The dotted white lines in (a) and (b) indicate the boundaries between intergranular fractured region

(IG) and ductile feature-dominated region. The yellow dotted line in (c) indicates the boundary between the brittle surface

with and without slip traces such as the ones shown in (d).
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precipitates (associated with peaks 2 and 4) must be signifi-

cant compared to the amount of hydrogen captured of dislo-

cations, vacancies etc. As k-carbides are the only precipitates

present in the investigated steel, we conclude that peaks 2 and

4 correspond to k-carbide-related hydrogen desorption.

Peak 3 did not show a clear linear relation in the Kissinger

plot (see Fig. 4f). This is explained by the gradual further for-

mation and growth of k-carbides during TDA heating (about

550  C), as this temperature, corresponding to the position of

peak 3, is a typical aging temperature to obtain k-carbide

[11,15]. It was reported that k-carbide can significantly grow

even within only 2 min at 550  C [11]. The change in the stored

hydrogen amount at k-carbides, the motion of the k-carbide/

austenite boundaries due to carbide growth, and possibly also

the variation of the elastic strain field around k-carbides

during heating of the TDA may shift the position of peak 3,

depending on the heating rate. The influence in heat treat-

ment conditions has been reported to change the activation

energy for hydrogen desorption from precipitates [39,40].

Hence, we conclude that three of the peaks (2, 3, and 4) are

caused by hydrogen desorption from k-carbides, however,

from k-carbides with different elastic strain fields. In terms of

coherency of k-carbides, the elastic strain field changes with

increased number ofmisfit dislocation [36,37] (see Fig. 11). The

introduction of misfit dislocations accommodates the elastic

misfit on carbide/matrix interface. Also, the misfit disloca-

tions provide an elastic strain field around themselves. These

facts change elastic strain field around k-carbides, resulting in

different coherencies. The difference in coherency would be a

reason why the three different activation energies for

hydrogen desorption can originate from k-carbides.

The activation energies which are higher than 70 kJ mol!1

corresponding to peaks 2 and 4, respectively, indicate that the

desorbed hydrogen in these cases was irreversibly [36,37] or

strongly trapped [48]. Peak 3 is also considered to be

irreversible, because the peak position appeared at a higher

temperature compared to that for peak 2, and because the

activation energy for hydrogen desorption associated with

peak 3 was roughly 78 kJ mol!1. These facts indicate that k-

carbide acts as an irreversible hydrogen trap site, since peaks

2, 3, and 4 are associated with k-carbide as discussed above. In

contrast, the hydrogen which is desorbed with an activation

energy of only 27 kJ mol!1 (peak 1) is attributed to diffusible

hydrogen [36]. This conclusion suggests that the diffusible

hydrogen content, which dominates embrittlement [49], is

determined as the amount of desorbed hydrogen in peak 1 as

shown in Table 1.

4.3. Mechanisms of hydrogen-assisted fracture

Hydrogen-assisted cracking was observed to take place

mainly along grain boundaries. Typically, two types of

hydrogen-assisted intergranular fracture were found in the

investigated steel, namely, grain boundary triple junction

cracking (Fig. 7bec) and slip-localization-induced void for-

mation and coalescence along grain boundaries (Fig. 8). Both

effects together apparently cause the observed

embrittlement.

Grain boundary triple junction cracking was observed also

in nickel [50] as well as in FeeMneC TWIP steel [19]. The

mechanism was explained in terms of plastic strain localiza-

tion due to the formation of deformation bands around grain

boundary triple junctions [50]. This effect was assumed to

promote hydrogen localization around grain boundary triple

junctions, assisting brittle cracking through a reduction in the

cohesive energy at grain boundaries. Additionally, the elastic

misfit is also largest at the grain boundary triple junction,

assisting cracking already at an early deformation stage. We

observed a similar phenomenon in the current investigations

(Fig. 7c). Hence, we suggest that plastic strain localization and

Fig. 7 e Hydrogen-related sub cracks observed by SEM. (a) SE image. (b) RD-IPF maps and (c) the corresponding KAM values

around the hydrogen-related crack at the grain boundary triple junction. The KAM values were calculated using first

neighboring EBSD points at a distance of 300 nm (RD: rolling/longitudinal direction; IPF: inverse pole figure).
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elastic misfit cause the observed grain boundary triple junc-

tion cracking. Moreover, the plastic strain localization induces

the dimples on the cracks at grain boundary triple junctions

observed in the interrupted test (Fig. 10b).

The interrupted testing (Fig. 9) limited the effects of

hydrogen to the elastic regime or to a strain level just after the

onset of plastic yielding, since the diffusible hydrogen was

desorbed by heating at 200  C after interrupting the test (see

Fig. 4c). This indicates that the nevertheless observed

hydrogen-assisted grain boundary triple junction cracking

(Fig. 10) in this state is initiated already in the elastic regime or

during a regime below 1% plastic straining. Thus, grain

boundary triple junction cracking is considered to be the first

step in the hydrogen-assisted cracking phenomenon. This

means that the grain boundary triple junction cracking caused

the intergranular fracture surface without slip traces as

observed in the vicinity of the sample surface (see Fig. 6c). In

Fig. 8 e (a) RD-IPF map. (b) KAM map. (c) Orientation-

optimized ECC image corresponding to the part

surrounded by the white broken lines in (b). The KAM

values were calculated using first neighboring EBSD points

at a distance of 300 nm (RD: rolling/longitudinal direction;

IPF: inverse pole figure).

Fig. 9 e Engineering stressestrain curves of interrupted

tests, both, with and without H-charging.

Fig. 10 e (a) Fractograph of the interrupted tensile test

shown in Fig. 9. (b) Magnified image showing grain

boundary triple junction cracking in the region indicated

by the square in (a).
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other words, intergranular crack initiation is most probably

not caused by slip localization.

Even without hydrogen charging, intergranular cracking

was apparently enhanced by slip localization as discussed in

Section 4.1 in conjunction with Fig. 5d, although the fracture

surface did not reveal brittle features (Fig. 5e). This indicates

that slip localization apparently promotes grain boundary

cracking by hydrogen-stimulated local ductilization similar

to pseudo-embrittlement. Here, the term pseudo-

embrittlement refers to the deterioration of the ‘global’

sample ductility through the local promotion of a ductile

fracture process [51e53]. Hence, although the local damage

is promoted by a highly ductile process, the resulting

apparent macroscopic behavior of the sample is brittle. Slip

localization in this type of steel is hence enhanced by

hydrogen uptake [17] and the associated hydrogen-

enhanced localized plasticity (HELP) [51e57] (e.g. material

softening due to hydrogen-enhanced dislocation mobility

[54]), assisting the ductile fracture along grain boundaries.

More specific, we suggest that such confined and hydrogen-

enhanced plasticity [54e59] leads to an increased vacancy

density which is further stabilized by hydrogen decoration

[60,61]. These vacancies can then condensate at the grain

boundaries to form hydrogen decorated and hence stable

voids which undergo coalescence [62,63]. In fact strain-

localization-assisted micro-void formation was observed in

the current work in the hydrogen-charged sample (see Figs.

8c and 10b). This hydrogen- and slip-localization-assisted

void formation and ensuing ductile fracture effect is

apparently related to the ductile fracture features that we

observed near the grain boundary as indicated by the circle

in Fig. 6d.

The observed hydrogen-assisted cracking phenomena of

the investigated FeeMneAleC k-precipitation-hardened steel

are summarized in the schematics shown in Fig. 12. For the

sake of simplicity, Fig. 12 focuses on the cracking mechanism

associated with slip localization. As initial step, hydrogen-

enhanced slip localization occurs in the sense of the HELP

mechanism. The fcc steel matrix with (semi-)coherent pre-

cipitates promotes such microbands owing to the reduced

dislocation cross slip capability. Such strain localization ap-

pears specifically at grain boundaries (see Figs. 5, 8 and 12a).

As a result, the grain boundaries are elastically distorted

already at an early strain level due to dislocation pile-up, local

orientation changes, and formation of steps associated with

dislocationeboundary interactions. The simplest case for the

latter effect is the interaction between slip dislocation and a

S3 coherent boundary as described in Refs. [64e66]. Thus,

strain localization results also in hydrogen transport into the

distorted grain boundaries (Fig. 12b). As discussed above,

hydrogen-related cracks first nucleate at grain boundary triple

junctions, and the associated slip localization causes void

formation as described above (Fig. 12c) creating a preferred

crack propagation path along the void-decorated interfaces

(Figs. 10b and 12d). Even without micro-void formation, the

strain localization along grain boundaries promotes

hydrogen-assisted cracking, since the grain boundaries are

distorted elastically as well as plastically. The slip-

localization-related distortion is assumed to introduce steps

on the grain boundaries, resulting in the slip traces observed

on the fracture surface shown in Fig. 6d. One should note that

hydrogen-assisted slip-localization alone (i.e. with the aid of

the HELP effect) does not seem to cause the brittle fracture

along grain boundaries, since slip-localization causes fracture

Table 3 e Conventional reports on activation energies for hydrogen desorption from various trap sites.

Trap site Steel Activation energy Ref

Grain boundary Pure iron 17 kJ mol!1 [28]

Elastic field of edge dislocation Pure iron Martensitic steel Austenitic steel 27e35 kJ mol!1 [28,35,36]

Micro-void Pure iron 35 kJ mol!1 [28]

S3 twin boundary Austenitic steel 62 kJ mol!1 [35]

Dislocation core Martensitic steel 58 kJ mol!1 [37,38]

Coherent TiC Martensitic steel 46e59 kJ mol!1 [39]

Semi-coherent TiC Martensitic steel 56 kJ mol!1 [40]

Incoherent TiC Martensitic steel 68e116 kJ mol!1 [39]

Chromium carbide Austenitic steel 73e96 kJ mol!1 [41]

Fig. 11 e Schematics for correlations among coherency, number of misfit dislocation, and strain field around a precipitate.

The introduction of misfit dislocations accommodates the elastic strain field around a precipitate. Squares and dotted lines

indicate precipitate and strain field, respectively. (a) Coherent interface without misfit dislocations. (b) Semi-coherent

interface with a number of misfit dislocations. (c) Incoherent interface with a considerable amount of misfit dislocations.
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through either cleavage-like or purely ductile mechanisms.

An important additional effect in the present context is that

the hydrogen uptake reduces both, the grain boundary energy

and also its cohesive energy [67e69], enhancing decohesion of

the grain boundaries, leading to facilitated hydrogen-assisted

intergranular fracture. This means that hydrogen acts not

only as a supporting agent for strain localization and accel-

erated void formation at grain boundaries but has also an

immediate effect in reducing grain boundary cohesion.

5. Conclusions

Hydrogen effects on the tensile ductility of a k-carbide-hard-

enedaustenitic steelwere investigatedby tensile testingunder

ongoing hydrogen charging as well as by thermal desorption

analysis. The presence of k-carbides acts as a hydrogen trap

site with an activation energy for hydrogen desorption of

approximately 76e80 kJ mol!1. Hydrogen embrittlement

occurred through intergranular fracture, caused by two

hydrogen-assisted cracking mechanisms: grain boundary tri-

ple junction cracking and slip-localization-assisted grain

boundary cracking. While the former is a typical hydrogen-

assisted cracking mechanism for fcc alloys, the latter appears

as a mechanism which is more characteristic of the here

investigatedMneCeAl steel. The slip localization linked to the

precipitated k-carbides causes void formation along grain

boundaries, resulting in microscopically ductile intergranular

crackingwhich leads tomacroscopic brittle failure. Hydrogen-

related cracks seem to first nucleate through grain boundary

triple junction cracking, while slip-localization acting on grain

boundaries then promotes crack propagation.
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Fig. 12 e Set of schematical sketches showing the hydrogen-assisted cracking and crack propagation in the present steel. (a)

Strain localization occurs particularly on grain boundaries, which is indicated by dotted circles. (b) Diffusible hydrogen

moves to the strain-localization regions along the grain boundaries, promoting strain localization through the HELP

mechanism. (c) Formation of micro-voids on the grain boundary intersecting strain-localization bands. Micro-voids are

indicated by black circles. (d) The micro-voids coalesce and subsequently propagate along the grain boundaries. This strain

localization phenomenon, even without the presence of micro-voids, promotes crack propagation through the elastic strain

field as well as the hydrogen localization along grain boundaries.
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