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Crystal plasticity FEM for large scale forming predictions
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Simulation setup: grain cluster homogenization
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Simulation result: RGC scheme
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Comparison of iso-strain BC (Taylor) with grain cluster relaxation

• RGC scheme predicts different ear-profile than Taylor
• RGC computation time ~ 5 times Taylor model
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Dislocation-based hardening laws: multiscale & modular CPFEM
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Dislocation-based hardening laws: multiscale & modular CPFEM
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Using dislocation-based hardening laws in CPFEM simulations
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Non-linear FFT polycrystal plasticity simulation methods
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Non-linear FFT polycrystal plasticity simulation methods
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Crystal plasticity FEM and recrystallization: Aluminium
Nucleation at 50% max. disloc. density

Nucleation at 60% max. disloc. density

orientation

dislocation density

Nucleation at 70% max. disloc. density

Nucleation at 80% max. disloc. density

Al, CPFEM and CA starting data, 800 K; site-saturated nucleation in cells with at least 50%, 60%, 70%
and 80% of the maximum occurring dislocation density; growth misorientations above 15° : activation
energy of grain boundary mobility:1.46 eV and pre-exponential factor m0 = 8.310-3 m3/(N s).
Raabe: Phil. Mag. A, vol 79 (1999), 2339

Raabe, Becker: Model. Sim. Mater. Sc. Engin. 8 (2000) 445
D. Raabe: Annual Review of Materials Research 32 (2002) 53

52

Conclusions

Roters et al. Acta Mater.58 (2010)

53

References on simulation of rolling textures
D. Raabe, M. Sachtleber, Z. Zhao, F. Roters, S. Zaefferer: Acta Mater. 49 (2001) 3433–3441, Micromechanical and
macromechanical effects in grain scale polycrystal plasticity experimentation and simulation
D. Raabe, R. Becker: Model. Sim. Mater. Sc. Engin. 8 (2000) 445-462, Coupling of a crystal plasticity finite element model
with a probabilistic cellular automaton for simulating primary static recrystallization in aluminum
D. Raabe, Z. Zhao, S.–J. Park, F. Roters: Acta Mater. 50 (2002) 421–440, Theory of orientation gradients in plastically
strained crystals
Z. Zhao, F. Roters, W. Mao, D. Raabe: Adv. Eng. Mater. 3 (2001) 984-990, Introduction of A Texture Component Crystal
Plasticity Finite Element Method for Industry-Scale Anisotropy Simulations
D. Raabe, P. Klose, B. Engl, K.-P. Imlau, F. Friedel, F. Roters: Adv. Eng. Mater. 4 (2002) 169-180, Concepts for integrating
plastic anisotropy into metal forming simulations
D. Raabe, Z. Zhao, W. Mao: Acta Mater. 50 (2002) 4379–4394, On the dependence of in-grain subdivision and
deformation texture of aluminium on grain interaction
D. Raabe and F. Roters: Intern. J. Plast. 20 (2004) 339-361, Using texture components in crystal plasticity finite element
simulations
D. Raabe, M. Sachtleber, H. Weiland, G. Scheele, and Z. Zhao: Acta Mater. 51 (2003) 1539-1560, Grain-scale
micromechanics of polycrystal surfaces during plastic straining
Z. Zhao, W. Mao, F. Roters, D. Raabe: Acta Mater. 52 (2004) 1003–1012, A texture optimization study for minimum earing
in aluminium by use of a texture component crystal plasticity finite element method
D. Raabe, Z. Zhao, F. Roters: Scripta Materialia 50 (2004) 1085-1090, Study on the orientational stability of cube-oriented
FCC crystals under plane strain by use of a texture component crystal plasticity finite element method
D. Raabe, Y. Wang, F. Roters: Comput. Mater. Sc. 34 (2005) 221-234, Crystal plasticity simulation study on the influence
of texture on earing in steel
Tikhovskiy, D. Raabe, F. Roters: Scripta Materialia 54 (2006) 1537-1542, Simulation of the deformation texture of a 17%Cr
ferritic stainless steel using the texture component crystal plasticity FE method considering texture gradients
C.-S. Han, A. Ma, F. Roters, D. Raabe: Intern. J. Plast. 23 (2007) 690–710, A Finite Element approach with patch
projection for strain gradient plasticity formulations
B. Liu, D. Raabe, F. Roters, P. Eisenlohr. R. A. Lebensohn: Model. Sim. Mater Sc. Engin. 18 (2010) 085005, Comparison
of finite element and fast Fourier transform crystal plasticity solvers for texture prediction
F. Roters, P. Eisenlohr, L. Hantcherli, D.D. Tjahjanto, T.R. Bieler, D. Raabe: Acta Materialia 58 (2010) 1152–1211,
Overview of constitutive laws, kinematics, homogenization and multiscale methods in crystal plasticity finite-element
modeling: Theory, experiments, applications
54

REVIEWS

Concepts for Integrating Plastic
Anisotropy into Metal Forming
Simulations
By Dierk Raabe,* Peter Klose, Bernhard Engl, Klaus-Peter Imlau, Frank Friedel, and
Franz Roters
Modern metal forming and crash simulations are usually based on the finite element method. Aims of
such simulations are typically the prediction of the material shape, failure, and mechanical properties
during deformation. Further goals lie in the computer assisted lay-out of manufacturing tools used for
intricate processing steps. Any such simulation requires that the material under investigation is specified in terms of its respective constitutive behavior. Modern finite element simulations typically use
three sets of material input data, covering hardening, forming limits, and anisotropy. The current
article is about the latter aspect. It reviews different empirical and physically based concepts for the
integration of the elastic-plastic anisotropy into metal forming finite element simulations. Particular
pronunciation is placed on the discussion of the crystallographic anisotropy of polycrystalline material
rather than on aspects associated with topological or morphological microstructure anisotropy. The
reviewed anisotropy concepts are empirical yield surface approximations, yield surface formulations
based on crystallographic homogenization theory, combinations of finite element and homogenization
approaches, the crystal plasticity finite element method, and the recently introduced texture component
crystal plasticity finite element method. The paper presents the basic physical approaches behind the
different methods and discusses engineering aspects such as scalability, flexibility, and texture update
in the course of a forming simulation.

1. Introduction
The advance of modern well-tailored and optimized
materials nowadays provides a huge and steadily-growing
application spectrum to customers of formed products. Well
established examples are the introduction of high-strength
multi-phase steels or 6xxx series aluminum alloys for the
automotive industry. The high demands with respect to
mechanical properties and surface appearance faced by these
materials in the course of metal forming increasingly requires
adequate quantitative characterization measures to build a
bridge between producers and product designers.
Modern approaches for conducting simulations of plastic
deformation are usually based on solving large sets of differential equations associated with a well posed forming problem by use of non-linear finite element methods. Primary
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objectives of such simulations are the prediction of the material shape after forming, in particular the thickness distribution; the minimization of material failure in conjunction with
the optimization of material flow during forming; and the cal-
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culation of the final mechanical properties of
the formed sample. Further related essential
applications are in the fields of optimizing
tool designs, predicting pressing forces, and
simulating the final surface appearance of
the part. The latter aspect involves both,
macroscopic (e.g., wrinkling) as well as
microstructural (e.g., ridging, orange peel)
mechanisms for changes in surface quality
during forming.
Rendering continuum-type metal forming
simulations scientifically sound, predictive
at the microstructure scale, in good accord
with experiment, and at the same time economically rewarding requires that the
involved materials are properly specified in
terms of their respective constitutive behavior. For this purpose modern finite element
simulations typically employ three sets of
Fig. 1. Modern finite element approaches which aim at simulating realistic metal forming operations typically
require three sets of material input data, namely, the strain hardening curve, a forming limit diagram, and
material input data, covering hardening,
information about the crystallographic (and morphological) anisotropy. The article focuses on concepts for inteforming limits, and anisotropy (Fig. 1). The
grating elastic-plastic anisotropy.
current article deals with the latter aspect. It
reviews both, empirical and physically based
crystal plasticity approaches are the long calculation times
concepts for the integration of the elastic-plastic anisotropy
which presently exceed those obtained by use of the yield
into metal forming finite element simulations. Particular prosurface by a factor of 50±100. An improvement in speed of the
nunciation is placed on the discussion of the crystallographic
crystal plasticity methods is attained by the recent introducanisotropy of polycrystalline material rather than on aspects
tion of the texture component crystal plasticity finite element
associated with topological or morphological microstructure
method which exceeds the computation times of yield surface
anisotropy. The various anisotropy concepts which will be
calculations only by a factor of 15±25.
reviewed in the following are empirical yield surface approxiThe paper has the following plan: First, we give a brief inmations, yield surface formulations based on crystallographic
troduction to the physical origin of elastic-plastic crystallohomogenization theory, combinations of finite element and
graphic anisotropy. Second, we present the basic approaches
homogenization approaches, the crystal plasticity finite elebehind the different anisotropy concepts and discuss aspects
ment method, and the recently introduced texture component
such as scalability, flexibility, and texture update in the
crystal plasticity finite element method.
course of forming simulation.
By providing a survey on the advantages and disadvantages of the various anisotropy concepts the article takes an
effort to present both, the present state of the art in the industrial practice as well as advanced approaches which allow the
2. From Scalar to Tensorial Materials Engineering
user to include more of the physics associated with crystalline
The yield surface represents the generalization of the yield
anisotropy. The present state in anisotropy engineering is
point from uniaxial tensile testing to general stress states.
naturally different between industrial applications and basic
Expanding the yield point into a closed yield surface is only
science. The use of empirical or semi-empirical polynomials
required if the material under inspection shows elastic-plastic
for yield surface approximations is the standard procedure in
anisotropy, i.e., if it deforms differently in different directhe industrial practice whereas the various crystal plasticity
tions. However, such behavior is the rule and not the excepfinite element methods gradually become a standard in the
tion in real materials. Polycrystals with random and thus quabasic materials sciences. The importance of empirical apsi-isotropic behavior do practically not occur in sheet metal
proaches in the industrial practice is due to the fact that they
forming operations. Strong crystalline anisotropy is typically
provide short computation times, allow for simple mechaniencountered in many engineering materials such as alloys
cal input data, and are flexible with respect to additional fit
based on iron, aluminum, copper, magnesium and titanium.
points obtained by texture information. An important weakThe physical nature of elastic-plastic anisotropy in metals
ness of empirical approaches lies in the absence of texture upis the crystalline arrangement of the atoms. Metallic matter
date. The prevalence of the crystal plasticity finite element
usually occurs in polycrystalline form where each grain has a
method in basic research is due to its physical basis and the
different crystallographic orientation, shape and volume fracincorporation of texture changes. The major drawback of the
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3. The Physical Origin of Crystalline Elastic-Plastic
Anisotropy

second derivative of the electronic potential. The elastic
constants can be written in the form of a fourth-rank elastic
stiffness tensor Cijkl or in the form of a fourth-rank elastic
compliance tensor Sijkl According to
(1)
Symmetry relations and thermodynamic considerations
reduce the 81 elastic constants to a set of 3 independent numbers (C1111, C1122, C2323) (Corresponding to (C11, C12, C44) in
reduced matrix notation)in the case of cubic crystal symmetry
(e.g., Al, Fe, Cu) and to a set of five independent numbers
(C1111, C1122, C1133, C3333, C2323) (Corresponding to (C11, C12,
C13, C33, C44) in reduced matrix notation) in the case of hexagonal crystal symmetry (e.g., Ti, Mg, Zn). The deviation from
elastic isotropy can for cubic crystals be quantified by the so
called Zener anisotropy ratio
(2)
While aluminum has a relatively low elastic anisotropy
with A = 1.215, iron has a larger Zener ratio of A = 2.346. Of
all cubic metals tungsten has the lowest deviation from isotropy with a Zener ratio of A » 1 and lithium the largest with
A = 9.34.
3.2. Plastic Anisotropy
The plastic anisotropy of crystalline matter also departs
from the directionality of the electronic bond and the resulting crystal lattice structure. Both aspects determine which slip
planes and which translation vectors (Burgers vectors) serve
for the motion of lattice dislocations or the activation of plastically relevant athermal transformations. The main consequence of this anisotropy in the present context is that metals
are deformed in a discrete rather than in a continuum fashion
rendering plasticity an intrinsically anisotropic property of
metals. Assuming that the normalized Burgers vectors bj and
the normalized slip plane normals ni of the s different slip
systems available in a particular crystal lattice are known,
their orientation factors mij can be readily formulated as dyadic products according to
(3)
with its symmetric portion being
(4)

3.1. Elastic Anisotropy
The elastic anisotropy of crystalline matter departs from
the directionality of the electronic bond and the resulting
crystal lattice structure. For small deviations of the atoms
from their equilibrium positions the reversible elastic response to loads can be approximated by a linear relationship
which is referred to as Hookes law. In this framework the linear elastic constants can be derived as the components of the
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when given in crystal coordinates. One must note that all slip
vectors used in the equations are normalized. Transforming
the latter equation into the sample coordinate system (Fig. 2)
leads to

mklsym, s =

1
aki nis alj b sj + alj n sj aki bis
2

(

)

(sample coordinates) (5)
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tion. The distribution of the orientations in a polycrystalline
aggregate is referred to as crystallographic texture. The anisotropy of the elastic tensor and the discrete nature of crystallographic slip along densely packed lattice directions on preferred crystal planes also entails a highly anisotropic integral
response of such polycrystalline specimens during mechanical loading. While the elastic-plastic deformation of a single
crystal and bicrystals as a function of their orientation can
nowadays be well predicted, plasticity of polycrystalline matter is less well understood. This is essentially due to the intricate elastic-plastic interactions occurring during co-deformation among the highly anisotropic individual crystals. This
interaction leads to strong heterogeneity in terms of strain,
stress, and crystal orientation. Another difficulty in tackling
the anisotropy of polycrystalline matter lies in the fact that
the crystals rotate during forming, owing to the skew symmetric portion of the displacement gradients created by crystal slip. This means that texture and anisotropy gradually
change during forming, even under constant strain path conditions. In this context it must be underlined that crystallographic orientation changes are principally non-reversible
owing to the orientation sensitivity of strain path changes
and the orientation dependence of strain hardening (Not only
the beginning of plastic yield but also further strain hardening is a tensorial, i.e., highly anisotropic orientation dependent problem.) This means that - even in the case of very
simple strain paths - mechanics and texture should wherever
possible be integrated into the simulation concept due to the
strong non-linearity of the problem. Artificial separation of
the two aspects (continuum mechanics, crystal plasticity
mechanics) may entail severe misinterpretations, particularly
in the case of strain path changes.
These various aspects which show the complexity of texture and anisotropy and their evolution during forming underline that for an engineering purpose one major aim of
polycrystal research must lie in identifying adequate measures for mapping crystallographic anisotropy into classical
mathematical methods for predicting large strain plastic
deformation. The second even more challenging aim lies in
developing methods for predicting also the change of crystal
anisotropy during forming on a sound physical basis.
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Fig. 2. The plastic anisotropy of crystalline matter departs from the directionality of the
electronic bond and the resulting crystal lattice structure. Both aspects determine the
slip planes and translation vectors (Burgers vectors) on which lattice dislocations move
during plastic deformation. The diagram shows the different coordinate system and the
resulting geometrical transformation operations one has to consider in this context.

where aki and alj are the transformation matrices between the
crystal coordinate system and the sample coordinate system.
Using these s different orientation factors mklsym,s of the s
different available slip systems for the transformation of an
external load into the slip geometry provides a simple kinematic formulation for the yield surface of a single crystal.
s , active
mklsym, s s kl = t crit
,+
s , active
mklsym, s s kl = t crit
,-

(6)

for the active slip systems, and
,s
s , n on a ct ive
m ksym
s k l < t crit,
l
+
,s
s , n on a ct ive
m ksym
s k l < t crit,
l
-

(7)

for the non-active slip systems (Fig. 3). One must note that the
Einstein summation rule applies in all equations in case not
stated otherwise. While the slip dyads of cubic systems typically contain <111> and <110> vectors (fcc, bcc) as well as
<111> and <112> vectors (bcc), hexagonal materials deform
by slip on basal, prismatic, and pyramidal systems depending on their cell aspect ratio.
Most points on the single crystal yield surface describe single-slip conditions. In the graphical representation of the
yield surface single-slip generally takes place when the stress
tensor (in vector transformation notation, using the tensorvector transformation rule see Equation 8)
(8)
points at a hyperplane rather than a hyperconus (Fig. 4). Note
that the cubes placed in Figure 4 indicate the changing orientation of the external reference system, i.e., of the stress state.
Polyslip conditions, as usually required for polycrystal deformation owing to the satisfaction of strain rate compatibility
among the grains, are characterized by hyperconus coordinates of the stress state (Fig. 5). The conus positions for the
stress can be calculated using a conventional homogenization
approach, for instance Taylor-Bishop-Hill theory (indicated
by dTBH in Figure 5). The corresponding multislip positions of
the stress tensor, satisfying an externally imposed strain rate,
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Fig. 3. A simple Schmid-type formulation considering the different orientation factors
of all available slip systems which essentially transforms an external load into shear
stresses acting on the slip systems provides a kinematic formulation for the yield surface of a single crystal. The yield surface shown in the upper figure (a) was derived
using the 12 {110}<111> slip systems. The yield surface shown in the lower figure (b)
was derived using the 12 {110}<111>, 12 {112}<111>, and 24 {123}<111> slip systems
(body centered cubic). The figure indicates that body centered cubic alloys therefore behave plastically principally different from face centered cubic alloys.

are then denoted as Taylor positions. It must be noted in this
context that the Taylor factor generally takes the form of a
stress shape tensor for the crystal yield surface rather than
that of a factor owing to its dependence on the strain rate tensor. Its magnitude for a given strain rate determines the kinematic size of the yield surface in the corresponding stress
direction characterizing the correct polyslip hyperconus and
thus the kinematic portion of the corresponding stress state.
The symbols Ds=1 and Ds=2 in Figure 5 indicate the single slip
strain states from slip systems 1 and 2. Using these two slip
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4. Empirical Approximations of the Yield Surface

Fig. 4. Most points on the single crystal yield surface describe single-slip conditions. In
the graphical representation of the yield surface single-slip generally takes place when
the stress state (here given in vector notation) points at a hyperplane rather than a
hyperconus. The strain rate tensor is indicated by D and m is the Schmid factor, i.e.,
the dyadic product of the slip elements. The small cubes placed in the figure indicate the
changing relative orientation between the external reference system and the crystal
coordinate system.

The first empirical mathematical description of an anisotropic plastic yield surface was suggested in 1928 by von
Mises in the form of a quadratic function.[1] This approach
which was originally designed to empirically approximate
the plastic anisotropy of single crystals was in 1948 rendered
by Hill[2] into a generalized form using the Huber-MisesHencky approach (Fig. 7a). In Hills form the yield surface
amounts to

f (s ij ) = (F (s 22 - s 33) + G (s 33 - s 11) + H (s 11 - s 22 )
2

2

+2 L s

2
23

+ 2M s

2
13

+ 2N s

2
12

)

1

2

(10)

2

where F, G, H, L, M, and N are the anisotropy coefficients.
The above equation can be rewritten as
2
2
f (S ij ) = (G + H ) S 112 + (F + H ) S 22
+ (F + G) S 33
2
- 2 H S 11 S 22 - 2 G S 11 S 33 -2 F S 22 S 33 + 2 L S 23

+ 2 M S 132 + 2 N S 122

)

1

(11)

2

where Sij are the deviatoric stress components. The shape
coefficients of Hill's quadratic yield function can be fitted
from experimentally obtained mechanical data such as the
Fig. 5. Polycrystal deformation requires polyslip conditions in order to satisfy strain
rate compatibility among the grains. Polyslip states are crystallographically characterized by hyperconus coordinates of the stress state. The conus positions for the
stress can be calculated using a conventional homogenization approach, for instance
Taylor-Bishop-Hill theory (indicated by dTBH). The symbols Ds=1 and Ds=2 indicate
the single slip strain states from slip systems 1 and 2. Using these two slip systems
allows one to realize any strain rate state in the respective conus by a linear combination of Ds=1 and Ds=2.

systems allows one to realize any strain rate state in the respective conus by a linear combination of Ds=1 and Ds=2. For
cubic crystals the yield surface reveals 4 classes of Taylor
states for polyslip and one for single slip. These yield states
are referred to as
penta slip state (5 active slip systems)
t et r a slip (4 a ct ive slip syst em s):
t r i slip (3 a ct ive slip syst em s):
bi slip (2 a ct ive slip syst em s):

3
2

:
4

M

j
pq

5

i
M pq
(fcc, bcc (r edu ced): i = 56)

(fcc, bcc (r edu ced): j = 108)

k
M pq
(fcc, bcc ( r edu ced): k= 135)

l
M pq
(fcc, bcc (r edu ced): l = 66)

sin gle slip (1 a ct ive slip syst em ):

2

n
M pq
(fcc, bcc (r edu ced): n = 24)
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Fig. 6. The Taylor stress state for a polycrystalline aggregate can for a given external
strain rate state be integrated as a volume weighted sum of all Taylor factors derived
separately for each grain for the respective boundary condition. In this figure M is the
Taylor tensor, D the strain rate and w the volume fraction. The counter k sums over all
crystals in the aggregate.
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where fcc denotes face centered cubic and bcc denotes body centered cubic crystal structure. The term reduced indicates that
only the first 12 {111}<110> bcc slip systems have been considered here. The number at the end of each row gives the
number of different conus cases (and single slip cases) for the
respective Taylor state. The total Taylor stress state for a polycrystalline aggregate can for a given external strain rate state
then be integrated as a volume weighted sum of all Taylor
tensors derived separately for each grain for this boundary
condition (Fig. 6).
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of its steadily changing shape. Although empirical constitutive laws can be used to gradually change the yield surface
shape during forming, their capability is typically constrained
by a lack of physical information about the actual development of the crystallographic texture during forming.

5. Crystallographic Approximations of ElasticPlastic Anisotropy
Fig. 7. Schematical presentation of an empirical (a) and of a texture-based (b) yield surface approach. It must be noted though that the actual incorporation of a crystallographic yield surface also requires a functional form.

Lankfort values taken in different directions of a specimen.
Scaling can be provided by the yield stress obtained from uniaxial tensile testing. While the Lankfort coefficients and the
yield stress can be determined from tensile testing, the direct
measurement of mechanical response under complex loads is
an intricate task. Although Hill-based anisotropy simulations
(referring to the Hill 1948 model) provide decent approximations at least of the initial plastic anisotropy in case of certain
iron textures and a number of textures in interstitial free
steels, they typically fail to predict the yield shape of high
strength steels, austenitic steels, most aluminum alloys, copper, or hexagonal materials. Typical examples where the Hill
1948 yield criterion is not applicable are cup drawing operations of aluminum or copper crystals with six-fold slip symmetry, i.e., with a crystal {111} plane parallel to the sheet surface (see paper by Roters and Zhao in this volume). In this
case six slip systems have identical Schmid factor relative to
the surface which cannot be modeled by the Hill polynomial
owing to its quadratic form.
Due to this principle shortcoming a number of optimized
empirical anisotropic yield surface concepts with higher order polynomial forms have been proposed in the last decades, such as those introduced later by Hill[3] and by Barlat[4]
which are better suited for face centered cubic alloys and
many body centered cubic steels. In the last years various
authors have presented improved empirical yield surface approaches where the yield function can be fitted using both
mechanically obtained and even texture-based data.
The chief advantage of using an empirical anisotropic
yield surface function as a constitutive law in metal forming
finite element simulations is time efficiency and the simple
mechanical methods with which it can be derived. The dominant disadvantage of empirical yield surface functions is that
the anisotropy of polycrystalline matter generally changes
during forming owing to the change of texture. This evolution of anisotropy is not mapped by a corresponding change
of the shape of the yield surface. In other words, the same
yield surface shape is used throughout one finite element
simulation without making a physically meaningful update
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5.1. Crystallographic Approximations of Elastic Anisotropy
Derived by Homogenization Theory
A typical problem in the field of anisotropy engineering
is the approximation of the integral elastic response of a
polycrystalline sample under an external load. Although
various aspects can principally contribute to the anisotropy
of the overall elastic stiffness we concentrate in the following on the influence of the crystallographic texture. The
macroscopic elastic properties of a textured polycrystal can
be calculated by formulating appropriate volume-weighted
means of the individual elastic single crystal tensor, rotated
parallel to the respective local coordinate system of each individual crystal. This average value of the integral elastic
tensor must therefore take into account all individual orientations of the grains which are described by the orientation
distribution function.
An early homogenization approach for the elastic response under an external load was suggested by Voigt, who
assumed that in the case of a macroscopically prescribed
strain rate state each material portion is in the same strain
rate state as the entire sample, irrespective of its spatial
position in the specimen. The strain rate would then be
homogeneous throughout the sample. However, in a polycrystalline sample, the elastic response typically varies from
grain to grain, due to the spatially changing crystal orientation. Since in the Voigt model the prescribed strain rate is
the same everywhere in the sample, the stress must vary.
The Voigt limit for the elastic response of a polycrystalline
sample can thus be calculated by weighting the tensor of
the elastic stiffness as a function of orientation with the orientation distribution function. A different approach to treating the homogenization problem in an elastically loaded
polycrystalline sample was suggested by Reuss. He suggested that in the case of a macroscopically prescribed stress
state each material portion is in the same stress state irrespective of its spatial position in the specimen. The stress
would then be homogeneous throughout the specimen. The
elastic response may then vary from grain to grain, in
accord with the local orientation of the crystal. Since in the
Reuss model the prescribed external stress is constant
throughout the specimen, the strain must vary according to
the local grain orientation. Consequently, the elastic Reuss
limit can be calculated for a polycrystal by weighting the
tensor of the elastic compliance as a function of orientation
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with the orientation distribution function. Since neither the
Voigt nor the Reuss method provides reliable approximations to the elastic modulus of a polycrystal, Hill defined an
average modulus which consists of the equally weighted
results of both above models.

5.2. Crystallographic Approximations of the Yield Surface
Derived by Homogenization Theory
Polycrystalline alloys subject to metal forming operations
typically develop or inherit morphological textures (e.g.,
elongated grains, chemical segregation, or second phases
with elongated topology entailing directional effects) as well
as crystallographic textures (orientation distribution of the
crystallites constituting polycrystalline matter). While the former are often less relevant in typical commercial sheet material, the latter strongly determine the overall anisotropy. In the
following we will hence concentrate on texture effects on
yield anisotropy. Orientation distributions can directly serve
as input data for the calculation of the crystallographically
determined portion of the yield surface shape using TaylorBishop-Hill or self-consistent type approaches (Figs. 3, 7b).
This applies for a single crystal yield surface as well as for the
homogenization bounds of the polycrystal yield surface
(Fig. 8). The major spirit and advantage of the crystallographic yield surface over empirical concepts consists in the
fact that it reduces the individual anisotropic behavior of
large sets of individual grains comprising a polycrystalline
aggregate (104-1010 grains for a typical large scale forming
operation) to a simple crystallographic homogenized shape
function. It is thus an ideal example of a scale-bridging simulation approach which reduces the tremendous complexity
inherent in real microstructures (Fig. 9) to a simple anisotropic function (Fig. 10).
Details about deriving the yield surface from the crystallographic texture of polycrystals are given in [5±11]. The required
experimental input textures can be determined using x-ray,
neutron, or electron diffraction experiments. Since texturebased yield surface approximations use the complete crystal-

Fig. 8. Some examples of yield functions for different materials calculated by use of the
homogenization bounds for their respective polycrystal yield surface. Figure (a) shows
yield surface sections for aluminum, steel, and brass. Figure (b) shows yield surface sections for steel using different slip system combinations.

lographic anisotropy information of a specimen they are often
superior to empirical approaches which rely on a small set of
mechanical parameters. However, modern empirical approaches for the approximation of the yield surface typically
use Taylor-Bishop-Hill type crystal simulations on the basis
of experimental texture data to provide tangents for a better
fit of the yield surface functions. Figure 11 shows the anisotropic effect of some isolated texture components in body
centered cubic steels. The {111}<112> and the {111}<110> texture components each reveal a six-fold symmetry of the shape
change with respect to the sheet surface, due to the symmetry
of the active Burgers vectors and slip planes. In case that a
complete fiber texture exists with a crystal <111> axis parallel
to the sheet surface common to all orientations in that sample
a very high r-value and a vanishing Dr-value are the consequence. A texture component which is very detrimental to
the overall planar anisotropy for instance in ferritic steels is
the cube orientation rotated 45 about the normal direction,
{001}<110>. This texture component is often inherited from
ferritic hot rolling steps and further sharpened during subsequent cold rolling of many low-carbon steels, most transformer steels, nearly all ferritic stainless steels, and all body centered cubic refractory metals such as molybdenum, tantalum,
or niobium. Simulations of this kind would be essential for
methods of inverse anisotropy engineering, where one first

Fig. 9. Real microstructures (here an IF steel) reveal
a tremendous complexity not only of the global but
also of the local textures. This example shows that the
incorporation of textures into finite element formulations requires adequate homogenisation approaches.
The upper diagram shows a color scale which indicates the crystal axis parallel to sheet normal direction. The lower graph shows the crystal axis parallel
to sheet rolling direction.
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Fig. 10. The overview diagram shows the basic spirit of reducing microstructure complexity into a compact but at the same time physically based crystallographic yield formulation for including anisotropic behavior in metal forming simulations.

identifies those texture components which are most beneficial
for a given forming operation (this is not always necessarily a
texture which creates a maximum r-value) and subsequently
develops processing methods to generate this particular
desired texture.
Besides its clear physical basis another advantage of crystallographic yield surface approximations lies in its capability
to incorporate both, kinematical and kinetic plasticity effects.
In this context it must be considered that the crystallographic
texture only gives the respective anisotropic shape function
for a particular polycrystalline sample, but the texture dependence of the internal stress and the individual hardness of the
different grains are typically ignored by the constitutive laws
employed in homogenisation approaches. However, it is
principally feasible to generalize the crystallographic yield
surface concept by enriching it with the individual strength
of each grain. This leads to a formulation of the following
kind

f (S ij ) =
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where f(Sij) is the yield surface, V the sample volume, Mij the
Taylor shape function obtained by homogenization theory as
a function of strain rate Dij and rotation matrix g, scrit the flow
stress of each individual grain, and w the volume fraction of
each grain. An example where kinetic information about the
local texture-dependent hardness of the various grains has
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Fig. 11. Anisotropy of some isolated texture components in body centered cubic matter.
The {111}<112> and the {111}<110> texture components each reveal a six-fold symmetry of the shape change with respect to the sheet surface, due to the symmetry of the
active Burgers vectors and slip planes. In case of a complete <111> texture fiber with
respect to the sheet surface a very high r-value and a vanishing Dr-value is the consequence. A very detrimental texture component is the cube orientation rotated 45 about
the normal axis, {001}<110>.

been used to approximate a yield surface is given in Figure 12.[12] The left diagram shows a portion of the planar
yield surface as it anisotropically shrinks during partial
recrystallization. The right hand side of Figure 12 shows
three subsequent time steps of a coupled crystal plasticity
FEM - cellular automaton simulation where the upper picture
gives the texture in terms of the magnitude of the Rodriguez
vector and the lower picture the strength in terms of the dislocation density (black areas are recrystallized). The data
from this discrete simulation served as input to the kinematic-kinetic yield surface model.
Although texture-based yield surface approximations have
a crisp physical basis in that they incorporate crystal anisotropy in a genuine fashion, they have the shortcoming of ignoring texture changes during forming. This means that ± as far
as texture update during forming is concerned ± there is basically little difference between the predictive capabilities of
empirical and texture-based yield surface approximations,
particularly if one considers that recent approaches use both,
mechanical and texture-related information to fit the yield
function. These methods could be referred to as hybrid anisotropy yield criteria or semi-empirical yield criteria.
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Fig. 12. Coupled crystallographic-kinetic yield functions obtained by including both the texture and the texture dependent flow stress of
each individual grain weighted by it respective volume [12]. The left hand side of the diagram shows a portion of the planar yield surface
as it anisotropically shrinks during partial recrystallization. The right hand side shows three subsequent time steps of a coupled crystal
plasticity FEM - cellular automaton simulation where the upper picture gives the texture in terms of the magnitude of the Rodriguez
vector and the lower picture the strength in terms of the dislocation density.

6. Integration of Continuum and Crystal Plasticity
Homogenization Models
Recent methods for the approximation of plastic anisotropy aim at combining Taylor-based texture homogenization models with isotropic non-linear finite element simulations.[13,14] In this approach the deformation tensor after
each strain increment is used to prescribe the boundary
conditions for a corresponding Taylor simulation using a
full constraints or coupled full constraints/grain interaction strain rate homogenization model. Each of the finite
elements contains its representative crystallographic texture information in the form of a discrete set of grain orientations. The Taylor factor calculated from homogenization is fed back into the finite element simulation as a
correction factor for the flow stress in the ensuing simulation step.
The particular strength of this method lies in the realistic
simulation of texture changes under complex boundary
conditions. With respect to large scale engineering applications a shortcoming of the approach lies in the fact that a
large number of discrete orientations is required for a mathematically correct representation of the texture. This entails
long computation times when simulating metal forming
operations with complete texture update.
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7. Crystal Plasticity Finite Element Simulation
A direct integration of crystal plasticity phenomena into
non-linear variational formulations was first suggested by
Peirce, Needlemann and Asaro.[15,16] Based on these approaches implicit integration schemes which were for instance developed by Becker[17] and Kalidindi[18] are designed in a way which allows one to directly implement
them in the form of user-defined subroutines into commercial finite element software packages. The current approaches in this domain provide a direct means for updating the local crystallographic and hardening state of the
material via integration of the evolution equations for the
crystal lattice orientation and the critical resolved shear
stress. The deformation behavior of the crystal volume elements are at each integration point governed by a crystal
plasticity model which accounts for discrete plastic deformation by crystallographic slip and for the rotation of the
crystal lattice during deformation (Fig. 13). The crystal
plasticity finite element models typically use space and
time as independent variables and the crystal orientation
and the accumulated slip as dependent variable.
In the large-strain constitutive crystal model modified
for the present work one assumes the stress response at
each macroscopic continuum material point to be poten-
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Fig. 13. Schematical presentation of a crystal plasticity finite element formulation for
considering and predicting texture-based plastic anisotropy on a grain-for-grain scale.

tially given by one crystal or by a volume-averaged response of a set of grains comprising the respective material
point. In case of a multi-grain description the volume averaged stress amounts to
N

T = å (wk Tk )

(13)

k =1

where N is the number of grains at each integration point, wk
the volume fraction of each crystal, and Tk the Cauchy stress
in the kth crystal. The constitutive equation for the stress in
each grain is then expressed in terms of

T* = CE *

(14)

where C is the fourth order elastic tensor and E* an elastic
strain measure obtained by polar decomposition,

E* =

(

1
F *T F * -1
2

where mk are the k dyadic slip products introduced above, ck
the shear rates on these systems, and sk,crit the actual critical
shear stress on the kth system. For room temperature simulations of aluminum plastic deformation is commonly assumed
to occur on the 12 slip systems with á110ñ slip directions and
{111} slip planes, i.e., the slip vectors bi = 1=p2 110 and
ni = 1=p3 111 are orthonormal. For room temperature simulations of iron plastic deformation can be assumed to occur
on 12 bi = 1=p3 111, ni = 1=p2 110 systems, 12 bi = 1=p3 111,

ni = 1=p6 112; systems, and 24 bi = 1=p3 111, ni = 1=p
14 123
systems.
For many simulations in this field, the strengths of all slip
systems at a material point are taken to be equal, i.e., one
adopts the Taylor hardening assumption. The hardening as a
function of total slip can be assumed to follow experimentally
observed or theoretically achieved macroscopic strain hardening behavior obtained from a uniaxial or biaxial test by fitting the experimental data to a standard scalar constitutive
equation. The fit can be adjusted by the average Taylor factor
of the sample and its change during deformation to give the
slip system threshold stress as a function of the accumulated
shear. Most of the results presented in this work have been
achieved by accounting for latent hardening through the use
of an appropriate hardening matrix.
Crystal plasticity finite element models represent elegant
tools for detailed joint simulation studies of texture evolution
and strain distribution under realistic boundary conditions
(Fig. 14). Each integration point can represent one single orientation or map even a larger set of crystals. Although the latter case is principally feasible, it entails long calculation times,
rendering the method less practicable for industry-scale applications.

(15)

which leads to a stress measure which is the elastic work conjugate to the strain measure E*,

T* = F *-1 det (F * )T F *-T

(16)

where T is the symmetric Cauchy stress tensor in the grain,
and F* is a local elastic deformation gradient defined in terms
of the local total deformation gradient F and the local plastic
deformation gradient Fp. The relation between the elastic and
the plastic portion of F amounts to
-1

F* = F F p ,

det ( F*) > 0,

det ( F p ) = 1

(17)

The plastic deformation gradient is given by the flow rule

.
F p = Lp F p

(18)

with its crystalline portion
N
.
.
Lp = å g k m k , g k = f (t k ,t k , cr it ), t k » L * ×m k ,0
k =1
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Fig. 14. Example where a grain-for-grain crystal plasticity finite element model was
applied for a joint simulation study of texture and strain under realistic boundary
conditions. The example shows the deformation of an aluminum bicrystal. The upper
diagram shows the shape change of the two grains and the experimentally determined
microtexture. The mid section shows the von Mises strain distribution and the microtexture predicted by a corresponding crystal plasticity finite element simulation. The
lower graph gives the experimentally determined strain distribution.

ADVANCED ENGINEERING MATERIALS 2002, 4, No. 4

Raabe et al./Concepts for Integrating Plastic Anisotropy into Metal Forming Simulations

A novel physically based and highly time efficient approach for including and updating texture-based elastic-plastic anisotropy during large-strain metal forming operations
lies in the integration of crystallographic texture components
into the crystal plasticity finite element method.[19,20] The approach is particularly designed for industrial use since it can
be assembled by integrating existing software solutions from
crystallography and variational mathematics. The approach
is based on directly feeding spherical crystallographic texture
components into a non-linear finite element model (Fig 15).
The method is used for performing fast simulations of industry-scale metal forming operations of textured polycrystalline
materials including texture update. Instead of yield surface
concepts or large sets of discrete grain orientations it uses a
small set of discrete and mathematically compact Gaussian
texture components to map the orientation distribution discretely onto the integration points of a viscoplastic crystal
plasticity finite element model. This method drastically enhances the computing speed and precision compared to previous large scale - large strain crystal plasticity finite element
approaches.
The texture component method used for this approach is
based on the introduction of symmetrical spherical Gauss or
Bessel-Gauss functions for the approximation of the orientation distribution.[21,22] This method provides a small set of
compact texture components which are characterized by simple parameters of physical significance (three Euler angles,
full width at half maximum, volume fraction). Using this
method, only a few texture components are required for map-

ping the complete texture in a mathematical precise form. As
starting data one can use both, statistical textures taken from
neutron and x-ray measurements or microtextures determined via electron diffraction in the SEM or TEM (Fig. 15).
The advantages of this novel approach are at hand. First, one
can simulate metal forming operations with complete consideration of elastic-plastic anisotropy and gradual local texture
update at the same time (Fig. 16). Second, one can within reasonable computation times quantitatively investigate the texture changes that take place during metal forming (Fig. 17).
This information can help to better select which anisotropy
concept is appropriate for the different kinds of metal forming boundary conditions and materials. For instance, in cases
where only small texture changes take place it can be useful due to simulation speed - to use one of the conventional yield
surface concepts which neglect texture update.

9. Quintessence
The article presented different empirical and physically
based concepts for the integration of the elastic-plastic anisotropy of polycrystalline matter into both, small scale and
large scale metal forming finite element simulations. The reviewed anisotropy concepts were empirical yield surface approximations, texture-based yield surface formulations based
on crystallographic homogenization theory, combinations of
finite element and texture-based polycrystal homogenization
approaches, the crystal plasticity finite element method, and
the recently introduced texture component crystal plasticity
finite element method. The article presented the basic physical approaches behind the different methods and reviewed

Fig. 15. Schematical presentation of a new physically based and time efficient approach for including and updating texture-based elastic-plastic anisotropy during large-strain metal forming operations [19,20]. The method integrates crystallographic texture components
into the crystal plasticity finite element method and is hence referred to as texture component crystal plasticity finite element method
(TCCP-FEM). It can make use of both, microtextures or statistical texture information.
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8. Integrating Texture Components into the Crystal
Plasticity Finite Element Method
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ical basis and the complete incorporation of texture and anisotropy update. The major disadvantage of these approaches
are the long calculation times which presently exceed those
obtained by use of the yield surface roughly by a factor of
50±100. An improvement in speed of the crystal plasticity formulations is attained by the recent introduction of the texture
component crystal plasticity finite element method which differs from the speed of yield surface calculations only by a factor of 15±25.
Received: December 21, 2001

±
Fig. 16. Example of an isotropic and an anisotropic compression test simulation.

Fig. 17. The texture component crystal plasticity finite element method allows one to
quantitatively investigate within reasonable calculation times the texture changes that
take place during metal forming. This information is important to select which anisotropy concept is appropriate for the different kinds of metal forming boundary conditions and materials. For instance, in cases where only small texture changes take place
it can be useful - due to simulation speed - to use one of the conventional yield surface
concepts which neglect texture update.

various engineering aspects such as scalability, flexibility,
and texture update in the course of a forming or crash simulation. The present state of the art in anisotropy engineering is
naturally different between the day-to-day industry practice
and basic science. The use of empirical or semi-empirical
higher-order polynomial approximations of the yield surface
is a quasi standard operation with respect to industrial applications whereas the various crystal plasticity finite element
methods increasingly gain prevalence as a quasi standard in
the basic materials sciences. The dominance of empirical approaches in the industrial practice is due to the fact that they
provide short computation times, allow for simple mechanical input data, and are flexible with respect to additional fit
points obtained by texture information. The major drawback
of empirical approaches is the absence of texture and anisotropy update. The dominance of the crystal plasticity finite
element method in the basic sciences is due to its sound phys-
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Abstract
We compare two full-field formulations, i.e. a crystal plasticity fast Fourier
transform-based (CPFFT) model and the crystal plasticity finite element model
(CPFEM) in terms of the deformation textures predicted by both approaches.
Plane-strain compression of a 1024-grain ensemble is simulated with CPFFT
and CPFEM to assess the models in terms of their predictions of texture
evolution for engineering applications. Different combinations of final textures
and strain distributions are obtained with the CPFFT and CPFEM models for this
1024-grain polycrystal. To further understand these different predictions, the
correlation between grain rotations and strain gradients is investigated through
the simulation of plane-strain compression of bicrystals. Finally, a study of the
influence of the initial crystal orientation and the crystallographic neighborhood
on grain rotations and grain subdivisions is carried out by means of plane-strain
compression simulations of a 64-grain cluster.
(Some figures in this article are in colour only in the electronic version)

1. Introduction
Deformation texture modeling started with the Taylor full-constraints model (1938) [1] using
the simplest approximation of equal strain partitioning in a grain aggregate. Owing to this stiff
iso-strain formulation and the strong discrepancy between experiments and corresponding
predictions this approach was later modified via a global relaxation approximation of some of
these strain constraints [2, 3] leading to the relaxed-constraints Taylor models. Later variants,
which can be referred to as grain-cluster or grain interaction models, considered local grain
3
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neighborhood relaxations such as Van Houtte’s 2-grain-cluster LAMEL model and the modified
LAMEL model (ALAMEL model) [4, 5], a grain relaxation model proposed by Evers et al [6],
and the 8-grain-interaction GIA model of Gottstein and co-workers [7, 8].
Other models cast the mean-field homogenization problem in the form of an ellipsoidal
inclusion in an infinite matrix as originally suggested for elastic materials by Eshelby [9].
An extension of this approach to nonlinear constitutive response was suggested by Hill [10].
Molinari et al [11] and Lebensohn and Tomé [12] later proposed a self-consistent integral
formalism which links effective and grain average stresses and strain rates.
The first full-field crystal plasticity calculations were performed by Peirce et al in 1982 [13]
using a 2D crystal plasticity finite element method (CPFEM) simulation. The term ‘fullfield’ indicates that both long-range and short-range grain interactions are considered, and the
micromechanical fields resolved on a discrete grid. In the CPFEM case a variational solution
is achieved for the equilibrium of the forces and the compatibility of the displacements using
the principle of virtual work for a volume that is discretized into finite elements. The essential
step which renders the deformation kinematics of this approach a crystal plasticity formulation
is the fact that the velocity gradient is written in dyadic form (i.e. in terms of the sum of the
contributions of the different active slip systems). This reflects the tensorial crystallographic
nature of the underlying defects that lead to shear and consequently, to both shape changes
(symmetric part) and lattice rotations (skew-symmetric part). These simulations were later
extended to a polycrystalline arrangement by Harren et al [14, 15] using a 2D set-up with two
or three slip systems. Becker performed simulations on the basis of the 12 slip systems of the
face-centered cubic (FCC) crystal structure. Using a 3D model for the crystallographic degrees
of freedom he calculated channel-die deformation of a columnar polycrystal aggregate [16] and
of a single crystal [17]. Since then, CPFEM methods became increasingly popular, particularly
to tackle sub-grain scale problems, using meshes with sub-grain resolutions and, in occasions,
complex 2D and 3D grain arrangements [18–25].
Following the pioneering work of Suquet and co-workers [26, 27] for linear and nonlinear
composites, Lebensohn [28] introduced an alternative full-field crystal plasticity formulation
by applying a FFT-based algorithm in conjunction with Green’s function method, to solve
the governing equations for heterogeneous media (e.g. see Mura [29]). This approximation
solves the equilibrium equations under the constraint of strain compatibility for materials with
periodic microstructure, which can be generated by periodic repetition of a unit cell. This
full-field crystal plasticity fast Fourier transform (CPFFT) approach provides an alternative to
the CPFEM model with periodic boundary conditions [30]. In general, for the same spatial
resolution, the CPFFT approach is a very efficient alternative compared with CPFEM with
periodic boundary conditions. This higher numerical performance of CPFFT is related to the
repetitive use of the efficient FFT algorithm, avoiding the time-consuming inversion of large
matrices, needed under CPFEM. Although the exact reduction in computation time that it is
obtained using CPFFT instead of CPFEM is obviously problem-dependent, it is typically from
one to several orders of magnitude [30].
The aim of this work is to analyze and compare the predictions of the CPFFT and CPFEM
models for deformation textures of FCC polycrystals. We simulate the rolling texture evolution
of a 1024-grain representative volume element (RVE) representing an AA1200 aluminum
polycrystal under plane-strain boundary conditions (i.e. an approximation of a rolling process)
using the CPFFT and the CPFEM models. To further understand the different predictions of
both models, the correlation between grain rotations and strain gradients is next investigated
through the simulation of plane-strain compression of bicrystals at different discretization
levels. Finally, a study of the influence of the initial crystal orientation and the crystallographic
neighborhood on grain rotations and grain subdivisions is carried out by means of plane-strain
2
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compression simulations of a 64-grain RVE with four important orientation components
clustered in random order.
2. Comparison of the CPFFT and the CPFEM full-field model formulations
2.1. General
Constitutive models define the relation between the symmetric Cauchy stress tensor σ and the
strain or strain-rate tensor at a material point level. The material points where the constitutive
equations are actually solved can be the set of regular Fourier points, in the case of the CPFFT
model; or the Gaussian integration points, in the case of the CPFEM model.
What distinguishes full-field crystal plasticity models from Taylor and grain-cluster
approximations is that they solve the equilibrium equations (σij,j + fiV = 0) numerically,
rather than assuming Taylor-like iso-strain conditions (σij is the stress and fiV the body force).
The CPFFT model used in this work is based on the Lippmann–Schwinger integral
equation for the determination of the strain field in periodic heterogeneous materials [31].
The method was originally developed by Suquet and co-workers [26, 27] as a fast algorithm to
compute the elastic and elastoplastic effective and local response of composites, and was later
adapted by Lebensohn et al [28, 32, 33] to calculate also viscoplastic deformation of complex
3D polycrystalline aggregates.
The CPFEM model used in this comparison is based on the implementation of
Kalidindi and Anand [23, 34, 35], which is based on a constitutive viscoplastic law and a
phenomenological hardening model.
In this paper we only give a concise comparison of the two models concerning the
constitutive formulations, the numerical framework used for solving the equilibrium equations.
The same crystal plasticity constitutive equation and hardening law of the two models are briefly
mentioned. More details are given in [33, 36].
2.2. CPFFT model: theoretical framework
The method relies on the fact that the local response of a heterogeneous medium can be obtained
from convolution integrals between Green functions associated with the micromechanical fields
of an equivalent linear homogeneous medium with eigenstrains, and a polarization field in
which one collects the actual heterogeneity of the medium, including any possible nonlinearity
of the local mechanical behavior. For periodic media, Fourier transforms can be used to
reduce these convolution integrals in real space to a simple product in Fourier space between
the polarization field and an appropriate kernel function. The FFT algorithm can be used to
transform the polarization field into Fourier space and to anti-transform the aforementioned
product back to real space. However, since the actual polarization field depends precisely on
the a priori unknown mechanical fields, and the viscoplastic constitutive behavior determines
a strong mechanical contrast in local properties, an iterative scheme based on augmented
Lagrangians [27] needs to be implemented to obtain, upon convergence, a compatible strainrate field and an equilibrated stress field, related to each other through the nonlinear constitutive
equation.
The periodic unit cell representing the polycrystal is discretized into N1 × N2 × N3
Fourier points, determining a regular grid in the Cartesian space {xd } and a corresponding
grid in Fourier space {ξd }. A velocity gradient Vi,j that can be decomposed into a symmetric
˙ ij , is imposed to the unit cell.
strain-rate and a antisymmetric rotation rate, i.e. Vi,j = Ėij + 
1
The local strain-rate field ε̇ij (x) = 2 (vi,j (x) + vj,i (x)) is a function of the local velocity field,
3
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and both can be split into its average and a fluctuation term: ε̇ij (vk (x)) = Ėij + ε̇˜ ij (ṽk (x)),
where vi (x) = Ėij xj + ṽi (x). The velocity fluctuation field ṽk (x) has to be periodic across
the boundary of the unit cell, and the traction field antiperiodic, to meet equilibrium on the
boundary between contiguous unit cells.
The local constitutive relation between the strain rate ε̇ij (x) and the deviatoric stress σij (x)
is given by the rate-sensitivity equation for single-crystal plasticity:
 s

Ns
Ns


|m (x) : σ  (x)| n
msij (x)γ̇ s (x) = γ̇o
msij (x)
sgn(ms (x) : σ  (x)),
ε̇ij (x) =
s (x)
τ
c
s=1
s=1
(2.2.1)
where msij , γ̇ s and τcs are, respectively, the symmetric Schmid tensor, the shear rate and the
threshold stress of slip system (s); n is the rate-sensitivity exponent, γ̇o is the reference shear
rate and Ns is the number of slip systems in the single crystal. With p(x) being the hydrostatic
pressure field, the Cauchy stress field can be written as
σij (x) = Loij kl ε̇kl (x) + ϕij (x) − p(x)δij .

(2.2.2)

The polarization field ϕij (x) is given by
ϕij (x) = σij (x) − Loij kl ε̇kl (x),

(2.2.3)

where Lo is the stiffness of a linear reference medium (note that the particular choice of Lo
changes the rate of convergence of the numerical algorithm but not the converged results).
Combining equation (2.2.2) with the equilibrium and the incompressibility conditions gives
 o
Lij kl vk,lj (x) + ϕij,j (x) − p,i (x) = 0,

(2.2.4)
vk,k (x) = 0.
The auxiliary system for the determination of Green’s functions is then given by
 o
Lij kl Gkm,lj (x − x ) + Hm,i (x − x ) + δim δ(x − x ) = 0,

Gkm,k (x − x ) = 0.

(2.2.5)

After some manipulation, the convolution integrals that give the velocity and velocity-gradient
deviation fields are

Gki,j (x − x )ϕij (x ) dx ,
(2.2.6)
ṽk (x) =
R3


ṽi,j (x) =

Gik,j l (x − x )ϕkl (x ) dx ,

(2.2.7)

R3

Convolution integrals in direct space are products in Fourier space:
ṽˆ k (ξ) = (−iξj )Ĝki (ξ)ϕ̂ij (ξ),

(2.2.8)

ṽˆ i,j (ξ) = ˆ ij kl (ξ)ϕ̂kl (ξ),

(2.2.9)

where the symbol ‘∧ ’ indicates a Fourier transform. The Green operator in equation (2.2.9) is
defined as ij kl = Gik,j l . The tensors Ĝij (ξ) and ˆ ij kl (ξ) can be calculated by taking Fourier
transform to system (2.2.5) (see [33] for details), resulting in
Ĝij (ξ) = A−1
ij (ξ ),

(2.2.10)

ˆ ij kl (ξ) = −ξj ξl Ĝik (ξ),

(2.2.11)

where Aik (ξ) = ξl ξj Loij kl .
4
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2.3. CPFFT model: numerical algorithm
Assigning initial values to the strain-rate field in the regular grid {xd } (e.g. using a ‘Taylor’
(o)
guess: ε̇˜ ij (xd ) = 0 ⇒ ε̇ij(o) (xd ) = Ėij ), and computing the corresponding stress field σij(o) (xd )
from the local constitutive relation (equation (2.2.1)), gives an initial guess for the polarization
field in direct space ϕij(o) (xd ) (equation (2.2.3)), and its Fourier transform ϕ̂ij(o) (ξd ).
Choosing the initial guess of an auxiliary stress field λij (i.e. the Lagrange multiplier
d
 (o)
d
associated with the compatibility constraints) as λ(o)
ij (x ) = σ ij (x ), the iterative procedure
based on augmented Lagrangians [27] reads as follows.
With the polarization field after iteration n being known, the n + 1th iteration starts by
computing the new guess for the kinematically admissible strain-rate deviation field:
(n+1)
sym
d̃ˆ ij (ξd ) = − ˆ ij kl (ξd )ϕ̂kl(n) (ξd ),

∀ξd = 0;

and

(n+1)
d̃ˆ ij (0) = 0,

(2.3.1)

ˆ ijsym
kl

is the Green operator (equation (2.2.11)), appropriately symmetrized. The
where
corresponding field in real space is thus obtained by application of the inverse FFT, i.e.
(n+1)
d̃ij(n+1) (xd ) = FFT−1 [d̃ˆ ij (ξd )]

(2.3.2)
σij(n+1)

and the new guess for the deviatoric stress field
is calculated from the set of nonlinear
equations (omitting subindices):
 s d
n
Ns

m (x ) : σ (n+1) (xd )
ms (xd )
× sgn(ms (xd ) : σ (n+1) (xd ))
σ (n+1) (xd ) + Lo : γ̇o
s (xd )
τ
c
s=1
= λ(n) (xd ) + Lo : (Ė + d̃ (n+1) (xd ))
(2.3.3)
which can be efficiently solved by Newton–Raphson. The iteration is completed with the
calculation of the new guess of the Lagrange multiplier field:
λ(n+1) (xd ) = λ(n) (xd ) + Lo : (ε̇˜
(xd ) − d̃(n+1) (xd )).
(2.3.4)

Equations (2.3.3) and (2.3.4) in general guarantee the convergence of ε̇ij and σij toward dij
and λij , respectively.
Upon convergence, the micromechanical fields (velocity, velocity gradient and stress
fields) are assumed to be constant in a time interval t. The microstructure, e.g. the
crystallographic orientation and the threshold stresses for slip, can be then updated for each
Fourier point after each time increment. In particular, the new position of the Fourier points can
be determined as xi = Xi + vi t = Xi + (Ėij xj + ṽi ) t. This update, however, would destroy
the regularity of the Fourier grid after the very first time increment. Therefore, in what follows
we use a simplified update scheme, neglecting the velocity fluctuation term: xi = Xi + Ėij xj t.
This results in an evolving regular Fourier grid, in which the distances between adjacent points
change after each increment following the average stretching prescribed by the macroscopic
deformation. The implications of this simplified updating scheme were discussed in [30] and,
for the particular case of plane-strain of fcc materials, it was shown that only minor differences
should be expected with respect to the more accurate morphologic evolution considering the
velocity fluctuation term.
(n+1)

2.4. CPFEM model: theoretical framework
FEM models are based on the variational solution of the equilibrium of the forces using a weak
form. Based on the principle of virtual work the basic equation reads



V
σij δ ˙ij dV =
fi δvi dV + fiS δvi dS,
(2.4.1)
V

V

S
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where fiV is the body force, fiS is the surface traction, δvi is the virtual velocity field, δ ˙ij is
the virtual strain rate, ˙ij = 21 (vi,j +vj,i ), V is the current volume and S is the surface bounding
this volume.
The entire sample volume under consideration is discretized into elements, which is
the reason why FEM is especially well suited for arbitrary geometries. The integrals in
equation (2.4.1) can be split into integrals over the individual elements. That is each integral
is split into a sum over N integrals, with N being the number of elements in the mesh. As
the elements used in FEM have simple regular shapes, the individual element integrals can be
easily evaluated numerically using, e.g., Gaussian quadrature.
In order to solve equation (2.4.1) the Cauchy stress σij has to be calculated. In CPFEM
models this is done via the generalized Hooke’s law:
1 e
F Skl Fjel
and
Sij = Cij kl klG,∗ ,
(2.4.2)
J ik
where Fije is the elastic part of deformation gradient Fij , J = det(F e ), Sij is the second
Piola–Kirchhoff stress, that is work conjugate to the elastic Green–Lagrange strain ijG,∗ =
1
(Fkie Fkje − δij ) and Cij kl is the constant fourth-order elastic stiffness tensor. Fije is calculated
2
from the multiplicative decomposition of Fij
σij =

p

Fij = Fike Fkj .

(2.4.3)

In order to do this one has to know the plastic deformation gradient
according to
p
p
p
F˙ = v F .
ij

i,j

ij

In the CPFEM the plastic velocity gradient
slip systems s:
p

vi,j =

Ns


p
Fij ,

p
vi,j

which evolves
(2.4.4)

is calculated from the slip rates γ̇ s on all active

γ̇ s msi nsj .

(2.4.5)

s=1

where msi is the slip direction and nsi the slip plane normal of slip system s.
2.5. CPFEM model: numerical algorithm
Crystal plasticity material models can be directly implemented into commercial FEM solvers
in the form of user subroutines, e.g. HYPELA2 in MSC.Marc or UMAT/VUMAT in Abaqus.
For implicit solvers the purpose of a material model is twofold: first, the stress σij is calculated
which is required to reach the final deformation gradient Fij ; second, the Jacobian matrix,
Jij kl = dσij /d jGk , is calculated, where ijG is the total Green–Lagrange strain.
The stress calculation is implemented using a predictor–corrector scheme. Figure 1
visualizes the set-up of the clockwise loop of calculations to be performed. With an initial
p,guess
p
guess vi,j , the prediction vi,j is updated using a Newton–Raphson scheme until convergence
p,guess
p
is reached, i.e. the difference between vi,j
and vi,j falls below a prescribed threshold.
The Jacobian matrix is calculated numerically by perturbing the deformation gradient Fij
and determining the new resulting stress σij .
2.6. Constitutive equation and hardening law
Both crystal plasticity models relate the shear rate on a system s to the stress acting on the system
and the critical threshold stress (critical shear stress) of this system through a viscoplastic form
6
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Figure 1. Clockwise loop of calculations during stress determination. Symbols: Sij second
p
Piola–Kirchhoff stress, γ̇ s shear rate, vi,j plastic velocity gradient, msi slip direction, nsi slip plane
p
normal, Fij plastic deformation gradient, Fije elastic deformation gradient, Cij kl elasticity tensor,
δij Kronecker delta.

according to

 s 1/m
τ 
γ̇ = γ̇0  s  sgn(τ s ),
τc
s

(2.6.1)

where τ s is the resolved shear stress on slip system s and m (m = 0.1) is the rate-sensitivity
parameter, which is the reciprocal of n in equation (2.2.1).
For describing the evolution of the critical shear stress as a function of the accumulated
preceding shears, both models use the hardening law based on the work of Brown et al [37].

a

   
τcs
s
ss s
s
s
τ̇c =
q h |γ̇ |
and
h = h0 1 −
,
(2.6.2)
τs
s




where q ss (q ss ≡ 1.0) is the ratio matrix of latent hardening rate to self-hardening rate, τs
(τs = 90 MPa) is the saturation shear stress, h0 (h0 = 400 MPa) and a (a = 2.25) are constant
parameters. The stress–strain curves calculated by both models are shown in figure 2.
3. Statistical texture evolution predicted by CPFFT and CPFEM: results and discussion
3.1. Starting texture and orientation mapping
The simulations started with a typical recrystallization texture of FCC metals containing a Cube
orientation (0◦ , 0◦ , 0◦ )4 with scatter about the rolling direction (RD) from Cube toward Goss (0◦ ,
45◦ , 0◦ ), figure 3 left. The corresponding orientation distribution function (ODF) is constructed
from 1024 equally weighted orientations [38]. The same spatial configuration of 1024 grains
(figure 3 right) is used as starting configuration for both, the CPFEM and CPFFT simulations.
4

Bunge–Euler notation.
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Figure 2. Evolution of the critical shear stress as a function of deformation in the two models.

Figure 3. Initial texture and orientation mapping for the CPFFT and CPFEM simulations. The
starting texture contains a Cube orientation (0◦ , 0◦ , 0◦ ) with some scatter about the RD from the
Cube toward the Goss (0◦ , 45◦ , 0◦ ). Small cube symbols represent the crystallographic orientations.
Red and blue colors indicate orientations within a 15◦ misorientation to Cube and Goss, respectively.
The intermediate orientations are transparent.

The figure shows the unit cell and the sample reference frame, and the cube symbols represent
the crystallographic orientations, which have been rotated about the sample axes accordingly.
Red and blue colors indicate orientations that are within 15◦ misorientation to Cube and Goss,
respectively. The other intermediate orientations are transparent. For the texture simulations
the orientations are mapped onto the integration points for the CPFEM model and on the
8
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Figure 4. Rolling texture β-fiber, after Li et al [39]: (a) experimental results of aluminum alloys
AA1200, (b) Taylor model, (c) CPFEM with flat surface boundary conditions (1200 elements, 1200
grains), (d) CPFEM with flat surface boundary conditions (9600 elements, 1200 grains).

Fourier points for the CPFFT model. The sample size and geometry (8 × 8 × 16) were
chosen to approximate previous CPFEM texture simulations in the literature [39] which used
1200 grains. Also, the unit cell size and discretization was made compatible with the FFT
algorithm. In the present CPFFT implementation, the FFT is performed by adopting the
algorithm from [40], which requires that the number of Fourier points to be a power of two
along each dimension.
3.2. Analysis of the predicted texture fibers and strain distributions
In what follows, the ODFs are calculated from the discrete orientations of the 1024-grain
ensemble using spherical harmonics with a 7◦ Gaussian smoothing. This method was also
employed in previous works used for comparison [5, 39, 41]. First, we compared the β-fiber
predictions of our CPFEM calculations (periodic boundary conditions) with earlier ones (flat
surface boundary conditions) by Li et al [39]. The overall CPFEM texture simulations with
all surfaces flat, figure 4(c), yield predictions close to those of the Taylor model, figure 4(b),
while the use of periodic boundary conditions, figure 5(a), allows the crystals more freedom
during deformation and thus the results show more deviations to those of the Taylor model.
For comparison purposes, the CPFEM and CPFFT textures are presented in terms of
β-fiber plots, which reveal an increase in intensity of the stable rolling orientations (copper
(90◦ , 35◦ , 45◦ ), S (59◦ , 37◦ , 63◦ ) and brass (35◦ , 45◦ , 0◦ )), figures 5(a)–(c); and Cube-RD
fiber plots, figures 6(a)–(c), which show a decrease in the density of the starting orientations,
namely a drastic decay of the Cube orientation and the metastability of the Goss orientation.
In the CPFFT simulations the originally Cube oriented grains show higher rotation rates away
from their initial orientation, but further on, the reorientation of these grains toward the stable
plane-strain orientations (copper, S, brass) becomes slower (figures 5(b) and 6(b)) than in
the corresponding CPFEM simulations (figures 5(a) and 6(a)). The CPFFT textures with
different resolutions are nearly the same, figures 5(b), (c) and 6(b), (c), while this is not the
case with CPFEM, figures 4(c) and (d). As the number of elements increased from 1 to 8
9

Modelling Simul. Mater. Sci. Eng. 18 (2010) 085005

B Liu et al

Figure 5. Rolling texture β-fiber, this work: (a) CPFEM with periodic boundary conditions (1024
elements, 1024 grains), (b) CPFFT (1024 Fourier points, 1024 grains), (c) CPFFT (8192 Fourier
points, 1024 grains).

Figure 6. Rolling texture Cube-RD fiber: (a) CPFEM with periodic boundary conditions (1024
elements, 1024 grains), (b) CPFFT (1024 Fourier points, 1024 grains), (c) CPFFT (8192 Fourier
points, 1024 grains).

per grain, a substantial drop in intensity of the copper component is observed, which makes
the results deviate from the Taylor model calculations, figure 4(b), closer to the experimental
results, figure 4(a). For the CPFFT simulation, strikingly, even at low resolution, the calculated
β-fibers (figure 6(b)) match well the experimental results (figure 4(a)).
The strain distributions of the CPFEM and CPFFT simulations are given in figure 7. All
the strain components have broader fluctuation ranges in the CPFFT simulations than in the
CPFEM simulation. In the CPFFT case, with increasing resolution (1 Fourier point to 8 Fourier
points per grain), the strain distributions become smoother especially for strain component
10
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Figure 7. Strain distributions after plane-strain compression at 98% thickness reduction: CPFEM
with periodic boundary conditions (1024 elements, 1024 grains), CPFFT (1024 Fourier points,
1024 grains), CPFFT (8192 Fourier points, 1024 grains).

31 , but the distribution widths for all strain components hardly change. With the same
initial configuration and boundary conditions, using the same crystal plasticity constitutive
equation and hardening law, the CPFEM and CPFFT simulations give different combinations
of orientation and strain distributions.

11
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Figure 8. Initial configurations of the bicrystals.

The above comparison between the predictions of both models leads to the following
questions:
• What causes the different textures and strain distributions as predicted by the two models?
• Why increasing the resolution has almost no effect on the textures and strain distributions
predicted with CPFFT, but strongly affects the CPFEM results?
To start addressing these issues, let us first note that texture evolution is closely connected
to strain distribution, in such a way that a sharp rolling texture with the copper component
dominating the β-fiber corresponds to a strain distribution that does not deviate much from the
macroscopic strain state. On the other hand, the local strain deviations from the macroscopic
state have to be balanced by the surrounding material. In other words, how much the local
strain can deviate from the average depends on the how large are the strain gradients that can be
accommodated. Thus, from figure 7, it can be concluded that, on average, the strain gradients
are smaller and more sensitive to mesh refinement in the CPFEM simulations compared with
the CPFFT case.
With these in mind, next section presents a study of the strain gradients predicted by
CPFEM and CPFFT in the case of bicrystals, including the analysis of the role played,
respectively, by the FE mesh and the Fourier grid refinements.
4. Strain gradients predicted by CPFFT and CPFEM for bicrystals: results and
discussion
To investigate the difference between the CPFFT and CPFEM models in solving strain
gradients, we simulate plane-strain compression of two bicystals at 90% thickness reduction.
The two grains of the first bicrystal are assigned with the RZ orientation (32◦ , 85◦ , 85◦ ) [42]
and the Goss orientation (0◦ , 45◦ , 0◦ ). In the periodic sense, the RZ grain is surrounded by
the Goss grain, figure 8(left). The second bicrystal is different from the first one in the way
that the center grain is assigned with an initial orientation that is the Cube orientation (0◦ , 0◦ ,
0◦ ) rotated 5◦ about ND and 5◦ about RD, which will be referred to as ‘Cube∼ ’ (5◦ , 5◦ , 0◦ )
from now on, figure 8(right). The introduction of a RZ grain or a Cube∼ grain surrounded by a
Goss matrix gives relative high and low strain gradients across the bicrystals, respectively. The
simulations were run with different resolutions: 1, 8, 64, 512 Fourier points or finite elements
for the RZ and Cube∼ grains and 1 × 7, 8 × 7, 64 × 7, 512 × 7 Fourier points or finite elements
for the surrounding Goss grain.
12
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Figure 9. Final crystallographic orientations and strain states on the material points after planestrain compression of a bicrystal (RZ in Goss) at 90% thickness reduction. The cube symbols are
rotated according to the final orientations, and colored according to the values of strain component
31 . The results correspond to the simulations run at the lowest resolution (1 Fourier point or
element in the RZ grain and 1 × 7 Fourier points or elements in the Goss grain) (left) and at the
highest resolution (512 Fourier points or elements in the RZ grain and 512 × 7 Fourier points or
elements in the Goss grain) (right).

The results of these bicrystal simulations are presented in the following way:
• The final local crystallographic orientations are represented by the rotations of the small
cubes, and the values of local shear strain component 31 are represented by the color of
those cubes. (In this paper RD, TD and ND of the sample are identified with directions
1, 2 and 3, respectively.) Using this convention the results of the simulations run with
the lowest and highest resolutions are presented in figure 9 for the ‘RZ-in-Goss’ bicrystal,
and in figure 11 for the ‘Cube∼ -in-Goss’ case.
• The grain averages of 31 are plotted with the consideration of the different volume fractions
of the crystals (for the RZ and Cube∼ grains: 31 ×1, for the Goss grain: 31 ×7). The strain
plots obtained with different resolutions are presented in figure 10 for the RZ-in-Goss,
and in figure 12 for Cube∼ -in-Goss cases.
The differences between these CPFEM and CPFFT results reveal that the two methods
lead to different combinations of grain rotations and strain fields. Specifically, the results of
these bicrystal simulations show that
• For the RZ-in-Goss bicrystal, figure 9, CPFFT gives higher strain gradients and more
diverse rotations than the CPFEM model at low resolution (1 Fourier point or element in
the RZ grain, 1 × 7 Fourier points or elements in the Goss grain). At higher resolution,
the bicrystal starts to split up into fragments, becoming a polycrystal. The strain gradients
and grain rotation diversity calculated by both methods are comparable at high resolution
13
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Figure 10. Plane-strain compression of a bicrystal (RZ in Goss) at 90% thickness reduction. The
grain averages of strain component 31 are plotted considering the different volume fractions of
the crystals (for the RZ grain 31 × 1, for the Goss grain 31 × 7) for simulations run at different
resolutions: 1, 8, 64, 512 Fourier points or elements in the RZ grain and 1 × 7, 8 × 7, 64 × 7,
512 × 7 Fourier points or elements in the Goss grain.

(512 Fourier points or elements in the RZ grain, 512 × 7 Fourier points or elements in the
Goss grain).
• For the Cube∼ -in-Goss case, figure 11, at low resolution, comparable strain gradients and
grain rotations are obtained with CPFFT and CPFEM. As resolution increases, higher
strain gradients and more diverse grain rotations are observed in the simulation results of
both models. The differences in strain gradients between the CPFFT and CPFEM results
become pronounced at high resolution.
• On average, the strain gradients across the bicrystals continuously rise with increasing
resolution in CPFEM simulations, but hardly change in the CPFFT simulations, figures 10
and 12.
The CPFFT model calculates certain strain gradients at low resolution. The average strains
can be captured even at the lower end of the resolution scale. This well explains why there is
almost no resolution effect on the CPFFT simulation of the 1024 grain polycrystal in section 3.
The CPFEM model gives the lowest strain gradient at low resolution. As resolution increases,
the CPFEM simulations continuously approach higher strain gradients, and the calculated
average grain strains grow accordingly. This explains why refined resolution strongly affects
the CPFEM results.
We want to point out here that there is no real meaning in discussing the convergence
of these bicrystal results as resolution increases, because, at large deformations, the crystals
tend to split up, such that the initial bicrystal becomes different polycrystals in the simulations
conducted at different resolutions.
5. Micro-texture predictions using the CPFFT model: results and discussion
One of the advantages of full-field models, such as CPFEM and CPFFT, over grain-cluster
models is that they take into account the spatial configuration of the polycrystals and the
grain interactions in the whole RVE [5, 7, 8, 43, 44]. This enables full-field models to predict
intragranular reorientations during deformation. Although the related grain-cluster models
14
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Figure 11. Final crystallographic orientations and strain states on the material points after planestrain compression of a bicrystal (Cube∼ in Goss) at 90% thickness reduction. The cube symbols are
rotated according to the final orientations, and colored according to the values of strain component
31 . The results presented here are from the simulations run at the lowest resolution (1 Fourier point
or element in the Cube∼ grain and 1 × 7 Fourier points or elements in the Goss grain) (left) and
at the highest resolution (512 Fourier points or elements in the Cube∼ grain and 512 × 7 Fourier
points or elements in the Goss grain) (right).

Figure 12. Plane-strain compression of a bicrystal (Cube∼ in Goss) at 90% thickness reduction.
The grain averages of strain component 31 are plotted considering the different volume fractions
of the crystals (for the Cube∼ grain 31 × 1, for the Goss grain 31 × 7) for simulations run at
different resolutions: 1, 8, 64, 512 Fourier points or elements in the Cube∼ grain and 1 × 7, 8 × 7,
64 × 7, 512 × 7 Fourier points or elements in the Goss grain.
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Figure 13. Crystallographic orientations chosen to construct a 64-grain RVE.

Figure 14. Crystallographic orientations of the 64-grain RVE before deformation (left) and after
plane-strain compression at 90% thickness reduction (right) obtained in the case of one Fourier
point per grain simulation. θA→B is the misorientation between the starting orientation (A) and
final orientation (B) for a single grain.

(e.g. GIA, ALAMEL) have been proven to be highly efficient for texture simulations, they
have been less successful when applied at the single-crystal scale, as they do not account for
the near- and far-field spatial arrangement of the crystals in the sample and the corresponding
strain relaxations inside a wider cluster. When a single crystal is composed of more than one
numerical unit, full-field models are able to simulate the orientation split-up inside one single
grain [33, 42, 43, 45]. In the CPFFT model used in this work such split-up is due to grain
interactions [33] while for the CPFEM model both intrinsic (grain interactions) and extrinsic
mechanical conditions such as friction and complex externally imposed strain paths can enter
the simulation, which in turn can lead to the fragmentation of originally homogeneously
oriented grains [42, 45].
In this section we present a theoretical study on micro-texture evolution of a 64-grain RVE
during plane-strain compression using the CPFFT approach. The sample is build up from four
orientations (figure 13), arranged in random order (figure 14, left). The Cube, rotated Cube,
Goss and RZ orientations have been chosen to study the initial orientation dependence and
crystal neighbor influence of in-grain orientation split-up as analyzed earlier using CPFEM
simulations in [42]. The choice of these four texture components is related to their different
orientation stabilities under plane-strain loading [18, 42, 46, 47].
In previous CPFEM simulations on orientation stability, only single crystals and bicrystals
have been investigated. In a 64-grain aggregate more grain-scale diversity is created by the
grain neighborhood. The 50% thickness reduction used in the former study is extended to
90% in the current one. This is more revealing of the final stable texture components. The
16
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Figure 15. In-grain texture evolution inside the 64-grain RVE presented in the form of {1 1 1}
pole figures. The split-up and resulting reorientation distribution is shown individually for the
four selected initial texture components Cube, rotated Cube, Goss and RZ; CPFFT; plane-strain
compression; thickness reduction 90%: S1 (1 Fourier point per grain simulation), S2 (8 Fourier
points per grain simulation), S3 (64 Fourier points per grain simulation), S4 (512 Fourier points
per grain simulation). The grains that have identical initial orientation are put into the same {1 1 1}
pole figure, and the black stars mark the starting orientations.

simulations were run at four resolution levels, namely 1; 8(2 × 2 × 2); 64(4 × 4 × 4) and
512(8 × 8 × 8) Fourier points per grain. The results of all simulations are shown in figure 15.
Grains with identical initial orientation are presented in the same {1 1 1} pole figure. The black
stars mark the starting orientations. The other markers are used to indicate the simulation results
obtained at the different resolutions.
These results allow us to make a number of observations.
For the simulation with only one Fourier point per grain (marked by blue triangles in
figure 15) the final orientation spread is due to the fact that the initially identically oriented
grains have different neighbors in this 64-grain RVE. Depending on the initial orientation and
grain neighborhood, the grain rotations can, hence, vary substantially. The results obtained for
17
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Table 1. Misorientation (θA→B ) between the starting orientation (A) and final orientation (B):
statistics of 1 Fourier point per grain simulation (figure 14, right).
mean(θA→B )

(θA→B ) (N = 16)

38.4◦

3.6◦

21.0◦

33.3◦

26.7◦

29.0◦

22.9◦
34.5◦

0.9◦
28.0◦

8.8◦
30.0◦

11.1◦
1.8◦
5.1◦
1.7◦

max(θA→B )
Cube grains
RCube grains
Goss grains
RZ grains

min(θA→B )

Table 2. Misorientation (θB→C ) between the final orientation (B) and the ideal texture component
(C): statistics of 512 Fourier points per grain simulation; thickness reduction 90%.

Cube grains to Goss(C)
RCube grains to Copper(C)
Goss grains to Goss(C)
RZ grains to S(C)

max(θB→C )

min(θB→C )

mean(θB→C )

(θB→C )(N = 16 × 512)

60.0◦
55.0◦
43.6◦
46.1◦

4.0◦
0.4◦
0.2◦
0.7◦

22.9◦
8.5◦
10.2◦
15.6◦

7.6◦
4.6◦
6.9◦
8.2◦

the calculation with one Fourier point per grain are additionally presented in figure 14(right),
to make a direct comparison with the starting orientations in figure 14(left), using the same
method by sample-axis rotations and color-coded misorientations as in figure 3(right).
When divided by the macroscopic von Mises strain (2.645, at 90% thickness reduction),
the misorientation θA→B (between the starting and final orientations) can be used as a measure
of the grain rotation rate, and its standard deviation (θA→B ) can be used to indicate the
neighbor sensitivity of the rotation rate.

(θ ) =

N
1 
[θ − mean(θ )]2 .
N i=1

The maximum, minimum, mean, and standard deviation of the rotation angles for initially
differently oriented grains are listed in table 1. On average, the rotation rates θ̇A→B follow the
RCube
Cube
Goss
RZ
> θ̇A→B
sequence θ̇A→B
> θ̇A→B
> θ̇A→B
. Besides this global tendency, the rotation rates
of Cube and Goss oriented grains are more sensitive to the influence of neighbor grains than
Cube
Goss
RCube
those of RCube and RZ grains, following the sequence (θ̇A→B
) > (θ̇A→B
) > (θ̇A→B
)
RZ
(θ̇A→B ).
For the simulations with more than one Fourier point in each grain, the intragranular
misorientations are stimulated by the grain interactions. As it is shown in figure 15, at 90%
thickness reduction, RCube oriented grains rotate into the copper orientation, RZ oriented
grains rotate toward the S component, Cube grains rotate into the Goss orientation and Goss
grains only rotate slightly. Based on these results we next calculated the misorientation (θB→C )
between the simulated final orientations (B) and the closest ideal texture component (C) for
the whole data set obtained from a simulation with 512 Fourier points per grain. From these
misorientations we derived the maximum, minimum, mean and standard deviation as listed
in table 2. The RZ and Cube grains show stronger intragranular orientation subdivisions
Cube
Goss
RCube
RZ
than the Goss and RCube grains, as (θB→C
) > (θB→C
) > (θB→C
) > (θB→C
).
We pick four initially differently oriented grains out of the 64-grain cluster from the 512
Fourier point per grain simulation. The final orientations of the Fourier points inside the
18
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Figure 16. Example of in-grain orientation split-up in four grains inside the 64-grain RVE (512
Fourier points per grain calculation). θB→C is the misorientation between the final orientation
(B) and the ideal texture component (C). The reference ideal texture components (C) for initially
differently oriented grains are given below the figures.

four grains are presented in figure 16 in terms of the small cube symbols. The material units
(Fourier points) inside the initially Cube and RZ oriented crystals create upon loading more
diverse in-grain rotation fields, than those inside the Goss grain. The RCube grains tend
to split into two Copper components (equivalent under orthotropic sample symmetry). In
figure 16, the misorientations between the final orientations and ideal texture components are
color-mapped.
6. Conclusions
We simulated the statistical texture evolution of a FCC metal (plane-strain loading), and
investigated the strain gradients predicted in bicrystals under the same deformation mode, with
the full-field crystal plasticity Fast Fourier Transform and Finite Element models. Additionally
19
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we conducted a grain-scale orientation fragmentation analysis using the FFT approach. The
main conclusions are the following:
• Concerning the statistical texture evolution simulations of the 1024-grain ensemble:
– In the CPFFT simulations Cube oriented grains show higher rotation rates away from
their starting orientation and slower rotations at the later deformation stages toward
stable plane-strain orientations (copper, S, brass) than in the CPFEM simulations.
– With the same initial configuration and boundary conditions, using the same
crystal plasticity constitutive equation and hardening law, the CPFEM and CPFFT
simulations give different combinations of orientation and strain distributions.
• Concerning the strain gradient predictions in bicrystals:
– The CPFFT model predicts certain strain gradients at low resolution. The average
strains in the grains can be captured even at the lower end of the resolution scale.
This explains that why there is nearly no resolution effect on the CPFFT simulation
of the 1024 grain polycrystal.
– The CPFEM model gives the lowest strain gradient at low resolution. As the resolution
increases, the CPFEM simulations continuously approach higher strain gradients,
and the calculated average strains in the grains grow accordingly. Thus, resolution
strongly affects the CPFEM results.
• General comments on the texture predictions of the CPFFT and CPFEM models for
engineering applications:
– For the statistical texture evolution simulation with a sample size larger than one
thousand grains like the ones in section 3, the orientation and strain distributions can
be obtained at relatively low resolutions using the CPFFT model. For the CPFEM
model, this would depend on the initial orientations inside the sample, which means
higher resolution is needed when the initial orientation distribution tends to introduce
higher strain gradients.
• Concerning micro-texture predictions of the 64-grain aggregate:
– Plane-strain compression of the 64-grain RVE at 90% thickness reduction revealed
that the RCube grains rotate toward the copper orientation; the RZ grains rotate close
to the S orientation; the Cube grains rotate toward the Goss orientation; and the Goss
grains only slightly rotate away from their initial orientation.
– The rotation rates θ̇A→B of grains with different initial orientations follow the
RCube
Cube
Goss
RZ
following sequence: θ̇A→B
> θ̇A→B
> θ̇A→B
> θ̇A→B
.
– The rotation rates of the Cube and Goss grains are more sensitive to the grain
neighborhood than those of the RCube and RZ grains. The grain neighborhood
Cube
Goss
RCube
RZ
dependence follows the sequence: (θ̇A→B
) > (θ̇A→B
) > (θ̇A→B
) (θ̇A→B
).
– The Cube and RZ grains reveal larger in-grain rotation gradients after deformation
than the Goss grains. The rotated Cube grains split into two equivalent copper
components.
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Overview

microstructure-based description
of the deformation of metals:
theory and application
Dirk Helm, Alexander Butz, Dierk Raabe, and Peter Gumbsch

Aiming for an integrated approach
to computational materials engineering in an industrial context poses big
challenges in the development of suitable materials descriptions for the different steps along the processing chain.
The ﬁrst key component is to correctly
describe the microstructural changes
during the thermal and mechanical
processing of the base material into
a semi-ﬁnished product. Explicit representations of the microstructure are
most suitable there. The ﬁnal processing steps and particularly component
assessment then has to describe the
entire component which requires homogenized continuum mechanical
representations. A key challenge is the
step in between, the determination of
the (macroscopic) materials descriptions from microscopic structures. This
article describes methods to include
microstructure into descriptions of
the deformation of metal, and demonstrates the central steps of the simulation along the processing chain of an
automotive component manufactured
from a dual phase steel.
introduCtion
Industrial success in materials related technologies relies on the possibility
to specifically engineer materials and
products with improved performance.
The key success factor is the ability to
make these developments timely and at
relatively low cost. This demands not
only the rapid development of new or
improved processing techniques but
also better understanding and control
of material structure, performance,
and durability. Such control of materials involves multiple length and time
scales and multiple processing stages
or the coupling of processing and performance assessment. To achieve this,
26

How would you…
…describe the overall signiﬁcance
of this paper?
The paper gives an overview of
different strategies to include the
polycrystalline microstructure into
the description of the deformation of
metals. It discusses the integration
of results from computational multi
scale materials engineering into
practical industrial applications.
A process chain simulation of
sheet metal components is used to
illustrate the current state of the art.
…describe this work to a
materials science and engineering
professional with no experience in
your technical specialty?
In this paper, numerical approaches
are discussed to represent the
microstructure evolution and
the resulting effective properties
of polycrystals and multiphase
metallic materials. The results of
the micro scale simulations are used
to numerically model the process
chain of a sheet metal component
under consideration of the results
from the previous process step.
…describe this work to a
layperson?
The article describes different
simulation methods to predict the
evolution of the material properties
of metals due thermal or mechanical
processing. This knowledge is of
high importance since this change
of material properties typically
occurs during the different process
steps from a semi-ﬁnished part to
the ﬁnal component. Providing
appropriate simulation tools allows
virtually to develop and optimize the
production process and to reduce
cost and time consuming “trial
and error” test. This simulation
approach is illustrated for the
production process of a sheet
metal component for application in
automotive industry.

www.tms.org/jom.html

the materials descriptions and the flow
of information necessarily have to be
based on materials microstructure characteristics. Such inclusion of materials
specifics in engineering simulation still
is one of the major challenges for the
development of improved materials
modeling and simulation.1,2
The linkage between materials microstructure and materials properties
is at the heart of materials modeling
in general but very specifically so for
the description of materials deformation. Multiscale approaches (Figure 1)
are required to make the link from the
discrete dislocations, grain and phase
boundaries which constitute the materials microstructure, to the continuum
plasticity descriptions appropriate at
larger scales. While it may certainly
be appropriate to investigate microcomponents directly at the level of
discrete defects, like the dislocation
dynamics investigations of thin films,3,4
micro-pillars5 or micro-bending bars,6
large scale components mandate the
final treatment of the component in a
continuum mechanical framework.7
Although there have been many attempts to include the discrete dislocation behavior rigorously in continuum
mechanical materials modeling,8 the
mathematical frame for such inclusion
has only recently been developed9,10
and is still far from being applicable.
Consequently, the materials models are
either effective materials descriptions
or have come to be physically based to
at least include some direct microstructural information. Similarly it is neither
desirable nor intended to include the
grain or phase morphology of a material explicitly in the materials modeling
at large scale. One therefore either uses
effective representations of texture or
homogenization techniques to arrive
JOM • April 2011

at continuum mechanical models. The
first part of this manuscript describes
these different modeling techniques for
the continuum mechanical modeling of
plastic deformation in single and polycrystalline materials.
In the second part of this manuscript,
the applicability of modern microstructure-based modeling in industrial forming simulations is assessed.11 The drive
toward microstructure-based models
comes, on one hand, from process
simulation and the optimization of individual processing steps or the entire
processing chain during manufacturing and, on the other hand, from the
requirement of higher precision in the
simulation of component manufacturing and component assessment. Figure
2 pictorially displays such a processing
chain and the final component assessment.
Today, microstructure-based simulations are used, for example, in the process simulation of semi-finished parts
in the aluminum industry.12 This aids
process optimization and the specific
adjustment of materials properties of
the sheet material. For aluminum, alloy development and the individual
processes determining the microstructure are reasonably well understood
and modeling is developed to a relatively high level.13 Other materials,
and particularly the steels, are less well
understood and detailed microstructural modeling is still rare. This is in
part due to the many complex phase
transformation phenomena and kinetic
pathways involved.14,15 In the overall
component design, which involves an
assessment of the crash worthiness of
automotive components, or even the
shape, springback or property predictions of components out of the deep
drawing and stretching steps, microstructural modeling is basically not yet
employed. However, the perspectives
for microstructure-based modeling in
this field are great. It can, for example,
correctly represent the anisotropic
yield surface and its non-uniform evolution during deep drawing and thereby
not only enable much more precise prediction of the local properties of a component but also allow for integrated
product optimization through the entire
process chain. As an application example of such integral materials modeling
Vol. 63 No. 4 • JOM

we report here simulations of the final
steps in the processing chain of a dual
phase carbon manganese steel sheet,
which is intended for use in automotive
components.
Crystal plastiCity
During the last decades, extensive
experimental investigations on single crystals and the evolved physical
knowledge about the occurring deformation mechanisms in metals has stimulated the development of appropriate
constitutive theories in the framework
of continuum mechanics. The continuum mechanical representation is
restricted to suitable problems but at
the same time the best way to represent certain parts of a complex process
chain. An important ingredient when
aiming at through-process models is
the use of internal variable constitutive
formulations that are capable of tracking history dependent behavior. Typical internal variables are dislocation
density, grain size, and second phase
dispersion. The use of external variables (such as strain) cannot describe
inheritance of microstructures through
a sequence of processes.
Finite Strain Single Crystal
Plasticity
Kinematics
The kinematics of finite deformation16 describes a situation where a
material point that is originally in a
reference configuration is deformed
to the current state by a combination
of externally applied forces. The local
changes in space are given by the deformation gradient, which transforms
tangent vectors on material lines from
the reference configuration in tangent
vectors of material lines in the current
configuration (Figure 3). In order to
distinguish between elastic and plastic
deformations, the idea of Kröner17–19 to
incorporate a multiplicative decomposition of the deformation gradient into
an elastic and plastic part is nowadays
well established: The elastic part results from the reversible response of
the lattice to external loads and displacements including rigid-body rotations while the plastic part of the deformation gradient is an irreversible permanent deformation that persists when
all external forces and displacements
www.tms.org/jom.html

are removed. In this sense, transformation of the reference state by the plastic
part of the deformation gradient leads
to an intermediate configuration which
is free from external stresses and which
is generally considered to maintain a
perfect lattice (Figure 4). The velocity
of each material point of a body in motion forms a vector field measured in
the current state. The spatial gradient of
this velocity field describes the change
in time of tangent vectors on material
lines in the current configuration. The
previously introduced multiplicative
decomposition of the deformation gradient leads to an additive decomposition of the spatial velocity gradient into
an elastic and plastic part. In general,
the plastic part is influenced by elastic
deformations. However, if the velocity
gradient is expressed on the intermediate configuration, the resulting plastic
part depends only on plastic deformations.
In the case of dislocation slip, the
plastic part of the deformation gradient on the isoclinic intermediate configuration can be formulated as sum of
the shear rates on all slip systems. The
idea behind the isoclinic intermediate
configuration is that the slip vectors
and the normal vectors have the same
orientation in the reference configuration and the intermediate configuration. Consequently, the rotational part
of the plastic part of the deformation
gradient is fixed and therefore only the
push forward to the current configuration leads to changes in the orientation
of the material substructure in form of
the crystal lattice (Figure 4).
In addition to the dislocation slip,
mechanically driven displacive transformations (i.e., twinning and martensitic phase transitions) play an important
rule in many metals (magnesium, titan,
modern steel grades like TRIP- and
TWIP-steels, etc.). In general, there
are several ways to incorporate the displacive transformations in the kinematics of crystal plasticity. The displacive
transformations are incorporated in the
form of additional slip systems20–23 or
by using a multiple multiplicative decomposition of the deformation gradient,23,24 which consists of an elastic and
plastic part and an additional part for
representing the transition. Due to this,
an additional intermediate configura27
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Figure 6. Modeling strategy for representing
the process chain for sheet metal production.
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tion arises.
Finally, it is worth mentioning that
the sketched kinematic relations for
representing the plastic deformations
are identical for both phenomenological and physical based models.
Phenomenological Constitutive Models
Based on the kinematical relations
for modeling the main deformation
mechanisms in metals, different types
of phenomenological models for representing crystal plasticity can be introduced. The most important constituents are the elasticity relation, the constitutive equations for representing the
kinetic of slip or transition processes
and the hardening behavior.
The anisotropic elastic behavior
of crystalline structures can be incorporated by hypoelasticity,25 Cauchy
elasticity,21,26 or hyperelasticity.16 As
long as the elasticity relation does not
possess a strain energy function, as in
the case of many hypolelastic formulations, it has been well discussed in the
literature27 that energy dissipation occur if closed cycles of deformation are
considered. This is a strong disadvantage of such elasticity relations.
So far, the kinematic relation (Figure 4) describes only the geometrical
aspects of the evolving plastic anisotropy. In addition, the kinetic of the
plastic deformation on the glide systems (i.e., the shear or slip rate) must
be defined. Due to the physical understanding, the shear rate on a slip system
depends mainly on the resolved shear
stress on the slip system and is often
influenced by deformation rates. For
representing the slip and in particular
the slip rate,28 concepts in the framework of viscoplasticity with yield limit16,29 and without yield limit,25,30 has
been proposed and applied. In contrast
to rate-independent plasticity models,
the current yield point is influenced by
the deformation rate.28 Independent
on which formulation is preferred, the
relation between the resolved shear
stress on the slip system in relation to
the critical stress is the most important
quantity for the amount of plastic slip.
In phenomenological theories, the
evolution of the critical resolved shear
stress is modeled by means of history
dependent internal variables. Mostly,
the strain hardening behavior is rep30

resented as a function depending on
the accumulated slip.25,31 While this
allows for the description of fundamental hardening phenomena including tension-compression asymmetries
in basal textured magnesium alloys by
means of a suitable twinning model,20
the modeling of some anisotropic hardening phenomena like the Bauschinger
effect requires additional internal variables, i.e. back stresses on the slip system.16,29,32
The deformation of metals depends
strongly on temperature and is accompanied by dissipation phenomena. From this point of view, modeling in the framework of continuum
thermodynamics leads to valuable
insights. In such thermodynamic
frameworks,16,24,29,33 the energy storage phenomena are modeled by using a thermodynamic potential like a
free energy function, which depends
on the temperature, the elastic part of
the deformation gradient, and internal
variables. The evaluation of the Second Law of Thermodynamics leads to
potential relations for the stress tensor
and the entropy as well as a remaining
dissipation inequality, which must be
fulfilled by the evolution equations for
the internal variables. For example, an
important consequence of such finite
strain thermodynamic considerations is
that the projection of the Mandel stress
tensor18 on the glide system in the isoclinic intermediate configuration is the
driving stress for occurring slip.
Physically Based Models
In contrast to conventional viscoplastic hardening models, physically
based constitutive formulations use
internal variables that describe the material state and its history in terms of
microstructure parameters. In the case
of plasticity the most relevant microstructural state variable is the dislocation density.
When using dislocation-density
based constitutive models, the individual shear rates on each glide system,
expressed by the plastic part of the velocity gradient tensor, are coupled via
the Orowan equation to the underlying density of mobile dislocations that
carry this shear rate. The evolution of
the total dislocation density (including
both, mobile and immobile dislocawww.tms.org/jom.html

tions) is described through a set of rate
formulations that quantify annihilation, multiplication, immobilization,
and mobilization events on each individual slip system in a statistical manner. Depending on the specific model
design different types of dislocation
classes can be defined together with
their respective evolution equations
and activation barriers reflecting the
underlying dislocation processes. Typical examples are the use of edge versus
screw dislocation kinetics or the use of
dislocations in cell walls and in cell interiors. Details about such formulations
and comparisons with experiments can
be found in References 23 and 34.
Further parameters for characterizing the microstructure are for instance
the grain size, second phase fractions,
and precipitates. Some of these parameters (grain size, precipitates) can enter for instance into the mean free path
equation for the mobile dislocations or
as constants that quantify the increase
in friction stress as a function of composition (solutes). Alternatively, grains
can be treated individually, where each
grain is represented by a set of integration points of identical initial crystal
orientation.
High second phase fractions above
about 10 vol.% can be considered either in from of a full-field approximation where different phases occupy different finite elements or in an averaged
form where the stress response from a
two-phase assembly at one integration
point is calculated by a separate homogenization model.
The use of physically based models is particularly relevant for precise
stress, shape, and texture predictions
for forming at small scales,35–37 under
complex loading paths, for damage
initiation,38 for Bauschinger effects,39,40
and for the behavior of instable texture components.41 Fine details of the
constitutive laws are less essential for
simulating large scale forming problems with simple loading paths and microstructure history.
Representing the Behavior of
Polycrystals
Polycrystalline and also multiphase
metallic materials are of particular interest in technical applications. In this
situation, the inhomogeneity in the
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microstructure due to texture, precipitations, different phases, etc. requires
suitable homogenization schemes for
the transition from single crystals to
polycrystals.
Mean-field Methods
A reasonable way to obtain the effective properties of a material is given
by homogenization schemes on the basis of simplified assumptions about the
material behavior and the morphology
of the microstructure. In such meanfield approaches the microstructure
can be considered as a system of an
inclusion that is embedded in a matrix.
The most basic assumptions would be
either uniform stress or uniform deformation gradient among all phases or respectively grains present in the microstructure. These cases were suggested
by Reuss42 and Voigt43 for elasticity.
The fully constrained Taylor44 model
for plasticity or the extension of Lin45
for elasto-plasticity correspond to the
uniform strain assumption. Both assumptions ignore the shape and specific local neighborhood of the inclusions
and generally violate strain compatibility and stress equilibrium, respectively. More sophisticated mean-field
assumptions make use of the Eshelbysolution46 to the problem of an elastic
ellipsoidal inclusion in an infinite elastic matrix.
Out of those, the most frequently employed are the self-consistent approach
originally suggested by Kröner,47 and
the scheme introduced by Mori and
Tanaka.48 In the former method, each
inclusion is treated as isolated within
a matrix having the unknown integral
stiffness of the compound. The latter
approach embeds each inclusion into
the original matrix but considers the
average matrix strain to act as far-field
strain on the overall composite. However, extension of such homogenization schemes from the linear to the
non-linear case faces difficulties, most
significantly because the stiffness (i.e.,
strain(rate)-sensitivity of stress) is typically inhomogeneous for a given phase
due to its heterogeneous strain. The
stiffnesses are usually homogenized
by using the average strain per phase
as a reference input into the respective
constitutive law. In order to establish
a link between stress and strain per
Vol. 63 No. 4 • JOM

phase, secant (connecting total stress
to total strain) and tangent (connecting
stress increments to strain increments)
formulations for the moduli are employed.49 As an example, the viscoplastic self-consistent mean-field approach
(VPSC) has been successfully applied
to represent the texture evolution in
different types of polycrystalline metals: zirconium alloys,49 TWIP-steels,50
and tungsten.51 Recent developments
incorporate elasiticity in the model52
enabling a more accurate description
of the material behavior.
An alternative set of mean-field
polycrystal approaches are the graincluster models. They represent an intermediate approach between the meanfield schemes and full-field solutions.
They reduce the high computational
cost of the latter by restricting the degrees of freedom to a small number of
regions with (typically) homogeneous
strain inside each region. Those areas
are grains or phase, thus extending the
mean-field approaches by taking into
account direct neighbor–neighbor interactions among the constituents of
a polycrystalline and potentially also
multiphase aggregate. The introduction
of grain aggregates allows relaxation
of the assumption of homogeneous
strain in each constituent (Taylor)—
which generally led to an overestimation of the polycrystalline strength and
rate of texture evolution—by enforcing
compatibility only in an average sense
for the aggregate as a whole. Typical
examples of such models were suggested by Van Houtte,53,54 Gottstein,55
and Eisenlohr56 (Figure 5). The reasonable numerical effort for solving meanfield problems enables the coupling of
the homogenization schemes in finite
element algorithm,7,56–58 for solving
more complex initial boundary value
problems like the deep drawing of a
cup (see Figure 5) or study the texture
evolution during rolling.57
Full-field Methods
Full-field models of crystal mechanics pursue strategies for solving initial
boundary value problems of polycrystalline unit cells. In contrast to the
mean-field methods, full-field methods
provide a more realistic representation
of the stress and strain state in each
grain and also the accompanied gradiwww.tms.org/jom.html

ents, along with an accurate description
of the grain morphology, an improved
quantitative description of the texture,
and a reasonable representation of the
interaction between the considered
constituents (i.e., grains, phases, etc.).
Most of the current numerical treatments of the full-field homogenization
schemes are based on the finite element
method. Examples on this approach
were given by References 29, 59–61
for material science applications as
well as References 22 and 62 for simplified bulk metal forming processes
like rolling and wire drawing. Without
appropriate strategies such full-field
approximations are usually too time
consuming for applications in throughprocess modeling. To remedy this
problem fast Fourier transform (FFT)
based methods can be applied.63 In
comparison to the high computational
demand of FE based methods, FFT
based full-field solutions require much
less computer times.64
appliCation of
multisCale models
for solving
engineering problems
Virtual Laboratory
In the industrial practice of simulating complex forming operations,
the prediction of exact shapes, material flow, thinning, wrinkling, earing,
and springback effects is a challenge,
particularly when materials with complex textures and microstructures are
involved. In the simulation packages
that are currently in commercial use,
for instance, in the automotive industry, only empirical constitutive laws
are available. As these formulations
provide only limited empirical access
to the material anisotropy and heterogeneity they do not properly take into
account the effects of microstructure
and texture and their evolution during
deformation. The crystal plasticity finite element method (CPFEM) bridges
the gap between the polycrystalline
texture and macroscopic mechanical properties and opens the path to a
more profound consideration of metal
anisotropy in commercial forming and
process simulations.
The example presented in this section is an application of the CPFE
method for the concept of virtual mate31

rial testing (virtual laboratory) using a
representative volume element (RVE)
approach. By using such numerical test
protocols it becomes possible to determine the actual shape of the yield locus
as well as corresponding anisotropy
coefficients (i.e., Lankford parameters,
r-values) directly through CPFE simulations, and to use this information to
calibrate empirical constitutive models
used, for example, in the automotive
industry. Along with standard uniaxial
tensile tests, other strain paths can be
simulated, such as biaxial tensile, compressive or shear tests. The analysis
of loading condition which can not be
realized experimentally (like biaxial
compression of sheet metal) is also
of interest to extend the experimental
available data. For practical application, the homogenized results obtained
from the virtual lab can be processed
in the same manner as conventional
experimental results. In the present
example the use of the CPFE method
for virtual testing is demonstrated for
a dual-phase C-Mn steel grade where
the parameters of an empirical yield
surface function were calibrated by the
full-field crystal plasticity predictions
(Figure 10).
Representation of Process
Chains
While simulation solutions for
single process steps are applied successfully to virtually study the ability
to process or service parts, a unified
approach that reuses knowledge and
results from previous steps along the
production chain is still an exception.
Especially the gap between numerical
steel design and corresponding simulation techniques in sheet metal forming
and crash simulation is a challenging
topic for industrial applications.
In this example,65 a process chain
simulation is presented that covers the
consecutive stages of production of
a dual phase steel DP800 material. It
starts with the hot rolled strip which
is followed by cold rolling, heat treatment, deep drawing and finally the
analysis of the crashworthiness of the
deep drawn component. An important
aspect to take into account is the microstructure evolution during the different process steps for an appropriate modeling of the material behavior.
32

Depending on the process step, different simulation strategies on different
length scales are applied (Figure 6).
The first process step to be simulated
is cold rolling. Here, a full field simulation approach (RVE) in combination
with a CPFE model is used. Different
experimental analysis procedures were
carried out to account for the initial
state of the hot rolled sheet material.
Micrographs were used to analyze the
ferritic-pearlitic microstructure. To obtain a realistic distribution of the pearlite phase within the ferrite matrix, a
statistical reconstruction scheme based
on Reference 66 was applied. EBSD
data are used to consider a realistic
initial texture. Finally, the parameters
of the single crystal plasticity material
model are calibrated using macroscopic
tensile and compression tests (Figure 7).
A prescribed deformation was applied on the RVE-model to simulate
the cold rolling process. Three different degrees of rolling were considered
with final sheet thicknesses of 2.20,
1.75 and 1.45 mm. According to real
tensile test on the as rolled material,
similar virtual tests were performed on
the rolled RVE-models. Figure 8 shows
the very good agreement between the
tensile test and the prediction of the
model. The hardening behavior can be
predicted independently from the applied deformation.
During the subsequent thermal treatment the final dual phase steel microstructure composed of ferrite and martensite is obtained. The corresponding
simulation (Figure 9) aim at describing
the microstructure change (phase transition, recrystallization and recovery)
due to the annealing procedure. The
simulation of the thermal treatment is
carried out by a cellular automaton.67
The morphology of the cold rolled
RVE model is mapped onto a regular
grid. Data concerning the grain number, the orientation of the crystal lattice
and the accumulated plastic strain were
provided from the rolling simulation to
define the initial state for the annealing
simulation. The accumulated plastic
strain is used to estimate the dislocation density which acts as a driving
force within the annealing simulation.
For practical application of deep
drawing simulations, models which directly consider the microstructure are
www.tms.org/jom.html

not appropriate due to the high numerical cost and the complexity of the material description. Usually, deep drawing simulations are continuum-based
which describe the yielding and hardening behavior with phenomenological
models. For this reason, the obtained
data from the annealing simulation
were homogenized using the virtual lab
as described in the preceding section.
The obtained macroscopic uniaxial
stress-strain curves are used—similar
to experimental data—to adjust the
parameter of the phenomenological
plasticity models. Here, the Barlat8968
yield function is applied to describe the
initial yielding of the dual phase steel.
In Figure 10 this procedure is illustrated. The yield points obtained from the
virtual lab and the Barlat89 yield locus
which is calculated from experimental
data do agree very well. Depending
of the number of virtual tests, more
complex yield functions with more
parameter can also be fitted. After the
determination of the material behavior
by means of the virtual laboratory, the
resulting material parameters are used
to calibrate macroscopic models for
complex deep drawing simulation.69
Finally, the crashworthiness of the
deep drawn component is virtually
analyzed. To obtain accurate failure
predictions, the load history from the
previous deep drawing process is considered. Therefore, the local thinning
of the sheet and the actual hardening
of the material at the end of the deep
drawing simulation is mapped to the
crash simulation.70
ConClusions
From an initial microstructure, the
cold rolling of the initial ferritic-perlitic microstructure of a C-Mn steel sheet
was evolved in a CPFE simulation to
give the texture changes and a grainspecific deformation. This information
was sufficient to feed the simulation
of the recrystallization processes during heat treatment. With the dual phase
microstructure after recrystallization,
virtual testing of the deformation behavior was performed. This required
two simple calibration experiments but
then nicely predicted multiaxial deformation behavior. In the subsequent
deep drawing and crash simulations
one then has access to local changes in
JOM • April 2011

the mechanical properties of a component, which goes far beyond classical
component analysis.
On the basis of appropriate numerical treatments, the discussed constitutive theories are able to represent the
microstructure evolution and the resulting effective properties of complex
polycrystalline and also multiphase
metallic materials. This results in a
deeper insight into the process and the
interactions between the process steps.
This knowledge will help to optimize
individual process steps and also to
improve the complete process chain.
Once established, the modeling along
the processing chain allows for both
virtual process development and component assessment in unprecedented
detail and with unprecedented precision.
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