Available online at www.sciencedirect.com

Acta Materialia 61 (2013) 3709–3723
www.elsevier.com/locate/actamat

Eﬀect of climb on dislocation mechanisms and creep rates in
c0-strengthened Ni base superalloy single crystals: A discrete
dislocation dynamics study
S.M. Hafez Haghighat a, G. Eggeler b, D. Raabe a,⇑
b

a
Max-Planck-Institut für Eisenforschung, Max-Planck-Str. 1, 40237 Düsseldorf, Germany
Institut für Werkstoﬀe, Ruhr-Universität Bochum, Universitätsstr. 150, 44780 Bochum, Germany
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Abstract
Creep of single-crystal superalloys is governed by dislocation glide, climb, reactions and annihilation. Discrete three-dimensional (3D)
dislocation dynamics (DDD) simulations are used to study the evolution of the dislocation substructure in a c/c0 microstructure of a
single-crystal superalloy for diﬀerent climb rates and loading conditions. A hybrid mobility law for glide and climb is used to map
the interactions of dislocations with c0 cubes. The focus is on the early stages of creep, where dislocation plasticity is conﬁned to narrow
c channels. With enhancing climb mobility, the creep strain increases, even if the applied resolved shear stress is below the critical stress
required for squeezing dislocations into the c channels. The simulated creep microstructure consists of long dislocations and a network
near the corners of the c0 precipitate in the low-stress regime. In the high-stress regime, dislocations squeeze into the c channels, where
they deposit dislocation segments at the c/c0 interfaces. These observations are in good agreement with experimentally observed dislocation structures that form during high-temperature and low-stress creep.
Ó 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: Superalloys; Dislocation dynamics; Simulation; Creep

1. Introduction
Single-crystal Ni base superalloys are used for gas turbine blades. During operation, the material undergoes
creep deformation at temperatures far above half the melting point in kelvins. Creep is characterized by time-dependent plastic deformation. Creep rates show a strong nonlinear dependence on stress (power law) and temperature
(Arrhenius relation). The microstructure strongly determines the associated critical parameters. Therefore, controlling the creep rates requires a detailed understanding
of the underlying microstructure–property relations, specifically of high-temperature dislocation plasticity and its
eﬀect on the power law and Arrhenius dependencies [1–8].
The microstructure of single-crystal Ni base superalloys
consists of cubic c0 particles with L12 structure with
⇑ Corresponding author. Tel.: +49 (0)211 6792 333.

E-mail address: d.raabe@mpie.de (D. Raabe).

0.5 lm cube edge length separated by thin c channels of
a face-centered cubic Ni solid solution with 0.1 lm channel width. The channels and edges of the cuboidal precipitates are oriented along h1 0 0i directions. After heat
treatment, the c channels contain a low dislocation density,
and the c0 particles are free of dislocations [4–11].
The elementary mechanisms that govern creep deformation of single-crystal Ni base superalloys were extensively
studied, identifying for instance the ﬁlling of channels by
dislocations [9,12,13], the formation of dislocation networks around c0 cubes [14–16], misﬁt stresses [17–20] and
the cutting of c0 particles by dislocations [21–28].
During the early stages of creep in the high-temperature
and low-stress regime, the gradual ﬁlling of the c channels
by dislocations governs creep. During the later creep
stages, the microstructure evolution is characterized by
the rafting process [29,30] and the associated dislocation
processes within this topologically modiﬁed microstructure
[31]. Here, the focus on the low-stress and high-tempera-
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ture creep regime where the controlling mechanisms during
the early stage of creep are dislocation processes in the c
channels [9,13–21]. This work investigates two elementary
dislocation processes in more detail, namely, glide and
climb, in order to assess their relative importance with
respect to the formation of the dislocation substructure in
the channels and with respect to the accumulation of creep
strain [22,32,33]. In a ﬁrst-order approximation, c0 cubes
are considered as inert and impenetrable elements of the
microstructure that do not give rise to coherency stresses
and which conﬁne dislocation plasticity to the c channels
[9,13–21]. It is emphasized that in real systems misﬁt stresses occur [17–20,34], and they can actually be as high as
500 MPa. However, in the current model, the aim is to suppress the eﬀects of misﬁt stresses in order to study solely the
cooperation of climb and glide in the absence of other
factors.
The simulation of single and collective dislocation
behavior is essential for understanding the plastic deformation of Ni base single-crystal superalloys [39–43]. Among
the diﬀerent mean-ﬁeld continuum-based crystal plasticity
simulation techniques [42–47], discrete dislocation dynamics (DDD) models can provide insights speciﬁcally at the
single-dislocation level. Corresponding simulations enable
one to identify rate-limiting steps and provide information
on the origin of dislocation patterns. Simulations also help
to understand how strain accumulates and how this is
related to dislocation mobilities, reactions, annihilation,
climb and dynamic recovery. Such predictions provide a
generic access to identify the rate-limiting relationships
between microstructure, loading conditions, macroscopic
creep rate and the resulting mechanical strength of the sample [48–77].
The DDD technique models the dynamics, reactions
and far-ﬁeld interactions of dislocations embedded in a
linear continuum on the basis of the elasticity theory
of dislocations [36,37,48–51,56–58]. DDD simulations
have now reached a mature level such that complex dislocation mobility and interaction phenomena can be
described in great detail [59–68]. The dislocation velocity
is approximated by an overdamped viscous rate equation. The associated mobility contains glide, climb and
cross-slip contributions [52,55]. The inﬂuence of crossslip on the dislocation microstructure evolution has been
investigated by the activation of this process in various
DDD studies [51–69]. However, only a few studies
addressed non-conservative eﬀects in DDD simulations,
for instance with the aim of understanding the eﬀect of
climb on the evolution of the dislocation substructure
and on structure–property relations [68,73–75]. In these
earlier studies, for instance, the propagation of single dislocations or loops due to climb forces and the microstructure evolution of dislocation ensembles in twodimensions were investigated. A 3D analysis of dislocation climb in an array of multiple dislocations as a function of the dislocation character in two-phase systems
has not yet been conducted.

DDD simulations have also been used to model dislocation interactions with the elastic ﬁelds surrounding obstacles [76,77], but only limited eﬀorts were made to tackle
dislocation plasticity in c channels of c/c0 microstructures
[78,81]. Previous DDD studies on Ni base superalloys were
concerned mainly with superdislocations in the c0 phase
focusing on the role of cube size and shape, c0 volume fraction, temperature and anti-phase boundary energy [78–80].
The mechanical response of a single-crystal Ni base superalloy in the presence of a realistic dislocation density as a
function of channel width, c0 particle shape and loading
conditions has also been studied, taking into account the
c/c0 interface misﬁt stress [81,82]. All these studies
addressed the uniaxial tensile creep deformation of Ni base
superalloys, without considering dislocation climb.
The objective of this work is to use DDD simulations in
conjunction with input parameters from experimental
transmission electron microscopy (TEM) studies [22–33]
with the goal of gaining insight into the relative contributions of glide and climb to dislocation motion in the c
channels of a c/c0 microstructure of single-crystal superalloys. A parametric DDD study is performed on the importance of glide and climb processes [37,68,73], and the
characteristic features of the dislocation substructures
and reaction rates are related to the resulting creep rates.
For this purpose, a modiﬁed DDD model is introduced
that is capable of addressing creep deformation of singlecrystal Ni base superalloy by employing a hybrid glide–
climb mobility law. The simulation results are discussed
in the light of previous experimental observations of individual dislocation mechanisms.
2. Simulation technique
2.1. DDD simulation methodology
The ParaDiS code [83] developed at Lawrence Livermore National Laboratory is used for the DDD simulations. In this approach, the dynamics is based on
dislocation line decomposition and a nodal formulation
of the dislocation segments. The dislocation lines are discretized to a maximum length of 12.5 nm. Each segment
is characterized by its Burgers vector, glide plain normal
and line direction. The force on a dislocation node is calculated by the summation of all Peach–Koehler (PK) forces
resulting from an external applied stress, the local line tension and the stress ﬁeld due to other dislocation segments.
The segment positions are deﬁned by calculating the speed
of the node and the local events occurring during the displacement. These can include direct annihilation, junction
formation and cross-slip, but must also account for the
interaction with other elements of the microstructure such
as, in the present case, the c0 cubes.
DDD simulations are conducted for two diﬀerent types
of setup. The ﬁrst is a cubic box 500 nm in length, oriented
along the crystallographic h1 0 0i directions. It contains in
its center a cubic c0 particle 420 nm in length, also oriented
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in h1 0 0i directions. This corresponds to a single-crystal Ni
base superalloy of 59% c0 volume fraction with a channel
width of w = 80 nm. Creep deformation is modeled by
applying constant tensile stresses of various magnitudes,
i.e., 150, 250 and 350 MPa, along the [1 0 0] direction. This
loading condition leads to a Schmid factor of 0.408 on the
eight active h1 1 0i(1 1 1) slip systems. Periodic boundary
conditions (PBC) are applied along the three h1 0 0i directions of the simulation box in order to account for the bulk
microstructure that is characterized by the 3D periodic
arrangement of the c0 cubes. As mentioned above, the c/
c0 interfaces are here assumed to be impenetrable boundaries according to experimental observations during the
early stages of creep [1–4]. It should be noted that artifacts
related to self-annihilation due to the use of PBC (as
reported in Ref. [84]) can be neglected here, owing to the
presence of a non-zero climb mobility. This eﬀect avoids
self-annihilation of the dislocations during propagation in
a slip plane. However, it is important to account for the
eﬀect of short-range self-interaction of the dislocations
resulting from the use of PBC. For a second set of simulations, therefore, a sample box 1000 nm in length including
eight iso-shaped c0 cubes was used. The results were compared with those obtained for the single-particle simulation
setup. The c/c0 interface is treated as a rigid impenetrable
and immobile boundary. Rafting is neglected.
TEM observations conducted on annealed Ni base
superalloys reveal straight dislocations in the c channels
[9–11]. When exposed to creep, these dislocations evolve
into microstructures that are characterized by the squeezing of dislocations into the c channel and by their subsequent sliding along the c/c0 interfaces by a climb-assisted
mechanism. Therefore, the DDD simulations start out with
a homogeneous distribution of mixed character 710-nmlong dislocations associated with 12 slip systems. These dislocations are straight and not pinned. Therefore, they are
able to move freely and interact with the c0 cubes by the
glide–climb mechanism and/or by squeezing into the c
channels. The average starting dislocation density over
the entire simulation box is 6.7  1013 m2. Isotropic
elastic properties with a shear modulus of l = 37 GPa
and a Poisson ratio of m = 0.37 are assumed. The lattice
parameter of Ni alloy is taken as a = 0.36 nm, implying a
Burgers vector of b = 0.25 nm.
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the two c/c0 interfaces. Interface dislocations from vertical
channels may then climb towards the channel crossings at
the corners of the c0 cubes, where they can interact with dislocations from horizontal c channels. This mechanism was
suggested as the governing dynamic recovery process
before rafting starts [22,32–38]. Fig. 1 shows the schematic
trajectory of the nodal displacement of a dislocation in the
vicinity of the c0 particle.
To implement this mechanism in the DDD simulations,
a hybrid glide and climb mobility law is introduced for dislocation motion in the c phase. In the current DDD model,
dislocations cannot cross the c/c0 interface. Instead, leading
screw segments that move through the c channels deposit
60° dislocations along the interface, which can move relative to the interface either by climb or by a coupled glideplus-climb mechanism. In order to study the speciﬁc eﬀect
of climb on this high-temperature creep scenario without
interfering with other eﬀects of the Ni base superalloy, it
is here assumed that the interface is a ﬁxed rigid boundary
without misﬁt stresses. In a recent work, Huang et al. [82]
have shown, using DDD simulation, that the inﬂuence of
the misﬁt stress in the stress–strain response of Ni base
superalloys is negligible. However, in their DDD study,
no climb processes had been involved.
In the ParaDiS code the applied PK force F acting
jointly from diﬀerent sources on a dislocation segment is
related to the segment velocity V by
F ¼ BV

ð1Þ

where B is the drag tensor acting on the segment. Here, a
hybrid mobility law is deﬁned in the calculation of drag
tensor to treat the interaction of moving dislocations with
the c0 cube, as schematically illustrated in Fig. 1. Two drag
tensors are calculated for all dislocation nodes according to
Bgc ¼ Bg ðm  mÞ þ Bc ðn  nÞ þ Bl ðt  tÞBgc ;

m

¼nt

ð2Þ

Boc ¼ Bc ðn  nÞ

ð3Þ

2.2. Glide–climb mobility law
A coupled glide–climb mobility law is employed for the
dislocation segments on the basis of the suggested interaction mechanism between the dislocations and the c0 cubes
[22,32,33]. The experiments revealed that creep in these
materials is strongly controlled by climb of the dislocations
that are deposited at the c/c0 interfaces. It is suggested that,
in the early stages of creep, the 1/2a0h1 1 0i{1 1 1} dislocations enter the thin c channels by a squeezing mechanism
leading to the deposition of a dipole consisting of two
either 60° mixed or screw dislocations of opposite sign on

Fig. 1. Trajectory of the movement of a typical mixed 1/2a0h1 1 0i{1 1 1}
dislocation from position A to position B by either glide–climb or climb
motion along the c/c0 interface. Finally, the dislocation is released from
the corner of the c0 particle, where it then penetrates the c channel parallel
to the applied stress direction.
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where Bgc and Boc are segment drag tensors for coupled
glide–climb mobility (Eq. (2)) and for pure climb mobility
(Eq. (3)), respectively. In these equations, n is the glide
plane normal unity vector, t is the dislocation segment line
direction unity vector, Bg, Bc and Bl are the drag coeﬃcients in glide, climb and line direction, respectively, and
 denotes the dyadic product. Bl is a drag coeﬃcient to
equilibrate the segment size distribution along the dislocation line. Its value is much smaller than that of Bg and Bc,
so that it does not aﬀect the kinetics of the dislocation line
[83]. The glide and climb drag coeﬃcients are obtained by
2
2 1=2
2
Bg ¼ ½B2
eg kb  tk þ Bsg ðb  tÞ 

ð4Þ

Bc ¼ Bec kb  tk

ð5Þ

where b is the normalized Burgers vector, and Beg, Bsg and
Bec are the drag coeﬃcients of pure edge glide, pure screw
glide and pure edge climb, respectively. They are related to
the segment mobility via Mx = 1/Bx, which is used as the
input parameter in the calculations. Eqs. (4) and (5) are
used to interpolate the drag coeﬃcient from the edge glide
mobility to the screw glide mobility and from the maximum climb mobility of the edge segments to the quasi-zero
climb mobility of the screw segments. The latter value is of
course irrelevant, since screw components do not require
non-conservative motion, but can rather glide conservatively in any direction prescribed by the force vector. The
resulting drag coeﬃcients of dislocation glide and climb,
obtained from Eqs. (4) and (5), for the speciﬁc cases of
the edge, 60° mixed and screw dislocation segments are given in Table 1. Diﬀerent values for the eﬀective climb
mobilities, Mc, are used in the DDD simulations to introduce the inﬂuence of diﬀerent temperatures. The glide
mobility values of both the edge and screw dislocation segments are set to 1 (Pa s)1 and only the climb mobilities of
the edge components of each segment increase with
increasing temperature. The corresponding changes in the
climb mobility are realized by modifying the ratio of the
glide-to-climb mobility coeﬃcients according to Mg/
Mc = 10, 100 and 1000. These climb mobility changes relate to temperature variations of a few tens of degrees kelvin within the range 900–1000 °C. In this regime, B
increases with temperature; however, its changes are assumed to be insigniﬁcant. In addition, at high applied stresses and with increasing stress, the dislocation speed falls
below values given by Eq. (1) and approaches the transverse sound velocity in the material [85]. The applied stress
in the present simulations is far below the threshold stress
Table 1
Glide and climb drag coeﬃcients of a dislocation segment for the speciﬁc
cases of the edge, 60° mixed and screw dislocation segments, respectively,
obtained from Eqs. (4) and (5).
Dislocation character

Bg

Bc

Edge
60° mixed
Screw

Beg
Beg
Bsg = Beg

Bec
Becsin 60°
0

value that would be required to accelerate the dislocation
speed towards the sound velocity, where the force–velocity
relation of dislocations deviates from its linear form. It
should be noted that the high dislocation speeds (and the
associated high strain rates) in the current DDD simulations are due to the low drag coeﬃcient. The low drag force
is assumed in order to enable reasonable simulation times.
A constant glide drag coeﬃcient is assumed throughout the
current calculations.
Applying these mobility values (1 (Pa s)1) in the DDD
simulations will result in relatively high strain rates and relatively small creep times compared with real creep tests [1–
10]. This is necessary, however, to run the simulations at
reasonable computation times. It should be noted though
that the dislocation mobility and their interactions are
based on elasticity theory in DDD simulation, therefore,
the eﬀects are only weakly temperature dependent. Changing the strain rate would alter the predictions only when
eﬀects with larger thermal activation barriers were to be
directly included. In the current DDD simulations, however, temperature is introduced only through an eﬀective
drag coeﬃcient and the relative variation in the glide-toclimb mobility ratio as a function of temperature. Consequently, the high strain rates obtained in the calculations
do not alter the ﬁnal conclusions, since they depend only
on the ratio of the glide/climb mobility values (mimicking
temperature). Also, the time step controller, the so-called
trapezoid time integrator [83] that has been implemented
in the ParaDiS code, enables us to adjust the simulation
time step without overlooking any topological event.
With the two drag tensors having been deﬁned in Eqs.
(2) and (3), the following algorithm is used for applying
one of the tensors to the calculation of the displacement
of a speciﬁc node in a DDD simulation step. Eq. (1) is used
to calculate the velocity and new position of the node.
(a) The new position of a node is calculated using Bgc.
(b) If the new position of the node remains inside the c
phase, the displacement is accepted.
(c) Otherwise, if the segment leaves the channel with its
new position, the new coordinate of the node is
instead calculated using a climb step predicted by
applying Boc.
(d) If the new position of the node is inside the c phase
channel, the displacement is accepted.
(e) Otherwise, if the segment does not remain inside the c
phase, the displacement of the node is rejected in the
current DDD simulation step.
This mobility algorithm prohibits dislocations from
crossing from the c phase into the c0 particle and simultaneously enables them to move along the c/c0 interfaces if
the resulting climb vector remains inside the c phase.
The next section discusses in more detail how this mobility
law works regarding the interaction of a 1/2a0[0 1 1](1 1 1)
dislocation that is located inside a c channel with a c0
cube.
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3. DDD simulation results
3.1. Single-dislocation glide–climb mobility
Snapshots of predicted interaction scenarios between a
1/2a0[0 1 1](1 1 1) mixed 60° dislocation oriented in the
[1 0 1] direction and a c0 particle with Mg/Mc = 10 mobility ratio are shown in Fig. 2. Tensile loading of 150 MPa is
applied along the y = [0 1 0] direction. The images reveal
that, when the dislocation approaches the c0 precipitate,
it starts to squeeze into the neighboring c channels. Simultaneously, the segments that are hindered in their motion
by the c0 cube, start to move along the c/c0 interface fully
in line with the mechanism shown in Fig. 1. The dislocation
is then released from the top-right corner of the c0 cube,
depositing the two dislocations of opposite sign along the
two c/c0 interfaces perpendicular to the x and z directions.
However, it appears that, with further mechanical loading,
the released segments are not able to penetrate the next c
channel through the PBC (Fig. 2).
Plastic strains and dislocation densities resulting from
this type of interaction as a function of simulation time
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are shown in Fig. 3. Three diﬀerent stages of the interaction
are established; the region denoted by (A) relates to the linear variations in strain and dislocation density in a regime
where dislocations experience little glide resistance before
approaching the c0 cubes (free glide regime). Region (B)
marks the regime that is characterized by the interaction
of the dislocation with the c0 cube using the coupled
glide–climb motion towards the precipitate corner and
the squeezing of the two dislocation arms into the neighboring c channels (interaction regime). Region (C) represents the ﬁnal release process of the dislocation from the
corner of the particle by the annihilation of the released
segments (relaxation regime).
The dislocation density remains constant in regime (A).
When the dislocation reaches the c/c0 interface (B) the lateral dislocation arms squeeze into the neighboring channels, creating new dislocation segments. The dislocation
density further increases in this regime as a result of the
expansion of the dislocation along the c/c0 interface. Serrations in the dislocation density curve observed in region (B)
are due to the stair-like movement of the dislocation segments along the c/c0 interface, and the associated switching

Fig. 2. Snapshots of the interaction between a 1/2a0[0 1 1](1 1 1) 60° mixed dislocation oriented along the [1 0 1] direction and a c0 cube particle in a
single-crystal Ni base superalloy loaded at 150 MPa tensile stress along the y direction. The sequence of this interaction consists of (a) the squeezing of the
lateral dislocation segments into the c channel shortly after approaching the c0 cube, (b) dislocation cubic slip with glide–climb mobility in the [1 0 1]
direction towards the top-right corner of the c0 cube, dislocation shortly (c) before and (d) after its release from the corner of the c0 cube.
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Fig. 3. Dislocation density and equivalent strain as a function of simulation time for the interaction of a 1/2a0[0 1 1](1 1 1) mixed 60° dislocation with a
420 nm c0 cube shown in Fig. 2. The interactions comprise three stages, namely, (A) the low-resistance glide of the dislocation before it approaches the
particle; (B) the interaction of the dislocation with the c0 cube by coupled glide–climb motion towards the particle corner and the squeezing of the lateral
segments of the dislocation into the c channels, and (C) the ﬁnal release of the dislocation from the c0 cube corner with the annihilation of the released
segments.

between microscopic glide and coupled glide–climb steps.
The dislocation line is not necessarily straight, owing to
the hybrid mobility law employed. Jogs frequently form
and annihilate all along the dislocation line. This rationalizes the ups and downs in the evolution of the dislocation
density. The climbing segments of the dislocations ﬁnally
reach the corner of the c0 cube, where they are released into
the channel crossing where they eventually annihilate. This
results in a drop of the dislocation density at the transition
from regime (B) to regime (C).
After the escape of the dislocation from the narrow
channel, the dislocation density further increases. It then
levels oﬀ at the end of regime (C), because the next c0 cube
then impedes the motion of the dislocation. The magnitude
of the applied stress is 150 MPa which results in a maximum resolved shear stress (MRSS) of 61 MPa on the dislocation glide plane. This value is too low to overcome the
stress of sor  lb/w = 116 MPa that would be required for
the dislocation to be squeezed into the next c channels of
width w = 80 nm.
3.2. Climb rate eﬀect
The DDD simulation of creep in a single-crystal Ni base
superalloy is conducted using a homogeneous starting distribution of the 1/2a0h0 1 1i{1 
1 1} mixed dislocations over
12 slip systems with an average dislocation density of
6.7  1013 m2 in the simulation box. A constant tensile
stress of 150 MPa is applied along the [1 0 0] crystallographic direction. Three diﬀerent glide/climb mobility
ratios representing three diﬀerent temperatures are used.
Plastic strain as a function of simulation time is plotted
in Fig. 4a for three diﬀerent climb mobilities. The graph
reveals a rapid increase in the strain magnitude at the

beginning of creep, independent of the choice of the
glide/climb mobility ratio. This relates to the unconstrained movement of dislocations in the c channels before
they reach the c/c0 interface (regime A).
After this ﬁrst stage, the inﬂuence of the climb rate
becomes apparent in terms of diﬀerent plastic creep strains
for the diﬀerent Mg/Mc ratios. For the lowest climb mobility, i.e., Mg/Mc = 1000, the plastic strain levels oﬀ when the
dislocations reach the c0 cube. Similarly also for the mobility ratio of Mg/Mc = 100, the creep strain levels oﬀ, but at a
relatively large plastic strain of 0.05%. Later, for both
cases, the creep strain increases slightly with time. When
the climb mobility increases by one or more orders of magnitude to a value of Mg/Mc = 10, the creep strain steadily
increases as a function of simulation time (Fig. 4a). The
average strain rates for the three glide/climb mobility ratios
are 0.06, 0.09 and 0.92 s1 with increasing climb mobility,
respectively. This shows that an exponential increase in
the climb mobility results in a corresponding exponential
increase in the strain rate, although with a diﬀerent factor.
The variation in the dislocation density as a function of
simulation time for diﬀerent glide/climb mobility ratios at
an applied stress of 150 MPa is shown in Fig. 4b. The
beginning of creep is always associated with a recovery
step, caused by a reduction in dislocation density. For
higher dislocation climb rates, the drop in dislocation density is faster. For the two lower climb rates, i.e., for Mg/
Mc = 100 and 1000, the dislocation density decreases to a
minimum, where it remains relatively constant with only
minor variations.
This transition into an apparently steady-state regime
with low dislocation density can be explained as follows.
The increase in the climb rate obviously assists the recovery
of dislocations at 150 MPa, but this stress is not high
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vious study by Vattre et al. [80,81] suggested that, under
strain rate controlled deformation of a Ni base superalloy
along the [0 0 1] direction, the dislocation density increases
with increasing strain. Starting with a dislocation density
comparable with the one used in the present microstructure, i.e., 6.7  1013 m2, they showed that, after 0.2% plastic strain, the dislocation density exceeds the initial one by
a factor of 4. This plastic strain is achieved at higher MRSS
levels than the critical stress required for entering the cchannel. Therefore, It is concluded that, when applying a
climb mobility that amounts to 10% of the glide mobility,
the material deforms at an applied stress much below the
critical stress, so that the tendency to form a regular dislocation network is not very pronounced. This is in agreement with experimental results on creep of typical Ni
base superalloys at 1000 °C [9–32]. The dislocation mechanisms observed in the current DDD simulations associated with this deformation stage are analyzed below in
more detail.
3.3. Eﬀect of the applied stress

Fig. 4. (a) Equivalent strain and (b) dislocation density as a function of
simulation time for the creep DDD simulation of 59% c0 volume fraction
at an applied stress of 150 MPa, using diﬀerent glide/climb mobility ratios.
Arrows in image (b) indicate those simulation times for which corresponding microstructures are shown in Fig. 9.

enough to force the dislocations into the c channels. As
mentioned above, the critical stress for squeezing a dislocation into a channel amounts, for the present model system,
to 116 MPa, whereas the applied MRSS reaches a value
of only 61 MPa. Despite the observed behavior for the
cases with the two lowest climb rates, Fig. 4b reveals that,
when the climb rate increases further to a ratio of Mg/
Mc = 10, ﬂuctuations in the dislocation density appear.
Although dislocations are annihilated faster than in the
other two cases, the highest climb rate assists in climb of
dislocations through the c channels along the c/c0 interfaces. The evolution of this part of the dislocation substructure is observed for those dislocations that are aligned
along those c/c0 interfaces perpendicular to the [1 0 0] loading direction.
Using a glide/climb mobility ratio of Mg/Mc = 10, the
dislocation density at 0.2% creep strain is comparable
with the dislocation density at the beginning of the simulation, as shown by the arrows (1) and (2) in Fig. 4b. A pre-

As discussed in the preceding section, the low applied
stress makes it diﬃcult for dislocations to squeeze into
the c channels and, therefore, also hampers the formation
of a dislocation network. Here, the eﬀects of the applied
stress are investigated for a glide-to-climb mobility ratio
of Mg/Mc = 10 on the creep deformation of Ni base superalloys. The strain response at stresses of 150, 250 and
350 MPa, respectively, as a function of simulation time is
shown in Fig. 5a. For all stress levels, the plastic strain
increases monotonically. At a given time, for a higher
applied stress, higher plastic strain accumulates. The predicted increase in plastic strain is lowest for the smallest
stress level (150 MPa).
The resultant MRSS for the applied [1 0 0] tensile stresses are 61, 102 and 143 MPa, respectively. For the two
smaller tensile stresses imposed, these values are below
the critical stress required for squeezing dislocations into
the c channels (116 MPa). Only for the largest applied tensile stress should squeezing of dislocations into the channels be possible.
Fig. 5b shows the evolution of dislocation densities with
time for the three applied stress levels. Dislocation recovery
rates similar to those observed for 150 MPa in Fig. 5 can be
seen for 250 MPa at the onset of creep. For the two lowest
applied stress levels with a resolved stress below the critical
squeezing stress, dislocation recovery is the dominant
mechanism that governs microstructure evolution. In the
case of 250 MPa applied stress, the dislocation density
increases slightly after passing through an initial minimum.
It eventually adopts a relatively stable value of
8  1013 m2. In contrast, at an applied stress of
350 MPa, the dislocation density increases from the beginning on. At ﬁrst, it increases very rapidly by nearly a factor
of 2, and then it increases further with a slower yet relatively constant slope. This means that, when the applied
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Fig. 5. (a) Equivalent strain and (b) dislocation density as a function of
simulation time for a creep DDD simulation for a sample with 59% c0
volume fraction at diﬀerent applied uniaxial stresses using a glide/climb
mobility ratio of Mg/Mc = 10.

stress is above the critical stress, the dislocation density
keeps increasing. In contrast, for the two low-load cases,
where stresses are not suﬃciently high to promote channel
dislocation glide, the dislocation density ﬂuctuates without
a notable increase over time after the initial recovery
regime.
This analysis of the evolution of the dislocation density
is essential for understanding the transition in the creep
mechanism, which cannot be rationalized merely on the
basis of the results presented in Fig. 5a. It is concluded that
the plastic creep deformation that is observed at applied
stresses below the critical stress for dislocations required
for entering the c-channel (determined by the channel
width) critically depends on the climb mobility in the
high-temperature creep regime of Ni base superalloys. At
higher applied stresses, in contrast, the glide controlled
motion of dislocations that squeeze into the channels contributes signiﬁcantly.

The variation in strain rate as a function of simulation
time is shown in Fig. 6 for diﬀerent applied stresses. These
diagrams reveal that, at the early stages of deformation, the
strain rate drops by about one order of magnitude. For the
two low-load cases, the strain rate reaches a minimum and
then remains relatively constant. This minimum depends
on the level of the applied stress and the glide/climb mobility ratio. A similar behavior is also observed at the lowest
applied stress, i.e., 150 MPa, with diﬀerent glide/climb
mobility ratios. For the high load case, however, the strain
rate increases gradually as a function of time. This diﬀerence between the low- and high-stress regimes relates to
the contribution of dislocation multiplication to the strain
rate variations in the high-stress regime, as shown in
Fig. 5b. When the dislocation density increases, the newly
generated dislocations could further promote a higher
creep rate. Therefore, as a result, any process limiting dislocation multiplication would limit the creep rate as well.
This is particularly important, since an increase of two
orders of magnitude in climb rate, from Mg/Mc = 1000
to Mg/Mc = 10, where no large change in the dislocation
density is observed, leads to stable strain rate variations
about the average value reported in the preceding section.
When loading with an applied stress level that enables
locally reaching the critical stress required for squeezing
dislocations into the c channels, the dislocation density
increases, resulting in a strain rate rise as a function of
time.
Owing to the relatively high strain rates of the current
DDD simulations, a direct comparison with experimental
ﬁndings is not straightforward. However, a qualitative
comparison suggests that the trend of the predicted variation in the strain rate as observed in Fig. 6 is similar to
experimental observations [9,22–32]. These previous experimental studies of Ni base superalloys similarly show that
an early rapid drop is eventually followed by a slight
increase in the strain rate with increasing time.

Fig. 6. Strain rate as a function of simulation time for the DDD
simulation of a sample with 59% c0 volume fraction at diﬀerent applied
uniaxial stresses using a glide/climb mobility ratio of Mg/Mc = 10.
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3.4. Eﬀect of simulation conditions
3.4.1. Initial conditions
Here, the inﬂuence of the initial conditions on the predictions is investigated. First, consider the eﬀects of the initial dislocations microstructure (IDM) on the calculated
creep strain and dislocation density. Second, the eﬀect of
the simulation cell size containing eight c0 particles in comparison with results obtained from using a simulation cell
with only one c0 particle is discussed.
To identify IDM eﬀects on the results, two diﬀerent random initial dislocation arrangements are created in addition to the one that led to the results shown in Figs. 4–6,
but using the same initial dislocation density in all cases.
The results of equivalent creep plastic strain and dislocation density are given in Fig. 7. It appears that, for the
glide/climb mobility ratio of Mg/Mc = 10, the microstructure evolution predicted for applied stresses of 150 and

Fig. 7. Predicted (a) plastic strain and (b) dislocation density as a function
of simulation time in DDD simulated creep tests for two diﬀerent applied
stresses, namely, 150 and 350 MPa, and a glide/climb mobility ratio of
Mg/Mc = 10 using three diﬀerent random IDM. The latter variation in the
initial conditions was conducted in order to study the inﬂuence of
statistical eﬀects associated with the starting dislocation microstructure on
the predicted creep rates.
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350 MPa, respectively, along the [1 0 0] direction is comparable. At the applied stress of 350 MPa, the monotonic
increase in the creep strain and the variations in dislocation
density are similar for all three IDM. At 150 MPa, a similar
low creep strain and an initial drop with later ﬂuctuations
in the dislocation density are also seen. Using diﬀerent
IDM, therefore, leads only to small quantitative diﬀerences
and ﬂuctuations in the creep strain and dislocation density
values. In should be noted that employing one unique IDM
throughout this study prevents any artiﬁcial eﬀects of the
IDM on the ﬁnal conclusions of the DDD simulations.
3.4.2. Boundary conditions and simulation box size
Dislocations are transferred from one side of the simulation box to the opposite side through the PBC employed in
the current DDD simulations. Although the dislocation
climb prohibits self-annihilation due to PBC, other eﬀects
such as dislocation self-interaction may occur as a result
of the boundary conditions applied along the narrow c
channels. Therefore, an additional eﬀort was made to simulate creep using a larger simulation box of 1000 nm side
length. As a starting condition, a dislocation density similar to that used in the previous simulations was distributed
over all 12 channel slip systems of the simulation box with
eight c0 particles of size 420 nm. All other simulation conditions were kept constant. The load is 350 MPa applied
along the [1 0 0] direction with a glide-to-climb ratio of
Mg/Mc = 10. The evolution of plastic strain and dislocation density for this calculation is shown in Fig. 8. The
results reveal that the large sample yields a slightly lower
plastic deformation and dislocation density at a given simulation time than predicted for the one-particle model. It is
also observed that the simulation for the sample containing
eight particles predicts a more monotonic increase in strain
and dislocation density compared with the simulations with
only one c0 cube.
These simulation box size eﬀects observed in Fig. 8 can be
attributed mainly to two reasons: First, using a simulation
cell with eight c0 particles averages and smooths over the various microstructure mechanisms and thus leads to slightly
diﬀerent dislocation conﬁgurations around each particle.
Second, the use of PBC can potentially cause diﬀerent dislocation self-interaction eﬀects compared with the case where a
single-particle cell is used. If the simulation sample contains
only one c0 particle, the dislocation self-interaction eﬀects
are mostly conﬁned to regions near the simulation cell
boundaries. This eﬀect leads to larger ﬂuctuations in the
plastic strain and dislocations density compared with the
eight particles simulation box. The two diﬀerent supercell
setups may thus experience diﬀerent types of dislocations
self-interaction eﬀects through the use of PBC.
Irrespective of these slight diﬀerences pertaining to the
simulation box size, it should be noted that the slightly
higher plastic strain and dislocation density observed for
the single-particle simulation case falls mainly inside the
scatter that is associated with the use of diﬀerent random
IDM. This inﬂuence is shown in Fig. 7.
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Finally, it should be mentioned that this study used an
approximate ratio of the glide-to-climb mobility to mimic
temperature eﬀects in Ni base superalloy creep. In order
to obtain a more quantitative prediction of the creep deformation in direct comparison with experiments, a dislocation climb mobility law may be implemented into the
DDD simulation code to fully account for the dislocation
climb through vacancy diﬀusion and its coupling with the
dislocation glide [68,86].
4. Microstructure analysis
4.1. Low-stress creep regime

Fig. 8. Predicted (a) plastic strain and (b) dislocation density as a function
of simulation time in a DDD simulated creep test at 350 MPa applied
stress and a glide/climb mobility ratio of Mg/Mc = 10, using diﬀerent
simulation box sizes of length 500 nm and 1000 nm, including one and
eight c0 cubes, respectively.

Fig. 9 shows the microstructure evolution at 150 MPa
and a glide-to-climb mobility ratio of Mg/Mc = 10. The
simulated microstructures at the three diﬀerent stages indicated by arrows in Fig. 4b are shown, namely: the onset of
deformation representing the initial dislocation microstructure; an intermediate stage where the dislocation density
rises to a local maximum; and the ﬁnal creep microstructure. Arrows in Fig 9b indicate the nano-sized dislocation
loops that form on the edges and corners of the c0 cube.
These snapshots demonstrate a typical creep microstructure after low-stress and high-temperature creep with an
initial dislocation density of 6.7  1013 m2. Despite the
initial rapid dislocation recovery, shown in Fig. 4b, the dislocation substructure develops by climb of dislocations
along the c channel. Owing to the low applied stress, the
dislocations do not enter the c channels when their line
direction crosses the c0 cube. This leads to a creep microstructure with long bent dislocations that are formed along
the edges and faces of the c0 cube. Dislocation reactions
mainly occur at the regions near the corners of the c0 cube.
The dislocations are able to react with each other and form
diﬀerent types of junctions that can later be eliminated by
recombination with other incoming dislocations or by
unzipping processes. Such a forest of dislocations can be

Fig. 9. Simulated microstructure of the single-crystal Ni base superalloy at 150 MPa in x = [1 0 0] direction, using a glide/climb mobility ratio of Mg/
Mc = 10 at three diﬀerent simulation times shown by the arrows in Fig. 4. (a) Onset of deformation representing the initial microstructure of straight
dislocations lying along h1 1 0i directions; (b) intermediate stage where the dislocation density rises up to a maximum; and (c) ﬁnal microstructure
deformed to 0.5% creep strain. The arrows in image (b) show the small dislocation loops that are formed on the edge and corner of the c0 cube.
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Fig. 10. (a) Experimental microstructure of a Ni base superalloy in primary creep stage at 85 MPa shear loading condition taken from Ref. [31]. The
objects indicated by the arrows show the small dislocation loops that formed during creep. (b–d) Predicted creep microstructure of a single-crystal Ni base
superalloy deformed to a creep strain of 0.5% at 150 MPa, low-stress regime, loading along x = [1 0 0] direction observing the entire simulated
microstructure through (b) x, (c) y and (d) z directions. The simulated sample is replicated in three dimensions for better visualization of the dislocations in
the c channels. A glide/climb mobility ratio of Mg/Mc = 10 is assumed for these simulations. (e, f) Similar microstructures observed by multibeam DFSTEM diﬀraction contrast characterization of a single-crystal Ni base superalloy sample exposed to 160 MPa, along 1 1 0], deformed to a total creep strain
of 0.1% [87].

seen in Fig. 9b in the two right-hand corners of the c0
particle.

Experimental work of Kolbe et al. [31] shows a microstructure in the low-stress and high-temperature regime
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during primary creep of a CMSX6 superalloy that is comparable with the current simulation results. An example of
this microstructure is shown in Fig. 10a. The material was
deformed with 85 MPa shear loading along a plane parallel
to the image surface at a temperature of 1025 °C. The
objects highlighted by the arrows in this image relate to
the nanoscopic polygonal loops formed during creep.
These polygonal dislocation loops are comparable with
those shown in Fig. 9b. Here, the focus is ﬁrst on the ﬁnal
creep microstructure shown in Fig. 9c, observing the entire
simulated microstructure through three diﬀerent directions,
namely x, y and z, as shown in Fig. 10b–d. The simulated
microstructure is replicated in three dimensions for better
visualization of the dislocation network in the c channels.
These images reveal fair similarity to the experimental
creep microstructure shown in Fig. 10a, although the loading condition is diﬀerent. The experimental and simulated
microstructures both show long, bent dislocations, particularly in the c channels between the c0 cube faces. This feature of the dislocations relates to the climb process that
moves them out of their initial glide planes. The DDD
results show that the bent dislocations are indeed observed
mainly in the c channels perpendicular to the loading direction, i.e., along the x = [1 0 0] direction in Fig. 10b. The
apparent net cubic-type slip that is due to the coupled
glide–climb dislocation motion used in this simulation contributes to the curved shape of the dislocations in those
channels, whereas the dislocations in the c channels along
the loading direction are deposited mainly along c/c0 interfaces (e.g., see Fig. 10c and d). PK force calculations reveal
that, in the latter case, owing to the alignment of the dislocation line direction and Burgers vector direction relative
to the applied stress, the climb force pushes the dislocation

towards the c/c0 interface rather than in opposite direction.
Therefore, the climb force does not contribute to the sliding of dislocations along the c/c0 interface. This is similar
to the interaction of a single dislocation with the c0 particle
observed in Fig. 1, where the two side arms of the gliding
dislocation are bowed out into the c channels and deposit
along the interfaces parallel to the loading direction that
is along y. These dislocations are locked mainly at the hetero-interfaces, and they may interact and recombine with
the dislocations entering from the horizontal channel, particularly near the corners and edges of the c0 particle.
Fig. 10e and f shows similar microstructures observed by
TEM [87: new quote] conducted on a single-crystal Ni base
superalloy sample exposed to 160 MPa and deformed to a
total creep strain of 0.1% along [110].
4.2. High-stress creep regime
Fig. 11a shows 3D and two-dimensional (2D) views of
the predicted creep microstructure of the Ni base superalloy deformed to 0.5% strain at 350 MPa along the x direction, using a climb/glide mobility ratio of Mg/Mc = 10 in
the 1000 nm simulation sample. The microstructure shows
deposited dislocations at the c/c0 interfaces perpendicular
to y and z, whereas the dislocations in the c channels perpendicular to the loading direction have mainly curved
shapes, without being clearly deposited at the c/c0 interface, as can be seen from the 3D image of Fig. 11a. Investigation of the DDD results reveals that the dislocations
located in these channels are mobile and that they move
by a coupled glide–climb mechanism when they approach
the c/c0 interfaces. However, in the channels along the tensile direction for the case of 350 MPa applied stress, i.e.,

Fig. 11. (a) 3D and 2D view of the DDD simulated creep microstructure of a Ni base single-crystal superalloy exposed to a loading condition of 350 MPa,
high-stress regime, along the x = [1 0 0] direction using a climb/glide mobility ratio of Mg/Mc = 10. (b) Experimental creep microstructure of Ni base
superalloy at loading conditions of 552 MPa along [0 0 1] direction taken from Ref. [13]. In both the DDD simulations and the experimentally observed
microstructures, the solid tail arrow indicates an example of a dislocation squeezing into the c channel and the dashed tail arrow indicates a polygonal
dislocation loop.
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above the critical squeezing stress, dislocations are able to
penetrate the c channels and deposit segments along the c/
c0 interfaces. Similar dislocation mechanisms have been
observed experimentally, e.g., by Pollock and Argon [13].
They studied a CMSX3 Ni base superalloy in the highstress creep regime exposed to 552 MPa along the [0 0 1]
direction, as shown in Fig. 11b. In both the DDD and
the experimental study, the microstructures consist of dislocations deposited at the c/c0 interfaces with line orientations near the h1 1 0i directions. An example of dislocation
penetration into the c channel is indicated by a solid arrow
for both the DDD simulation and the experimental microstructures. In addition, similar to the low-stress creep
microstructure depicted in Fig. 10, polygonal dislocation
loops are observed in both the DDD simulation and in
the real microstructure after high-stress creep. One of those
dislocation loops is highlighted by a dashed arrow in both
microstructures.
4.3. Polygonal dislocation loop formation
The occurrence of polygonal dislocations loops in both
the low- and high-stress DDD creep simulations was highlighted in the previous sections. This feature is comparable
with the experimentally observed dislocation loops
reported in previous Ni base superalloy creep studies [22–
33]. Here, one of those loops in the top-left-front corner
of the c0 cube in Fig. 9b is closely examined.
The sequence of the triangular dislocation loop formation in the corner of the c0 cube is illustrated in Fig. 12.
Snapshots of Fig. 12a–e show how a mixed dislocation
with b = 1/2a0[1 0 1] glides in the (1 0 0) c channel towards
a c0 cube. Its two arms spread into the lateral c channels
when it reaches to the c0 particle. By forcing the two arms
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into the neighboring c channels, they deposit dislocation
segments along the (0 1 0) and (0 0 1) surfaces of the c0 cube
when moving further. Finally, at step (e), the two dislocation segments of diﬀerent sign approach each other and
annihilate. By annihilation of the two opposite sign segments, the dislocation is released, leaving behind a triangular dislocation wrapping around the corner of the c0 cube.
After the formation of the dislocation loop, it may interact with other moving dislocations. As it appears in the
early stage snapshots of the triangular dislocation, there
is a second dislocation that is gliding in the same glide
plane as the ﬁrst one, approaching from the top-right corner of the images. This dislocation reaches the previously
formed dislocation loop at the cube corner and experiences
a repulsive force (Fig. 12f). The present investigation shows
that this second dislocation has the same Burgers vector as
the corner dislocation, but with an opposite sign. Later on
in Fig. 11g–i, by further glide of the entire dislocation line,
it repels the locked segments of the dislocation loop along
the (0 0 1) and (1 0 0) interfaces of the c0 cube. This leads to
its shrinkage to a size as small as seen in Fig. 12j. No further shrinkage and annihilation of the dislocation loop is
observed, since the second dislocation reacts with a third
dislocation that can be seen in the right side of image (j).
It changes the direction of the dislocation’s motion and
avoids further annihilation of the dislocation loop. Therefore, the triangular dislocation loop remains in the ﬁnal
shape that is seen in Fig. 12j. This small dislocation loop
is stable, since for the segment depositing along the (0 0 1)
c/c0 interface, neither the glide–climb force nor the climb
force alone is directed towards the c channel to mobilize
it along the interface. This is similar to the force conditions
seen in Fig. 1, when the mixed dislocation reaches the interface parallel to the applied stress at position B. None of the

Fig. 12. Mechanism of dislocation loop formation on the top-left-front corner of the c0 cube shown in Fig. 9b: (a–d) glide of a mixed dislocation with
b = 1/2a0[1 0 1] on the (1 0 0) interface and two lateral arms bending into the neighboring c channels, where they deposit on the (0 1 0) and (0 0 1) interfaces;
(e) dislocation release from the corner of the c0 cube; (f–i) the interaction of a second dislocation gliding with a similar sense of the previous dislocation but
with opposite Burgers vector, b = 1/2a0[1 0 1]. It repels the locked segment of the dislocation loop on the (1 0 0) interface, causing its shrinkage to the
smallest size seen in (j).
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two forces shown in this illustration moves the dislocation
away from the interface at position B. Therefore, such
types of segments would lock the small polygonal loop prohibiting their annihilation at the corner, despite the strong
line tension that is created by the neighboring segments.
Other dislocation loops are also formed as a result of similar interactions with the edges and corners of the c0 cube
and with other dislocations.
5. Concluding remarks and outlook
DDD simulations were used to study the relative importance of glide and climb processes in the early stages of
high-temperature and low-stress creep of single-crystal
Ni-based super alloys where dislocation plasticity is conﬁned to the thin c channels. A model system and loading
regime were studied, where elastic misﬁt and c0 cube cutting
processes were neglected. As a consequence, strain hardening was associated mainly with dislocation density increase
and recovery mechanisms of dislocations at c0 particle corners. From the modeling results, the following main conclusions can be drawn.
1. The DDD model correctly mimics the interaction of
an octahedral c channel dislocation with a cuboidal
c0 precipitate. It shows that the movement of dislocations along the c/c0 interface close to the c0 cube can
be interpreted as a combination of dislocation glide
and climb. It does not seem appropriate to address
this movement as cube slip: while an observer could
have the impression that the dislocation glides on a
{1 0 0} plane, the underlying physical nature is a
microscopic coupling of glide and climb. This means
that this type of net dislocation motion is climb controlled and slow. The dislocation is released when
reaching the c0 corner.
2. Promoting climb vs. glide in the DDD model, where initially a total c channel dislocation density of
6.7  1013 m2 is evenly distributed over 12 microscopic
crystallographic slip systems, results in higher accumulated creep strains. This applies to microscopically
resolved shear stress loads that are lower than the critical stress required for squeezing a dislocation into the
channel. When the climb mobility is reduced, creep
strain accumulation decreases. This result is in line with
the view that dislocation climb determines the overall
creep rate.
3. A critical stress is observed, below which recovery processes result in a decrease in the total dislocation density.
Above this critical stress dislocation, multiplication
occurs. Both processes aﬀect the creep rate. The creep
mechanism below the critical stress is controlled mainly
by the climb process, whereas for loads above the critical
stress, dislocation multiplication associated with the
squeezing of dislocation loops into thin c channels is
the controlling creep mechanism.

4. The inﬂuence of the boundary conditions on the DDD
predictions was studied. Comparing two diﬀerent cases,
viz. 500 nm box size including one c0 particle and
1000 nm box size including eight c0 particles, it is found
that the larger simulation volume yields results that are
in better agreement with experiments.
5. Microstructure analysis of the simulated low-stress
creep results reveals that the creep microstructure of a
single-crystal Ni base superalloy consists mainly of long
bent dislocations in the inter-particle spacing. This is in
agreement with previous experimental observations.
Complex dislocation tangles may form near the corners
of c0 cubes, where dislocations from vertical and horizontal channels can react.
6. The microstructure of the high-stress creep simulations
also shows good qualitative agreement with previous
experimental observations. The simulated microstructure consists of deposited dislocations along nearh1 1 0i directions on the c/c0 interfaces that are parallel
to the loading conditions and mobile dislocations in
the channels and at the interfaces perpendicular to the
loading direction.
In the future, the present authors suggest incorporating
in future simulations more of the complexities that characterize real microstructures in these materials, such as the
eﬀects of misﬁt stresses and diﬀerent c0 particle dispersions.
The simpliﬁcations made in the current model were
required to conduct a ﬁrst approach of including elementary dislocation mechanisms that govern creep of Ni base
single-crystal superalloys considering the characteristic features of the 3D microstructure and dislocation climb.
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