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Abstract
We report on the microstructural evolution of a polycrystalline Ni-based superalloy (Alloy 617B) for power plant applications at a
service temperature of 700 °C. The formation of secondary M23C6-carbides close to grain boundaries (GBs) and around primary Ti(C,N)
particles is observed upon annealing at 700 °C, where c0 is found to nucleate heterogeneously at M23C6 carbides. Using atom probe
tomography, elemental partitioning to the phases and composition profiles across phase and grain boundaries are determined. Enrichments of B at c/M23C6 and c0 /M23C6 interfaces as well as at grain boundaries are detected, while no B enrichment is found at c/c0 interfaces. It is suggested that segregation of B in conjunction with c0 formation stabilizes a network of secondary M23C6 precipitates near
GBs and thus increases the creep rupture life of Alloy 617B. Calculations of the equilibrium phase compositions by Thermo-Calc confirm
the chemical compositions measured by atom probe tomography.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The demand for energy is set to double over the coming
decades [1]. In order to reduce CO2 emissions from fossil
power plants there is an urgent need to improve energy
conversion efficiency [2]. To achieve this goal, the next generation of ultra-supercritical power plants must operate at
service temperatures between 700 and 720 °C and steam
pressures of up to 393 bar [3]. However, conventional ferritic steels (P92) used in current power plants cannot withstand such conditions [2,4], as they are designed for
temperatures up to 600 °C and operating pressures up to
250 bar. Consequently, they are expected to be replaced
by Ni-based superalloys which show longer creep rupture
life and higher corrosion resistance [2,3].
⇑ Corresponding authors. Tel.: +49 211 6792 180; fax: +49 211 6792 333
(D. Tytko), tel.: +49 211 6792 167; fax: +49 211 6792 333 (P. Choi).
E-mail addresses: d.tytko@mpie.de (D. Tytko), p.choi@mpie.de (P.-P.
Choi).

One of the most promising superalloy candidates in this
context is Alloy 617B (Ni–24.7Cr–11.4Co–5.2Mo–2.1Al–
1Fe–0.02B, at.%) [3], which is a B-alloyed variant of the
commercial Alloy 617. The properties of Alloy 617B
include high creep rupture strength and good weldability
[3], rendering it an excellent candidate material for membrane walls and superheater tubes in next-generation fossil-fuel power plants [3]. Since Alloy 617B is a newly
developed material, only a few studies on the microstructure during operation have been done to date. Moreover,
no reports exist on the role of B on the microstructural evolution of Alloy 617B. Wu et al. [5] studied the microstructure of long-term aged (approximately 65,000 h at a
temperature range from 482 to 871 °C) Alloy 617 (Inconel
617) modified with 0.03 at.% B; their main findings were as
follows. (1) The primary particles were Ti(C,N), c0 , M6C
and M23C6. Except for Ti(C,N), all phases revealed
coherent orientation relationships with the matrix. (2)
The morphology of the M23C6 particles was found
to be plate/rod-shaped. (3) M23C6 tended to cluster with
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Fig. 1. Creep rupture strength of Alloy 617 (Nicrofer5520Co) and Alloy
617B (Nicrofer 5520 CoB) between 600 and 750 °C (105 h) [6].

increasing time and temperature. (4) The thermal stability
of Inconel 617 was assessed by the authors to be good over
a temperature range from 482 to 704 °C. Beyond this temperature range carbide decomposition, coarsening and
agglomeration was observed.
Fig. 1 presents the creep rupture strength of Alloy 617B
as compared to the conventional Alloy 617 [6]. Alloy 617B
exhibits a 25% higher creep rupture strength (119 MPa
after 100,000 h operation at 700 °C) than Alloy 617, indicating that an addition of B has a substantial beneficial
influence on the creep behavior of this material. However,
the underlying mechanisms for enhancing the creep properties of Alloy 617 by B additions have yet to be clarified. As
a first step to address this issue, the microstructure and corresponding B distribution must be characterized at the service temperature (700 °C) for various annealing times. For
this purpose, scanning electron microscopy (SEM) and
transmission electron microscopy (TEM) studies were done
in this work in conjunction with atom probe tomography
(APT). The APT results on solute partitioning were compared with Thermo-Calc calculations, which are based on
the minimization of the Gibbs free energy of the system.
2. Experimental
The as-received material was a sheet of Alloy 617B provided by ThyssenKrupp VDM (Nicrofer 5520 CoBe),
which was produced by continuous casting of a 210 mm
thick rectangular electrode, ESR-remelting (6.5 ton ingots),

hot-rolling of the remelted slab to 30 mm thick plates
between 1000 and 1200 °C, and subsequent intermediate
diffusion annealing at 1230 °C. The plates were homogenized at 1175 °C for 1 h and subsequently quenched in
water. The nominal chemical composition of the asreceived sample, as determined by wet chemical analysis,
is shown in Table 1.
The samples were annealed at 700 °C for 10, 100 and
1000 h in air and quenched in water.
TEM samples were prepared by a standard electropolishing technique using a Struers Tenupol (double-jet)
device. Discs 3 mm in diameter were cut out of the bulk
material and mechanically polished to about 100 lm in
thickness. Electropolishing was carried out at ÿ30 °C at a
voltage of 16 V, using a solution of 90% ethanol and 10%
perchloric acid. TEM investigations were conducted on a
JEOL JEM-2200FS operated at 200 kV.
SEM and energy dispersive X-ray spectroscopy (EDX)
analyses were performed using a JEOL JSM-6500F
microscope.
Polished samples were also used for site-specific preparation of APT samples from a grain boundary region using
the lift-out method and a dual-beam focused-ion-beam
(FEI Helios NanoLab 600). The sample preparation procedure is described elsewhere [7–9].
APT investigations were carried out using a local electrode atom probe (LEAP 3000X HR, Cameca Instr.)
[10]. As the samples were prone to fracture due to the presence of carbides, they were analyzed in pulsed laser mode,
applying laser pulse energies of 0.4 nJ. The specimen base
temperature and pulse repetition rate were set to 60 K
and 250 kHz, respectively.
Thermo-Calc (database TTNI8) and DICTRA (database MOBNI) were used for equilibrium phase calculations
and kinetics, respectively. The software and corresponding
databases were provided by Thermo-Calc Software AB,
Stockholm, Sweden.
3. Results
3.1. SEM and TEM
SEM images of the as-received material reveal a polycrystalline microstructure (grain sizes ranging from 300 to
500 lm) and some annealing twins (Fig. 2a). The presence
of block-shaped primary Ti(C,N)-particles was confirmed
by combined SEM and EDX analyses. These particles are
found to be preferentially located at the grain boundaries
(GBs).
The SEM images in Fig. 2a and b also reveal serrated
GBs, which are decorated with primary carbides. After

Table 1
Chemical composition of as-received Nicrofer 5520 CoB sheet determined by wet chemical analysis (at.%).
Ni

Cr

Co

Mo

Al

Fe

Ti

C

Si

N

Mn

Cu

B

Bal.

24.7

11.4

5.2

2.1

1.0

0.4

0.3

0.3

0.1

0.06

0.03

0.02
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Fig. 2. SEM images of (a) the as-received state and (b) a sample annealed at 700 °C for 100 h. The latter image shows secondary carbide formation close to
GBs and Ti(C,N) particles. Straight lines indicate twin boundaries.
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Fig. 3. (a) HAADF micrograph of a GB region of an as-received sample.
M23C6 carbides decorate the GB. The selected-area diffraction (SAD)
shows the coherency of both the M23C6 particles and the c matrix. The
circles in the SAD pattern mark the (ÿ2 2 0) and (0 2 0) diffraction spots of
the c matrix and M23C6, respectively. (b,c) STEM–EDX maps of Cr and
Ni taken from the dashed square in (a).

heat treatment at 700 °C for 100 h a network of fine secondary carbides formed close to the GBs and Ti(C,N)-particles (see Fig. 2b).
TEM analyses of the as-received sample revealed that
grain boundaries are decorated by large primary M23C6
carbides (see Fig. 3). These observations are in agreement
with previous studies on Inconel 617 by Jo et al. [11,12].

Selected-area diffraction (SAD) analysis (see inset in
Fig. 3a) shows that the M23C6 particles are coherent with
the c matrix. The EDX maps presented in Fig. 3b and c
show that regions close to the GB carbides are enriched
with Cr and depleted in Ni. The surrounding matrix reveals
complementary depletion or enrichment, respectively.
TEM images of the microstructure after annealing at
700 °C for 10 h are presented in Fig. 4a–c. Two additional
phases appear as compared to the as-received material. (i)
Close to the primary M23C6 carbides at the GBs, c0 (L12
ordered phase) precipitates have been formed in a high
number density (marked by white arrows in Fig. 4a). (ii)
A dense network of secondary M23C6 carbides has been
formed inside the c grains (Fig. 4a–c). The secondary carbides have a plate-shaped morphology and are up to
20 nm in thickness and 200 nm in length. Secondary
M23C6 carbides strongly pin present dislocations within
the microstructure (visible in bright contrast in Fig. 4a).
All the observed phases are in coherence with each other
as shown by SAD analyses (see inset in Fig. 4b).
Fig. 4c is a magnified image of the region in Fig. 4b
marked by a white square. Using a high-angle annular dark
field (HAADF) detector an image contrast is obtained,
which is dependent on the atomic number, Z. The HAADF
image in Fig. 4c reveals that secondary M23C6 carbides
have heterogeneous chemical composition. Some of the
particles, such as the one in the upper right corner of
Fig. 4c, have uniform bright contrast, while the others have
a dark core and a bright wavy envelope. Furthermore, dark
regions at the interface between the carbide and matrix
indicate the nucleation of ellipsoidal c0 particles with a
major axis length of about 20 nm.
After annealing at 700 °C for 100 h a dense network of
secondary carbides forms close to GB region, as seen in
the HAADF images in Fig. 5a. At higher magnifications
c0 particles, which have nucleated at the face sites of secondary M23C6 carbides, can clearly be resolved (Fig. 5b).
As expected, c0 has undergone coarsening during prolonged
annealing. The c0 particles exhibit an ellipsoidal shape,
where the average length of the major axis is about
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Fig. 4. STEM micrographs of the specimen annealed at 700 °C for 10 h. (a) Accumulation of c0 precipitates near primary GB carbide. (b) Network of
coherent secondary M23C6 carbides and corresponding SAD. (c) STEM image using a HAADF detector, indicating compositional differences between
secondary carbides.

Fig. 5. (a) HAADF micrographs of the specimen annealed at 700 °C for 100 h. A dense network of secondary M23C6 carbides has been formed close to the
primary M23C6 at the GB. (b) These elongated secondary M23C6 carbides are surrounded by c0 precipitates (arrows pointing down). The corresponding
SAD pattern (inset in the micrograph) includes both phases present in the microstructure. (ÿ1 ÿ1 1) and (ÿ2 0 0) diffraction spots marked by circles
correspond to the c matrix.

50 nm. SAD analyses (see inset in Fig. 5b) again reveal
coherency between all phases present.
The sample aged at 700 °C for 1000 h (Fig. 6a) reveals significantly coarsened primary as well as secondary M23C6
particles. At this stage, the c0 particles at secondary M23C6
carbides exhibit a spherical shape with an average diameter
of 70 nm. The fraction of M23C6 is found to increase in the
grain interior with increasing annealing time, where c0 precipitates are also found at these inner grain carbides.

3.2. APT
Fig. 7a shows a TEM picture of an as-received tip sample prepared for APT analysis. After locating the GB in the
sample, a final low kV FIB-polishing step was done.
Fig. 7b and c present the elemental distribution map of this
sample containing the GB and a concentration depth profile across the GB, respectively. Substantial enrichments of
Cr, Mo, B and C are detected in the grain boundary region,
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Fig. 6. (a) HAADF micrographs of the specimen annealed at 700 °C for 1000 h. Coarsened primary and secondary M23C6 carbides can be seen. (b)
Spherical c0 precipitates (arrows pointing down) surrounding the secondary M23C6 carbides (arrows pointing up). The corresponding SAD pattern
(included in the lower right part of the micrograph) relates to both phases present in the microstructure. Highlighted (ÿ2 2 0) and (0 2 0) planes correspond
to the matrix.
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Fig. 7. (a) Tip imaged by TEM before final FIB polishing and APT measurement. The sample contains a GB (marked with a white arrow). (b) GB of the
as-received material measured by means of atom probe. For clarity only Ni (green) and B (red) atoms are displayed. (c) Concentration profile along the
white arrow in (b). Significant enrichments of Cr, Mo, B, and C at the GB are revealed.

whereas Co is slightly and Ni is strongly depleted. In order
to confirm these findings a second APT measurement of a
neighboring GB zone was performed, resulting in nearly
identical segregation profile of the elements. As shown by
TEM, primary M23C6 particles decorate the grain boundaries of Alloy 617B. These M23C6 particles could be
detected by means of APT in as-received samples as well
as annealed samples.
Composition profiles across secondary M23C6/c phase
boundaries, plotted as proximity histograms [13,14], are
shown in Fig. 8a–d, whereas Fig. 8f presents the concentration profile across a M23C6/c0 interface. The error bars represent the 2r deviation error. While all M23C6/c as well as
M23C6/c0 interfaces exhibit B enrichment, no B is detected
at c/c0 interfaces. The latter observation is in agreement
with previous atom probe investigations on B-containing
Ni-based superalloys [15,16]. Due to the nearly parallel ori-

entation of the detected M23C6/c interfaces and the local
magnification effect [17], the B concentration peaks in
Fig. 8b and d are smeared out.
Fig. 8e shows the elemental map of a sample annealed at
700 °C for 100 h. It can be seen that the APT results are in
excellent agreement with TEM observations, showing c0
precipitates adjacent to M23C6 carbides. While B is preferentially located at the M23C6/c and M23C6/c0 interfaces, no
B is detected at c/c0 interfaces. The measured phase compositions are listed in Table 2.
As expected, Al and Ti are strongly enriched in the c0
phase, whereas Cr, Co and Mo are depleted. The M23C6
carbide mainly consists of Cr (66 at.%) and smaller
amounts of Mo (9.5 at.%), Ni (4.1 at.%) and Co
(2.5 at.%), while no Al and Ti are detected in the carbide.
The stoichiometry of this carbide phase corresponds to
M23C6. The TEM-EDX maps shown in Fig. 3a–c indicate
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Fig. 8. APT data and concentration profiles across M23C6/c interfaces; (a)–(d) show concentration profiles across M23C6/c interfaces for the as-received
state as well as samples annealed at 700 °C for 10, 100 and 1000 h, respectively. B enrichments at the M23C6/c phase boundaries are detected. (e) Elemental
distribution map of the sample annealed at 700 °C for 100 h. In agreement with TEM observations, a c0 precipitate adjacent to a M23C6 particle is
displayed. The c phase is visualized by an isoconcentration surface of 7 at.% Co. Enrichments of B at the M23C6/c0 interfaces can be observed as well. (f)
Corresponding to the measurement in (e) a concentration profile across the M23C6/c0 interface is shown. B enrichment as well as pile-up of Co at the
M23C6/c0 interface is found. The error bars in the profiles correspond to 2r deviation errors.

an enrichment of Ni as well as depletion of Cr around the
M23C6 particle. Due to the weak Al signal, an Al-rich zone
around the carbide could not be detected by EDX, but was

proven via compositional atom probe analysis of a matrix
region close to a M23C6 particle (see Table 3). The matrix
region surrounding M23C6 particles contains 40% more
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Table 2
Chemical composition as measured by APT. Phase compositions (at.%) were determined for a sample annealed at 700 °C for 100 h.

c
c0
M23C6

Ni

Cr

Co

Mo

Al

Fe

Ti

C

B

59.8 ± 0.12
72.0 ± 0.05
4.1 ± 0.02

18.8 ± 0.06
2.6 ± 0.02
65.5 ± 0.03

13.0 ± 0.08
3.8 ± 0.02
2.5 ± 0.01

4.3 ± 0.05
2.7 ± 0.01
8.4 ± 0.02

2.2 ± 0.03
14.9 ± 0.03
0.0

1.2 ± 0.02
0.4 ± 0.01
0.6 ± 0.01

0.3 ± 0.02
3.0 ± 0.02
0.0

0.05 ± 0.01
0.06 ± 0.01
18.8 ± 0.1

0.0
0.0
0.03 ± 0.002

Table 3
Local composition variation (at.%) in the matrix in grain interior and close to M23C6 as measured with APT (as-received sample).
c (grain interior)
c (close to M23C6)

Ni

Cr

Co

Mo

Al

Ti

53.5 ± 0.015
59.7 ± 0.138

25.1 ± 0.01
18.4 ± 0.173

11.6 ± 0.006
13.5 ± 0.129

5.9 ± 0.006
3.6 ± 0.085

2.0 ± 0.002
2.8 ± 0.42

0.35 ± 0.002
0.45 ± 0.031

Table 4
Composition (at.%) of the main elements of Alloy 617B used for thermodynamic calculations.
Ni

Cr

Co

Mo

Al

Fe

Ti

Si

N

C

B

Bal.

24.7

11.4

5.2

2.1

1.0

0.4

0.3

0.1

0.3

0.02

Al, 28% more Ti, 12% more Ni, 27% less Cr and 39% less
Mo relative to the matrix in the grain interior.
Previous studies on the site preferences of solute elements in c0 (Ni3Al) revealed that Cr, Mo, Fe and Ti preferentially occupy Al sites in c0 [18–22], whereas Co shows a
strong tendency to substitute Ni [23]. Taking into account
these site preferences, the measured APT compositions
yield the stoichiometry of c0 .
3.3. Thermo-Calc
In order to validate the APT data, thermodynamic calculations were performed using the software Thermo-Calc,
which is based on the Calphad method [24]. The TTNI-8
database for Ni-based superalloys was used for the calculations. The nominal composition was used for the calculations (Table 4). For 700 °C, c, c0 , Ti(C,N), Mu-phase,
M23C6 and M3B2 are predicted as equilibrium phases by
Thermo-Calc. When eliminating the phases, which are
not experimentally observed, more accurate thermodynamic predictions can be obtained as demonstrated by
Miller et al. [25]. Thus, in the present case only c, c0 ,
Ti(C,N) and M23C6 were considered for further calculations. In Table 5 the calculated equilibrium compositions
of c, c0 , Ti(C,N) and M23C6 at 700 °C are listed. It should
be noted that Thermo-Calc predicts the existence of two
different M23C6 carbides with strongly differing B content
(see Table 5).
4. Discussion
4.1. GB chemistry
As observed by SEM and TEM, the as-received sample
exhibits primary M23C6 carbides which decorate the grain
boundaries. These particles are typically about 0.2 lm in

thickness (compare Fig. 3). However, the GBs are not
homogeneously decorated by carbides. Fig. 7 shows a GB
region where only a thin carbide film is precipitated. Here,
a strong variation in composition is observed within a
range of about 3 nm. The Ni content is drastically reduced,
while Co is slightly depleted and Cr, Mo, B and C are significantly enriched (Fig. 7c). Under the assumption that B
substitutes C the local composition in this thin plate-like
precipitate corresponds to the stoichiometry of
M23(B,C)6. The high B content of M23(B,C)6 is most likely
the result of cooling. According to the mobility database
MOBNI, the mobility of B in the c matrix is much higher
than that of C. Consequently, at the very early stages of
M23C6 formation the flux of B from c towards the growing
M23C6 particle is higher than that of C, leading to a high B
concentration in M23C6. Furthermore, at lower temperatures (T 6 800 °C) a B-rich modification of M23(B,C)6
becomes stable (denoted M23C6#2 in Table 5). Simulations
performed with DICTRA showed that the formation of a
thin B-rich M23(B,C)6 precipitate is completed within seconds after nucleation. These results show that M23(B,C)6
can form even at very high cooling rates, and definitely will
form under technical production conditions.
4.2. Formation of precipitates
Primary M23C6 carbides located at the GB were
observed in the as-received state (Fig. 3a) as well as in
heat-treated samples (Figs. 4a, 5a, 6a). Moreover, secondary M23C6 were found close to GBs and Ti(C,N) particles
in annealed samples (Figs. 2b and 5a). Secondary carbides,
together with the c0 phase, are reported to form as products
of the decomposition of primary MC-carbides upon
annealing [26,27]. In the present study, secondary M23C6
were observed to form around Ti(C,N)-particles (see
Fig. 2b), where Ti(C,N) provides C for secondary carbide
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Table 5
Calculated equilibrium compositions (at.%) of a sample annealed at 700 °C for 100 h. Borides were excluded from the Thermo-Calc equilibrium
calculations.

c
c0
M23C6 #1
M23C6 #2
Ti(C,N)

Ni

Cr

Co

Mo

Al

Fe

Ti

Si

N

C

B

55.0
71.3
5.3
2.4
50.0

24.6
2.5
61.8
74.0
1.2  10ÿ3

11.7
3.3
2.0
2.0
0.0

5.2
0.7
10.2
0.7
0.0

1.9
13.4
0.0
0.0
0.0

1.0
0.13
0.09
0.17
0.0

0.13
8.2
4  10ÿ6
4  10ÿ7
0.0

0.3
0.37
0.0
0.0
0.0

1.7  10ÿ6
0.0
0.0
0.0
49.38

6  10ÿ4
0.0
20.5
12.7
0.6

3.110ÿ3
0.0
0.23
8.0
7.1  10ÿ4

formation. In addition, dislocations close to GBs and the
incoherent Ti(C,N)-precipitates may contribute to the formation of secondary carbides, since M23C6 is reported to
show a strong tendency to nucleate at lattice defects such
as dislocations or GBs [28,29]. Hence, the described circumstances give beneficial conditions for carbide nucleation. Promoting the formation of Ti(C,N) in this
material aims at controlling the grain size [30]. However,
the downside of this mechanism is that these particles are
incoherent with the matrix and thus give rise to a high dislocation density. The latter effect can increase the creep
rate, as accumulated dislocations can act as sources for dislocation multiplication and lead to stress concentrations
and microcracks.
The secondary carbides are concentrated in a range of
about 2 lm close to the GB. This is obviously due to the
fact that the GB acts as a source of vacancies. The composition of M23C6 is very different from the c matrix. Thus,
the formation and growth of M23C6 particles requires
transport of a considerable amount of all elements. Secondary M23C6 carbides were found to have two different
chemical compositions after annealing at 700 °C for 10 h
as revealed by different atomic Z contrast in Fig. 4c. Such
an observation is in good agreement with previous reports
by other authors, where a variant of M23C6 with a higher B
content was found [35–37]. Since the investigated Alloy
617B is enriched with B, the findings are not unusual.
Moreover, equilibrium calculations using Thermo-Calc
also predict two types of M23C6 for this material (see
Table 5). A significant variation of Cr and Mo content in
the two types of M23C6 is determined, which should lead
to the observed HAADF contrast (Fig. 4c). The reliability
of the thermodynamic data is discussed in Section 4.3.
Upon formation of M23C6, the surrounding c matrix
around the carbide particle has a composition strongly differing from the bulk composition (see e.g. Fig. 3b and c).
Both APT analyses and ThermoCalc predictions (Tables
2 and 5, respectively) reveal that M23C6 contains no Al
and Ti and only small amounts of Ni. As a consequence,
the matrix region surrounding the carbide is rich in the
rejected c0 -forming elements, while Cr as a M23C6-forming
element is depleted in this region (see Table 3). Thus, the
driving force for the nucleation of c0 at the existing
M23C6/c interface is expected to be strongly enhanced as
suggested by Yan et al. [31]. Hence, a correlated growth
of M23C6 and c0 is observed, which leads to a heterogeneous distribution of c0 . Moreover, we observe that the

width of the depletion zone of Al and Ti depends on the
size of the M23C6 particle and that the number density of
c0 particles nucleated at the coarse primary M23C6 particles
is larger compared to the smaller secondary M23C6 particles (see Fig. 4a and c).
In general, it was observed that M23C6 particles grow in
the elastically soft (1 0 0)-directions of the matrix, resulting
in plate-shaped particles with an aspect ratio of up to 10:1.
The formation of c0 envelopes is expected to inhibit the
growth of M23C6 by constraining the diffusion of Cr and
Mo. The TEM image in Fig. 4c supports this argument.
It can clearly be seen that c0 prevent coarsening of secondary M23C6 carbides, giving rise to a wavy shape of the
particles.
4.3. Evaluation of thermodynamic data
The comparison between Thermo-Calc results and the
experimentally determined compositions of c, c0 and
M23C6 after 100 h annealing yields good agreement. However, one has to take into account the experimentally
observed local compositional variations when evaluating
Thermo-Calc data. In fact, it could be shown that the
matrix compositions in the bulk and close to the matrix/
carbide interface differ strongly due to rejection and enrichment of certain elements during growth of the carbides (see
Table 3). As a consequence, the global composition of the
c–phase (calculated by Thermo-Calc) shows a relative deviation from the local composition (measured by APT) by 10
at.% and 33 at.% for Ni and Cr, respectively. In addition,
minor deviations between the measured and calculated
compositions can arise from measurement errors associated with the APT method. These can be caused by preferential field-evaporation of certain elements and by
statistical uncertainties [32,33]. On the other hand, the calculated compositions can be inaccurate due to an incomplete database or due to the fact that the system is still in
a transient state. In summary, there are several aspects to
consider when comparing experimental and computational
data.
4.4. Interface analysis
Previous studies on carbide precipitation in stainless
steels by means of atom probe field ion microscopy
(APFIM) revealed enrichments of B inside M23C6 [33–
35]. Lundin and Richarz investigated B-doped Cr-rich

Author's personal copy

D. Tytko et al. / Acta Materialia 60 (2012) 1731–1740

steels for power plant applications by APFIM [34]. The
authors found B-enriched M23C6-carbides and P segregation at the M23C6/c interface after long-term aging at
480 °C. Within the detection limit of the one-dimensional
atom probe used in their study, no B segregation could
be detected in their work.
As shown in Fig. 8a–d, we were able to observe B
enrichment at the M23C6/c interface in the as-received as
well as annealed states of Alloy 617B. Moreover, an enrichment of B at the M23C6/c0 interface was detected in the
sample annealed for 100 h (see Fig. 8f). To quantify the
enrichments, the Gibbs interfacial excess was determined
by integrating the B-enriched area of the concentration
profiles according to the procedure described in Refs.
[35,36]. Based on our experimental results, the interfacial
excess of B at M23C6/c is nearly equal in all heat-treated
states,
with
an
average
value
of
2.55 ± 0.34  1014 atoms cmÿ2.
In the case of the M23C6/c interface, the B enrichment
may be related to the kinetics. At first, in the nucleation
stage the boundary condition at the moving M23C6 interface leads to a slightly increased B content due to the faster
diffusivity of B compared to C. During M23C6 growth, the
B content takes the equilibrium value of about 0.2 at.%.
Consequently, there is no B enrichment at the moving
boundary during growth. The observed B enrichment at
this boundary is then the result of the cooling process. During cooling, B diffusion is dominant relative to C. This
leads again to the observed B enrichment on the nanometer
scale. These conclusions are based on first results obtained
from simulations with DICTRA in conjunction with the
mobility database MOBNI.
Besides revealing the B distribution, Fig. 8f also shows
an enrichment of Co between M23C6 and c0 . This enrichment can essentially be explained by the fact that Co has
a low solubility in both M23C6 and c0 (see Tables 2 and
5). While M23C6 and c0 coarsen, the Co is rejected, leading
to a pile-up between the two phases boundary on the
heterointerface.
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617B may have a more stable microstructure than its Bdepleted counterpart Alloy 617, which explains the
observed enhancement in the creep rupture strength of
Alloy 617B as shown in Fig. 1. More detailed comparative
studies of the microstructure of these two alloys are currently being undertaken.
5. Conclusions
A polycrystalline Ni-based superalloy (Alloy 617B) was
studied with respect to its microstructural evolution at a
service temperature of 700 °C using a combination of
SEM, TEM and APT. The grain boundaries in this alloy
were of serrated shape and decorated with M23C6 particles.
In addition, a phase with a composition close to M23C6,
though with a higher B content, was detected. After thermal exposure at 700 °C formation of secondary M23C6 carbides coherent with the c matrix and heterogeneous
nucleation of c0 particles at M23C6/c interfaces were
observed. The latter is due to an enrichment zone of c0 forming elements around M23C6. APT provided chemical
composition maps of c, c0 and M23C6 in good agreement
with Thermo-Calc results. Deviations between experiment
and simulation mainly arise from the local compositional
variations of the matrix close to the M23C6/c interfaces.
Furthermore, B enrichments at the M23C6/c and M23C6/
c0 phase boundaries were detected, which can be explained
by diffusive competition between C and B in the early
nucleation stage and during quenching. On the other hand,
no B enrichment at the c/c0 interface was detected.
Interfacial B enrichments and c0 formation at M23C6
are believed to slow down the growth of M23C6 particles
and thus preserve a stable precipitation network of
coherent particles, increasing the creep resistance of this
material. To support this assumption, comparative studies of the microstructural evolution of creep-deformed
Alloy 617 and Alloy 617B samples are planned as future
work.
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4.5. Secondary carbide network
The growth of M23C6 particles is expected to be inhibited by the formation of c0 envelopes. These layers suppress
the diffusion of M23C6-forming elements. Furthermore, B
segregation to the M23C6/c is expected to lower the interfacial energy and mobility, also contributing to an inhibited
growth of M23C6 particles. As a consequence a stable network of secondary M23C6 particles is formed. On the one
hand, such highly dispersed network of fine secondary carbides is able to retard the spread of dislocations during
creep, where the obstacles delay the accumulation of dislocations at GBs and postpone the formation of microcracks.
On the other hand, the decelerated carbide coarsening prolongs the expansion of the carbide film at the GBs, which is
known to deteriorate the mechanical properties of the
material [37]. These considerations suggest that Alloy
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