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Abstract—Substructure analysis on cyclically deformed metals is typically performed by time-consuming transmission electron microscopy probing,
thus limiting such studies often to a single parameter. Here, we present a novel approach which consists in combining electron backscatter diffraction
(EBSD), digital image correlation and electron channelling contrast imaging (ECCI), enabling us to systematically probe a large matrix of different
parameters with the aim of correlating and comparing their interdependence. The main focus here is to identify the influence of cycle number, initial
grain orientation and local strain amplitude on the evolving dislocation patterns. Therefore, experiments up to 100 cycles were performed on a poly-
crystalline austenitic stainless steel with local strain amplitudes between 0.35% and 0.95%. EBSD and ECCI maps reveal the individual influence of
each parameter while the others remained constant. We find that the dislocation structures strongly depend on grain orientation. Dislocation struc-
tures in grains with double-slip (h112i // LD, h122i // LD and h012i // LD) and multiple-slip (h111i // LD, M h011i // LD and h001i // LD)
orientations with respect to the loading direction (LD) are characterized under the variation of strain amplitude and cycle number.
� 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Austenitic stainless steels are key materials in multiple
structural, industrial infrastructure and energy applica-
tions. During operation these structural components are
subjected to reversed plasticity due to cyclic thermal stres-
ses. Low cycle fatigue (LCF) represents a predominant
loading and failure mode. Hence, it is essential to under-
stand the microstructural evolution during cyclic deforma-
tion [1–5].

During the past decades, substantial progress has been
made in studying the fatigue properties and underlying
mechanisms of different alloys. Many studies were per-
formed on pure face-centred cubic (fcc) materials, particu-
larly on Cu single crystals [6–9]. The results of these studies
were summarized by Basinski and Basinski [10] and more
recently by Li et al. [11]. However, only few fundamental
studies were performed on more complex materials such
as stainless steels [2,12–24].

Although cyclic deformation is very sensitive to a num-
ber of parameters such as temperature, strain amplitude,
stacking fault energy, orientation and loading conditions,
most studies so far focused on the microstructure evolution

as a function of a single parameter. Such single-parameter
studies addressed effects of temperature [3,5,13,15], strain
amplitude [2,3,14,16,18,20,21,25], cycle number [22–24],
strain rate [1] and interstitial alloying [26,27] on the micro-
structure evolution during cyclic loading. Up to now, no
studies have been performed on the combined and interac-
tive influence of these parameters.

Similarly, most studies on the formation of dislocation
structures during cyclic deformation of stainless steels were
performed on high (>1000 cycles) cycle numbers or were
conducted after failure [12,14,15,17,18]. However, the dislo-
cation arrangements change significantly during the early
stages of cyclic fatigue, as was recently pointed out by
Pham et al. [22–24].

Surprisingly, no studies on the orientation dependence
of dislocation structure formation during cyclic fatigue
are available for stainless steels although such an influence
was revealed by a number of studies on pure fcc metal sin-
gle crystals such as Cu [28–32] or polycrystalline Ni [33].

The aim of this study is to investigate the orientation
dependence of the formation of dislocation substructures
during low cycle fatigue under systematic variation of
strain amplitude and cycle number. We apply an integrated
approach using combined electron backscatter diffraction
(EBSD), digital image correlation (DIC) and electron chan-
nelling contrast imaging (ECCI). The setup is designed in
such a way, that a limited set of experiments is sufficient
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to screen a large parameter matrix including systematic
combinations of strain amplitude, cycle number and crys-
tallographic orientations.

2. Experimental procedure

The material investigated is austenitic stainless steel of
type AISI316, Table 1. The microstructure is fully austenit-
ic with a grain size of 60 lm and random crystallographic
texture.

Bone-shaped flat specimens with a gauge length of
8 mm, a width of 2 mm and a thickness of 1 mm were pre-
pared via spark-erosion. Prior to deformation the speci-
mens were mechanically ground and polished.

Fig. 1 shows an example of the applied sequence of
experiments. First, crystallographic characterization of all
specimens was performed using EBSD, Fig. 1a. The EBSD
scans were performed on a CamScan 4 tungsten-filament
scanning electron microscope with an acceleration voltage
of 20 kV and a step size of 3 lm. Cyclic deformation exper-
iments were performed with a Kammrath & Weiss tensile-
compression module equipped with a 5 kN load cell under
displacement control (±100 lm) with a strain rate of
0.5 � 10�3 s�1 (Fig. 1b).

A three-dimensional DIC setup by GOM (Gesellschaft
für Optische Messtechnik) was used to measure the local
strain distribution in situ during cyclic deformation. The
cyclic experiments were conducted for 30, 50 and 100 cycles
and the subsequent analysis of the local strain distribution
was performed using the DIC analysis software Aramis
(GOM) [34,35]. The effective local strain amplitude was cal-
culated for the complete specimen and averaged over equi-
distant regions of 500 lm (Fig. 1c). We use the term “local
strain amplitude” when referring to strain amplitudes cal-
culated in this way throughout this paper. The upper image
in Fig. 1c shows an exemplary DIC snapshot of the local
strain distribution after one half-cycle; the colour code
and values displayed in the corresponding legend refer only
to the relative local strains of this particular half-cycle with
respect to the initial half-cycle. The local strain amplitudes
were calculated from the sum of all cycles. The lower graph
in Fig. 1c shows the local strain amplitudes for different
DIC measurement points along the specimen loading axis.
The information of the average local strain amplitude
obtained by DIC analysis was superimposed with the
EBSD maps (Fig. 1d). By applying this procedure, defined
regions were mapped in which both, the averaged local
strain amplitude and the crystallographic orientation, of
individual grains were known.

Detailed post mortem ECCI observations were per-
formed in grains with three different double-slip (h112i //
LD, h122i // LD and h012i // LD) and three different mul-
tiple-slip (h111i // LD, h011i // LD and h001i // LD) ori-
entations, with effective local strain amplitudes of 0.35%,
0.65% and 0.95%, respectively, and for specimens subjected

to 30, 50 and 100 cycles, respectively. This observation
matrix contains 54 different combinations of strain ampli-
tude, cycle number and crystallographic orientation
(3 � 3 � 6). We performed 158 individual measurement
(on average three different areas per parameter combina-
tion) to ensure that the observed dislocation structures
are consistent. The presented data are typical results for
the respective combinations of strain amplitude, cycle
number and orientation. By using in situ DIC during defor-
mation it was possible to select grains with different orien-
tations and local strain amplitudes from one specimen. This
allows the systematic analysis of a high number of param-
eters by using a limited number of specimens. All orienta-
tions probed in this study refer to the standard triangle
shown in Fig. 1e; the discussion of crystallographic equiva-
lent orientations is based on this Schmid-type notation.
This procedure enables the systematic evaluation of a
matrix that includes 54 different combinations of strain
amplitude, cycle number and grain orientation. Observa-
tion of the dislocation arrangements in each probed grain
was performed using ECCI in a high-resolution field emis-
sion gun scanning electron microscope (Zeiss FIB XB1540)
using a working distance of �6 mm and an acceleration
voltage of 30 kV without any repolishing after deformation
to preserve surface steps formed by planar dislocation slip.
All dislocation structures originate from regions inside the
grains and not from regions close to grain boundaries.

ECCI observations of cycled specimens give two impor-
tant sets of information on the same specimen: (i) slip traces
of active dislocations are visible as surface steps (straight
lines in Fig. 2) and enable us to determine the active slip
planes with the largest shear contribution; (ii) the formed
debris dislocation structures in the microstructure after
the preceding loading step are visible simultaneously [36–
41], Fig. 4. Hence, the direct relation between the active slip
systems and the formed dislocation structures is possible.

3. Experimental results

3.1. Global strain behaviour and mechanical response

The strain amplitude for all experimentally probed
microstructure patches was calculated based on the locally
obtained DIC results, which enables us to extract the local
deformation state in different cross-sectional zones, Figs. 1c
and 3. We have observed strain inhomogeneities also along
the vertical direction; however, the vertical strain inhomo-
geneities are not as pronounced as the horizontal strain
inhomogeneities. A detailed analysis of the vertically
aligned DIC points clearly reveals strain inhomogeneities
in the order of 10% with respect to the average strain ampli-
tude at this position. We interpret this difference with
respect to the loading direction. The loading direction is
parallel to the specimen axis; therefore the stress compo-
nent in the horizontal direction is higher than in the vertical
direction and consequently also the strain inhomogeneities.
We observed that the average global strain amplitude
remains constant over all cycles. When compared to classi-
cal strain-controlled experiments performed by other
groups, e.g. Refs. [4,42] using similar global strain ampli-
tudes, it was confirmed that the cyclic hardening curves
obtained by displacement controlled experiments are
comparable, Fig. 2.

Table 1. Material composition in wt.%.

Cr Ni Mo Mn Si N

17.2 12.2 2.48 1.44 0.389 0.088

P C O Al S Fe

0.036 0.0249 0.0076 <0.005 0.0008 Bal.
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3.2. Local strain distribution and local strain amplitude

Fig. 3 exemplarily shows the distribution of the local
strain along the specimen dimensions and corresponding
local strain amplitude curves for different regions along
the loading axis (areas A, B, C, D and E in Fig. 3) over
100 cycles. The results reveal that the averaged global strain
amplitude is not consistent with the effective local strain
amplitude. Specifically, the local strain amplitude is inho-
mogeneously distributed along the specimen loading axis
(Fig. 3).

To verify that these strain inhomogeneities are genuine,
we have (i) repeated the experiments, (ii) compared the glo-
bal cyclic hardening curves with classical strain-controlled

experiments performed by other groups [4,42] (Fig. 2) and
(iii) performed experiments on Al single crystals where we
found significantly less inhomogeneous strain distributions.
These results strongly indicate that the observed strain
inhomogeneities are real and result from the fact that the
local stress state may profoundly deviate from the macro-
scopic loading state in polycrystalline aggregates. Conse-
quently, strain and hardening evolve differently depending
on the respective local stress state. This assumption is fur-
ther supported by the local strain amplitude curves shown
in Fig. 3: sample regions which experience higher local
strain amplitudes (areas C and D) show an earlier and more
pronounced hardening and softening during cycling than
regions which experience lower local strain amplitudes.

Fig. 1. Overview of the experimental procedure. (a) Prior to cyclic deformation the specimens were measured by EBSD to obtain the crystallographic
orientations. (b) Afterwards the specimens were cyclically deformed to up to 100 cycles under displacement control. (c) In situ strain analyses by DIC
was performed during cyclic deformation showing a variation of the local strain amplitude along the loading axis (X coordinate), the example shown
being for one half-cycle; the colour code and values in the legend refer only to this particular half-cycle with respect to the initial state; the local strain
amplitudes shown in the graph are calculated from the sum of all cycles. (d) Correlation of EBSD and DIC results considering the local (and not the
global) strain amplitude was performed. (e) ECCI channelling was conducted on selected crystallographic orientations for different local strain
amplitudes, respectively. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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Specifically, the curve for the lowest local strain amplitude
(region E) decreases constantly up to �40 cycles and then
remains almost constant, indicating that this region is still
in the local hardening stage. For the regions with

intermediate local strain amplitudes (A, B, C) the local
hardening stage is earlier completed. The strain amplitude
in regions A and B constantly decreases up to 20–25 cycles,
and then remains nearly constant, indicating that they are
at the transition from hardening to softening after 100
cycles. In region C the local hardening is completed after
15–20 cycles followed by a local softening. In region D
the local softening starts after 10 cycles.

These macroscopically (DIC scale) measured strain inho-
mogeneities stem most probably from local, i.e. microscop-
ical, strain inhomogeneities due to locally different stress
states arising during polycrystalline deformation. Due to
their different orientation some grains are more favourably
oriented for dislocation glide than others. Consequently,
localized plastic deformation takes place and stress concen-
trations and strain gradients occur. This results in locally
different cyclic hardening and softening behaviour during
fatigue. EBSD results indicate that the observed (DIC scale)
strain inhomogeneities are even higher at the grain scale.
Such plastic inhomogeneities have also been reported by
Jiang [43]. Hence, the observed dislocation structures can-
not be simply related to the average global strain amplitude
– as measured without using DIC – but are sensitively
depending on the micromechanical, i.e. local, stress state
and the resulting local strain amplitude.

Fig. 3. DIC snapshot showing the observed heterogeneous strain distribution along the specimen loading axis and corresponding local strain
amplitude curves for different regions (areas A, B, C, D and E) over 100 cycles.

Fig. 2. Global cyclic hardening response obtained in this study in
comparison to strain-controlled experiments with similar strain
amplitudes performed by other groups [4,36].
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3.3. Microstructural evolution

3.3.1. h112i LD double-slip orientation
Fig. 5 shows the dislocation arrangements for double-

slip orientations close to h112i // LD. The dislocation
arrangement for a strain amplitude of 0.35% (Fig. 5a–c)
consists mainly of individual dislocations, the majority of
which is aligned with the observed slip traces. No signifi-
cant increase in the dislocation density is observed with
an increasing number of cycles. The traces of two slip
planes are observed.

Fig. 5d–f (ea = 0.65%) reveals an increase in planar dis-
location activity with increasing strain amplitude, as visible
from the higher density and narrower slip plane traces and
an overall increased dislocation density when compared to
regions exposed to ea = 0.35%. After 30 cycles, mainly indi-
vidual dislocations which are aligned with the slip traces are
present, whereas after 50 cycles dislocation clusters with
dimensions 100–200 nm have formed. After 100 cycles these
clusters appear much more homogeneous, indicating the
beginning of vein formation, i.e. clear dislocation-rich
regions (pre-veins) are separated by dislocation-depleted
regions (channels). The cluster size roughly equals their
spacing. Similarly to the observations at ea = 0.35% the
traces of at least two active slip planes are visible, of which
one system appears to be dominant for all considered strain
amplitudes and cycle numbers.

After 30 cycles and a strain amplitude of 0.95% the
dislocation density (Fig. 5g) is significantly higher than
for lower strain amplitudes and dislocation clusters are
observed. After 50 cycles (Fig. 5h) these clusters trans-
form into inhomogeneously distributed “pre-veins”. After
100 cycles (Fig. 5i), clear and well defined veins with a
thickness of 100–200 nm and a distance of 0.5–1.0 lm
have formed. These veins are elongated along three differ-
ent directions, parallel to the traces of (101), (�101) and
either (�2�11) or (310) planes. Contrast changes within
one grain indicate heterogeneous strain distribution inside
the grain and subgrain formation. As observed for a
strain amplitude of 0.65%, the dominance of one set of
slip plane traces is also confirmed for a strain amplitude
of 0.95%, although further slip traces are present but less
pronounced.

3.3.2. h122i // LD double-slip orientation
Fig. 6 shows the dislocation arrangements formed inside

orientations that are close to h122i // LD. Similar to the
structures formed in h122i // LD orientations, individual
dislocations aligned with the slip traces of active slip planes
are present. A slight increase in dislocation density was
found with increasing cycle number.

Both the dislocation density and the activity of planar
slip increased when exposed to higher strain amplitudes.
After 100 cycles inhomogeneous dislocation arrangements
are observed: in some parts of the grain vein formation sets
in, while in other regions individual dislocations or clusters
prevail. This finding is more pronounced in the case of
0.95% strain amplitude where a band of pronounced veins
coexists with regions where individual dislocations are
observed. The size of the veins in Fig. 6i amounts to 100–
200 nm with a spacing of 0.2–0.6 lm, respectively. Since
the veins are not well-developed, an unambiguous identifi-
cation of their crystallographic direction alignment was not
possible. However, individual segments were found to be
preferentially aligned parallel to (110) plane traces. Also,
vein segments parallel to (113), (001) or (�3�32) plane traces
were observed.

3.3.3. h012i // LD double-slip orientation
Fig. 7 shows the observed dislocation arrangements

observed in double-slip orientations close to h012i // LD.
Individual dislocations are the predominant feature

observed at a strain amplitude of 0.35%. The dislocations
are either randomly distributed or aligned along the traces
of the active slip planes. Increasing planar slip activity
which is apparent in terms of a higher density of slip traces
is observed with increasing strain amplitude. For this
regime (ea = 0.65%) the dislocation density increased after
30 cycles. After 50 cycles dislocation clusters with a size
of 100–200 nm and a distance of 100–500 nm have formed.
The structure shown in Fig. 7f (N = 100) marks the transi-
tion from clusters to “loose” veins but no pronounced
channels are observed. When compared to 50 cycles the size
of the “pre-veins” formed after 100 cycles remains at an
average value of 100–200 nm but the distance between them
increases slightly up to 400–500 nm. The dislocation struc-
tures for a strain amplitude of 0.95% are similar to those
formed at a strain amplitude of 0.65%, but with a more
pronounced vein structure.

3.3.4. h111i // LD multiple-slip orientation
The dislocation arrangements formed in grains with

multiple-slip orientations close to h111i // LD are shown
in Fig. 8. At a strain amplitude of 0.35% individual
dislocations prevail after 30 and 50 cycles, while after 100
cycles cluster formation is observed. Single dislocations
within the clusters are clearly visible and the beginning of
dislocation depletion in between the clusters is evident.
The structures formed at strain amplitudes of 0.65% and
0.95% are characterized by a higher planar slip activity
and higher dislocation density than at 0.35% strain ampli-
tude. After 100 cycles with a strain amplitude of 0.65% pro-
nounced veins which start to form networks are observed.
The size of these veins is found to be 100–200 nm and their
distances vary between 0.3 and 0.8 lm. The observed dislo-
cation structures formed at a strain amplitude of 0.95%
after 30 and 50 cycles are characterized by a transition from
clusters to veins. The observed dislocation structures are

Fig. 4. Observation of features by ECCI: surface traces of different
active slip planes (A, B), individual dislocations (C) (enlarged region)
and dislocation structures such as veins (D).
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heterogeneous: in some grains partially well-pronounced
veins have formed, while in other regions individual dislo-
cations and dislocation clusters are observed. The observed
veins formed after 100 cycles at a strain amplitude of 0.65%
(Fig. 8f) exhibit differently oriented segments. Orientations
parallel to slip traces along (�233) or (�111) planes were

found as well as segments parallel to slip traces along
(�111) and (121) planes. Similar to the substructures
observed at ea = 0.65% and 100 cycles (Fig. 8f) veins with
segments parallel to slip traces of (001), (03�1), (11�1) and
(12�1) or (�1�13) planes are observed after 100 cycles at a
strain amplitude of 0.95% (Fig. 8i).

Fig. 5. Dislocation structures and slip traces observed in orientations close to h112i // LD: (a) ea = 0.35%, N = 30; (b) ea = 0.35%, N = 50; (c)
ea = 0.35%, N = 100; (d) ea = 0.65%, N = 30; (e) ea = 0.65%, N = 50; (f) ea = 0.65%, N = 100; (g) ea = 0.95%, N = 30; (h) ea = 0.95%, N = 50; (i)
ea = 0.95%, N = 100 (LD: loading direction).

Fig. 6. Dislocation structures and slip traces observed in orientations close to h122i // LD: (a) ea = 0.35%, N = 30; (b) ea = 0.35%, N = 50; (c)
ea = 0.35%, N = 100; (d) ea = 0.65%, N = 30; (e) ea = 0.65%, N = 50; (f) ea = 0.65%, N = 100; (g) ea = 0.95%, N = 30; (h) ea = 0.95%, N = 50; (i)
ea = 0.95%, N = 100 (LD: loading direction).
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3.3.5. h011i // LD multiple-slip orientation
The dislocation structures observed in grains with multi-

ple-slip orientations close to h011i // LD are presented in
Fig. 9. No significant increase in planar dislocation activity
was observed with increasing strain amplitude and cycle
number as visible from the slip traces. A low density of indi-

vidual dislocationswhich are partially alignedwith the traces
of the active glide planes are found for the lowest strain
amplitude of 0.35% for all cycle numbers. At strain
amplitudes of 0.65% and 0.95% and up to 50 cycles the dis-
locations are mainly individually arranged and randomly
distributed. After 50 cycles heterogeneous dislocation cluster

Fig. 7. Dislocation structures and slip traces observed in orientations close to h012i // LD: (a) ea = 0.35%, N = 30; (b) ea = 0.35%, N = 50; (c)
ea = 0.35%, N = 100; (d) ea = 0.65%, N = 30; (e) ea = 0.65%, N = 50; (f) ea = 0.65%, N = 100; (g) ea = 0.95%, N = 30; (h) ea = 0.95%, N = 50; (i)
ea = 0.95%, N = 100 (LD: loading direction).

Fig. 8. Dislocation structures and slip traces observed in orientations close to h111i // LD: (a) ea = 0.35%, N = 30; (b) ea = 0.35%, N = 50; (c)
ea = 0.35%, N = 100; (d) ea = 0.65%, N = 30; (e) ea = 0.65%, N = 50; (f) ea = 0.65%, N = 100; (g) ea = 0.95%, N = 30; (h) ea = 0.95%, N = 50; (i)
ea = 0.95%, N = 100 (LD: loading direction).
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formation is observed, accompanied by the onset of disloca-
tion depletion between these clusters. The dislocation
arrangements formed after 100 cycles mark the transition
from dislocation clusters to veins. Due to their fragmented
character, a detailed trace analysis of the vein orientation
is not meaningful. No network formation is found. The
observed veins have a size of 100–200 nm and a spacing of
400–800 nm. Compared to h111i // LD multiple-slip orien-
tation, the veins formed in h011i // LD grains are less well
pronounced.

3.3.6. h001i // LD multiple-slip orientation
Fig. 10 shows the dislocation arrangements formed in

h001i // LD multiple-slip orientations. For a strain ampli-
tude of 0.35% individual dislocations which are mostly
aligned with the slip traces are observed. With increasing
cycle number, the dislocation density increases, but it is
lower than in all other orientations studied. After 100 cycles
at strain amplitudes of 0.35% and 0.65% singular and het-
erogeneously distributed dislocation clusters are observed
(Fig. 10c and f). At a strain amplitude of 0.95% singular
clusters with a size of 100–200 nm are formed after 30
cycles. With increasing cycle number the dislocation clus-
ters become more pronounced and initial vein formation
is observed at 0.95% strain amplitude. These veins
(Fig. 10h) are parallel to (1�11) and (�110) plane traces
and have a size of 100–200 nm and a spacing of 0.4–1.0 lm.

4. Discussion

4.1. Validation of the experimental setup

To validate if the dislocation structures obtained with
the ECCI technique are reliable and consistent with those

observed by other experimental means, the present ECCI
results are compared with a recent transmission electron
microcopy (TEM) study on dislocation structure formation
during cyclic deformation in AISI316 stainless steel by
Pham et al. [22]. Fig. 11 shows a comparison of the
observed microstructures by TEM [22] and by ECCI (pres-
ent study) at three different stages in the cyclic hardening
curve.

This comparison clearly reveals the fidelity of the dislo-
cation structures mapped by using the ECCI technique. By
using ECCI the sample preparation can be performed prior
to the actual deformation process, and hence slip traces are
preserved. The ECCI method has several advantages in that
context. First, it offers a very wide field of view. Second, no
mechanical gradients and preparation artifacts from dim-
pling and TEM hole preparation occur. Third, the ECCI
analysis – being a surface sensitive probing method – offers
two types of complementary information sets, namely (i)
the imaging of the deformation carriers (dislocations in
the current case) together with the pattern substructures
they form and (ii) the surface steps (slip traces) that they
created at the sample surface (Fig. 4). Both aspects are
essential for the interpretation of the observed structures,
since they enable the simultaneous and correlative observa-
tion of the active slip planes, the resulting surface steps and
the evolving dislocation substructures.

4.1.1. Role of inhomogeneous strain distribution
As visualized in Figs. 1c and 3, a significant difference

between the global and the effective local strain amplitude
was observed. As outlined in Section 3.2, it is assumed that
these differences stem from locally heterogeneous microme-
chanical stress states in the polycrystalline samples. The
average global strain amplitude was calculated to fall into
the range between 0.55% and 0.65%, while the effective

Fig. 9. Dislocation structures and slip traces observed in orientations close to h011i // LD: (a) ea = 0.35%, N = 30; (b) ea = 0.35%, N = 50; (c)
ea = 0.35%, N = 100; (d) ea = 0.65%, N = 30; (e) ea = 0.65%, N = 50; (f) ea = 0.65%, N = 100; (g) ea = 0.95%, N = 30; (h) ea = 0.95%, N = 50; (i)
ea = 0.95%, N = 100 (LD: loading direction).
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local strain amplitude was in the range between 0.1% and
1.3%. This is a range of one order of magnitude. Taking
into account that this difference is valid for each cycle, it
is obvious that the difference in cumulated strain increases
with each additional cycle. For example, Fig. 5 impressively
visualizes the influence of the effective local strain ampli-
tude. When considering that all micrographs shown in
Fig. 5c, f and i originate from exactly the same specimen

which experienced cyclic deformation over 100 cycles and
all micrographs show dislocation structures of the same ori-
entation, the isolated influence of the effective local strain
amplitude is evident. It should be considered that the aver-
age global strain was constant over all cycles, which is par-
ticularly the same as in strain controlled experiments. In
these experiments only the average strain within the gauge
length was measured. Without using an in situ DIC setup,

Fig. 10. Dislocation structures and slip traces observed in orientations close to h001i // LD: (a) ea = 0.35%, N = 30; (b) ea = 0.35%, N = 50; (c)
ea = 0.35%, N = 100; (d) ea = 0.65%, N = 30; (e) ea = 0.65%, N = 50; (f) ea = 0.65%, N = 100; (g) ea = 0.95%, N = 30; (h) ea = 0.95%, N = 50; (i)
ea = 0.95%, N = 100 (LD: loading direction).

Fig. 11. Comparison of dislocation arrangements observed with ECCI and TEM [22] for different stages of cyclic hardening curves; the TEM data
are taken from Ref. [22] (the TEM micrographs (b) are reprinted with permission from Elsevier).
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local deviations in the strain arising from buckling or mis-
alignment of the specimen and from inhomogeneous mate-
rial, texture and grain size effects remain undetected.

4.2. Microstructural evolution

4.2.1. Influence of strain amplitude and cycle number
The influence of the strain amplitude on the mechanical

response and the dislocation arrangements in austenitic
stainless steel (AISI 316) was investigated by several groups
[2,4,14,21,22,24,42]. Generally, austenitic stainless steels
subjected to cyclic straining show an initial hardening, fol-
lowed by a softening and finally a subsequent stable
response, termed saturation stage, before failure
[2,4,14,21,22,24,42]. Increasing strain amplitude leads to
an increase in the initial hardening rate and less pro-
nounced softening. Our study focuses on low cycle fatigue
in the softening regime (N = 30, 50) and the beginning of
the stable response regime (N = 100), Fig. 2.

Gerland et al. [14] conducted a comprehensive investiga-
tion of the formation of dislocation structures as a function
of the cyclic plastic strain amplitude after failure in 316L-
type austenitic stainless steel. For very low strain ampli-
tudes (6 � 10�4) dislocation tangles were found to be the
predominant structures. For intermediate strain amplitudes
the fraction of tangles decreased continuously while the
fraction of more complex structures, like walls, channels
and cells, increased. For the highest investigated strain
amplitude (1 � 10�2) the planar structures disappeared
and instead cell structures became the dominant feature.
Dislocation labyrinth structures, persistent slip bands
(PSBs) with ladders, microtwins and stacking faults were
occasionally observed. The tendency that with higher strain
amplitudes more complex dislocation structures formed
was later confirmed also by several other authors
[2,20,21,25].

Detailed studies of Pham et al. [22–24] and Mayama
et al. [20,21] on the combined influence of cycle number
and strain amplitude in low cycle fatigue on austenitic
stainless steel show that increasing strain and/or cycle num-
ber increases the cumulative strain and accelerates the for-
mation of more complex and dense substructures. They
reported [22,23] that the microstructure during the harden-
ing stage consisted mainly of planar structures in the form
of stacking faults and dislocation tangles. The dislocation
density increased at the end of the hardening stage and
the tangles were more condensed. During the softening
stage thick veins were observed, which developed into
well-defined walls at the end of the softening stage. How-
ever, none of the above-mentioned studies considered crys-
tallographic orientation effects on the formation of the
dislocation substructures.

The same trends as outlined above [2,20–25] were also
found in the present study: at low strain amplitudes
(0.35%) individual dislocations and planar arrangements
are predominantly observed, particularly in specimens
loaded for 30 and 50 cycles. After 100 cycles dislocation
clusters were observed in some orientations, indicating
the analogous influence of strain amplitude and cycle num-
ber on the one hand and the influence of the orientation on
the other hand. An intermediate strain amplitude of 0.65%
is equivalent to a higher cumulative strain. Consequently,
dislocation structures have to rearrange to comply with
these strain boundary conditions. This process proceeds

by separation into dislocation-rich and dislocation-depleted
regions [44]. When the cumulative strain increases by
increasing the cycle number, the separation is more pro-
nounced and the resulting vein structures become more
condensed. For the highest local strain amplitude of
0.95% cluster formation occurs already after 30 cycles, cor-
responding to the global maximum of the cyclic hardening
curve. At the beginning of the saturation stage after 100
cycles veins and channels were observed for most crystallo-
graphic orientations.

Besides strain amplitude, cycle number and orientation,
the stacking fault energy (SFE) of the material effects the
dislocation arrangements evolving during cyclic straining.
Splitting of dislocations and the associated formation of
planar dislocation structures are typical features for alloys
with low stacking fault energy (e.g. Cu–16Al [45,46]). In
contrast, the formation of dislocation bundles, veins, walls
and cells are typically observed in materials with high
stacking fault energy [2]. In addition, the occurrence of
PSBs is also related to the stacking fault energy. Magnin
et al. [19] reported a critical range for the SFE in fcc alloys
between 20 and 30 mJ m�2, below which PSBs do not form.
Austenitic stainless steel AISI 316L has a SFE of
�28 mJ m�2 [19] and is commonly observed to deform by
planar slip [17,18].

4.2.2. Influence of crystallographic orientation
The influence of the orientation on dislocation structure

formation during cyclic fatigue was studied mainly on Cu
single crystals. Cu single crystals oriented for single slip
form a “two-phase” substructure consisting of PSBs with
a ladder structure embedded in a matrix consisting of loop
patches or veins over a wide range of strain amplitudes
[28,47,48]. In double slip oriented single crystals the forma-
tion of such two-phase structures ([�112] // LD), dislocation
cells ([�122] // LD) and labyrinth structures ([012] // LD)
was observed [28,29]. [�111] // LD multiple-slip oriented
Cu single crystals revealed dislocation arrangements con-
sisting of matrix and PSB structures [47,49,50] where the
matrix contained dislocation walls and channels and the
PSBs were composed of dislocation cells and ladders
[47,49]. For a low strain amplitude (8.8 � 10�5) the disloca-
tion structure after saturation consisted of labyrinth-like
veins, while for a higher strain amplitude (4.0 � 10�4) dis-
location walls and misoriented cells were observed by Li
et al. [50]. The formation of dislocation cells, dislocation
ladders, veins and dislocation labyrinth structures in multi-
ple-slip oriented [011] // LD Cu single crystals was
observed after 16,000 cycles [51]. On the contrary, Li
et al. [52] observed mainly PSB wall structures in [011] //
LD oriented Cu single crystals at various strain amplitudes
(1.1 � 10�4–3.3 � 10�3). [001] // LD multiple-slip oriented
Cu single crystals form labyrinth structures when cyclically
strained up to saturation at strain amplitudes between
1.8 � 10�3 and 4 � 10�3 [53,54].

In order to identify the activated slip systems, we per-
formed a detailed analysis for each individual measurement
using the OIM 6.2 software by TSL and TOCA [55]. Thus,
the traces of the primary-, conjugate-, coplanar-, cross- and
critical slip-system for each particular orientation were cal-
culated [56]. However, quantitative correlation of the
observed slip band density and the formed dislocation
structures would require the quantification of the density
of dislocations gliding on each individual slip band. Since
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these data are not accessible with the current experimental
methods, any conclusive correlations of slip band densities
and formed dislocation structures would be speculative.

4.2.2.1. h112i // LD double-slip orientation. Grains
with an orientation close to h112i // LD predominantly
form complex structures such as veins in the low cycle
regime. For this orientation cluster formation already starts
after fewer cycles and at lower strain amplitudes compared
to the other orientations considered. From previous studies
conducted on Cu single crystals [29] of this orientation, it is
known that the primary and conjugate slip systems strongly
interact and form sessile Lomer–Cottrell locks (LCLs) [29].

All traces observed in grains with [�112] // LD orienta-
tion (or crystallographic equivalent orientations) (Fig. 5)
belong either to the primary (111)[�101] or to the conjugate
(�1�11)[011] slip system (or crystallographic equivalent sys-
tems). No evidence for the activation of additional slip sys-
tems was found with one exception shown in Fig. 7e, where
weak traces of the cross-slip system are observed. Conse-
quently, the observed dislocation structures have formed
by interactions between dislocations of the primary and
the conjugate slip systems, which preferentially leads to
the formation of sessile LCLs. Due to the sessile nature
of these LCLs, a higher overall dislocation density is neces-
sary to accommodate the applied strain. The formed LCLs
act as obstacles against dislocation motion and thus pro-
mote the formation of dislocation networks. Consequently,
the dislocation density increases rapidly and dislocation
interactions and cluster formation start early and at low
strain amplitudes. Accordingly, vein and channel formation
in orientations close to h112i // LD are much more pro-
nounced when compared to the other double-slip orienta-
tions h122i // LD and h012i // LD.

4.2.2.2. h122i // LD double-slip orientation. The highest
stressed slip systems in [�122] // LD orientations are the pri-
mary (111)[�101] and the coplanar (111)[�110] slip system.
Thus, if only these slip systems were activated, only one
trace should be observed. Our observations of the traces
show only for low cycles (N 6 30) and a low strain ampli-
tude (0.35%) one set of slip traces (Fig. 6). At higher cycle
numbers (N = 50, N = 100) and higher strain amplitudes
(0.65%, 0.95%) two to three sets of slip traces are present.
It is observed that the slip traces of the primary and copla-
nar slip plane, respectively, are always most dominant, indi-
cating that the additionally activated slip systems are
activated at a later stage of loading. It is assumed that a
critical cumulative strain is required before these additional
slip systems become active. The product of the dislocation
reactions of the primary and the coplanar slip system is glis-
sile on the common primary slip plane; hence dislocation
movement is not impeded. Furthermore, it is apparent that
when more than one slip system is active, the observed dis-
location interactions increase and more complex structures
such as clusters and veins form.

4.2.2.3. h012i // LD double-slip orientation. The disloca-
tion structures observed in grains with h012i // LD orien-
tation exhibit less pronounced structures than in h112i //
LD and h122i // LD orientations. All investigated grains
show shear traces pertaining to the primary (111)[�101]
and the critical (�111)[101] slip systems. Since the Burgers
vectors of these two slip systems are perpendicular, not

much interaction other than the formation of jogs is
expected. These jogs have practically no long-range elastic
energy, and therefore the movement of subsequent disloca-
tions is not much affected [57]. Consequently, no well-devel-
oped vein/channel-structures were observed, even for the
highest combination of local strain amplitude and cycle
number.

4.2.2.4. h111i // LD multiple-slip orientation. Li
et al. [32] attributed the formation of the observed cell
structure in [�111] // LD oriented fatigued Cu single crystals
to the reaction of the primary and the coplanar secondary
slip systems. Our results show traces of two or, in the case
of Fig. 8e, three different slip planes, indicating the activity
of more slip systems than the primary and coplanar slip sys-
tems. By calculating the six possible combinations of pri-
mary, conjugate, critical and cross-slip planes, it is found
that in the case of two observed traces these traces belong
to the primary and conjugate slip system, while in the case
of three observed slip traces the third trace belongs to the
cross-slip plane. Traces of the critical slip system were not
observed. Assuming that the primary and the conjugate slip
systems prevail during deformation, as observed in grains
with h112i // LD orientation, the formation of LCLs is
favoured. A comparison of the structures formed in
h111i // LD orientations with those of the two other multi-
ple-slip orientations h011i // LD and h001i // LD, respec-
tively, supports this assumption, since the formation of
more complex structures is advanced, in particular for
low cycle numbers and strain amplitudes.

4.2.2.5. h011i // LD multiple-slip orientation. The trace
analysis for crystals with h011i // LD orientations reveals
a dominant dislocation activity on one slip plane. Only
weak traces of a second (Fig. 9a, d, e, h and i) or third slip
system (Fig. 9b, c and e) are found. These secondary traces
were calculated in all cases to match the trace of the corre-
sponding critical slip system. The formed veins in Fig. 9f
are more pronounced than in Fig. 9i, although the cumula-
tive strain is lower. This is probably due to the earlier acti-
vation of the critical slip system as visible from the more
equally pronounced appearance of slip traces of those
two systems. This aspect is further supported by the struc-
tures observed in Fig. 9h, where the cumulative strain is
much lower than for the case shown in Fig. 9i. However,
due to the higher activity of the critical slip system, indi-
cated by the pronounced surface slip traces that it creates,
dislocation interactions and networking are more
advanced. Furthermore, it is assumed that the co-planar
slip system must also be active, since the reaction of the pri-
mary and the critical slip system would have formed sessile
jogs with no long range impact on the dislocation move-
ment, as shown before for grains with h012i // LD double
slip orientation. However, due to the co-planar character,
this system is not distinguishable from the primary slip sys-
tem by mere trace observation. In h011i // LD multiple-slip
orientations the coplanar slip system is one of the possibly
activated slip systems.

4.2.2.6. h001i // LD multiple-slip orientation. For crys-
tals with h001i // LD multiple-slip orientation, eight slip
systems on all four possible {111} slip planes are theoreti-
cal equally stressed [58]. Accordingly, a dominant primary
slip system as observed for h011i // LD orientations was
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not found. Instead, three or even four traces associated
with different slip planes are almost equally activated. Con-
sequently, the attribution of one individual trace to the pri-
mary slip system and the subsequent calculation of the
traces pertaining to the critical, cross- and conjugate-slip
systems, respectively, is not pertinent for this crystallo-
graphic orientation. Due to the high number of activated
slip systems, dislocations are more equally distributed
along the possible slip planes. This aspect decreases the
possibility of dislocation reactions which impede the move-
ment of dislocations; in particular, when cross-slip takes
place. As a result, the formed dislocation arrangements
are less dense than observed for h111i // LD and h011i
// LD orientations, Fig. 10.

4.2.2.7. Vein orientation. The determination of the crys-
tallographic directions of the observed veins was performed
based on the double pseudo-polygonization (DPP) model
proposed by Dickson et al. [59]. For AISI 316 stainless steel
L’Espérance et al. [60] found wall orientations intermediate
between {100} and {210} orientations. Furthermore, they
identified {111} and {211} or {311} walls within a com-
plex dipolar wall structure [60]. In addition, Kruml et al.
[61] reported dislocation structures parallel to {111}.

In the current study, besides the reported {100} direc-
tions, veins parallel to various other traces were observed.
It is therefore assumed, that during this early stage of fati-
gue, the veins elongate along various directions. It is further
assumed that these veins transform into well pronounced
walls after prolonged cycling. Dickson et al. [59] pointed
out that some wall-orientations are theoretically possible,
but mechanically unfavourable. Consequently, most vein
segments observed in our study are assumed to merge into
walls of one or two main orientations during prolonged
cycling. This aspect is supported by the observation of wall
segments oriented parallel to traces of {111} and {211} or
{311} within a complex dipolar structure [60].

4.2.3. Cumulative strain
The simultaneous investigation of three different influ-

encing parameters as performed in this study reveals the
complexity associated with the formation and evolution
processes of dislocation structures during fatigue. In order
to classify this complexity and to identify general trends
and correlations, the structures are grouped into eight dif-
ferent classes where class 1 represents the lowest complexity
and class 8 stands for well-developed complex substructure
arrangements (Fig. 12). More specific, structures pertaining
to classes 1 to 3 consist mainly of individual dislocations of

different density; classes 4 and 5 represent different stages of
cluster formation; the transition from clusters to pre-veins
is grouped into class 6; and well-pronounced veins and pre-
mature walls are the main features in classes 7 and 8. For a
better visualization of the different structure types, different
colours are allocated to each class in Fig. 12. In addition,
the combination of strain amplitude and cycle number is
expressed by the cumulative strain ecum = 4�ea�N, where ea
is the strain amplitude and N is the cycle number.

A general trend of increasing complexity of the formed
dislocation structures with increasing cumulative strain is
found, but with two exceptions. The structures observed

Fig. 12. Classification of observed dislocation structures depending on orientation and cumulative strain.

Fig. 13. (a) Dislocation structure formation map as a function of the
combination of cycle number and strain amplitude and crystallo-
graphic orientation in loading direction; (b) final dislocation structures
observed in different oriented grains for the highest investigated
combination of strain amplitude and cycle number (N = 100,
ea = 0.95%).
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for a cumulative strain of 1.14 are much more complex than
for the next higher cumulative strain of 1.30, whereas less
complex arrangements are observed for a cumulative strain
of 1.40, independent of the orientation. It is found that the
cumulative strains of these two cases are formed by a com-
bination of 30 cycles and a local strain amplitude of 0.95%
(higher complexity) and 100 cycles and a local strain ampli-
tude of 0.35% (lower complexity). Therefore, it is concluded
that the formation of dislocation structures is more sensi-
tive to the effective local strain amplitude than to the cycle
number and the cumulative strain, respectively.

The evolution of dislocation patterns from individual
dislocations, clustering and loose veins up to well-pro-
nounced and condensed veins as a function of cumulative
strain and orientation is summarized in Fig. 13a. The clear
orientation dependence of dislocation structure formation
is demonstrated in Fig. 13b, where the final structures for
the highest investigated combination of strain amplitude
and cycle number (N = 100, ea = 0.95%) for each orienta-
tion are shown.

5. Conclusions

The method introduced here for the simultaneous inves-
tigation of the influence of crystallographic orientation,
cycle number and strain amplitude on the dislocation struc-
tures in cyclically deformed AISI 316 polycrystalline stain-
less steel leads us to the following conclusions:
(1) In situ strain observations by use of DIC reveal a

heterogeneous distribution of the strain amplitude
along the sample axis during cyclic deformation.
We find that the local strain amplitude differs signif-
icantly from the average global strain amplitude and
has a large influence on the formed dislocation
structures.

(2) Increasing strain amplitude and cycle number leads
to an increased dislocation density and promotes the
tendency to form complex structures such as veins.

(3) A clear orientation dependence of the formed dislo-
cation structures in polycrystalline stainless steel
was found.

(4) The effective local strain amplitude was found to
have a higher influence on the formation of disloca-
tion structures than the cumulative strain.
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