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Introduction
Metal matrix composites with high interface density are 

 produced via severe plastic co-deformation of multiphase 

alloys.1–15 Corresponding compounds are fi rst prepared by 

liquid or powder metallurgy3–12 or through restacking solids 

of different composition.2 Subsequent extreme straining, to 

promote intense microstructure refi nement, proceeds by wire 

drawing, ball milling, accumulative roll bonding, damascene 

forging, equal channel angular extrusion, friction, or high-

pressure torsion.7

Corresponding material systems can be grouped accord-

ing to a microstructural or chemical classifi cation scheme: 

From a microstructural perspective, multiphase systems can 

be  classifi ed as either particle-like alloys after primary syn-

thesis or as lamellar or fi lament-type micro- or nanostructured 

materials. Often there is a transition between the two, for 

example, from a second phase with particulate initial shape 

into a deformation-induced lamellar and nanograined fi la-

ment composite structure, such as in Cu-Nb, Cu-W, Cu-V, 

or Cu-Cr.2–20 In other cases, the architecture is not changed 

during deformation, as in the case of pearlite,1,21–28 where 

basic topological changes such as fi ber curling occur only at 

very high strains.

From a chemical perspective, these alloy systems can be 

classifi ed as immiscible pure-metal–metal-matrix compounds, 

intermetallic–metal-matrix compounds, or carbide–metal-

 matrix composites. In pure metal–metal-matrix composites, 

we observe the formation of supersaturated solid solutions14
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and sometimes small amorphous zones.19 In 

the case of composites consisting of inter-

metallics or carbides dispersed in a metallic 

matrix, one can additionally observe phase 

changes (from an ordered to a disordered 

phase or from crystalline to amorphous).27–32

Mechanical alloying to non-equilibrium 

 solid solutions and deformation-driven as 

well as solid-solution-driven solid-state amor-

phization phenomena occur preferentially at 

heterophase interfaces. In cases where extreme 

strains are imposed, such as in ball milling, 

initially  separate phases can nearly entirely 

dissolve into the matrix so that the multiphase 

 character is lost.14–34 In addition, severe wire 

 drawing of  multiphase alloys can lead to com-

plex  curling, where the minority phase forms 

into fl at  fi laments that are bent about their 

 longitudinal axis.

In general, different processes and alloy vari-

ants may lead to differences in nanostructure, 

amorphization, and mechanical alloying. The 

most essential criteria to identify whether a 

certain process and material combination tends 

to undergo preferential deformation-induced 

amorphization and/or mechanical alloying are 

the maximum attainable strain, the mutual solu-

bility of the elements in each phase, the mix-

ing energies of the elements stemming from the 

abutting phases, and the size difference of the 

solute atoms that enter the other phase during 

mechanical alloying.

Originally, the main interest in such  heavily 

co-deformed compounds was to design  materials 

with enormous interface- related strengthening 

combined with good ductility. For instance, 

multiply re-stacked damascene steels or heav-

ily strained pearlite, such as that used in steel 

cord and piano wires, are among the strongest 

nanostructured bulk materials available today, with more than 

6 GPa tensile strength (Figures 1–3). Wire-drawn Cu-20 wt% 

Nb alloys reveal up to 1.8 GPa strength combined with good 

electrical conductivity.7,9

Beyond the engineering opportunities (such as shown in 

Figure 1), a number of fundamental questions arise when driv-

ing composites toward the limits of strength through extreme 

deformation. These questions relate to the nature of the complex 

dislocation, amorphization, and mechanical alloying mecha-

nisms that occur upon straining.25–55 Studying these mechanisms 

has been recently enabled through matured atomic-scale char-

acterization (e.g., atom probe tomography and high-resolution 

transmission electron microscopy) and simulation methods 

(e.g., molecular dynamics with improved potentials).

In this article, we give an overview of deformation 

microstructures and the resulting mechanical properties 

obtained by extreme straining (true strains of 3–6, in some 

cases even up to 10). The aim is to identify microstructure 

features that are common to a number of different mate-

rial combinations and processing conditions, including not 

only extreme bulk  co-deformation but also nanotribology 

and frictional joining, as they reveal similar degrees of 

heavy local co-deformation. The main similarity among 

these different systems is that extremely strained hetero-

phase interface areas are involved in all cases. In these 

regions, profound similarities can be observed in terms of 

the active mechanisms that may finally lead to interface-

related plasticity, structural transitions (e.g., amorphiza-

tion), atomic-scale mechanical alloying, phase formation, 

and phase decomposition.

Characteristic to all of these processes is that they lead 

to a certain degree of deformation-driven microstructure 

Figure 1. Pearlitic steel is among the strongest available bulk materials, with tensile 
strength currently above 6 GPa. It is used in cable wires for bridges (lower curve) and cord 
wire for tires (upper curve).35
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hierarchy. This means that upon increasing co-deformation, 

a sequence in the microstructure evolution and also in the 

corresponding microstructure-property relations appears. 

The sequence of mechanisms generally does not follow 

the same strain dependence. However, as a rule, at low 

strains (micrometer spacing of interfaces), dislocation-

based Orowan loop expansion and Hall-Petch mechanisms 

at the interfaces prevail, while at large strains (nanometer 

spacing of interfaces), dislocation-assisted atomic-scale 

processes through the interfaces determine the evolution 

of microstructure and strength. More specifi cally, in the 

nanoscopic regime, a number of mechanisms play a role, 

including structural decomposition, dislocation source size 

limitation, interface dislocation reactions, internal stresses, 

mechanically driven alloying across heterophase boundaries, 

and phase decomposition.

As an example, Figure 4 shows results from atom probe 

tomography, where in a two-phase Fe-5 at.% Cu alloy with a 

large miscibility gap, the individual phases gradually start to 

dissolve under intense deformation obtained via ball milling.51–53 

The initial two-phase sample, analyzed after two hours, has 

not yet been completely mixed at an atomic scale (Figure 4a). 

Besides regions in which Cu atoms are dissolved in the Fe 

matrix, some Cu-rich fragments still exist. These fragments 

are formed by repeated fracture and cold-welding processes of 

powder particles trapped between colliding balls. After 20 h ball 

milling, no Cu-rich fragments appear (Figure 4b). The Cu atoms 

are nearly homogeneously distributed in the Fe matrix.

Of particular interest in this context is the question why 

extremely co-deformed composites still reveal very high 

and further increasing strength, although, in most cases, the 

 interfaces are gradually dissolved and hence lose their sepa-

rating function between the initial phases. This aspect will 

be discussed in the fi nal section. This article is structured 

 following the microstructure hierarchy, placing attention fi rst 

on the extreme co-deformation of metal matrix composites 

Figure 2. Tensile strength as a function of wire diameter during 
the wire drawing process for eutectoid and hypereutectoid 
pearlitic steels. Data are taken from Reference 27.
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Figure 4. Atom-probe tomography data for Fe95Cu5 alloy ball-
milled in a high-energy planetary ball mill. Fe atoms: green, Cu 
atoms: red, and O atoms: blue. Volume of small cube: 2 × 2 × 
2 nm3. (a) After 2 h.48–50 (b) After 20 h.51–53 The data reveal that the 
initial two-phase Fe-Cu alloy is rendered completely chemically 
mixed after heavy deformation in the ball mill after 20 h.
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mechanism in this  material is the nucleation of single disloca-

tion loops expanding in closely spaced parallel planes (Orowan 

mechanism) between Nb fi bers, which behave as whiskers 

with an elevated elastic limit. Postmortem studies identifi ed 

the dislocations involved in the process and revealed their 

role as associated defects at the complex Cu/Nb interfaces. 

As deformation proceeds, the number of loops increases, thus 

decreasing the distance between the loops on parallel planes.54 

When the number of dislocations at the interface is suffi cient 

to accommodate the misfi t between Cu and Nb, the mecha-

nism stops. Pearlitic steels often start to deform plastically 

via the Orowan mechanism at low strains, since their starting 

microstructure is already very fi ne, with a typical interlamellar 

spacing of about 100 to 200 nm.7,9,17,44,55

Upon further microstructure refi nement, dislocation pen-

etration effects start to occur through heterointerfaces (even 

among non-coherent phases). Such heterophase slip trans-

fer effects probably occur not only in the form of single-slip 

 transition effects but also in the form of localization effects 

across  interfaces by micro- or shear bands.28–32

Heterophase interface mechanics: Slip 
transmission and internal stresses
When the microstructure refi nement reaches a level where intra-

phase dislocation multiplication and motion become geometri-

cally impeded, slip transmission across the heterointerfaces 

starts to gain momentum. Embury56 and Bieler57 suggested 

criteria that promote slip transfer across interfaces. First, the 

resolved shear stress of the dislocations at the interface should 

be highest on the activated system. Second, the misorientation 

between the active slip planes on either side of the interface 

should be at a minimum at the boundary. Third, the confi gura-

tion at the interface should be one of minimum energy. Another 

criterion is the ability for co-deformation of the abutting phases. 

In this context, the yield stress difference and ductility of both 

phases are important. Moreover, size effects could play a role, 

such as in the Fe-C system, where coarse pearlite cannot be 

and subsequently on similar heterophase interface phenomena 

that play a role in the fi eld of tribology and friction-dominated 

joining.

Hardening mechanisms of co-deformed 
composites: The micrometer scale
Metallic composites exposed to severe co-deformation go 

through a sequence of complex microstructure refi nement 

phenomena. At low and average strains, the coexisting  phases 

undergo a shape reduction that is related to the externally 

imposed strain, although usually not at a one-to-one relation, 

as the harder phases deform less than the matrix. Exceptions 

apply when the material undergoes necking and shear band-

ing, where the harder phase can also be severely strained. This 

mesoscopic refi nement reduces the average phase spacing. 

The interphase distance and the phase thickness determine the 

mean free path of the lattice dislocations at these scales, which 

 governs the Hall-Petch hardening that is mainly responsible for 

the compound strength in this regime.

A simple microstructure-property relationship for the 

strength of wire-drawn pearlite can be formulated through 

a geometric model, where we assume by similitude that the 

strain-induced phase boundary spacing, d, and the external wire 

diameter, D, are proportional:

( ) ( )
0 0 ,

d D

d D
=

ε ε
 (1) 

where the “0” subscript indicates the initial value and the true 

strain e is defi ned by

( )( )02ln / .D Dε = ε  (2) 

Thus, if we assume a Hall-Petch scaling law, the stress s is 

given by

( ) 0

0

exp ,
4

k

d

ε⎛ ⎞σ ε = σ + ⎜ ⎟
⎝ ⎠

 (3) 

with a material-dependent strengthening coefficient k. 

 Experimental results confi rm the proportionality of proof stress 

(stress at 0.2% plastic strain) to the quantity exp(ε/4) for drawn 

pearlite and for swaged iron (Figure 3).

Upon further reduction in the interphase spacing, con-

ventional bulk plasticity becomes less relevant for further 

increase in strength. This means that dislocation-dislocation 

interactions within the constituent phases and the Hall-Petch 

effect are gradually replaced by three effects, namely, limita-

tions in activating dislocation sources, dislocation reactions 

at the  heterointerfaces, and Orowan expansion of dislocations 

within the lamellae. Also, it was observed by many resear-

chers9,14,16,23,29,30,36,42 that very high dislocation and vacancy 

densities can be stored in this regime, Figure 5. For Cu-Nb 

nanocomposites, these mechanisms were studied in detail by 

a number of groups.6–17,20,54 The dominating plastic deformation 

5 nm5 nm

Figure 5. Cu-Ag interface region in a highly wire-strained 
Cu-Nb-Ag compound. The Ag phase reveals a dislocation 
density of 4.0 × 1016 m−2.71



986 MRS BULLETIN •  VOLUME 35 •  DECEMBER 2010 • www.mrs.org/bulletin

METALLIC COMPOSITES PROCESSED VIA EXTREME DEFORMATION

easily drawn because cementite is brittle, while fi ne pearlite 

can be well co-deformed, such as in steel cord1,21–28 (Figures 

1, 2, and 3).

In Cu-based alloys such as Cu-Ag or Cu-bcc (bcc: Nb, W, V, 

Mo, Cr, Fe), the criteria outlined previously are often fulfi lled 

for the co-deformation of the two fcc phases Cu and Ag, as both 

materials form similar textures,7,9 promoting a higher degree 

of orientation coherency (i.e., the orientations of the highly 

stressed slip systems match). Further examples of through-

interphase slip transfer exist for Cu-Zr, a-b brass, and Ni-W. 

The bcc materials such as Nb or V often form textures that 

reveal Kurdjumov–Sachs coincidence between the leading slip 

systems in the bcc material and the corresponding systems in 

the fcc Cu.7,9,17

Dislocation slip across heterophase interfaces becomes active 

at high fl ow stresses and nanoscale fi ber diameters because 

fi bers with a micrometer-scale diameter can be deformed by 

regular dislocation multiplication and glide mechanisms. Slip 

transmission across the interface will create residual interface 

dislocations that may rearrange by glide or climb. Wang et al.49,50 

published atomistic and elasticity predictions that suggest that 

inbound lattice dislocations may preferably enter the interface 

rather than penetrating through it.

These simulations and experimental hints imply three 

important points regarding the consequences of interphase slip 

transfer: First, dislocation slip across an interface does not 

only represent an elementary unit of shear that is carried into 

the neighboring phase, but it represents an elementary step in 

chemical mixing across a heterophase-interface. Second, the 

fact that misfi t dislocation debris may remain inside the inter-

face initiates a structural rearrangement of the interface struc-

ture. Third, such mechanisms can lead to substantial internal 

stresses.35,58 In Cu alloys with small Cr fi laments, Embury and 

Sinclair showed that during the fl ux of dislocations across the 

interface between Cu and Cr, each slip transfer event leaves a 

residual misfi t amount of shear and, hence, an unbalanced plas-

tic transphase strain rate.47,56,57 This effect leads to the buildup 

of an unrelaxed elastic strain and an additional hardening rate 

that is proportional to the shear transmission, the volume frac-

tion, and the elastic modulus of the Cr phase. At large plastic 

strains, the internal strains developed in the two phases34,58 

result in an extended elastic-plastic transition and dimensional 

instability (Figure 6).59,60

These three aspects show that large straining of polyphase 

metallic alloys with slip transfer among co-deforming phases 

profoundly changes the chemistry, the crystallography, and the 

internal atomistic structure of heterointerfaces, when the inter-

lamellar spacing becomes so small that intraphase dislocation 

motion and multiplication is impeded.

Mechanical alloying at heterophase 
interfaces: The atomic scale
One observation that is common to all heavily co-deformed 

metallic multiphase alloys (composites, tribology, frictional 

joints) is the phenomenon of mechanical alloying.14,22,28,51–53 

This means that multiphase materials with limited mutual 

 solid-state solubility undergo plasticity-stimulated chemical 

mixing to levels far beyond equilibrium solubility. In many 

cases, this phenomenon leads to the complete dissolution of 

the minority phase into the matrix phase (Figure 4).

Mechanical alloying was observed in pearlite24,25,27 and in 

various Cu-alloys after heavy straining (e.g., milling, draw-

ing, rolling, torsion).14,22,28,51–53,61–64 These observations raise 

two important issues. The fi rst one is why massive mixing 

across heterointerfaces occurs among materials that usually 

reveal much smaller equilibrium mutual solubility. The second 

one is whether strengthening in such alloys at higher strains 

is based on phase boundaries or only on zones of local high 

strength (e.g., through layers of strong directional bonding). 

The latter question is particularly relevant, as some systems, 

such as pearlite wire, reveal the highest tensile stresses at large 

wire deformations, where the cementite phase has been nearly 

dissolved (i.e., where the original phases and sharp interfaces 

no longer exist).22,28,61 Instead, the former interface regions are 

rendered into diffuse, chemically graded mechanically alloyed 

Figure 6. (a) Heavily wire-strained Cu-Cr composite. The 
transmission electron microscopy image reveals a fl ux of 
dislocations across the heterophase interface, where each event 
leaves a residual unbalanced plastic strain at the interfaces, 
which gives a buildup of unrelaxed elastic strain.60 (b) Details 
of a Cu/Nb interface by high-resolution electron microscopy 
after deformation, showing an array of dislocations, indicated by 
arrows, at the interface. This dislocation structure reveals that 
the Cu-Nb interfaces in nanofi lamentary composite wires can be 
semi-coherent.60

a

b
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This mechanism attributes accelerated diffusion in binary 

 systems to a deformation-induced increase in the non-equi-

librium vacancy density. These additional diffusion carriers 

lead to chemical mixing across the interface. Although this 

effect is possible, one argument stands against it for explain-

ing spontaneous alloying. All phases in a mechanically mixed 

alloy are plastically strained, though not to the same extent (i.e., 

an increased vacancy concentration is present in all phases). 

However, the excess vacancy concentration and their mobility 

do not have to be the same in all phases, so this could give rise 

to asymmetric diffusion gradients.

Hence, we conclude that deformation-stimulated increased 

diffusion is possible within the phases and also across the het-

erophase interfaces, but the net fl ux in either direction depends 

on the asymmetry in the defect densities and mobilities. Also, 

although diffusion across the interfaces is likely, it still can-

not explain the massive non-symmetric interphase mixing 

observed,71 because there are not suffi ciently high thermody-

namic driving forces.

A related mechanism of mechanical mixing is conceivable, 

though, in cases where the density of dislocations is so high that 

they attract larger quantities of solute atoms from the neigh-

boring phase, owing to their high solubility. This effect is well 

known in the Fe-C system, where tertiary carbides dissolve as 

the C has a higher binding energy at the dislocation than within 

the carbide. Such an effect might also be responsible for the 

phenomenon that in heavily wire-drawn pearlite, strain aging 

after deformation leads to an increase in strength and loss in 

ductility. This mechanism is, however, not based on pipe dif-

fusion or higher vacancy densities but on the higher solubility 

of dislocations for solutes.

In contrast to these mechanisms that are more driven by dif-

fusion and enhanced defect solubility, it is also conceivable that 

transphase dislocation-assisted carrier mecha-

nisms assist mechanically induced chemical 

mixing. This phenomenon is described by the 

dislocation-shuffl e mechanism.71 While ele-

mentary single-slip heterophase transmission 

effects, as described previously, can explain 

local structural changes of the interfaces and 

the buildup of internal stresses, corresponding 

multislip shear transfer (shear on more than one 

slip system) across heterointerfaces can lead 

to massive chemical mixing (Figure 8). Dis-

location shuffl ing describes transphase plastic 

deformation on more than one slip system. Such 

shearing and interface roughening can create 

small embedded particles consisting of atoms 

from one phase in the other. Such tiny mate-

rial portions can be further cut by dislocations 

running through them, thereby increasing their 

energy through the Gibbs–Thomson effect so 

that they fi nally dissolve.71

In a corresponding experiment with a thin 

multilayered starting microstructure consisting 

zones, where strengthening more likely results from these solute 

effects rather than from sharp-interface mechanics (Figure 7).64 

For instance, for drawn pearlite, it is usually suffi cient to impose 

true strains of 3, 4, or 5 to achieve a nanoscaled structure, 

cementite decomposition, and high strength. When drawing 

further, the strength increases, although the cementite has—to 

some extent—already dissolved, so that sharp interfaces can 

no longer play a dominant role for the strength.

In the following section, we discuss mechanically induced 

mixing in more detail. Various explanations were suggested 

to understand forced chemical mixing during co-deformation 

of phases consisting of non-soluble elements. The fi rst one 

assumes a purely diffusion-driven mechanism.65,66 The sec-

ond one assumes defect-enhanced diffusion (dislocations, 

vacancies).67,68 The third one is mainly built on interface rough-

ening and plasticity-driven mechanical mixing (followed by 

subsequent short-range diffusion) via shear transfer (disloca-

tions, shear bands) across heterophase interfaces.67–72 The latter 

mechanism is also referred to as dislocation shuffl ing.71

A purely diffusion-driven approach can be ruled out for 

explaining forced chemical mixing among multiphase alloys, 

with small mutual solubility owing to the absence of thermo-

dynamic driving forces. Even under consideration of enhanced 

vacancy densities, capillary pressure (Gibbs–Thomson effect), 

and internal stresses, no negative mixing enthalpy among most 

of the Cu- and Fe-based systems studied so far is obtained. The 

absence of a suffi cient driving force for spontaneous interdif-

fusion and phase dissolution is also evident from annealing 

experiments, which show that wire-drawn and mechanically 

alloyed metal-matrix composites undergo immediate de-mixing 

and coarsening rather than further diffusion-driven alloying.

The second group of approaches for explaining mechanical 

mixing is based on plasticity-assisted short-range diffusion. 

a b

Figure 7. (a) Front view (top) and top view (bottom) of 3D atom probe tomography of 
cold drawn pearlitic steel wire (Fe-0.81C-0.2Si-0.49Mn wt% or Fe-3.66C-0.39Si-0.48Mn 
at.%) at a true wire strain ε = 2. The reconstructed volume is 54 × 52 × 122 nm3 containing 
6.8 million atoms. Only 20% of the carbon atoms (large green dots) and 0.5% of the iron 
atoms (small blue dots) are displayed for clarity. An isoconcentration surface (green) 
drawn at 7 at.% C is shown to visualize the cementite lamellae. (b) As (a) for ε = 5.40, 
the reconstructed volume is 60 × 60 × 180 nm3 containing 20 millions atoms.64 Although 
the interfaces between phases are no longer well defi ned, the strength of this material 
continues to increase with increasing strain.
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of parallel Cu and V fi laments, Sauvage72 observed such an 

elementary shear event across the Cu/V interface (Figure 9a) 

(note that Figure 9a shows an unpublished analysis from a data 

set measured for Reference 72.) Similar effects were observed 

in Cu-Nb nanocomposites71 and pearlite (Figure 9b).14

Deformation-driven amorphization
Extreme co-deformation of multiphase alloys or of bulk het-

erophases in frictional contact reveal, in some cases, deforma-

tion-driven amorphization phenomena. Two situations have 

been observed. First, some systems undergo amorphization 

without substantial non-equilibrium chemical mixing among 

the phases. In the fi eld of multiphase co-deformation, this 

occurs for the Ni-Ti system, which undergoes amorphiza-

tion if subjected to severe plastic deformation, but without 

substantial local composition change. This fi rst group of sys-

tems obviously can be thermodynamically de-stabilized by a 

suffi ciently high defect density without the contribution of 

compositional changes.

The second group comprises systems where solid-state 

amorphization is connected to the preceding formation of 

non-equilibrium solid solutions during deformation. This 

effect seems to occur particularly in composites with nega-

tive enthalpy of mixing. Typically, the pure bulk elements of 

the compounds addressed in this overview, such as Fe, Cu, 

Ag, and Nb, do not become amorphous when exposed to 

heavy straining as single phase bulk materials. This observa-

tion indicates that a relationship exists between mechanical 

alloying, the enthalpy of mixing of the newly formed com-

pounds, and amorphization. This argument is also supported 

by the fact that the abutting phases in Fe and Cu compos-

ites frequently reveal very high dislocation 

densities, Figure 5. The relationship between 

mechanical mixing and amorphization seems 

to apply, in particular, to the Cu-matrix in 

Cu-Nb- or Cu-Zr-based composites and to the 

ferritic phase in pearlite. These matrix phases 

become amorphous only when mechanically 

alloyed. Deformation-induced amorphization 

of Cu during wire drawing was reported in 

 Cu-Nb, Cu-Nb-Ag (Figure 8b), and Cu-Zr 

 (Figure 10).9,15,71,74–77 In all cases, at least one 

pair of the constituent elements reveal a nega-

tive enthalpy of mixing. Similar observations 

were reported on pearlitic wire at relatively 

low true strains as low as 1, although these 

observations are, in part, under debate.

For instance, according to the Gibbs free 

energy versus concentration diagram, amor-

phous Cu-Nb could be stable at 25°C, relative 

to the bcc and fcc solid solutions that could be 

formed by forced mixing, for Cu concentrations 

between 35 at.% and 80 at.%.71,72 Most of the 

published Cu-Nb alloys where amorphization 

occurred fall in this regime. Similar results were observed in 

Cu-Zr, Figure 10.71

Another way to explain amorphization in severely deformed 

multiphase alloys is to consider the increase in the free ener-

gy due to dislocations.66–71 If the stored deformation energy 

increases upon straining, it is conceivable that transformation 

into the amorphous regime is energetically favorable, Figure 5. 

This argument, however, is not fully convincing, because dis-

locations can be absorbed, in part, in the interfaces rather than 

being stored within the phases.50,51,71

Owing to these considerations, we suggest that amorphiza-

tion takes place in co-deformed metallic composites in a two-

step mechanism that consists of fi rst, a dislocation-shuffl ing or 

shear-band-related transphase plastic deformation and chemical 

mixing process,71,72 and second, a gradual amorphization in 

regions where both heavy mixing and high dislocation densities 

exist. The transition seems to be particularly likely in systems 

that fulfi ll at least some of the classical glass-forming rules. In 

systems that reveal amorphization without substantial chemi-

cal mixing, the effect is attributed to the large accumulated 

dislocation densities.

Microstructures and properties during 
frictional contact of heterointerfaces
Similar intense deformation conditions and metallurgical 

effects, as discussed for heavily co-deformed multiphase 

alloys, also occur at heterointerfaces between bodies that 

are brought in frictional contact such as encountered in tribol-

ogy, friction stir welding, and explosive joining.78–80 In these 

cases, the extreme deformation is localized at the interface 

regions (i.e., these  materials do not undergo bulk deformation). 

However, at the interfaces that are in frictional contact, similar 
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Figure 8. Schematics of the dislocation-shuffl ing mechanism explaining dislocation-shear–
driven mechanical alloying.71 (a–c) Time development with one slip system active. (d–f) Two 
slip systems active. See corresponding experimental data pertaining to (c) in Figure 9.
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Why do co-deformed composites 
have high strength after phase 
dissolution?
Takahashi discussed the upper limits of possible 

strengthening mechanisms that may theoreti-

cally determine the strength of severely strained 

composites.22,24 The reasoning behind such esti-

mates is the somewhat counter-intuitive obser-

vation that the strength of co-deformed com-

pounds increases further with ongoing straining, 

even in cases where the original phases were 

dissolved via mechanical alloying. This means 

that the originally chemically sharp heterointer-

faces are blurred and even gradually lost. Hence, 

in such cases, conventional strengthening based 

on a sharp and (mostly) incoherent interface 

cannot be responsible for the strength increase 

with further straining. Instead, real microstruc-

tures of severely deformed multiphase alloys 

are characterized by graded rather than sharp 

interfaces, and, in extreme cases, can even 

reveal entirely dissolved phases. In such cases, 

the matrix seems to be mainly hardened by high 

non-equilibrium fractions of solute atoms in the 

form of a mechanically driven solid solution 

and its effect on the Peierls potential and a high 

stored-dislocation content.

According to Takahashi, when considering 

eutectoid pearlite, the upper-bound strength that 

can be achieved by dislocation strengthening 

amounts to about 5 GPa. This value is given by 

the upper limit to the dislocation density that 

can be stored in the material. The upper limit of 

Hall-Petch and Orowan hardening through grain 

refi nement is about 2 GPa. The upper strength 

limit given by a maximum amount of mechani-

cally driven solid solution is about 0.5 GPa. This 

estimate seems to be a bit low, though, as it is 

based on the assumption of pure solid-solution 

hardening, and the high internal stresses created 

by an excess amount of interstitials is neglected 

in this balance. Finally, second-phase harden-

ing gives an upper bound of 4 GPa. Accord-

ing to Takahashi, linear summation of these 

contributions would result in an upper bound 

of the strength of about 11.5 GPa. We do not 

suggest that this approach of describing the 

upper bound value for pearlite proof strength 

is exact, as the second phases gradually dis-

solve as just stated. Also, the contribution of 

the solid-solution strengthening could be higher owing to the 

fact that the cementite becomes strongly dissolved, provid-

ing a higher C content. Finally, the materials build up large 

internal stresses during severe deformation, which provides an 

additional source of strengthening. Irrespective of these points, 
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Figure 9. (a) 3D atom-probe measurements on a vanadium fi lament embedded in a 
Cu matrix exposed to high-pressure torsion deformation sheared by a large number of 
dislocations (5 nm step). Only vanadium atoms are displayed. The observation indicates a 
possible dislocation-shuffl ing mechanism. The lower image shows vanadium concentration 
along two cross sections. The images were reproduced from raw data obtained from 
Reference 72. (b) Left: 3D atom probe reconstruction of a small volume of a Cu-Nb wire-
deformed at 40 K. Copper atoms are represented in small grey dots, while large black 
dots correspond to niobium.14,73 The arrows indicate possible transphase dislocation shear 
events, such as observed in (a) for Cu-V. Right: Similar case observed on a cementite-
ferrite interface in a deformed pearlite wire.

phenomena occur as in co-deformed composites, namely 

deformation- driven chemical mixing, amorphization, and very 

high accumulated dislocation densities. Hence, the interface 

regions of bulk  co-deformed systems and tribological systems 

reveal phenomena of high similarity.
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Figure 10. Severely deformed Cu-Zr composite with massive 
amorphization.71

Zr Zr Zr ZrCu Cu Cu Cu

AmoAmo Amo

10 nm

CuCu

the simple estimate reveals that several mechanisms other than 

the Hall-Petch effect can contribute to substantial strength in 

severely co-deformed composites.

Summary
Multiphase alloys can be rendered into ultrahigh strength bulk 

compounds by severe plastic co-deformation, which transforms 

the phases into nanoscaled fi laments. At moderate and inter-

mediate deformation, the microstructure is characterized by a 

high interface density. Strengthening in this regime is mainly 

due to Orowan and Hall-Petch effects. At high deformation, 

strengthening is determined by interface dislocation reactions, 

heterophase dislocation penetration, and high dislocation den-

sity. In this strain regime, intense deformation-driven chemi-

cal mixing (mechanical alloying) and atomic-scale structural 

transitions (e.g., amorphization) occur. For deformation-driven 

mixed systems with glass-forming characteristics (negative 

enthalpy of mixing), mechanical alloying and amorphization 

are considered to be associated phenomena. In mechanically 

mixed systems without the typical glass-forming tendency, 

structural transitions are attributed to the reduction of the high 

stored dislocation densities by amorphization. Among the vari-

ous mechanisms that can lead to massive mechanical alloying, 

we suggest a dominant role for transphase dislocation shuffl ing 

or shear-band mechanisms, in which lattice dislocations pen-

etrate the interfaces between abutting phases acting as carriers 

of deformation-driven chemical mixing. Heavily co-deformed 

multiphase materials offer an enormous potential for advanced 

alloy design. These materials today represent the largest class 

of ultrahigh strength nanostructured bulk materials.
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