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a b s t r a c t

In dual-phase (DP) steels, inherited microstructures and elemental distributions affect the kinetics and
morphology of phase transformation phenomena and the mechanical properties of the final material.
In order to study the inheritance process, we selected two model materials with the same average DP
steel composition but with different initial microstructures, created by coiling at different temperatures
after hot rolling. These samples were submitted to a DP-steel heat treatment consisting of a short isother-
mal annealing in the pure austenite region and a quenching process. The evolution of microstructure,
chemical composition and mechanical properties (hardness) during this treatment was investigated.
The initial samples had a bainitic–martensitic (B + M) microstructure for the material coiled at lower

temperature and a ferritic–pearlitic (P + F) microstructure for that coiled at higher temperature. The
P + F microstructure had a much more inhomogeneous distribution of substitutional elements (in partic-
ular of Mn) and of carbon. After complete heat treatment, both materials showed a typical DP microstruc-
ture (martensite islands embedded in ferrite) but the P + F material showed lower hardness compared to
the B + M material. It was found that the inhomogeneous elemental distribution prevailed in the P + F
material.
The inheritance process was studied by combining measurements of the elemental distribution by

Wavelength-Dispersive X-ray spectroscopy (WDX), simulations of the evolution of the elemental compo-
sition via the DICTRA (diffusion-controlled reactions) computer programme, dilatometry to observe the
kinetics of phase transformation, and observation and quantification of the microstructures by
Electron Backscatter Diffraction (EBSD) measurements. For the P + F material it was found that the a–c
transformation during annealing is slowed down in regions of lower Mn content and is therefore not
completed. During the subsequent cooling the incompletely autenitized material does not require ferrite
nucleation and the c–a transformation starts at relative high temperatures. For B + M, in contrast, nucle-
ation of ferrite is needed and the transformation starts at lower temperatures. As a result the B + Mmate-
rial develops a higher martensite content as well as a higher density of geometrically necessary
dislocations (GNDs). It is speculated that for the B + M material the c–a transformation occurs through
a bainitic (i.e. partly displacive) process while the transformation at higher temperatures in the P + F
material proceeds exclusively in a diffusive way.

Ó 2015 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Dual-phase steels consist of martensite islands embedded in a
ferrite matrix. Typically, the martensite volume fraction is around
15–25% [1–5]. They are synthesized from a rather lean elemental
composition (e.g. approx. 0.2 wt.% C, 1.5 wt.% Mn and 0.25% Si
[6]) via an intercritical heat treatment in the austenite (c)–ferrite
(a) two-phase region followed by quenching the material. The
good mechanical properties [1,7,8] combined with low costs make
DP steels attractive as structural design materials. A number of

works have addressed the optimization of the thermomechanical
heat treatment [3,9–11] and the resulting microstructures [7,12–
14] and properties [12,15–18] of these steels. For instance,
Calcagnotto et al. used different heat treatments to lower the grain
size of ferrite, since this improves the toughness of the DP-steel
and the capability to absorb impact energy [13]. Also the initial
microstructure of the steel before intercritical annealing controls,
in different ways, the properties of a dual phase steel [7,19–25].

Different initial microstructures may be related to different ele-
mental distribution in the material and may influence the proper-
ties of the final material. The heterogeneous spatial distribution of
substitutional elements, in particular, is of great importance for the
properties of DP-steels. Manganese crystal-segregations from
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solidification, for example, are stretched out during rolling, leading
to microstructures where the carbon-rich phases like pearlite, bai-
nite or martensite are confined to those band-like areas which
have a higher Mn-content. [23–26]. An inhomogeneous manganese
distribution is not only found on the micrometer scale, where it is
caused by solidification segregations, but also on the sub-micro- to
nanometer scale. Here it is related to globular cementite or lamel-
lar cementite in pearlite [22,27–29]. Cai et al. [22] described the
influence of different starting microstructures on the formation
of a dual phase steel. To obtain the starting microstructures, they
applied several heat treatments to different samples of the same
type of steel. One of the applied heat treatments led to a pearlite
microstructure, in which the cementite lamellae were enriched
with Mn. They report that the cementite in pearlite must have
formed under conditions of low carbon supersaturation, since
these conditions are the only ones at which substantial partition-
ing of Mn can occur. During the intercritical annealing, which they
applied to the pearlite-containing microstructure, these
Mn-enrichments did not dissolve completely and after complete
heat treatment a duplex microstructure consisting of ferrite and
austenite/martensite was present. Calcagnotto et al. [30] described
the influence of globular cementite on the formation of a dual
phase steel. They showed, that Mn-enrichments, caused by globu-
lar cementite, survive an intercritical annealing and enrichments
can be found afterwards in austenite where they raise the harden-
ability. Apart from these two papers, little information related to
the inheritance of elemental distribution has been found in the
literature.

The scope of this study is to understand the influence of an
inhomogeneous local distribution of Mn, related to individual car-
bide precipitates and to cementite in pearlite, on the reausteniza-
tion process of a dual-phase steel and on its mechanical
properties after final heat treatment. Therefore, two different ini-
tial microstructures were created from a steel with typical
DP-steel composition by using different coiling regimes after hot
rolling. Afterwards, the same heat treatment, including an isother-
mal annealing above the AC3 temperature, was applied to both
materials. The evolution of microstructure and elemental distribu-
tion was investigated using light optical microscopy (LOM),
Scanning Electron Microscopy (SEM) with Electron Backscatter
Diffraction (EBSD), Energy Dispersive X-ray spectroscopy (EDX),
Wavelength Dispersive X-ray spectroscopy (WDX), dilatometry
and hardness measurements. This was done at different stages
during the heat treatment. The evolution of local
Mn-enrichments during the heat treatment and the influence on
the local phase transformation was furthermore investigated by
thermodynamical simulations. For equilibrium calculations,
ThermoCalc (TC) was used and simulations diffusional phase trans-
formations were performed with DICTRA (TC) [31,32].

2. Experimental methods

2.1. Material production

A commercial hot rolled steel with a typical DP-steel composi-
tion of 0.14 wt.% C, 1.9 wt.% Mn and 0.4 wt.% Cr, 0.25 wt.% Si was
used as initial material in the form of 3.7 mm thick plates.
Different initial microstructures were created by a variation of
the coiling temperature after hot rolling during large-scale indus-
trial production of the material. Note that the exact coiling temper-
atures cannot be given but they are below the AC1 temperature
and differ by about 100 K. For the microstructural investigations
and heat treatments, cylinders were cut from the material with a
diameter of 4 mm and a length of 9 mm. The rolling direction
was parallel to the cylinder axis. Since the total thickness of the

sheet was slightly lower than 4 mm the cylinder had flat surfaces
perpendicular to the normal direction.

All heat treatments were performed in a dilatometer (DIL
805A/D produced by TA Instruments) equipped with an induction
heater. During heat treatments, an argon atmosphere was estab-
lished in the dilatometer to prevent the material from oxidization.
The thermal treatment is sketched in Fig. 1. A maximum tempera-
ture of 840 °C was applied for roughly 90 s. In total, the heat treat-
ment took less than 10 min. In order to follow the evolution of the
properties of the material, samples from 3 different stages were
observed, as shown in Fig. 1: the initial material (point 1), material
quenched after the isothermal holding (point 2) and final material
after complete heat treatment (point 3).

2.2. Microstructural investigations

For microstructural investigations specimens were cut along
the normal direction–rolling direction plane. Specimens were
ground, polished until 3 lm and etched with 1 pct. Nital. Both,
LOM and SEM were used for microstructural investigations.

The average austenite content was measured using X-ray
diffraction (XRD). A Seifert Type ID 3003XRD system with a
Meteor0D detector produced by General Electric was employed.
The spectra were evaluated using the MAUD software package in
version 2.33 [33]. The specimens were ground, polished until
3 lm and polished with Oxide Polishing Suspension (OPS).

EBSD was used to observe the distribution of ferrite, martensite
and austenite. Specimens were prepared in the same way as those
of LOM and XRD-analyses. A Zeiss-Crossbeam XB 1540-SEM
equipped with an EDX silicon drift detector (Apollo XL) and an
EBSD system with a Hikari camera provided by EDAX were used.
The measurements were performed at an accelerating voltage of
15 kV and mostly with 100 nm step size. EBSD data were analysed
with TSL OIM software version 6.2. Measurement points with a
confidence index lower than 0.1 were excluded from the measure-
ment [34], whereby the confidence index is a criterion of the reli-
ability of the indexing of a given EBSD pattern.

The distinction between ferrite and austenite is straightforward,
as they differ in crystal structure. In contrast, the separation
between martensite and ferrite by EBSD is more challenging, since
the crystal structure of martensite and ferrite cannot be distin-
guished by conventional EBSD. In this paper, both were separated
using the grain average image quality (IQ), as is described in detail
by Pinard et al. [35]. The IQ is a measure for the quality of a diffrac-
tion pattern [36]. Martensite has a higher defect density than fer-
rite and shows, therefore, a clearly lower IQ value than ferrite. To
exclude the effect of grain boundaries, which show a low IQ as
well, the ‘‘grain average (GA) IQ’’-value was used. Since, in the pre-
sent material, martensite and ferrite do not yield very different IQ
values, the GA-IQ-value distribution is not sharply bimodal.
Selecting the correct IQ threshold value for the differentiation
between ferrite and martensite, therefore, is not unique. Thus,
upper and lower values for the martensite content were deter-
mined and the average of both was set as the martensite content.
As error for this procedure we selected half of the difference
between upper and lower values. A quantitative and statistically
representative measurement of the average martensite content of
the material was performed by using a large area EBSD scan as
described by Davut et al. [37].

The performed heat treatment led to the formation of geomet-
rically necessary dislocations (GND). Their density was determined
using kernel average misorientation (KAM) calculations. In OIM
data analysis (version 6.2) the KAM value is calculated from orien-
tation maps as the average over all misorientation angles deter-
mined between a centre pixel and all its neighbours, thereby
excluding pairs with larger misorientations than a defined
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threshold angle. In this paper, the threshold was set to 4°. In the
software it is also possible to define the size of the kernel. During
this study only the direct neighbours of a measurement point were
taken into account. KAM values obtained from different measure-
ments are only comparable, if the measurement step size is the
same.

There exist several ways to calculate the GND density from KAM
values. In a study presented by Calcagnotto et al. [38] a method
was used which is based on the work of Kubin and Mortensen
[39]. Under the assumption that a series of twist subgrain bound-
aries in a cylinder contains two perpendicular arrays of screw dis-
locations, the GND density can be calculated as follows:

qGND ¼ 2h
ub

; ð1Þ

where h is the misorientation angle, u is the unit length and b is the
magnitude of the Burgers vector. Here, the KAM value is used as an
approximation for the misorientation angle. For an EBSD measure-
ment, u = a � n, with a being the step size, a, and n the level of ‘‘neigh
borhoodness’’ (first, second, or nth neighbour) in the kernel. For the

bcc-material the length of the Burgers vector is b ¼ d
2

ffiffiffi

3
p

, with d

being the lattice constant of the unit cell. For the present material
the bcc lattice cell constant was determined by XRD to be
0.2867 nm.

2.3. Chemical analysis

The distribution of the substitutional elements as well as carbon
was measured with a JEOL tungsten Microprobe (JXA-8100). This
instrument is equipped with 4 WDS-detectors. Here the sample
preparation was the same as that of EBSD. The spatial resolution
WDX and EDX depends strongly on the accelerating voltage of
the electron beam [42] and on the energy of the analysed charac-
teristic X-ray line. To take this into account, the following equation
was used to find the optimum step size [42].

Zm ¼ 0:033 � ðE
2
0 ÿ E2

c Þ
q

:

Zm is the lateral resolution in lm, Ec is the energy of the charac-
teristic X-ray line, E0 the energy of the electron beam and q is the
density of the material. For iron qFe ¼ 7:874 g

cm2

ÿ �

, an accelerating
voltage of 12 kV and the Ka line of Mn ðEcMn ¼ 6;539 eVÞ [42] this
delivers a spatial resolution of ZmMn ¼ 424 nm To avoid too much
overlap between two pixels in the mapping, most of the

measurements were performed with a step size of 300 nm. To per-
form quantification with standards at least two samples with a
known concentration level are needed. This allows correlating
the measured count rate with concentration. For manganese pure
iron is used as a first standard. As a second standard the sample
itself with its known average composition was employed and it
was assumed that a measurement on a large area will return this
average composition for manganese as well as that of carbon. As
a second standard for carbon the average count rate of pearlite
was chosen. Assuming a eutectoid pearlite, its carbon concentra-
tion is well known to be 0.8 wt.%. Carbon contamination during
WDX measurements is a serious challenge, since it reduces the
reliability of carbon measurements. As proposed by Eichen et al.
[43] a trap cooled by liquid nitrogen below the pole piece was used
during this research. In order to lower the contamination rate even
more, the specimens were inserted into the microprobe one day
before the measurement.

For analysing the exact composition of the carbides present in
the steel, extraction replica were prepared. The technique applied
in this study is similar to the one described in [44]. Specimens were
polished in the same way as they were for EBSD. Subsequently they
were etched with a 2 pct. Nital solution for 30 s, coated with car-
bon by evaporation and then covered with a deposition of ethyl
acetate. After drying, the varnish was cut into small pieces using
a scalpel and dipped into distilled water and nitric acid until the
extraction replica lost contact to the surface. Finally, the extraction
replicas were taken out of water, deposited on copper TEM-grids
and dried.

For analysis of the extraction replica, the same microscope was
used as that of EBSD measurements. EBSD and EDX were combined
to reveal the type of carbide and its composition. For quantitative
EDX analysis the peak to background method was applied [42].
EBSD analysis was carried out on a 70° tilted sample with an accel-
erating voltage of 30 kV. This high accelerating voltage delivered
the best EBSD patterns for carbides. Afterwards the specimens
were tilted back to 0° and the composition of the carbides was
analysed with EDX in spot mode.

In order to determine the amount of carbides in the microstruc-
ture after complete heat treatment, EDXmappings were performed
in SEM–STEMmode. The measurement of the Fe, Mn, Cr and Ti sig-
nal allowed distinction of Fe–Cr–Mn-carbides, Ti-carbo nitrides
and contamination caused by the preparation process. The fraction
of the carbides was measured based on large EDX maps obtained
with a remote-control script of OIM Data collection (Version 6.2).

2.4. Other experimental observations

For hardness measurements, the specimens were prepared in
the same way as those of SEM analysis. All hardness values were
measured with a microindentation hardness testing system (LM
100 AT) supplied by the company Leco, applying a load of around
9.81 N (HV1). For every shown hardness value, 6 different mea-
surements were performed and the average value was taken. The
error is the standard deviation of the measurements.

TEM specimens were produced by focused ion beam (FIB) target
preparation using an FEI Helios NanoLab 600 dual beam instru-
ment consisting of an FIB milling system and an FEG electron
gun. Diffraction in TEM was performed in a JEOL JEM 2200FS using
the ASTAR package supplied by NanoMEGAS [40,41].

2.5. Simulation methods

All phase diagrams shown in this paper and all thermodynamic
equilibrium calculations were created by using the commercial
package of Thermo-Calc (Version 3.1) [45]. The TCFE 7 database
was used. Moving phase boundaries and diffusional problems were

Point 2

Fig. 1. Sketch of the applied heat treatments.
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calculated with DICTRA. In order to perform the calculations, the
database MOBFE2 was used.

3. Results

3.1. Optical microscopy and hardness measurements

Fig. 2(a) and (b) presents SEM-images of the two different start-
ing microstructures after slight etching. In the case of P + F
(Fig. 2(a)), the pearlite islands and single carbides located in the
ferrite matrix are clearly visible. Fig. 2(b) shows the B + M
microstructure before heat treatment. Here, a mixture of marten-
site, bainite and ferrite is present. The P + F microstructure forms,
when coiling is performed at high temperatures. The B + M
microstructure is formed at about 100 K lower temperatures.
After complete heat treatment, both microstructures show a
martensite–ferrite dual phase structure (cf. Fig. 2(c) and (d)).

The hardness measurements (cf. Fig. 3) show that the B + M
microstructure before heat treatment is about 20% harder than
the P + F microstructure. At the end of the plateau (Point 2), both
microstructures have nearly the same hardness. The complete heat
treatment leads again to a higher hardness of the B + Mmicrostruc-
ture (about 10% higher).

3.2. Analysis of the distribution of the substitutional elements

3.2.1. Initial (hot-rolled and coiled) conditions

The elemental distribution in the initial microstructures was
studied using WDX on areas as large as 120 � 120 lm. In case of
the P + F microstructure, the carbon is distributed in big pearlite
islands and in small carbides (cf. Fig. 4(a)). The B + M microstruc-
ture (cf. Fig. 4(c)) shows a much more homogeneous distribution
of the carbon-rich phases. The WDX mapping of Mn reveals a big
difference between these two materials. In case of the B + M
microstructure (cf. Fig. 4(d)) the manganese signal shows

band-like inhomogeneities created by solidification segregations.
The P + F microstructure shows, beside the solidification segrega-
tions, an enrichment of carbides with manganese (Fig. 4(b)).
Chromium is distributed in the same way, but on a lower level pro-
portional to its smaller total content. A more detailed inspection of
the Mn distribution of the P + F sample shows that not only Mn
enriched regions are present in the material, but also depleted
zones. The lowest Mn-concentration in these regions is
(1.30 ± 0.05) wt.%. Due to the limited spatial distribution of the
WDX technique it was not possible to resolve the elemental distri-
bution inside the pearlite islands.

Fig. 5 presents the results obtained from an extraction replica of
the P + F microstructure. Fig. 5(a) shows an STEM image (obtained
in an SEM) of the microstructure. Carbide lamellae from the former
pearlite and the globular shaped carbides lying in the ferrite matrix
are visible. Some of the lamellae are lying on top of each other and,
therefore, do not give results for the subsequent EBSD and EDX

2

(b)

martensite

single carbides

ferrite

(a)

ferrite

bainite

(d)(c)

pearlite

Fig. 2. SEM images of the microstructure at different points of the heat treatment. (a) P + F variant and (b) B + M variant in hot-rolled and coiled condition. (c) P + F variant
and (d) B + M after complete heat treatment.

Fig. 3. Hardness of the two different microstructures at different points (see Fig. 1)
of the heat treatments.
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analysis. EBSD measurements presented in Fig. 5(b) reveal that not
only the expected cementite is present in the material, but also
M23C6; both can be distinguished by their different crystal struc-
tures (cf. Fig. 5(c)). Cementite has an orthorhombic crystal struc-
ture [46], while M23C6 has an fcc structure [47]. To determine
the exact composition of both carbides, EBSD and EDX were used
in combination. Results of these measurements are compiled in

Table 1. Both types of carbides are strongly enriched with Mn
und Cr but for M23C6 the enrichment is slightly higher than for
cementite. In the case of the P + F microstructure also the cemen-
tite present in the pearlite is enriched with substitutional ele-
ments. In the extraction replica of the B + F microstructure all
present carbides are cementite. Their concentration of substitu-
tional elements is close to the composition of the matrix, thus no

(a)

(d)

(b)

(c)

Mn deple3on

P+F

B+M

Fig. 4. WDXmeasurement of P + F (a and b) and B + M (c and d) in hot-rolled and coiled conditions (Point 1 in Fig. 1). Measurement conditions: 300 nm step size, 40 nA beam
current, 12 kV, 1 detector for C and 2 detectors for Mn.

Fe3C

M23C6

single carbide

carbide lamellas 2 µm

(b)

(a)

(c)

Fig. 5. Results of EBSD measurements performed on the extraction replica created from P + F. (a) Transmission scanning electron micrograph, (b) phase map, obtained by
EBSD orientation mapping, (c) examples of patterns: top: cementite, bottom: M23C6.
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segregation is measured. For both materials the extraction replicas
show a huge amount of titanium-carbonitrides.

3.2.2. Isothermally annealed and quenched condition

At point 2 of the heat treatment the manganese distribution in
the B + F microstructure did not change (cf. Fig. 6(a) and (b)), but
the carbon in the material is now equalized. Only
titanium-carbo-nitrides are still present, indicated by a correlation
of the carbon and the titaniumWDS signal. The otherwise homoge-
nous distribution of carbon indicates a full austenitization of the
steel. In case of the P + F microstructure (Fig. 6(c) and (d)) the
manganese-enriched and depleted zones are still present, while
carbon is distributed much more homogenously. There are, how-
ever, a few regions (3% of the measured area), which have a lower
content of carbon then the average. A comparison of the man-
ganese and the carbon signal reveals that the manganese depleted
zones always correspond to the carbon depleted regions. It is
therefore assumed (and proved later by simulations) that the areas
of lower carbon content correspond to non-dissolved ferrite caused
by their low Mn-content.

3.2.3. Fully heat treated condition

After complete heat treatment (point 3, Fig. 1) both microstruc-
tures show a typical DP-microstructure consisting of a ferrite
matrix and martensite islands (cf. Figs. 2 and 7). In the case of
the P + F microstructure, the WDS-maps show that the manganese
and the carbon distribution are correlated (cf. Fig. 7(a) and (b)).
Zones enriched or depleted of manganese always correspond to

zones enriched or depleted of carbon. In case of the B + M structure
the arrangement of carbon is different (cf. Fig. 7(c) and (d)). The
carbon rich zones are bigger compared to P + F and borders of
the martensite islands exhibit a higher level of carbon than their
central regions. XRD-based measurements of the retained austen-
ite, reveal a slightly higher austenite volume fraction for the P + F
microstructure than for B + M (B + M: 2 ± 0.4%; P + F 2.9 ± 0.4%),
even though both austenite contents are very small. As shown by
EBSD (see also Fig. 9) the retained austenite in the P + F microstruc-
ture is often located in zones with high manganese content.
However, not at all positions showing a manganese peak, retained
austenite was found.

EDX-observations on extraction replica revealed that a small
amount (AFe3C ¼ 0:051%) of M23C6 or cementite lamellae was still
present in P + F material after complete heat treatment. In order
to estimate the amount of inherited carbides, the area fraction of
carbides revealed after complete heat treatment has to be com-
pared to the area fraction of carbides measured before heat treat-
ment. However, due to overlapping cementite lamellae in
extraction replicas of the initial state, it was not possible to deter-
mine a reliable area fraction of carbides by applying large area EDX
mappings. Therefore, the cementite area fraction of the initial
material was estimated assuming that all carbon is bound in
cementite and that ferrite and cementite have the same density.
The area fraction of cementite, AFe3C, can then be described by

AFe3C ¼ cC-steel
cC-Fe3C

:

cC-steel is the average concentration of carbon in the steel in wt.% and
cC-Fe3C is the concentration of carbon in cementite in wt.%
(6.67 wt.%). With cc-steel = 0.138 wt.% a value of AFe3C ¼ 2:1% is
obtained. This means that only 2.4% of the original amount of car-
bides was inherited in the P + F material.

3.3. Results of the EBSD measurements

For both microstructures large area EBSD scans were per-
formed. The grain size of ferrite, the kernel average misorientation
(KAM) and the martensite content were determined. In the case of

Table 1

Composition of the different iron carbides in B + M (bainite + martensite) and P + F
(pearlite + ferrite). Values were derived by EDX. The error values are the standard
deviation. The carbon content of the carbides has not been measured but stoichio-
metric composition has been assumed.

Fe (wt.%) Mn (wt.%) Cr (wt.%)

P + F Fe3C 77.4 (±1) 13.4 (±1) 2.4 (± 0.3)
P + F M23C6 73.0 (±1) 18.1 (± 0.7) 3.5 (± 0.3)
B + M Fe3C 90.9 (±0.3) 1.9 (± 0.2) 0.4 (± 0.1)

(a)

(d)

(b)

(c)

C depleted zones Mn depleted zones

P+F

B+M

Fig. 6. WDX measurement of P + F (a and b) and B + M (c and d) in isothermally annealed and quenched conditions (Point 2 in Fig. 2). Measurement conditions as in Fig. 4.
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the P + F microstructure 95 maps with an edge length of about
20 lm were obtained. They were distributed on a rectangle of
1100 � 670 lm. In total, 6385 ferrite grains were analysed to

determine the KAM and the average grain size. For B + M, the size
of the individual maps was the same. Here, 34 maps were mea-
sured. They were distributed over a rectangle of 7750 � 330 lm.

(a)

(d)

(b)

(c)

P+F

B+M

Fig. 7. WDX measurement of P + F (a and b) and B + M (c and d) in fully heat-treated conditions (Point 3 in Fig. 2). Measurement conditions as in Fig. 4.

Table 2

Results obtained from EBSD maps.

Ferrite grain avg. diameter (lm) Martensite area fraction (%) a-iron average GND density 1
m2

� �

Ferrite average GND density 1
m2

� �

P + F 4.92 7.3 ± 1 2.53 � 1014 ± 0.5 � 1014 2.34 � 1014 ± 0.4 � 1014
B + M 4.30 14.6 + 1.2 3.44 � 1014 ± 0.14 � 1014 3.09 � 1014 ± 0.14 � 1014

(a) (b)

Fig. 8. Example of the GND (geometrically necessary dislocation) density distribution in (a) B + M and (b) P + F. The light blue lines indicate the boundaries between
individual maps of the large area scan, the light blue regions in the maps highlight martensite. Large angle boundaries are indicated by black lines.
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The a-iron was separated into ferrite and martensite. 2284 ferrite
grains were analysed and KAM values and average grain size were
extracted. In order to derive the GND density, Eq. (1) was used.
Results of the measurements are presented in Table 2. It shows
that the B + M microstructure has a higher content of martensite
compared to P + F. The average GND density shows higher values
as well, not only in the case of the total a-phase (including marten-
site) but also for the ferrite constituent alone. The grain size of fer-
rite found for B + M is slightly smaller than that found for P + F.

Fig. 8 displays two small GND density maps, taken out of the
large scans, characteristic of P + F and B + M samples. Here, only
the GND density of the ferrite grains is plotted. It is obvious that
the GND density is not distributed in the same way in both
microstructures. The P + F material contains grains with high

GND density and grains with low values. For the B + M material
the GND density is high in all ferrite grains.

3.4. Lamellae in P + F after complete heat treatment

In Section 4.2 it was shown that the P + F sample contains only a
small amount of inherited carbides. This is somehow in contradic-
tion with the observations of a high amount of lamella structures
in this sample, as shown in Fig. 2(c). In order to determine the nat-
ure of these lamellae, a TEM-sample was created by FIB target
preparation from an etched sample. To this end a platinum layer
was deposited on the rough surface of a lamella area.
Subsequently a sample was cut out from this area and thinned
by FIB. Fig. 9(a) shows an overview of the microstructure in diffrac-
tion contrast. The lamellae appear darker than the matrix. On the
former specimen surface, some of the deposited platinum covers
the lamellae sticking out of the surface. Orientation imaging micro-
scopy was performed on the lamellae using an ASTAR-system
[40,41]. Figs. 9(b) and (c) show a single lamella analysed with
ASTAR. All lamellae turned out to show only the bcc crystal struc-
ture; neither austenite, cementite nor other Fe carbides were
found.

3.5. Analysis of the dilatometer curves

Fig. 10 displays two temperature-elongation curves measured
by dilatometry on the two different microstructures. Altogether 5
measurements were performed for each material. During heating
up, the growth of austenite is indicated by a sudden change of
the slope of the curve. The average start temperature for B + M is
(737 ± 4) °C and (755 ± 3) °C for P + F. This indicates that for both
microstructures the growth of austenite starts at nearly the same
temperature. In contrast, the cooling curves show distinct differ-
ences between both materials. In the case of the P + F microstruc-
ture the transformation of fcc to bcc begins much earlier than in
the case of B + M. The exact transformation temperature for
B + M is 510 ± 1 °C and 668 ± 8 °C for P + F. Here, the error is the
standard deviation of 5 measurements. The martensite start tem-
perature was determined for both variants as well. For B + M it is
225 ± 23 °C and for P + F 161 ± 12 °C.

4. Discussion

To make an appropriate discussion it is reasonable to summa-
rize the results as follows:

(b)

(a)

(c)

Fig. 9. TEM cross-sectional analysis of the lamellae present in P + F after complete
heat treatment. (a) High resolution STEM-image of the lamellae. (b) STEM-image of
a single lamella. (c) Result of TEM orientation mapping performed with an ASTAR-
system (automated spot-pattern analysis).
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Fig. 10. Dilatometer curves obtained during heat treatment of (a) B + M, (b) P + F. The red circle indicates the transformation to austenite. The blue circles show at which
temperature bcc and martensite start to grow. The measurement artefact is caused by the change of cooling speed occurring at this temperature. (For interpretation of the
references to color in this figure legend, the reader is referred to the web version of this article.)
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� The main difference between the two initial microstructures
obtained after coiling at different temperatures is the distribu-
tion of manganese. For B + M, coiled at lower temperature, man-
ganese only shows heterogeneities in the form of solidification
segregations. For P + F, coiled at higher temperatures, man-
ganese is enriched in carbides and depleted in other zones.
The local heterogeneities survive the heat treatment, even
though the carbides responsible for them are nearly completely
dissolved.

� Before heat treatment, the B + M microstructure is harder than
P + F. Interrupting the heat treatment after the isothermal
annealing step leads to microstructures that have both the same
hardness. After complete heat treatment, B + M is again harder
than P + F.

� For P + F the reaustenization is not completed after holding the
material at the temperature plateau. This is indicated by carbon
and Mn-depleted zones, which correspond to untransformed
ferrite.

� During cooling down, the fcc–bcc transformation begins at
about 160 K higher temperatures for P + F than for B + M.
After complete heat treatment the martensite content for
B + M as well as the average GND density in a-iron and ferrite
is higher.

� After complete heat treatment the P + F microstructure shows
lamella-like areas, which appears like incompletely dissolved
pearlite. Extraction replica and EBSD measurements show, that
these lamellae are neither cementite nor M23C6 but austenite or
martensite. Only 2.6% of the original amount of carbides is
inherited.

4.1. Enrichment of carbides with substitutional elements during coiling

The initial material shows carbides that have been enriched to
different levels of substitutional elements after coiling at different
temperatures. The enrichment is, in most cases, related to a similar
substitutional element depletion of the matrix surrounding the
carbides. This heterogeneous distribution of Mn must have been
created during coiling of the material as neither chemical compo-
sition nor any other production parameter is different between
the two materials.

Mn content of cemen3te in P+F

Mn content of cemen3te in B+M

Fig. 11. Equilibrium concentration of M3C depending on temperature. The average
composition of P + F was used to calculate the concentrations with TC (Thermo-
Calc). Other carbides than cementite were not taken into account and therefore not
allowed to occur. The dashed and dashed-dotted lines indicate Mn-levels of the
cementite in the initial P + F and B + M material as measured by EDX (e.g. after
coiling).

25 50 75 100 125
16

17

18

19  with Mn depletion
 without Mn depletion

P
o
s
it
io

n
 i
n
te

rf
a
c
e
 (

µ
m

)

Time (s)

End of the cell

0 20 40 60 80 100 120
500

550

600

650

700

750

800

850

T
e

m
p

e
ra

tu
re

 [
°C

]

Time [s]

 applied temperature

0 2 4 6 8 10 12 14 16 18

0,0

0,2

0,4

0,6

0,8

1,0

1,2

1,4

1,6

C
o
n
c
e
n
tr

a
ti
o
n
 (

W
t.
 %

)

Distance (µm)

 Mn
 C

0 25 50 75 100 125

4

6

8

10

12

14

16

18

 with Mn depletion
 without Mn depletion

P
o
s
it
io

n
 i
n
te

rf
a
c
e
 (

µ
m

)

Time (s)

End of the cell

(b)(a)

(d)(c)

αγ

direc3on of movement

start of

quenching

start of

quenching

Fig. 12. Results of the DICTRA simulation performed to study the influence of the Mn depleted regions. (a) Start distribution of the alloying elements. (b) Evolution of the
temperature with time. (c) Position of the gamma–alpha interface in dependence of time. (d) Magnified version of (c). The red line indicates the end of the cell. A planar
geometry was used for the simulation.

394 L. Schemmann et al. / Acta Materialia 95 (2015) 386–398



It is established knowledge that carbides can be enriched with
substitutional elements like Mn and Cr [27–29]. Fig. 11 shows
the equilibrium enrichment of cementite with substitutional ele-
ments in dependence of the temperature for the present material,
as calculated with TC. It is noted that the lower the temperature
the higher the enrichment of M3C with substitutional elements
in equilibrium. It should be noted, however, that the high value
of Mn-concentration obtained for low temperatures in the calcula-
tion, is due to the fact that the simulations were done excluding
the formation of other carbides than cementite. Of course, due to
limited diffusion, these values are not found in real samples. The
dashed line shows the degree of Mn enrichment in the analysed
cementite in P + F and the dashed-dotted line shows the enrich-
ment measured in B + M. For B + M the concentrations of the sub-
stitutional elements is close to the average concentration of the
steel. For this case it can be concluded that the temperature during
which the carbides were formed was too low to allow the forma-
tion of carbides following local equilibrium with partitioning
(LEP). The formation must have occurred under local equilibrium
with no partitioning (LENP) or paraequilibrium (PE). In contrast,
the higher temperature of coiling for P + F allowed a transforma-
tion according to LEP, resulting in higher Mn content of the car-
bides and depletion of the surrounding matrix.

4.2. Evolution of hardness during heat treatment

After complete heat treatment the B + M microstructure has a
higher hardness than the P + F microstructure. This observation
can be rationalized by two facts. First, B + M contains more

martensite and it is well known that martensite hardens the mate-
rial [3]. Second, B + M also shows a higher GND density as com-
pared to P + F. GNDs represent forest dislocations for mobile
dislocations and, therefore, harden the material (e.g. Ashby et al.
[48]). The question arises, which mechanism causes the higher
GND content in the B + M material.

As already mentioned, the plateau temperature of the applied
heat treatment was at 1113 K. The phase diagram of the steel
reveals that austenite is the only stable phase at this temperature.
WDX measurements performed after quenching the material
(point 2 of the heat treatment) revealed, however, that in the case
of the P + F microstructure reaustenization was not completed,
indicated by the fact that some regions have a significantly lower
carbon content than the average (cf. Fig. 6). During cooling down
of P + F, ferrite started to grow at significantly higher temperatures
(668 °C ± 8 °C) compared to B + M (510 °C ± 1 °C). The reasons for
this are the areas of inherited, untransformed ferrite, which can
start to grow during cooling down without any nucleation.
Similar observations have been reported, e.g. in [49] on fer-
rite/bainite in TRIP steels. In the case of B + M, no ferrite survived
the isothermal part of the heat treatment. Hence, new ferrite had
to nucleate during cooling down. In general, nucleation processes
need time and a certain degree of undercooling, which means that
in the case of B + M the transformation of fcc to bcc begins at a
lower temperature compared to P + F.

It is very likely that the dissimilar martensite content of both
variants is a result of the different growth temperatures of bcc
for P + F and B + M. Compared to P + F, the ferrite in B + M has less
time to grow and the diffusional growth of ferrite is limited due to

Mn

Fig. 13. WDX measurement of P + F annealed at 1173 K and quenched (Point 2). (a) Distribution of carbon. (b) Distribution of Mn. Measurement conditions as in Fig. 4.
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the lower mobility of all elements at the lower temperature. This
leads to a higher content of austenite, which transforms to marten-
site during cooling down to room temperature.

The different growth temperatures of bcc for P + F and B + M
also appear to be the reason for the lower values of the average
GND density in ferrite in P + F. Indeed, the lower the temperature
of the c–a transformation the more it changes from a diffusional
to a displacive character. A displacive transformation, in turn, pro-
duces shape accommodation dislocations as it is well known for
the formation of martensite. For a bainitic transformation, which

is partly diffusive and partly displacive it was shown, furthermore,
that the bcc phase formed at higher temperatures has a lower dis-
location than the one formed at lower temperatures [50]. We,
therefore, claim that the observed difference in dislocation densi-
ties between the B + M and P + F samples is caused by a change
in the transformation character from diffusive to displacive. This
hypothesis has recently been investigated in more detail by the
authors (to be published).

In comparison to the other effects, the inherited carbides influ-
ence the hardness of P + F only marginally. For P + F it was shown
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that only 2.4% of the original amount of carbides was inherited.
This implies that most of the carbon is available for martensite
hardening.

4.3. Simulation of the role of Mn depleted zones on the fcc to bcc

transformation

In order to understand the origin of the non-dissolved ferrite in
the P + F microstructure, one has to take a closer look at the ele-
mental distribution obtained at point 2 of the heat treatment. As
shown in Fig. 6, low carbon regions correlate in most cases with
low Mn regions. A lower concentration of Mn increases the c–a
transformation temperature and, therefore, reduces the a–c trans-
formation rate. In order to prove whether a manganese-depleted
zone with a Mn content of 1 wt.% could slow down the interface
between austenite and ferrite long enough to allow the ferrite to
prevail during the isothermal part of the heat treatment, the fol-
lowing DICTRA simulation was set up: The size of the simulation
cell was set to 18 lm, which is half of the longest distance mea-
sured by SEM between two pearlite regions. The start temperature
was set to 755 °C at t = 0 s corresponding to the temperature at
which the dilatometer curves showed the start of the reausteniza-
tion for the P + F microstructure. It was assumed that at this tem-
perature all pearlite that was present in the material had already
transformed into austenite with a carbon concentration corre-
sponding to that of the average pearlite concentration. Such a
transformed area served as austenite nucleus in the cell. The initial
distribution of C and Mn, and of the phases is plotted in Fig. 12a:
The Mn content is the same (1.5 wt.%) everywhere except for the
right part of the ferrite region which serves to simulate a
Mn-depleted zone. The average carbon content of the cell was
set to 0.138 wt.% except for the area of the austenite nucleus.
This cell was then subjected to heat treatment, shown in
Fig. 12b, consisting of ramping up to 834 °C in 25 s, holding at that
temperature for 90 s and finally quenching at a rate 100 K/s. A sec-
ond simulation for a cell without Mn-depletion was also set up
using the same conditions as those of the first one. Results of both
simulations are shown in Fig. 12(c) and (d). For the simulation of
the cell with Mn depletion, the interface reached the depleted zone
after 60 s. There the transformation rate became very low and, as a
result, a small part of the ferrite region was conserved to the end of
the isothermal annealing. During quenching, this ferrite region
started to grow again and reached a total thickness of 1.7 lm.
Because only half of a Mn depleted zone was simulated, the total
thickness of the ferrite region is 3.4 lm. For the simulation without
Mn depletion the results differed significantly. As it can be seen in
Fig. 12(c) or (d), the interface was also fast in the beginning and
slower after a few seconds, but ferrite was not stabilized. After
60 s, which means after roughly 35 s of the isothermal part, the fer-
rite was completely dissolved. As a consequence, no ferrite could
grow during quenching.

4.4. Alternative heat treatment of P+F for full austenization

In order to investigate whether the incomplete austenization is
indeed the reason for the change of properties after cooling, an
alternative heat treatment was applied with higher austenization
temperature of 900 °C. The WDS measurement after interrupting
the heat treatment (Fig. 13) now shows a homogeneous distribu-
tion of carbon even in the Mn depleted zones. This indicates com-
plete austenization of the material. The dilatometer curve of this
specimen (Fig. 14(a)) now reveals a lower c–a transformation tem-
perature, comparable to that of the B + M microstructure. Also the
hardness of the material increases (Fig. 14(b)) and is much more
comparable to the hardness of the B + M microstructure after com-
plete heat treatment.

4.5. The nature and origin of the lamellae found in P + F after complete

heat treatment

After complete heat treatment lamellae were found (Fig. 2(c))
which appeared like partly dissolved pearlite. However, the inves-
tigation of the extraction replicas showed that nearly no carbon
rich carbides like cementite survive the heat treatment. Rather,
retained austenite and martensite are found at the positions of
the lamellae. In order to understand the origin and formation of
these special microstructures, DICTRA calculations were per-
formed. These calculations also help understanding why no new
carbides form during cooling.

The analysis of the extraction replica of the initial state of the
P + F microstructure shows an enrichment of the carbides, even
in pearlite, with manganese. Even though the carbides dissolve
during the heat treatment, WDS measurements show that the
Mn-enrichments survive the complete heat treatment. To analyse
the diffusion of a Mn enrichment caused by pearlite with time, a
DICTRA simulation was set up as follows: The simulation starts
at the beginning of the plateau of the heat treatment. The complete
time–temperature curve can be seen in Fig. 15(b). It is assumed
that the pearlite microstructure is fully austenitic, but the
Mn-enrichments caused by the carbides are still present. Our
experiments showed that these initial conditions are reasonable:

During heating up to 840 °C the dilatometer curves of P + F indi-
cate a nearly complete austenization of the matrix.

SEM image of P + F, taken after interrupting the heat treatment
during heating up at 765 °C, showed, that pearlite is the first to
transform to austenite at the beginning of the phase transforma-
tion. This growth mechanism is also reported by several other
studies.

The starting conditions of the simulations are displayed in
Fig. 15(a). The degree of Mn-enrichment, used for the simulation,
is set to the same value as the one measured with EDX in pearlite.
The enrichment is located at the right end of the simulated cell. It
has the same thickness as a typical cementite lamella. It is impor-
tant to note that the former carbide is virtually free of silicon
caused by the very low solubility of Si in the carbide [51].
Non-enriched austenite is located at the left side of the former
cementite. It has half the thickness of the typical distance of two
cementite lamellae in perlite. An inactive bcc phase is located at
the left side of the cell which serves as a nucleus for phase trans-
formation. It starts to grow as soon as it becomes thermodynami-
cally stable. LEP/LENP was used as growth regime, which means
that partitioning of the substitutional elements is taken into
account. Fig. 15(c–f) displays the distribution of the elements at
different times. At the end of the isothermal part of the simulation
after t = 84 s, carbon is still found at the position of the former
cementite lamella, but at a low level. The Mn enrichment strongly
redistributed, but the enrichment is still significant. Special atten-
tion has to be paid to the distribution of the silicon. At the begin-
ning there is no silicon at the position of the former cementite;
however, after the isothermal holding it is even enriched at zones
of former cementite. This means that once the pearlite is dissolved,
it is very unlikely that new pearlite forms due to the low mobility
of silicon at lower temperatures and the fact that cementite has
practically no solubility for silicon. During cooling down, the bcc
phase starts to grow fast and reaches its maximum extension at
t = 134 s. At that moment a high Mn-concentration peak has been
collected at the phase boundary due to the rather slow diffusion
of Mn in austenite. After this time, no more growth of bcc iron is
observed because the Mn diffusion into the austenite becomes
too slow to allow the progression of ferrite. As a consequence
austenite is kinetically stabilized. During quenching down to room
temperature, this austenite may then either transform to marten-
site or be retained as metastable austenite.
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5. Conclusions

The present study shows the importance of the initial distribu-
tion and diffusion of substitutional elements for the formation of
DP microstructures during their heat treatment process. The main
results and conclusions are summarized below.

The coiling temperature may drastically influence the enrich-
ment of carbides with substitutional elements like manganese
and chromium. High temperatures lead to a high degree of enrich-
ment (P + F). Material coiled at lower temperatures does not con-
tain any enriched carbides (B + M). The most likely reason for
this behaviour is the change of the growth regime of carbides from
LEP to LENP or PE.

In case of P + F, it was found that Mn enriched regions occur cor-
related with Mn depleted zones. These zones retard the a–c trans-
formation and lead to an incomplete austenization during the
applied heat treatment. It was shown with DICTRA that Mn
depleted zones have a retarding effect on the growth of austenite
during austenization. It was revealed that the ferrite regions are
only kinetically stabilized. A longer or higher temperature heat
treatment leads to complete austenization.

During cooling down, the B + M material transforms at lower
temperatures from austenite to ferrite than the P + F material.
The reason for this is that nucleation of new ferrite is needed in
the case of B + M. In contrast, for P + F no nucleation of ferrite is
needed, due to the incomplete austenization. The retarded trans-
formation of B + M leads to a higher density of geometrically nec-
essary dislocations as well as to a higher martensite content. Both
contribute to the higher hardness of B + M compared to P + F.

During isothermal holding the carbides dissolve, but the related
Mn-enrichments do not homogenize completely. After the com-
plete heat treatment there is a higher chance to find retained
austenite at regions of higher Mn content. This does not only apply
to former globular carbides but also to pearlite islands. The
microstructure thus resembles the original pearlite but the former
cementite lamellae now consist of austenite or martensite. DICTRA
calculations show the austenite-stabilizing effect of
Mn-enrichments during cooling. They show furthermore that Si
homogenizes fast enough to prevent the formation of fresh
cementite.
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