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Spectral TRIP enables ductile 1.1 GPa martensite
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a b s t r a c t

Introduction of interlath reverted austenite is an effective method to design ductile lath martensitic

steels. The challenge in this concept is that all reverted austenite films have similar mechanical stability,

hence, they all undergo transformation-induced plasticity (TRIP) at the same strain level. Here we

propose a new thermo-mechanical treatment route to activate the TRIP effect over a broad strain regime

and refer to it as ‘spectral TRIP effect’. It aims at spreading the micro-mechanical stability of reverted

austenite grains by widening the austenite nucleation barrier in martensite. To validate the proposed

thermo-mechanical treatment route, an as-quenched medium-Mn martensitic steel was cold rolled prior

to the reversion treatment at 600  C. Microstructure characterization was carried out by electron

backscatter diffraction (EBSD) and electron channeling contrast imaging (ECCI). Mechanical tests show

that the approach is effective. The spectral TRIP effect improves both, the strength and the ductility due

to the well dispersed size distribution and the associated size-dependent deformation and phase

transformation behavior of the reverted austenite grains, extending TRIP-related work hardening over a

broad strain range.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

The challenge that we address in this work is to design ductile

martensitic steels [1e3]. In a previous study, we demonstrated that

after reversion treatment of a lath martensitic steel

(Fee9Mne3Nie1.4Ale0.01C, mass%), the resultant nanolaminate

microstructure consisting of alternating layers of martensite and

reverted austenite exhibits enhanced ductility and toughness with

maintained ultimate tensile strength compared to the non-heat

treated material [4]. This improvement in properties was linked

to the dynamic nature of the strain partitioning between the

martensite and reverted austenite phases, which itself arises due to

a size dependent competition between mechanically-induced

martensitic transformation and mechanical twinning mechanisms

in austenite [5,6]. Here, we develop this basic approach further by

systematically exploiting this size dependence, thus extending the

associated TRIP-related work hardening over a broader strain range

for simultaneously improving both, the material's strength and

ductility.

Note that, the dispersion of the TRIP effect of retained/reverted

austenite has been the core microstructure design challenge for

enhancing the strain hardening ability and ductility of multiphase

TRIP steels [7e9], medium-Mn steels [10e12], and quench & par-

titioning steels [13e15], etc. Majority of present efforts include

large-matrix experimental programs, providing wide range

screening of different chemical compositions or thermo-

mechanical treatments for their effects on mechanical properties

[10e12,16,17], whereas few dig deeper into a certain thermo-

mechanical route to better connect properties to changes in the

microstructure [18,19]. Our goal here is to identify an optimal

thermo-mechanical pathway and explore its micro-mechanical

consequences in detail to identify its full potential to successfully

address this design challenge.

The microstructure design strategy is as follows: To achieve a

wider austenite grain size distribution, it is required to introduce a

correspondingly wider distribution of potential nucleation sites for

austenite in themartensite microstructure, e.g. a range of sites with

different nucleation energy barriers. The nucleation energy barrier

associated with the reversion of martensite to austenite consists of

three energy components [20e24], namely, the change in chemical

free energy, interface energy and elastic misfit energy. The first

energy component, i.e. the change in free energy, arises from the

difference in chemical composition and atomic arrangements* Corresponding author.
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between themartensite matrix and the austenite reversion nucleus

[22]. The second term, i.e. the change in interface energy, is

determined by the net interface energy differences between the

original martensite/martensite grain boundary, the newly formed

martensite/austenite interface and the austenite/austenite inter-

face (if an internal boundary exists inside the nucleus) [24]. The

final energy component, i.e. the change in elastic energy, is the gain

in elastic energy since the highly elastically strained martensite is

replaced by the austenite nucleus [24]. In certain cases, when the

reversion proceeds via displacive mechanism, elastic misfit stresses

must be considered between the two phases [25e28].

In the current reversion treated lath martensite, it is shown that

(i) the reversion of martensite to austenite is a reconstructive

process controlled by diffusion and the reverted austenite grains

containminor amounts of stacking faults (SFs); and (ii) the reverted

austenite and the abutting host martensite exhibit a KeS (Kurdju-

mov-Sachs) orientation relationship at least along one interface.

Thus, the decisive parameter in introducing a wider spectrum of

differences in nucleation energy lies in controlling the energy

associated with the martensite grain boundaries, since nucleation

along high angle martensite grain boundaries would lead to high

gain in both interface energy and elastic energy.1 It follows then

that modifying the misorientation distribution of martensite grain

boundaries should efficiently lead to a diversification of the

nucleation sequence for reverted austenite, enabling a spectral TRIP

effect.

In this context, the benefits of imposing cold deformation to the

martensite prior to the reversion treatment are worth considering.

Cold deformation introduces various defects that can act as

nucleation centers for reversion, namely, grain boundaries with a

wide range of misorientations, shear bands, lamellar boundaries

containing geometrically necessary dislocations, and cell bound-

aries with statistically distributed dislocations [29e33]. Processing

benefits also exist: steel sheet products always require some degree

of rolling for reducing their thickness and enabling kinetics of the

involved process, e.g. accomplishment of transformation processes

during subsequent annealing.

These considerationsmotivated us to investigate the potential of

cold rolling as a means of adjusting the nucleation barrier for

austenite, by introducing a wide distribution of internal bound-

aries. In the following, first the influence of cold rolling on the

martensite microstructure and the subsequential austenite rever-

sion process are presented. Then the mechanical properties of the

reversion-treated cold-rolled martensite are examined and the

microstructure evolution during deformation is mapped and dis-

cussed in the light of earlier observations [4,5]. Finally, the rela-

tionship between the microstructure and the mechanical

properties in reversion-treated cold-rolled martensite is discussed

and conclusions are drawn.

2. Experimental procedure

The starting material is a TRIP-maraging steel with nominal

chemical composition of Fee9Mne3Nie1.4Ale0.01C (mass %)

[4,5,24,34,35]. The metallurgical and thermo-mechanical processes

to produce a steel plate (~5mm)with an as-quenched a0 martensite

microstructure are described elsewhere [5]. The as-quenched steel

plate was cold rolled from ~5 mm to ~1.5 mm (~70% thickness

reduction). Partial reversion of cold-rolled a0 martensite to

austenite (g) was carried out at 550  C, 575  C and 600  C for short

periods (10 min, 30 min or 1 h) and then quenched in water. Uni-

axial tensile tests with initial strain rate of 10"3 s"1were conducted

for selected aging conditions combined with digital image corre-

lation (DIC) using Aramis software (GOM GmbH) [36,37]. Micro-

structures were characterized by scanning electron microscopy

(SEM) based electron backscatter diffraction (EBSD), electron

channeling contrast imaging (ECCI) and secondary electron imag-

ing (SE imaging) analysis. Details of the sample preparation pro-

tocols and microstructure characterization parameters can be

found in Ref. [5].

3. Results

3.1. Microstructure evolution during processing

Table 1 introduces the naming convention for characterizing the

different deformation and heat treatment states: In what follows,

based on the starting state of the microstructure (as-quenched: AQ,

cold-rolled: CR), the annealing time at 600  C and the micro-

structural constitutes (martensite: M, austenite: A) samples are

named as listed in Table 1.2

The as-quenched and the cold-rolled microstructures are char-

acterized by light optical micrographs and EBSD phase maps in

conjunction with an overlay of the image quality maps in Fig. 1. In

the as-quenched state M(AQ), the microstructure consists of an a0

martensite phase matrix (phase in red) (Fig. 1a2) and various types

of boundaries in the microstructure including prior austenite grain

boundaries as well as martensite packet/block/lath boundaries

(Fig. 1a1) [38,39]. After cold rolling, the deformed microstructure

(sample state M(CR)) is characterized by a a
0 martensite matrix with

numerous deformation bands, as indicated bywhite color arrows in

Fig. 1b1eb2.

The influence of cold rolling on the distribution of the internal

interfaces in themicrostructure is shown in Fig. 2. The distributions

of grain boundaries in as-quenched martensite M(AQ) and cold-

rolled martensite M(CR) are plotted in Fig. 2a1 and b1, respectively,

where grain boundaries with 2 e15 misorientations, e.g. low

angle grain boundaries, are in blue, and grain boundaries with

15 e62.8 misorientations, e.g. high angle grain boundaries, are in

red.3 Compared to the as-quenched state M(AQ) (Fig. 2a1), cold-

rolled martensite M(CR) contains not only a higher density, but

also a wider spatial distribution of high angle and low angle

martensite grain boundaries (Fig. 2b1). The difference in density

and spatial distribution of martensite grain boundaries can be

clearly seen by comparing the two magnified images shown in

Fig. 2a2 and b2, and the martensite grain boundary distribution in

Fig. 2c.

The influence of the density and distribution of the martensite

grain boundaries on the subsequential g reversion process at 600  C

is presented in Fig. 3. It shows the EBSD phase maps for sample

states M-A(AQþ1h), M-A(AQþ4h) and M-A(AQþ8h) (Fig. 3a1ea3), phase

maps (Fig. 3b1eb3) and g phase sizemaps (Fig. 3c1ec3) for statesM-

A(CRþ10min), M-A(CRþ30min) and M-A(CRþ1h). In the g phase size maps,

each grain is color coded (from blue to red, rainbow code) by its

1 This was already observed in our previous work [4]: during the short time

annealing of as-quenched martensite at 600  C, reverted austenite grains were

mainly formed along prior austenite grain boundaries and martensite packet/block

boundaries, i.e. both are types of interfaces with high misorientations and energies.

With longer annealing time, reverted austenite grains are also formed along

martensite lath boundaries, i.e. grain boundaries with low misorientations.

2 To exclude the influence of aging temperature on austenite reversion kinetics

and chemical composition of reverted austenite, results of microstructure charac-

terizations and mechanical tests are only presented here for aging treatments at

600  C. But note that sufficient tests, e.g. microstructure characterizations of eight

different aging treatments and mechanical testing of four aging conditions, were

carried out to confirm the proposed thermo-mechanical treatment route.
3 62.8 is the maximum misorientation between two cube crystals [68].
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grain size, e.g. g grains in red are larger than those in blue.

For the as-quenched undeformed martensite, g reversion takes

place first along the martensite packet and block boundaries (see

sample state M-A(AQþ1h) in Fig. 3a1), then also along martensite lath

boundaries (see sample state M-A(AQþ4h) in Fig. 3a2). These initially

nano-sized films of g eventually grow thicker after 8 h annealing at

600  C (see sample state M-A(AQþ8h) in Fig. 3a3).

Due to the higher density and spatial distribution of martensite

grain boundaries in cold-rolled martensite, a profoundly different g

reversion process is observed. Already after 10 min annealing at

600  C, reverted g grains are formed in the microstructure (see

sample state M-A(CRþ10min) in Fig. 3b1). Comparing these with the

distribution of the martensite boundaries observed in the cold-

rolled state (Fig. 2b1, b2), it is clear that the reverted g grains are

preferentially formed along high angle martensite grain bound-

aries, e.g. at shear bands (see sample stateM-A(CRþ10min) in Fig. 3b1).

The preferred nucleation behavior of g grains along high angle

grain boundaries is consistent with the behavior observed in the as-

quenched, i.e. undeformed martensite (Fig. 3a1). During further

annealing of the cold-rolled martensite to 30 min, these g grains

which formed along high angle grain boundaries continue to grow

while more g grains are observed to newly nucleate along such

grain boundaries which are characterized by lower angle mis-

orientations (Fig. 2b1, Fig. 3b2). Due to the difference in nucleation

sequences and thus time available for phase growth, g grains that

had formed along high angle grain boundaries assume a larger

phase size than those formed along low angle grain boundaries (see

sample state M-A(CRþ10min) in Fig. 3c1 and sample state M-

A(CRþ30min) in Fig. 3c2). This process proceeds with further anneal-

ing. Eventually, after 1 h, the majority of the martensite grain

boundaries are decorated by reverted g grains (Fig. 3b3, c3).

Comparing this state with the earlier sample states which were

annealed for shorter times, i.e. M-A(CRþ10min) (Fig. 3c1) and M-

A(CRþ30min) (Fig. 3c2), the reverted g grains assume an overall larger

grain size in the sample annealed for 1 h at 600  C, i.e. M-A(CRþ1h).

Thus, for both classes of samples, the as-quenched martensite

and the cold-rolled martensite, high angle grain boundaries pro-

mote earlier nucleation of g grains over low angle grain boundaries.

Table 1

Sample abbreviations based on the starting state of the microstructure (as-quenched: AQ, cold-rolled: CR), the annealing time at 600  C and the

microstructural constitutes (martensite: M, austenite: A).

Annealing time @ 600  C Microstructure prior to reversion annealing

As-quenched martensite [4,5] Cold-rolled martensite [this work]

0 min M(AQ) M(CR)

10 min M-A(CRþ10min)

30 min M-A(CRþ30min)

1 h M-A(AQþ1h) M-A(CRþ1h)
4 h M-A(AQþ4h)
8 h M-A(AQþ8h)

Fig. 1. Microstructure of (a) As-quenched martensite M(AQ); (b) Cold-rolled martensite M(CR), as characterized by (1) Light optical micrograph; (2) EBSD Phase map with an overlay of

the EBSD image quality map.
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Moreover, the high density and spatial distribution of high and low

angle grain boundaries in cold-rolled a0 martensite leads to a size

distribution of g grains after 1 h annealing at 600  C.

Fig. 4a shows the influence of pre-straining of martensite on the

g reversion kinetics. We find that cold-rolled martensite M(CR) ex-

hibits significantly faster g reversion kinetics than as quenched

martensite M(AQ), i.e. a higher g fraction is observed for the former

after the same annealing period at 600  C. The size distribution of g

grains in sample M-A(CRþ1h) is also quantified and plotted together

with the width distribution of the g nano-films in sample M-

A(AQþ8h) in Fig. 4b. In sample M-A(AQþ8h), the majority of the g

grains have a width below 0.3 mm (green curve in Fig. 4b). In

contrast, sample M-A(CRþ1h) exhibits a broader g grain size distri-

bution (black curve in Fig. 4b). Thus, as planned, a broader size

distribution of g grains is successfully developed from the cold-

rolled martensite.

3.2. Mechanical response

To assess whether the successfully realized microstructure

design route positively enhances the mechanical properties as

planned, the mechanical properties of the cold rolled and heat

treated martensite sample M-A(CRþ1h) are compared with those of

the undeformed and heat treated sample M-A(AQþ8h) in Fig. 5.

Sample M-A(CRþ1h) exhibits a yield stress s0.2 of 870 MPa, ultimate

tensile stress (UTS) of 1110 MPa, and uniform elongation (UE) of

17.1%, corresponding to 31% increase in s0.2, 23% increase in UTS

and maintained UE value comparing with sample M-A(AQþ8h)

(Fig. 5a). The DIC-based strain measurements also reveal that M-

A(AQþ8h) and M-A(CRþ1h) both exhibit substantial damage tolerance,

i.e. comparable post-necking deformation capability, i.e. with

similar amount of accumulated strain between the onset of the

strain localization regime and failure.

The mechanical properties of sample M-A(CRþ10min), M-

A(CRþ30min), M-A(CRþ1h) andM-A(AQþ8h) are summarized in Fig. 5b. It

is clear that after 1 h annealing of the cold-rolled martensite,

sample M-A(CRþ1h) exhibits improved mechanical properties

compared to the 8 h annealed as-quenched undeformedmartensite

(sample M-A(AQþ8h)). Thus, the proposed thermo-mechanical

treatment route is proven to be effective.

Fig. 6a shows the strain hardening behavior for samples M-

A(AQþ8h) and M-A(CRþ1h). It is clear that M-A(CRþ1h) (black curve in

Fig. 6a) exhibits an enhanced strain hardening behavior during the

later stage of deformation. Based on the strain hardening behavior

presented in Fig. 6a, the deformation process of sample M-A(CRþ1h)
is divided into three stages, namely stage i - early uniform defor-

mation regime (ε < 0.07); stage ii - late uniform deformation

regime (0.07 < ε < 0.14); and stage iii - post-necking deformation

stage (ε > 0.14). To indicate the deformation and phase trans-

formation behavior of the g grains within these different defor-

mation regimes shown in Fig. 6a, two datasets are plotted in Fig. 6b:

(i) the kernel average misorientation (KAM) in g (red data points);

and (ii) the g fraction (blue data points). The KAM parameter is the

average misorientation of all neighboring points with respect to a

given kernel (here 2nd neighbor, all points in kernel) [40]. To

exclude the influence from neighboring grains or grain boundaries,

Fig. 2. Distribution of grain boundaries in (a1, a2) As-quenched martensite M(AQ); (b1, b2) Cold-rolled martensite M(CR), as characterized by EBSD measurements. (c) Quantified

distribution of grain boundaries in as-quenched martensite M(AQ) and cold-rolled martensite M(CR).
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misorientations higher than 5 are excluded from the calculations.

Here the KAM measure is used as an index for assessing accumu-

lated plasticity in deformed g grains [41].

3.3. Deformation micro-mechanisms

To understand the deformation micro-mechanisms associated

with the new thermo-mechanical treatment route, the micro-

structure evolution during deformation of M-A(CRþ1h) is investi-

gated next in detail. In our previous work, the internal structures of

a0 martensite and reverted g in M-A(AQþ8h) were systematically

characterized in detail by EBSD, TEM, ECCI and synchrotron X-ray

diffraction (SXRD) analysis [4,5]. Due to the same annealing tem-

perature applied to obtain M-A(AQþ8h) and M-A(CRþ1h), i.e. 600
 C,

Fig. 3. (a) Phase maps for samples states (1) 1 h at 600  C, M-A(AQþ1h); (2) 4 h at 600  C, M-A(AQþ4h); (3) 8 h at 600  C, M-A(AQþ8h). (b) Phase maps and (c) g phase size maps for

sample states (1) Cold rolled and 10 min at 600  C, M-A(CRþ10min); (2) Cold rolled and 30 min at 600  C, M-A(CRþ30min); (3) Cold rolled and 1 h at 600
 C, M-A(CRþ1h), as characterized

by EBSD measurements. M-A(AQþ1h): 600
 C 1 h annealed as-quenched martensite; M-A(AQþ4h): 600

 C 4 h annealed as-quenched martensite; M-A(AQþ8h): 600
 C 8 h annealed as-

quenched martensite; M-A(CRþ10min): 600
 C 10 min annealed cold-rolled martensite; M-A(CRþ30min): 600

 C 30 min annealed cold-rolled martensite; M-A(CRþ1h): 600
 C 1 h

annealed cold-rolled martensite.

45

35

25

15

0
0 1 2 3 4 5 6 7 8 9

Annealing time (h)

A
u
st

en
it

e 
fr

ac
ti

o
n
 (

%
)

M(CR)

M(AQ)

5

10

20

30

40

Grain size ( m)

N
u
m

b
er

 f
ra

ct
io

n

(a) (b)

0.12

0.04

0.00
0.2 0.60.4 1.00.8

0.08

0.16

0.0

0.20

M-A(AQ+8h)

M-A(CR+1h)

Fig. 4. (a) Evolution of reverted g fraction during 600  C annealing of cold-rolled a0 martensite (M(CR)) and as-quenched a0 martensite (M(AQ)); (b) Size distribution of reverted g

grains for 600  C 8 h annealed as-quenched a0 martensite M-A(AQþ8h) and 600
 C 1 h annealed cold-rolled a0 martensite M-A(CRþ1h). Note that the smallest g grains might not be

accurately indexed due to the limited spatial resolution of EBSD.

M.-M. Wang et al. / Acta Materialia 111 (2016) 262e272266



reverted g grains in both samples would assume the same chemical

composition [5], e.g. similar stacking fault energy (SFE) [42,43].

Thus deformation of g is expected to take place via activation of

similar mechanisms, e.g. by formation of SFs, mechanical twinning

and deformation-induced phase transformation [4,5].

Reverted g grains in sample M-A(AQþ8h) contain minor amounts

of stacking faults (SFs) prior to deformation, which are growth

faults during the reconstructive process. The formation of SFs in

reverted g grains in sample M-A(CRþ1h) in the undeformed state is

also confirmed upon inspection of high resolution ECCI of reverted

g grains (see, e.g., yellow highlighted grains in Fig. 7). Based on the

similarity of these sub-structural features and deformation mech-

anisms in sample M-A(CRþ1h), the characterization is carried out

here mainly by ECCI, supported by EBSD based KAM and defor-

mation texture analysis. The latter two methods are especially

useful microstructure indicators since deformation in g: (i) pro-

ceeds via multiplication of defects and thus increased lattice cur-

vature due to deformation would be reflected as an increase in the

KAM value; (ii) is accommodated by motion of dislocations, i.e.

with 〈1"10〉{111} slip systems, leading to a gradual build-up of

{111}//TA (tensile axis) texture.

We start with the undeformed state, where the microstructure

of sample M-A(CRþ1h) consists of a
0 martensite (phase in red) and

reverted g grains (phase in green), as shown by the EBSD phase

map in Fig. 7a1. Reverted g grains in sample M-A(CRþ1h), as

highlighted by yellow borders in Fig. 7a2 and a3, contain minor

amounts of stacking faults (SFs) and do not inherit stored disloca-

tions from the cold-rolled martensite. The a0 martensite matrix is

characterized by precipitates and dislocations (Fig. 7a3).

During stage i, the early uniform deformation regime (ε < 0.07),

the strain hardening rate decreases after yielding, as shown by the

black curve (Fig. 6a). About 15% of the g grains transform into a0

martensite and the remaining g grains exhibit a slight increase in

the KAM value up to ε ¼ 0.05 (Fig. 6b). Since an increase in the

density of SFs is observed, it can be proposed that reverted g grains

are deformed by the motion of partial dislocations and multipli-

cation of SFs (Fig. 7b2eb3). SFs within some of the g grains are

observed to be aligned along different orientations and thus divide

g grains into distinctly misoriented portions.

The deformation behavior in stage ii, the late uniform defor-

mation regime, is characterized by the appearance of a strain

hardening plateau between ε ¼ 0.07 and ε ¼ 0.12, followed by a

decrease in strain hardening rate up to ε ¼ 0.14 (Fig. 6a). During

stage ii, ~14.5% of the g crystals transform into a0 martensite and a

continuous increase in KAM value in the remaining g grains is

observed (Fig. 6b). Thus, accompanying the significant activation of

phase transformation, the remaining g grains also exhibit pro-

nounced plasticity. In fact, at the onset of the strain hardening
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plateau, i.e. at a strain of ε¼ 0.07 (Fig. 7c2ec3), g grains are observed

to contain denser SFs arrangements than at ε ¼ 0.05 (Fig. 7b2eb3).

This is also in accordance with the built-up of the {111}//TA fiber

texture component in the remaining g grains after straining to

ε¼ 0.07 (Fig. 8a1ea3). The {111}//TA fiber texture in g is maintained

during further straining (Fig. 8a4). Meanwhile the martensite

Fig. 7. Microstructure evolution during deformation of sample M-A(CRþ1h) at (a) ε ¼ 0; (b) ε ¼ 0.05; (c) ε ¼ 0.07; (d) ε ¼ 0.13, as characterized by (1) EBSD phase map; (2, 3) ECCI. M-

A(CRþ1h): 600
 C 1 h annealed cold-rolled martensite.

Fig. 8. IPF texture of M-A(CRþ1h)with respect to tensile axis for (a) g and (b) martensite at (1) ε¼ 0; (2) ε¼ 0.05; (3) ε ¼ 0.07; (4) ε ¼ 0.13. M-A(CRþ1h): 600
 C 1 h annealed cold-rolled

martensite.
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generally maintains its {110}//TA rolling texture during tensile

deformation (Fig. 8b1eb4). Within the g grains, a size-dependent

deformation behavior in terms of size-dependent in-grain struc-

tures is observed (Fig. 7c2, c3). On the one hand, small g grains tend

to be deformed as a unit (Fig. 7c2) while larger g grains are

generally deformed by building-up of a complex in-grain structure

with several sets of SFs (Fig. 7c3). On the other hand, the overall

density of SFs within smaller g grains is higher than that of larger g

grains, as observed e.g. by comparing Fig. 7c3 with Fig. 7c2. This

size-dependent deformation behavior evolves with further strain-

ing. At ε¼ 0.13, most small g grains, inwhich no SFs can be resolved

anymore, are transformed to a0 martensite (Fig. 7d2). In contrast, a

large g grain is observed to be densely covered by SFs in each

segment, as indicated by the yellow dashed lines (Fig. 7d3). More-

over, the in-grain contrast within one large g grain indicates that

each crystal portion has undergone deformation or phase trans-

formation individually (Fig. 7d3). The partial transformation

behavior of large g grains in sample M-A(CRþ1h), i.e. the observation

that the large g grain is first split into sub-grains and then each sub-

grain transform individually, is in consistence with the observa-

tions made for sample M-A(AQþ8h) [5].

4. Discussion

4.1. Influence of cold-rolling on microstructure evolution during

reversion of martensite

In our previous work, the initial microstructure prior to rever-

sionwas as-quenched martensite, consisting of martensite packets,

blocks and laths (Fig. 1a1ea2) [4]. These characteristic martensite

grain boundaries do not exist in the microstructure anymore after

cold rolling (~70% thickness reduction). In contrast, cold-rolled

martensite contains numerous deformation-induced interfaces in

the microstructure (Fig. 1b1eb2, Fig. 2) [29]. The difference in dis-

tribution of the martensite grain boundaries subsequently lead to

different reversion processes in as-quenched martensite and cold-

rolled martensite (Fig. 3). Comparing with low angle grain bound-

aries, reverted g grains are preferentially formed along high angle

grain boundaries during annealing at 600  C, indicating shorter

incubation time for g formation along the high angle martensite

grain boundaries (Fig. 3a1ea3, Fig. 3b1eb3). This is due to the low

nucleation barrier for g formation associated with grain boundaries

carrying higher misorientation angles. They are characterized by

higher tendency of elemental segregation and a higher martensite/

martensite grain boundary energy [24,34,35]. Due to the existence

of a bimodal distribution consisting of only high angle martensite

grain boundaries (above 45 ) and low angle martensite grain

boundaries (below 15 ) in as-quenched martensite, relatively long

annealing times are required at 600  C to form nano-sized interlath

g films along themajority of the lath martensite boundaries, e.g. 8 h

(Fig. 3a3). In contrast, due to the continuous misorientation distri-

bution of the grain boundaries in cold-rolled martensite, a

continuous nucleation and growth process is obtained, as indicated

by the evolution of the g grain size distribution in cold-rolled

martensite (Fig. 3c1ec3) and quantitatively shown for samples M-

A(AQþ8h) and M-A(CRþ1h) (Fig. 4b). Eventually, a dispersed size dis-

tribution of g grains is obtained in the cold rolled and heat treated

sample M-A(CRþ1h) (Fig. 3c3, Fig. 4b).

The growth of an g nucleus is accompanied by elemental par-

titioning from martensite, and thus is controlled by the diffusion

rate of corresponding elements across the martensite microstruc-

ture, [4,35,44]. Cold rolling enhances the diffusion rate due to high

stored dislocation density [32,45,46] and thus results in a faster

growth rate of reverted g in cold-rolled martensite than in the as-

quenched martensite, as observed when comparing the g grain

size in sample M-A(CRþ1h) (Fig. 3b3) with that in M-A(AQþ1h)
(Fig. 3a1). Due to the existence of the high density of martensite

grain boundaries and a high stored dislocation density, the com-

bined high g nucleation rate and growth kinetics in cold-rolled

martensite lead to an accelerated reversion kinetics than as-

quenched martensite (Fig. 4a).

To achieve the goal of enhancing the overall mechanical prop-

erties via the current thermo-mechanical treatment route, it is also

essential to control the structure of the martensite. In this context,

possible recrystallization of the cold-rolled martensite during

annealing is undesired. Recrystallization proceeds by the formation

of new strain-free grains and their growth consuming the

deformed and recovered microstructure [47]. Thus, occurrence of

recrystallization in cold-rolled martensite during annealing would

lead to the loss of strength and of those microstructural features

that are required as nucleation sites for the reversion. Previous

works conducted on cold-rolled medium Mn steels reported that

recrystallization in martensite leads to the formation of ‘soft’ ferrite

during the reversion treatment [16,48,49]. During tensile testing,

the yielding of ‘soft’ and almost dislocation-free ferrite leads to a

discontinuous yielding behavior and to the appearance of Lüders

bands on the tensile specimen's surface [16,48,49]. In the current

cold-rolledmartensite, recrystallization of martensite is suppressed

due to precipitates and reverted g grains (Fig. 7a1-a2), and a

considerable density of low angle grain boundaries is preserved

inside the martensite microstructure even after 600  C isothermal

annealing [50,51].

Given the scope of the presented work, a comparison to the field

of grain boundary engineering (GBE) is relevant. GBE is based on

quantitative characterization of grain boundaries with the aim of

increasing fractions of special boundaries to improve grain

boundary controlled properties [52e57]. For example, Schuh et al.

pointed out the importance of grain boundary network topology in

grain boundary engineering and established an experimental

method to analyze the structure and topology of 2D grain boundary

networks [52]. Bechtle et al. reported the increased resistance to

hydrogen-induced intergranular embrittlement in metallic mate-

rials by increasing fractions of special grain boundaries [56]. For the

martensitic boundaries of concern here such an approach is chal-

lenging due to the intrinsic complexity of lath martensite, see

works of Morito et al. [38,58], as well as Morsdorf et al. [59].

Moreover, once the transformation takes place austenite grains are

extremely fine in dimensions, thus they are often difficult to char-

acterize. Luckily, the results presented here demonstrate that for

martensitic matrix steels a strategy that is slightly simpler than

present GBE efforts is sufficient. One apparently does not need to go

as far as identifying property effects of specific boundaries, as long

as one can introduce a wide collection of martensitic boundaries,

which would help later in austenite reversion to lead to wide range

of austenite stabilities. Our results show that the assessment of

grain boundary misorientation on degree of segregation and

nucleation energy is sufficient for the sought effect [60].

4.2. Mechanical properties and the associated deformation-

mechanisms

Compared to M-A(AQþ8h), M-A(CRþ1h) exhibits a higher yield

stress s0.2, ultimate tensile stress UTS and maintained uniform

elongation (Fig. 5). The yielding of the martensite-reverted g

microstructure occurs via yielding of the ‘soft’ phase g crystals,

which is influenced by the g fraction, its deformation behavior and

its stability [61]. Sample M-A(AQþ8h) and sample M-A(CRþ1h) contain

similar amounts of g, e.g. 37 vol % for the former and 42 vol % for the

latter. In either case, it is observed that g is deformed by formation

of SFs prior to deformation induced phase transformation (Fig. 7)
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[4,5]. As reported by Sugimoto et al. [62], the stability of austenite is

also influenced by the hydrostatic pressure from the surrounding

second phase, e.g. a lower hydrostatic pressurewould be exerted on

retained austenite from ferrite than from bainite. Thus, higher hy-

drostatic pressure on g is expected in sample M-A(CRþ1h) than in

sample M-A(AQþ8h), due to (i) the highly elastically strained lattice

of cold-rolled martensite; and (ii) higher stored dislocation density

after shorter time isothermal annealing. Therefore, due to the

substantial ‘shielding’ effect from the surrounding martensite, a

higher external stress is required in sample M-A(CRþ1h) to initiate

deformation of g grains, i.e. the yield stress is higher in sample M-

A(CRþ1h).

The reasoning for enhanced ultimate tensile stress UTS, uniform

elongation and strain hardening behavior in sample M-A(CRþ1h) are

interlinked with each other and result from the interplay between

the deformation and phase transformation processes in the

microstructure. In the following, these processes will be analyzed

in detail.

The strain hardening behavior of M-A(CRþ1h) is determined by

the individual hardening behavior of martensite and g, and their

mutual strain partitioning behavior. The hardening of martensite

arises frommultiplication of dislocations and their interactionwith

precipitates. The hardening of reverted g mainly contains two

contributions, namely, strain hardening due to formation of SFs,

and phase transformation into martensite, i.e. TRIP. In our previous

work for sample state M-A(AQþ8h) it was observed that martensite

enters the plastic regime during the late stages of the uniform

deformation, i.e. at ε > 0.05. Here, due to the fact that martensite in

M-A(CRþ1h) assumes much higher strength, it is expected that the

contribution of martensite to strain hardening during the early

uniform deformation regime (stage i) is not significant [18,48,63].

In the undeformed state, the microstructure of M-A(CRþ1h)
consists of a0 martensite and reverted g (~42 vol %) (Fig. 6b). Pre-

ceding the transformation into a0 martensite, the motion of partial

dislocations and formation of SFs are observed in the g grains

(Fig. 7a2-a3).

During stage i, ~15 vol % g transforms into a0 martensite (Fig. 6b)

and the remaining g grains are only slightly deformed (Fig. 7b2-b3),

i.e. only limited strengthening comes from the accumulated SFs

within the remaining g grains. The significant transformation of g

alone cannot cease the continuous decrease in strain hardening

rate after yielding during stage i (Fig. 6a).

During stage ii, in addition to the significant amount of phase

transformation, the remaining g grains are also profoundly

deformed, thus being able to terminate the decrease in strain

hardening rate. This effect leads to the formation of a strain hard-

ening plateau (Fig. 6aeb). The appearance of the strain hardening

plateau is attributed to the dynamic strain partitioning process

which arises from two factors, namely, (i) the orientation rela-

tionship between martensite and g and (ii) the size effect of the

transformation behavior of the g crystals. On one hand, as a result

of plastic deformation, a {111}//TA texture is gradually built-up in g

crystals between ε ¼ 0 and ε ¼ 0.07 (Fig. 8a1ea3). Since martensite

exhibits a {110}//TA rolling texture (Fig. 8b1eb4), a gradual built-up

of {111}//TA texture in g implies a progressive alignment of slip

systems between martensite and g, and thus an easier transfer of

slip/plasticity from g to martensite. This effect leads to improved

deformation compatibility across the phase boundaries with

ongoing deformation [64,65]. Thus, from ε ¼ 0.07 onwards, the

contribution of martensite plasticity to the overall strain hardening

becomes significant. On the other hand, a size-dependent defor-

mation and transformation behavior exists within g grains. While

small g grains tend to be deformed as a unit, large grains are

preferentially divided into sub-grains and each sub-grain is

deformed in an independentmanner. At the same strain level, small

grains contain denser SFs than larger grains. Since SFs in deformed

g grains act as nucleation sites for a0 martensite, deformed g grains

with sufficient accumulation of SFs would transform to a0

martensite with further straining [5,66,67] As a result, small g

grains transform into martensite already at relatively small strains

and larger g grains undergo partial phase transformation in a

stepwise manner (Fig. 7b2eb3, c2ec3). The size effect on the me-

chanical stability of g is consistent regarding previous results in

sample state M-A(AQþ8h) [5]. In addition, a high damage resistance

is also preserved in sample M-A(CRþ1h) due to the high density of

phase interfaces, i.e. deformation-induced martensite/tempered

martensite interface, which act as high energy path for void

nucleation, growth and coalescence processes [4]. Thus, the

enhanced dynamic strain partitioning behavior and damage resis-

tance give rise to an enhanced strain hardening behavior (Figs. 4b

and 6a) and overall mechanical properties in sample M-A(CRþ1h)
comparing with sample M-A(AQþ8h).

5. Conclusions

We developed a new thermo-mechanical treatment route to

render martensite ductile via spreading the micro-mechanical

stability of reverted g grains by widening the g nucleation barrier

in martensite. When annealed a microstructure consisting of g

grains with a wide dispersed size distribution and martensite is

developed. This mechanism enables a spectral TRIP effect. The new

thermo-mechanical treatment route leads to enhanced mechanical

properties of the TRIP steel (Fee9Mne3Nie1.4Ale0.01C, mass %).

The main conclusions are:

(1) Compared to as-quenched martensite, cold-rolled

martensite (~70% thickness reduction) contains a higher

density of martensite grain boundaries with a wide misori-

entation distribution.

(2) The widened g nucleation barrier in cold-rolled martensite

results in a sequential nucleation and growth of g grains

during 600  C annealing. Eventually, a microstructure con-

sisting of martensite and g grains with a wide dispersed size

distribution is successfully obtained in the cold-rolled

martensite and 600  C 1 h annealed sample M-A(CRþ1h).

(3) The wide size distribution of g grains results in an active TRIP

effect over a wide strain regime (spectral TRIP).

(4) The proposed spectral TRIP strategy leads to yield stress s0.2
of 870 MPa, ultimate tensile stress UTS of 1110 MPa, uniform

elongation of 19.2%, total elongation of 35% and enhanced

strain hardening behavior in the cold-rolled and 600  C 1 h

annealed sample M-A(CRþ1h).
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