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a b s t r a c t

The strain hardening mechanism of a high-Mn lightweight steel (Fe-30.4Mn-8Al-1.2C (wt%)) is investi-

gated by electron channeling contrast imaging (ECCI) and transmission electron microscopy (TEM). The

alloy is characterized by a constant high strain hardening rate accompanied by high strength and high

ductility (ultimate tensile strength: 900 MPa, elongation to fracture: 68%). Deformation microstructures

at different strain levels are studied in order to reveal and quantify the governing structural parameters

at micro- and nanometer scales. As the material deforms mainly by planar dislocation slip causing the

formation of slip bands, we quantitatively study the evolution of the slip band spacing during straining.

The flow stress is calculated from the slip band spacing on the basis of the passing stress. The good

agreement between the calculated values and the tensile test data shows dynamic slip band refinement

as the main strain hardening mechanism, enabling the excellent mechanical properties. This novel strain

hardening mechanism is based on the passing stress acting between co-planar slip bands in contrast to

earlier attempts to explain the strain hardening in high-Mn lightweight steels that are based on grain

subdivision by microbands. We discuss in detail the formation of the finely distributed slip bands and the

gradual reduction of the spacing between them, leading to constantly high strain hardening. TEM in-

vestigations of the precipitation state in the as-quenched state show finely dispersed atomically ordered

clusters (size < 2 nm). The influence of these zones on planar slip is discussed.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

High-Mn steels attract much attention due to their outstanding

combination of strength and ductility caused by their high strain

hardening capacity. Weight reduced variants of these austenitic

steels are typically characterized by high manganese content

(18e30 wt%) and the addition of aluminum (<12 wt%) and silicon

(<3 wt%) along with carbon (0.6e1.8 wt%) [1e9]. As increasing the

aluminum content yields a reduction in specific weight by 1.5% per

1 wt% Al [10], high aluminum contents render these alloys “light-

weight” [11e18].

A variety of hardening mechanisms are reported in high-Mn

steels, namely, transformation-induced plasticity (TRIP) [1],

twinning-induced plasticity (TWIP) [1,5,6,19e21] and microband-

induced plasticity (MBIP) [2,22,23]. The activation of the domi-

nant deformationmechanism is mainly determined by the stacking

fault energy (SFE). The TRIP effect is found to operate predomi-

nantly in low-SFE steels (<20mJ m 2). The deformation behavior of

medium-SFE steels (20e40 mJ m 2) is characterized by the for-

mation of nanometer thin deformation twins in the deformed

microstructure, referred to as TWIP effect. The recently discussed

MBIP hardening mechanism, reported in high-SFE alloys

(~90 mJ m 2), is described by the formation of thin planar shear

zones that are confined by a dislocation wall on either side. These

features are called microbands [2,23,24]. All the above mentioned

hardening mechanisms result in strong refinement of the respec-

tive microstructures during straining enabling high strain hard-

ening rates.

The SFE not only has a strong influence on the deformation

mechanism, but it also controls the glide mode of the dislocations.

A high SFE usually promotes cross-slip of dislocations leading to* Corresponding author.
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“wavy glide” in pure fcc metals. However, in concentrated solid

solutions with high SFEs planar glide instead of wavy glide is

frequently observed [25e27]. The reasons for planar glide in such

massively alloyed high-SFE materials have been controversially

discussed [28,29]. In the quaternary FeMnAlC system aluminum

increases the SFE on the one hand but yet promotes planar dislo-

cation glide on the other hand [1,23]. Many authors attributed this

seemingly contradicting finding to the material’s tendency to form

clusters of short-range order (SRO), which leads to enhanced planar

glide due to the glide plane softening phenomenon

[2,22,28,30e32]. As the addition of aluminum in these alloys pro-

motes the formation of ordered precipitates (k-carbides), SRO

indeed seems to be a plausible explanation [33]. However, to the

authors’ best knowledge no studies providing experimental proof

for SRO in high-Mn lightweight steels have been published so far.

Some works though indicate the presence of SRO in the FeMnAlC

system and similar alloy systems by using density functional theory

(DFT) simulations [34e36].

The k-carbide is an L012-ordered phase with the stoichiometric

composition (Fe,Mn)3AlC. However, k-carbides exist at a broad

compositional range [37] and coherency strains have an additional

influence on their composition [38]. Depending on the aluminum

concentration these ordered precipitates either grow during

annealing at temperatures between 550 "C and 700 "C (<10 wt% Al)

or even during quenching from solution heat treatment tempera-

ture (>10 wt% Al) [33,39e45]. Due to the strong influence of these

precipitates on the mechanical properties the precipitation kinetics

have been subject of several studies [15,41e43,45].

A detailed quantitative characterization of the underlying ki-

netics of the substructure evolution in the FeMnAlC system has

been performed in the case of Fe-30.5Mn-2.1Al-1.2C [46]. With a

SFE of about 63 mJ m 2, this alloy, however, falls in the regime

between TWIP and MBIP alloys. Yoo et al. investigated the plastic

deformation of Fe-28.2Mn-9.95Al-0.98C (wt%) with a SFE of

120 mJ m 2 and Fe-27.8Mn-9.1Al-0.79C (wt%) with a SFE of

85 mJ m 2 rendering both alloys pure MBIP steels [2,23]. They

attribute the high strain hardening capacity to the formation of

Taylor-lattices and microbands during straining. However no

quantitative results were presented. Furthermore the formation of

microbands have been doubted of causing the observed strain

hardening rate in the literature [46].

The present study aims at clarifying the deformation mecha-

nism in such materials using a similar alloy (Fe-30.4Mn-8Al-1.2C),

with a SFE of 85 mJ m 2 [2,8,47] by means of electron channeling

contrast imaging (ECCI) and transmission electron microscopy

(TEM). The combination of these two techniques constitutes a

powerful method for giving insight into the underlying mecha-

nisms of plastic deformation at different length scales [46,48]. The

TEM investigation focuses on the initial precipitation state, whereas

the large field of view provided by ECCI provides statistical and

quantitative data on the structural evolution of deformation fea-

tures. High-magnification ECCI was used to provide details on the

observed dislocation arrangements on the finer scale. In this study

the applied ECCI technique exhibits an advantage over the

commonly used TEM imaging in terms of sample dimensions, field

of view, preparation artifacts and image forces. As TEM samples

have a thickness of about 100 nm, dislocations in the sample can

change their position due to image forces originating from the two

surfaces of the thin foil or from bending. In contrast, ECCI is applied

to bulk samples with only one polished surface. Therefore, defor-

mation microstructures that are characteristic of the actual bulk

material are investigated rather than relaxed dislocation structures

influenced by stress relaxation. In the case of ECCI the image forces

from the surface reach less than 20 nm into the sample, while the

depth of observation is of the order of 100 nm [49]. Dislocations

will therefore not rearrange as strongly as in TEM thin foils, which

enables investigation of the undistorted dislocation structure of

bulk samples.

2. Experimental

The chemical composition of the investigated high-Mn steel was

Fe-30.4Mn-8Al-1.2C (wt%) as determined by wet chemical analysis.

The material was melted in an induction furnace under Ar atmo-

sphere and cast into a 12 kg ingot of 40 mm thickness. In order to

homogenize the material and to remove segregation zones origi-

nating from solidification, the cast ingot was reheated to 1200 "C

for 30 min and hot rolled in multiple passes to an engineering

thickness reduction of 75% at 1100 "C followed by water quenching.

Bar-shaped samples (11 # 11 # 60 mm3) were cut from the hot-

rolled ingot and solution treated for 2 h at 1100 "C in Ar atmo-

sphere and subsequently quenched in oil. The annealed material

was fully austenitic with an average grain size of about 40 mm.

Cylindrical tensile test samples were machined from the bars with

gage dimensions of 6 mm diameter and 40 mm length. Tensile tests

were carried out at room temperature in a Zwick ZH 100 tensile

machine with an initial strain rate of 5 $ 10 4 s 1. Tensile testing up

to fracture and interrupted tensile tests up to true strains of

ε ¼ 0.02, 0.05, 0.14, 0.27 and 0.34 (equivalent to engineering strains

of 2, 5, 15, 30, 42%, respectively) were performed in order to track

the evolution of the microstructure during plastic deformation.

The initial precipitation state was investigated in a Phillips

CM20 and a JEOL JEM-2200FS TEM operated at 200 kV. TEM sam-

ples were prepared by electropolishing using a Struers Tenupol

twin-jet device. Discs with a diameter of 3 mm were cut from the

undeformed head of a tensile sample and mechanically polished to

about 100 mm thickness. Electropolishing was carried out at  30 "C

and 10 V using a solution of 30% nitric acid in methanol.

The microstructures of the deformed samples were examined

by ECCI in two different FEG-SEMs using a solid-state four-quadrant

BSE detector. A Zeiss Crossbeam instrument (XB 1540) was used for

investigating the microstructure evolution, whereas high magnifi-

cation images were obtained with a Zeiss ’Merlin’ SEM. Accelera-

tion voltage and working distance were set in both cases to 30 kV

and 6 mm, respectively. All ECCI samples were prepared with the

surface perpendicular to the tensile axis, i.e. the observation di-

rection was always along the tensile axis. Grain orientations were

obtained from electron backscatter diffraction (EBSD) using an

EDAX EBSD system. Grain orientations were used for slip trace

analysis in conjunction with ECCI. The working distance and the

acceleration voltage for the EBSD analysis were set to 15 mm and

15 kV, respectively.

3. Results

3.1. Strain hardening

Fig. 1 shows the true stress-true strain curves along with the

strain hardening rate at room temperature for an initial strain rate

of 5 $ 10 4 s 1. The material exhibits extraordinary mechanical

properties in terms of a high maximum strength of 1440 MPa at

failure, in addition to a high uniform elongation of 0.46 and a yield

strength of 550MPa. After a stress drop at the yield point, the strain

hardening rate Q is characterized by a minimum at about ε ¼ 0.06

(Q0.06 ¼ 1820 MPa) and a maximum at about ε ¼ 0.27 true strain

(Q0.27 ¼ 2100 MPa). In structural metallic alloys commonly a

monotonic decay of strain hardening with ongoing strain is

observed [50]. Deviations from this behavior are usually attributed

to secondary hardening effects (e.g. TWIP, TRIP or MBIP) [3,46].

Interestingly, the strain hardening rate of the current alloy shows
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qualitatively the same strain dependence as observed in TWIP

steels as well as in MBIP steels, even though the underlying

microstructural mechanisms are entirely different [3,7,23,51]. Pro-

nounced multistage strain hardening, i.e. distinct transitions in the

strain hardening rate, pointing at corresponding mechanism

changes, such as observed for the alloy Fe-30.5Mn-2.1Al-1.2C [46],

is not observed here.

The intersection of the true stress-true strain curve with the

strain hardening rate indicates the onset of necking. Fracture after

the necking point indicates failure by plastic instability in accor-

dancewith Consid ere’s criterion. The active hardeningmechanisms

can then no longer compensate for the geometrical softening

caused by local cross section reduction.

3.2. Precipitation state after quenching

The diffraction pattern of the [001]-zone axis in Fig. 2a exhibits

faint (100) superlattice reflections (marked with circles), indicating

the occurrence of atomic ordering. These superlattice reflections

are attributed to the presence of the ordered k-carbide phase

[41,42,45,52,53]. The growth kinetics of this L012 ordered phase is

strongly dependent on the aluminum and carbon contents, the

annealing temperature and the cooling rate during quenching [45].

Earlier studies suggested that the formation of k-carbides occurs

via spinodal decomposition [33,45,54].

Fig. 2b shows finely dispersed diffuse atomically ordered clus-

ters (size < 2 nm) in the as-quenched material by dark-field (DF)

TEM using the (100) superlattice reflection. The low intensity of the

superlattice reflections indicates a low precipitate volume fraction.

However, no quantitative estimate for the volume fraction can be

given from this TEM micrograph as the thickness of the thin foil is

not exactly known and projection effects prevent a meaningful

estimate. The influence of the ordered clusters on the dislocation

glide character, dislocation patterning and dislocation banding is

discussed in section 3.4.

Since the occurrence of pronounced elemental partitioning, as

reported in thermally treated high-Mn lightweight steel [55], is not

possible during quenching in the present case, full k-carbide for-

mation did most probably not occur. Therefore, in the following the

observed atomically ordered zones will be referred to as “long-

range-ordered clusters” (LRO-clusters). As carbon can diffuse much

faster compared to substitutional alloying elements, it is assumed

that carbon ordering took place during quenching.

These findings are in good agreement with a previous investi-

gation on the precipitation state of a similar alloy (Fe-30.5Mn-

8.0Al-1.2C), where “short annealing” (1 h/450 "C) leads to a random

distribution of 2e5 nm large ordered clusters and the presence of

weak (100) superlattice reflections in the diffraction pattern [48].

3.3. Evolution of the deformation microstructure

Fig. 3 shows ECCI micrographs of samples which experienced

different true tensile strains (ε ¼ 0.02, 0.05, 0.14, 0.27, 0.34) illus-

trating the evolution of the deformation microstructure during

straining. All imageswere taken along the tensile axis, i.e. the image

plane is perpendicular to the tensile axis. At a true strain of ε¼ 0.02

(see Fig. 3a,b), the material deforms by planar dislocation glide as

commonly observed for fcc alloys at early deformation stages

[26,56]. In fcc materials dislocations typically glide on {111} planes,

which is also indicated by the slip traces observed in Fig. 3b. The

pronounced planar slip behavior leads to the formation of crystal-

lographically aligned slip bands that originate from frequently

observed Frank-Read sources, such as indicated by white arrows in

Fig. 3 and in the inset in Fig 3a. Slip bands are defined here as in-

dividual crystallographic glide planes with a high dislocation

density.

The microstructure at ε ¼ 0.05 true strain (Fig. 3c) is also

characterized by planar slip bands as already observed at ε ¼ 0.02,

Fig. 1. Set of true stress-true strain curves taken at room temperature of tensile tests

performed until failure (solid line) and interrupted tests at ε ¼ 0.02, 0.05, 0.14, 0.27 and

0.34 (dashed lines). The strain hardening rate (dotted line) does not show pronounced

multistage hardening. The arrows indicate up to which true strains the interrupted

tests were strained. The initial strain rate was 5 $ 10 4 s 1 in all cases.

Fig. 2. Diffraction pattern of the [001]-zone axis in the undeformed as-quenched material (a). The presence of weak superlattice reflections (marked with circles) indicates the

presence of an atomically ordered structure. Spots labeled with squares belong to the ordered phase as well as to the austenitic matrix. The DF-TEM image in (b) was taken with the

(100) superlattice reflection of the ordered clusters. The finely dispersed ordered zones are randomly distributed and exhibit a size of less than 2 nm.
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however, with a reduced slip band spacing. The slip bands pre-

dominantly extend through the entire grains until they impinge

the grain boundaries indicating only weak interactions among

intersecting slip bands. Obstruction of slip bands by mutual

intersection hence does not seem to play a major role at this

deformation stage, as slip bands that are limited at intersecting

non-coplanar slip bands and corresponding dislocation pile-ups

are only rarely observed. At a true strain of ε ¼ 0.14 (Fig. 3d) the

spacing between co-planar slip bands is further reduced while the

overall appearance of the deformation structure is maintained, i.e.

pronounced planar dislocation slip is observed indicating a very

low cross slip frequency. A further refined planar dislocation

structure is observed at a true strain of ε ¼ 0.27 (Fig. 3e). The slip

bands are very closely spaced and start to be curved due to the

high plastic strain. As shown in Fig. 3f, the deformation structure at

ε ¼ 0.34 is characterized by further refinement of the above

described slip band structure and an increased fraction of inter-

secting slip bands.

The overall evolution of the deformation structure is thus

characterized by pronounced planar dislocation glide indicating a

low cross slip frequency. Strong gradual refinement of the planar

dislocation structure during straining is observed, whereas no

deformation twins were detected in the deformation structure.

Fig. 4 shows typical TEM bright-field micrographs and corre-

sponding selected area diffraction patterns after 0.14 true strain,

Fig. 4a and after 0.27 true strain, Fig. 4b. The absence of twinning

spots confirms that no deformation twins are formed. Dissociation

of perfect dislocations into Shockley partials is not observed by ECCI

within the resolution limit (in the order of 8e10 nm [49]). Further,

due to the high SFE of 85 mJ m 2 dislocation dissociation is ener-

getically unfavorable.

It is important to note that the dislocation density within the

slip bands at the grain boundaries is comparable to the dislocation

density within the slip bands in the grain interior. Dislocations

apparently become stuck within the grain interior rather than

freely gliding towards the grain boundaries.

Fig. 3. ECCI micrographs of the deformed microstructures at different true strains (ε ¼ 0.02 (a,b), 0.05 (c), 0.14 (d), 0.27 (e), 0.34 (f)). All images were taken along the tensile axis.

Pronounced planar slip and the formation of crystallographically aligned slip bands is observed at all true strains. The evolution of the deformation structure is characterized by

pronounced gradual refinement of this crystallographic slip band structure during straining and a reduction of the average slip band spacing. In (b) and in the inset in (a) dislocation

sources are observed (see arrows) which have emitted dislocations gliding all on the same glide plane. At ε ¼ 0.02 gliding dislocations lead to pile-ups at the grain boundary (broken

line). Deformation twins are not observed.
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3.4. Dislocation pile-ups and in-plane dislocation pairing at the slip

band front

It is observed that slip bands typically extend throughout the

grains until they impinge the grain boundaries. Slip bands ending

within grains are only rarely observed. Features at the slip band

front however, give valuable insights into the interaction between

dislocations and the LRO-clusters presented in section 3.2. Here we

focus on the dislocation configuration at the front of the slip bands.

Fig. 5a shows the deformation structure at ε ¼ 0.02. Several slip

bands are observed on two non-coplanar {111} planes, as indicated

by the slip plane traces. The arrowsmark the front of the slip bands.

The entire grain was carefully examined in order to make sure that

no dislocations are present on the respective glide plane in prop-

agation direction, which ensures the correct identification of the

slip band front.

Fig. 5b displays the distances between neighboring perfect

dislocations at the slip band front. The interspacing between the

first and the second dislocation is referred to as ‘interspacing I’, the

spacing between the second and the third dislocation as ‘inter-

spacing II’ and so on. The dislocations are enumerated according to

their position in the pile-up, starting at the slip band front with the

first dislocation. The general trend of the inter-dislocation spacing

reveals that the spacing among the dislocations decreases towards

the slip band front, indicating a pile-up of dislocations towards the

first dislocation of the slip band, however, without any apparent

obstacle in its way.

More specific, the pile-up is characterized by a paired arrange-

ment of dislocations, where subsets of two dislocations approach

closer and leave a larger gap to the next pair. For instance Fig. 5b

shows that the interspacing between the first and the second

dislocation (interspacing I) is about 20 nm, whereas interspacing II

to the next pair is about 100 nm wide. However, interspacing III,

between the third and the fourth dislocation, is with about 23 nm

smaller again, constituting a second pair. Interspacing IV is with a

value of about 90 nm larger than interspacing III, whereas inter-

spacing V is smaller (about 43 nm) than interspacing IV again,

constituting a third pair. This pairing of consecutive dislocations in

the pile-up is only observed for the first six dislocations, while the

proceeding dislocations inside the pile-up do not show pair for-

mation. They exhibit either equal or random spacings that are

mainly governed by long-range stresses originating from sur-

rounding dislocations and by local fluctuations of the friction stress.

The observation of alternating dislocation spacings at the slip band

front is a characteristic feature of freshly expanding slip bands in

the present alloy (see also the inset in Fig. 3a and b).

3.5. Quantification of dynamic slip band refinement

In order to quantify the evolution of the slip band spacing during

straining, at each investigated true strain level (ε ¼ 0.02, 0.05, 0.14,

0.27, 0.34) a representative number of grains was studied by ECCI.

The measurements were conducted at different areas in the grains

and an average slip band spacing D* was derived from about 60

Fig. 4. Typical TEM bright-field micrographs and selected area diffraction patterns of the [110]-zone axis at different true strains ((a) ε ¼ 0.14 and (b) ε ¼ 0.27). The absence of

twinning spots proves that no deformation twins are present in the deformation substructure.
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measurements per deformation state. Using EBSD the values for the

slip band spacing were corrected regarding the inclination of the

glide planes to the sample surface using the equation D ¼ sin(b)/

D*, where b is the inclination angle of the slip band to the sample

surface (see inset in Fig. 6).

The gradual refinement of the deformation substructure, which

was already observed qualitatively in Fig. 3, is clearly revealed in

Fig. 6 in terms of a decreasing mean slip band spacing with

increasing strain. The error bars in the measurements (see markers

in Fig. 6) are associated with the inhomogeneity of the deformation

substructure, originating mainly from locally varying stress states

within the sample [57e60].

4. Discussion

4.1. Parameters governing planar dislocation glide

The microstructure evolution of the studied alloy during

straining is characterized by pronounced planar dislocation glide

leading to the formation of crystallographic slip bands. The origin

of pronounced planar glide in the FeMnAlC system was contro-

versially discussed in the literature [24,46,61]. Three main reasons

for pronounced planar glide in fcc metals were proposed:

1) A low SFE leads to the splitting of perfect dislocations into

Shockley partials, preventing dislocation cross slip. Large

dissociation widths therefore reduce the cross slip frequency,

hence, leading to planar glide. As the equilibrium distance be-

tween the dislocation partials increases with decreasing SFE,

low SFEs promote planar glide [62].

2) In materials with high friction stresses, the critical resolved

shear stress acting on a single dislocation might not be suffi-

ciently high to overcome the threshold stress required for

gliding. In this case the “stress multiplication effect” [63] en-

ables collective glide of dislocations on the same glide plane.

When dislocations glide in groups on the same plane, the first

dislocation experiences the friction force of the crystal and the

resolved stress from all following dislocations acting on it. As the

succeeding dislocations push against the first one, the resolved

shear stresses sum up, leading to an increased driving force to

glide. The threshold stress can, therefore, be overcome by col-

lective glide, which leads to slip planarity [31,64].

3) The presence of short range order (SRO) in a crystal increases the

stress required for a dislocation to glide compared to the

disordered state.When a dislocation propagates on a glide plane

it destroys the SRO, facilitating propagation of succeeding dis-

locations on the same glide plane. As the glide plane is softened

by the first dislocation, the phenomenon is consequently

referred to as “glide plane softening”. The succeeding disloca-

tions follow the preceding dislocation on its glide plane, hence

promoting planar glide [32,65,66]. Gerold et al. [28] reported

that shearable ordered precipitates lead to planar glide in a

similar fashion.

The SFE in the material studied amounts to about 85 mJ m 2

[47], which is higher than in other fcc metals exhibiting non-planar

dislocation glide such as copper (~60 mJ m 2 [67]). In a similar

FeMnC alloy with a lower SFE wavy slip was observed [3]. The SFE

and the associated dislocation dissociation into partials can thus

not account for the pronounced planar slip character which is

observed in the current material.

Previous investigations proposed SRO to be present in similar

alloys, leading to planar dislocation glide [30,61]. SRO is generally

quite difficult to prove. To the authors’ best knowledge no work is

published in the literature so far confirming SRO experimentally in

high-Mn lightweight steels. However, someworks investigated SRO

in high-Mn steels by DFT-simulations indicating SRO to be present

[34e36,68].

Fig. 5. Dislocation pile-ups at the slip band front. In (a) slip bands expand into a grain in a sample strained to ε ¼ 0.02 true strain. In (b) quantification of the dislocation distances

closer to the tip of a freshly formed dislocation pile-up reveals clear pairing of the first six dislocations within the pile-up.

Fig. 6. Quantification of the evolution of the average slip band spacing during tensile

straining. The substructure refinement is characterized by a decreasing mean slip band

spacing. These values are used to calculate the flow stress as shown in the ensuing

section in Fig. 6. The inset schematically illustrates the geometry and inclination

correction applied.
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Investigations on Ni-base alloys revealed the existence of SRO by

means of diffuse neutron scattering [69], and its strong influence on

the dislocation glide mode [70e72]. The authors showed how the

preceding dislocations within a pile-up destroy the SRO and that

succeeding dislocations which follow on the same glide plane

produce pile-ups behind the leading one without the presence of

other apparent obstacles. These earlier findings are similar to fea-

tures presented in this work in section 3.4, which is an indication

for SRO in the present material.

In the current alloy we observed the pairing of the first six

dislocations within pile-ups at the slip band front. The reason for

such dislocation pairing on the same glide plane is reported to be

long range order (LRO) with a periodicity of twice the Burgers

vector in Ni- and Co-based alloys [73e76]. The first dislocation of a

dislocation pair destroys the LRO leaving an antiphase boundary

behind whereas the succeeding dislocation restores the LRO. The

attractive force due to the antiphase boundary (APB) leads to a

small interspacing between the two dislocations inducing pairing.

As the second dislocation restores the LRO, the third dislocation has

to destroy the LRO again, causing periodic pairing of dislocations. It

is, therefore, assumed that the observed LRO-clusters, see Fig. 2b,

give rise to the pairing of the dislocations, as revealed in Fig. 5.

Typically, the first six dislocations within a pile-up are paired, while

the following dislocations seem not to be affected by LRO. From the

number of paired dislocations the size of the sheared zones can be

estimated. Once the ordered regions are completely sheared, no

APB is generated any longer by further dislocations that pass [28].

Therefore, after the passage of six dislocations the ordered zones

are fully sheared. The number of paired dislocations times the

Burgers vector, hence, gives the size of the LRO-clusters. With a

magnitude of the Burgers vector of b ¼ 0.26 nm [45,77] the size of

the LRO-clusters is estimated to be 1.6 nm. This value agrees well

with the TEM observations given above where the LRO-cluster size

was found to be lower than 2 nm (Fig. 2). The LRO-clusters are

hence proven to influence the formation of slip bands due to the

glide plane softening phenomenon originating from shearing of the

LRO-clusters. Due to the small size of the sheared LRO-clusters,

fringe contrast of APBs is not observable with ECCI (resolution

limit of ECCI is in the order of 8e10 nm [49]).

Gerold et al. [28] reported that SRO as well as small shearable

precipitates can promote planar dislocation glide. Therefore, we

assume that the superposition of both, SRO and shearable LRO-

clusters cause planar dislocation glide in the present alloy. These

findings are in agreement with observations reported in

Refs. [15,45] where small shearable precipitates are proposed to

cause planar slip in a similar FeMnAlC-alloy and in Ref. [63] where

both, SRO and 2 nm sized LRO clusters were observed in a Ni-base

superalloy.

4.2. Effect of dynamic slip band refinement on strain hardening

The deformation microstructure of the FeMnAlC alloy exhibits

pronounced planar dislocation arrangements throughout plastic

straining. Neither strain-induced phase transformation, nor defor-

mation twinning was observed during straining. The deformation

substructure in the deformed material solely consists of disloca-

tions, which renders it a “dislocation-mediated plasticity” alloy

[78]. Hence, the reason for the excellent strain hardening properties

is attributed to the gradual deformation-driven refinement of the

slip band substructure. The decreasing slip band spacing observed

is regarded as the main structural parameter that characterizes the

deformation microstructure evolution. In the following calculation

we thus used the quantification of the mean slip band spacing

evolution (Fig. 6) to derive the flow stress from the microstructure.

The total flow stress, stot, in dislocation-mediated plasticity

materials is approximated by different contributions that can be

expressed in the following equation [79,80]:

stot ¼ sF þ sSS þ sGB þ sP þ sSRO þ sSHðεÞ (1)

here sF is the Peierls-Nabarro lattice friction stress, sSS is the

contribution of alloying elements in solid solution, sGB is the Hall-

Petch strengthening due to grain boundaries, sP and sSRO are the

stress contributions due to precipitates and short range order,

respectively. The last term sSH(ε) (SH: strain hardening) includes

the influence of strain hardening mechanisms that evolve upon

mechanical loading. In the present material mainly dislocation-

dislocation interactions contribute to this latter term.

These contributions can be grouped into deformation-

dependent strengthening mechanisms sSH (ε) and those that do

not depend on the deformation, summarized in s0. The yield stress

depends on s0, whereas the strain hardening term sSH (ε) describes

changes of the flow stress during progressing plastic deformation.

The total flow stress, therefore, falls into two contributions

[79,81,82]:

stotðεÞ ¼ s0 þ sSHðεÞ (2)

The strain hardening contribution due to the refinement of the

slip band structure is derived by the passing stress

[25,26,64,83e85] as follows:

sSHðεÞ ¼ K$M$G$b=D (3)

where K is a geometrical factor, M ¼ 3.06 is the Taylor-factor for

randomly distributed grain orientations, G ¼ 70 GPa [77,86,87] is

the bulk elastic shear modulus of the alloy, b ¼ 0.26 nm is the

magnitude of the Burgers vector [45,77,87] and D is the mean slip

band spacing (see Fig. 6).

Fig. 7 shows the true stress-true strain curve for the tensile test

(solid line) along with the calculated stress values (squares), which

are derived by using equations (2) and (3) in conjunction with the

results of the slip band analysis in Fig. 6. The calculated stresses

reproduce the values from the experimentally determined tensile

test curve with good agreement. Especially the measured and

calculated nearly constant strain hardening rates both confirm that

Fig. 7. Measured true stress-true strain curve (solid line) and calculated stress values

(squares). The calculated values are derived using the results of the microstructure

analysis shown in Fig. 6 in conjunction with equations (2) and (3). The nearly linear

strain hardening behavior is attributed to the microstructure refinement. The reduced

slip band spacing during straining explains the flow stress and is therefore regarded as

the main structural parameter governing the strain hardening behavior.
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slip band refinement is indeed the governing structural parameter

leading to the observed material properties. The best fit between

experiment and calculation is achieved when using a K-value of 0.7

and a s0-value of 540MPa. The small difference between s0 and the

experimental yield strength sYield (550 MPa), arises from the small

drop of the work hardening rate after the onset of yielding.

Microstructure refinement was frequently used in the past in

order to link the microstructural evolution with the flow stress

[3,46,81,88]. However, it has not yet been shown that crystallo-

graphically aligned slip bands, such as observed in the current

study, can have a similar effect on the strain hardening behavior.

Based on the agreement between the measured true stress-true

strain curves and the calculated stress values, we conclude that

the slip band spacing is the main microstructural parameter that

links the evolution of the deformation structure on the micrometer

scale to the macroscopic flow stress, although an additional

contribution by hindering the intersection of dislocations through

slip bands cannot be totally excluded.

It should be emphasized that the underlying strengthening

mechanism behind equation (3) is assumed to be mainly due to the

long range elastic interactions among slip bands on co-planar glide

planes due to the stress fields created by the dislocations. There has

been some debate in the past whether long range stresses, in

particular the passing stress [89], or short range stresses such as

cutting stresses (stress originating from the dislocation cutting

process) represent the main strengthening contribution in

dislocation-mediated materials [25,26,89e91]. As both mecha-

nisms show the same dependence on the microstructural param-

eter D it is difficult to distinguish between them in the current

study. However, as slip bands that are blocked by intersecting slip

bands or pile-ups at intersecting slip bands are only rarely

observed, we suggest that intersecting slip bands do not signifi-

cantly obstruct each other at intersection lines, which would be

expected in the case of the formation of Lomer-Cottrell-locks or

strong resistance to dislocation shearing. Thus, long-range stresses

originating from the stored slip bands are assumed to be the main

contribution to strain hardening in the studied alloy rather than

cutting of intersecting slip bands.

This is in contradiction to the earlier proposed strain hardening

mechanism that was suggested to proceed via formation of

microbands (MBIP), the associated grain subdivision [23] and the

resulting Hall-Petch-type hardening effect [92]. As opposed to this

model assumption the detailed study conducted here by using ECCI

does not show any signs of double walled microbands that obstruct

dislocation glide, but solely proves the formation of slip bands that

reach throughout entire grains. It is thus concluded that the novel

strain hardening by dynamic slip bands refinement provides a

convincing explanation of the observed outstanding strain hard-

ening behavior.

The yield stress sYield of 550 MPa is considerably higher than in

similar alloys with a lower aluminum content (i.e. 420 MPa in Fe-

30.5Mn-2.1Al-1.2C (wt%) [46]), which may be attributed to the

higher friction stresses due to SRO and the LRO-clusters present in

the current alloy and to a small extend also to solid solution

strengthening.

4.3. Discussion of the microstructure evolution: dynamic slip band

refinement as a strain hardening mechanism

The results of the preceding section reveal that the micro-

structural evolution is characterized by the formation of slip bands

due to pronounced planar dislocation glide. The refinement of this

characteristic microstructure during straining is found to be the key

parameter governing the strain hardening behavior in the alloy

investigated. In the following we discuss the formation of the

observed deformation structure and its influence on the macro-

scopic properties such as ductility, strength and strain hardening

capacity.

Fig. 8 schematically shows the evolution of the deformation

substructure during straining in one representative grain. At the

onset of plastic deformation dislocation sources in the form of

Frank-Read sources and grain boundary sources start to emit dis-

locations. Accommodation of plastic strain in a polycrystal requires

activation of several, non-coplanar slip systems (according to the

Taylor e von-Mises compatibility criterion at least 5 independent

systems are required but, if grains are small enough, 3 or 4 are

sufficient at moderate strains). This means that crossing slip (non-

coplanar) slip systems will be activated already at low strains of

0.02e0.05 as suggested by Figs. 3c and 5a. As the dislocations

interact with each other and with the ordered clusters, additional

dislocation sources start to operate by cross slip associated with the

well-established Frank-Read bow-out mechanism, forming loops

that expand and leave the source (Fig. 8a). Such Frank-Read sources

[93] are experimentally observed in the studied material, see inset

in Fig. 3a and arrows in Fig. 3b. The presence of SRO and finely

dispersed LRO-clusters increases the stresses needed to bow out

single dislocations, compared to the disordered crystal. The dislo-

cation loops expand and leave the Frank-Read sources, thereby

destroying any kind of compositional order (be it SRO or LRO-

clusters) present on its glide plane. This process causes softening

of the glide plane which facilitates the generation of new disloca-

tion loops following from the same source. Activated Frank-Read

sources can therefore readily generate a large number of disloca-

tions on the same glide plane. Such a glide plane softening phe-

nomenon which was reported before [2,22,28,30,32] is applied

here to Frank-Read sources explaining the initiation of slip bands.

As pointed out in section 4.1, glide plane softening is also associated

with the occurrence of pile-ups without the apparent presence of

obstacles, as shown in Fig. 5. The stress multiplication effect further

helps overcoming high friction stresses by the collective glide of

groups of dislocations [63,94].

Dislocations propagating in groups within the slip bands (e.g.

Fig. 3a, b and c) are explained by fluctuations of SRO and LRO and

more importantly by long-range stresses originating from already

stored slip bands. As the passing stress is shown to be the main

contribution to strain hardening, see section 4.2, closely spaced slip

bands will indeed mutually exert strong effects on the dislocation

distribution assembled in the slip bands [84,95e98]. Similar ob-

servations are given in Ref. [26] where ‘dislocation trains’ gliding

through the crystal have been reported.

The emitted dislocations eventually reach the grain boundaries

or become mutually trapped in the grain interior by dislocations on

parallel slip bands. As the generated dislocations do only rarely

leave their glide plane, which is related to the pronounced order-

induced planar slip behavior, the glide plane fills up with disloca-

tions, see Fig. 8b. These piled-up dislocations eventually lead to

back stresses acting on the source, which increases with the

number of emitted dislocations. Once the local stress at the source

falls below the critical activation stress, the source ceases to emit

further dislocation loops. In this situation the slip plane is filled

with dislocations appearing as slip bands throughout the grain, as

experimentally observed, see section 3.3. The slip band can be

regarded as fully developed, as the generation of dislocations

within the slip band is strongly inhibited, see dotted line in Fig. 8c.

It is important to note that initially glide plane softening induces

the formation of slip bands, but as the dislocation density within

the slip band increases, the mentioned back stresses eventually

cause glide plane hardening, which is the reason for the exhaustion

of the source and, hence, for the termination of the individual slip

band evolution (Fig. 8b).
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In order to further accommodate plastic strain the generation of

more dislocations is necessary (Fig. 8d). New sources get activated,

most likely in the already present non-coplanar slip bands either by

mutual shearing of slip bands as pointed out in Ref. [91], by rare

dislocation cross slip events initiating new slip bands [99] or by the

activation of already existing sources that require higher activation

stress due to smaller segment length L in accord with Orowan’s law

(sOrowan ~ 1/L) [100,101]. These new sources again produce

expanding dislocation loops on their respective glide planes, which

induces the formation of more slip bands leading to a refinement of

the slip band substructure (Fig. 8e,f). Hence, the spacing between

the slip bands reduces during straining. The increasing number of

slip bands leads to a strong increase in the stored dislocation

density that contributes to strain hardening mainly due to the

higher passing stress caused by the reduced slip band spacing and

to a small extend by a higher frequency of dislocation cutting, as

pointed out in section 4.2.

As this process continuously proceeds, it results in high elon-

gations and a constant strain hardening rate. However, when the

critical lowest spacing between slip bands is reached, which occurs

when dislocations on parallel slip bands are close enough to

annihilate, or the increasing stress enables cross slip [46], the rate

of dislocation generation strongly reduces. This dynamic recovery

of the band structure leads to a drop in strain hardening rate and

eventually to plastic failure, as indicated in the Consid ere-plot in

Fig. 1.

The outlined mechanism readily explains the planar slip char-

acter of the substructure evolution observed by ECCI in section 3.3

and hence the formation of slip bands during straining. The cor-

responding calculations show the potential of the substructure

evolution to cause the high nearly constant strain hardening rate

and also the excellent combination of strength and ductility of this

high-Mn steel, see section 4.2.

The observation that slip bands mostly extend through entire

grains (see Fig. 3) indicates that once a source is activated the

corresponding slip band quickly evolves until the source is

exhausted. This observation is interpreted such that the glide plane

softening due to the destruction of SRO and LRO-clusters causes a

quick slip band evolution, which supports the suggested slip band

formation.

The described deformation mechanism and strain hardening

mechanism can be interpreted in the framework of the classical

deformation stages for fcc metals [90]. While stage I (easy glide

regime) is only present in single crystals, stage II and stage III

prevail in polycrystals. Stage II-strain hardening is characterized by

a strong monotonic increase of the stored dislocation density

without dynamic recovery, leading to a constant strain hardening

rate. In the present alloy the dislocation density increases mono-

tonically due to the generation of new slip bands during straining.

The mean slip band spacing has been evaluated statistically in the

present study (Fig. 6) and shown to lead to a nearly constant strain

hardening rate. The stored slip bands comprise the stored dislo-

cation density which increases with increasing strain. What is

essential in the current alloy is that the transition from stage II to

stage III is shifted to higher strains due to suppressed cross slip

activity compared to other fcc metals [90]. As planar slip is strongly

promoted, the low cross slip activity reduces the ability for dislo-

cation annihilation, which would lead to dynamic recovery

[79,102]. Therefore the dislocation density increases during

straining monotonically leading to a nearly constant strain hard-

ening rate from the onset of plastic deformation until failure.

Interestingly, similar conclusions were drawn for an ordered bcc

FeCo-alloy before [103].

The essential characteristics of the describedmechanism are the

gradual deformation-driven refinement of the slip band substruc-

ture and the suppression of catastrophic strain localizationwhich is

often observed in other planar slip materials. The fundamental

reason for such a behavior is the strengthening of the grain-internal

dislocation structure via long-range stresses preventing high local

stresses at the grain boundary. As mentioned in section 3.3 the

dislocation density is homogenously distributed within the grains,

suggesting that hardening of the grain interior by mutual trapping

of dislocations on parallel slip bands plays an important role. While

glide plane softening induces the formation of slip bands on parallel

glide planes, which would subsequently lead to catastrophic failure

along such bands, the successive hardening of slip bands leads to an

exhaustion of the respective source, which stops further evolution

of the slip band, preventing excessive softening and failure. Hence,

high localized strains on one slip plane are suppressed, which

otherwise would lead to the formation of cracks at the grain

boundary leading to premature failure. The pronounced planar

glide prevents hereby the broadening of slip bands, which also can

lead to increasing local stresses at the grain boundary, but instead

induces the refinement of the substructure by generating new slip

Fig. 8. Schematic illustration of the proposed dynamic slip band refinement. (a) Activation of sources. (b) Slip planes fill-up with dislocations. (c) Sources become exhausted due to

back stresses. Slip bands are fully developed (indicated by dotted lines). (d) Activation of new sources is necessary. (eef) Newly activated sources will undergo the same evolution as

the previous sources. The described process explains the observed refinement of the slip band substructure.
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band in the free space between the existing ones. The observed

dynamic slip band refinement is hence related to fine planar slip.

While broadening of slip bands would lead to “coarse planar slip”.

As a consequence dynamic slip band refinement leads to high

ductility and high strain hardening.

5. Conclusions

In this study we investigated the microstructural evolution

during straining of a high-Mn steel (Fe-30.4Mn-8Al-1.2C (wt%)) by

means of TEM, ECCI and EBSD. ECCI analysis was performed at

different strain levels in order to track the microstructure devel-

opment, while TEM investigation was conducted to investigate the

precipitation state. The following conclusions are drawn:

- The investigated steel exhibits an outstanding combination of

strength and ductility. The high strain hardening rate of

approximately 2000 MPa leads to 1440 MPa true stress at a

uniform true strain of 0.46 (i.e. UTS of 900MPa, UE of 60% and TE

of 68%).

- The deformationmicrostructure is characterized by pronounced

planar slip. Neither deformation twins nor phase trans-

formations were observed during straining. The material

therefore falls into the group of dislocation-mediated plasticity

steels [78]. Strong slip planarity leads to the formation of very

thin slip bands that expand through the entire grain. The slip

band structure undergoes refinement during straining, reducing

the spacing between the slip bands. The deformation mecha-

nism is therefore regarded as dynamic slip band refinement.

- The evolution of the slip band spacing is found to be the key

parameter governing the strain hardening behavior. The

measured slip band spacing is connected to the flow stress via

the passing stress. The good agreement between the calculated

stress values and the flows stress obtained from the tensile test

shows that the observed nearly linear strain hardening behavior

can be explained by the dynamic slip band refinement in

conjunction with passing stresses. It should be emphasized that

the presented novel strain hardening mechanism is first

described in the framework of this study.

- Pile-ups of dislocations were found at the front of the expanding

slip bands. This observation is attributed to the presence of SRO

and the shearing process of nano-sized (<2 nm) long-range-

ordered clusters (LRO-clusters) that are observed in the as-

quenched state giving rise to glide plane softening.

- The LRO-clusters induce dislocation pairing at the slip band

front. The first six dislocations within a pile-up are paired due to

the antiphase boundary (APB) that is created between two

succeeding dislocations. The APB is the result of the sheared

LRO-clusters. The size of the sheared zones was estimated based

on the number of paired dislocations within a pile-up. The

estimated size of about 1.6 nm is in good agreement with the

TEM results showing LRO-clusters of less than 2 nm in size.

- In the framework of the well-known deformation stages in fcc

alloys, the low cross-slip frequency leads to a shift of the tran-

sition from stage-II to stage-III towards higher strains. Pro-

nounced planar slip impedes annihilation of dislocations. As

dynamic recovery is hence suppressed the dislocation density

increases monotonically leading to a constant strain hardening

rate. The investigated steel can therefore be regarded as “stage-

II-hardening alloy” [79,102].
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