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Abstract

Hypereutectoid steel wires with 6.35 GPa tensile strength after a cold-drawing true strain of 6.02 were annealed between 300 and
723 K. The ultrahigh strength remained upon annealing for 30 min up to a temperature of 423 K but dramatically decreased with further
increasing temperature. The reduction of tensile strength mainly occurred within the first 2–3 min of annealing. Atom probe tomography
and transmission electron microscopy reveal that the lamellar structure remains up to 523 K. After annealing at 673 K for 30 min, coarse
hexagonal ferrite (sub)grains with spheroidized cementite, preferentially located at triple junctions, were observed in transverse cross-sec-
tions. C and Si segregated at the (sub)grain boundaries, while Mn and Cr enriched at the ferrite/cementite phase boundaries due to their
low mobility in cementite. No evidence of recrystallization was found even after annealing at 723 K for 30 min. The stability of the tensile
strength for low-temperature annealing (<473 K) and its dramatic drop upon high-temperature annealing (>473 K) are discussed based
on the nanostructural observations.
� 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Cold-drawn, hypereutectoid pearlitic steel wires show
maximal tensile strength above 5 GPa [1], thus making them
the strongest bulk nanostructured materials. Although
pearlite has a large potential in engineering applications,
the microstructural origin of its extreme strength is not well
understood. It has been shown by several authors that cold
drawing not only strengthens pearlite by refining the lamel-
lae structure [2–5], but also simultaneously causes partial
chemical decomposition of cementite [6–18] and a structural
transition from crystalline to amorphous cementite

[9,13,14]. The deformation-induced decomposition and
microstructural change of cementite is closely related to sev-
eral other phenomena, such as a strong redistribution of
carbon and other alloy elements like Si and Mn in both
cementite and ferrite; a variation of the deformation accom-
modation at the phase interfaces due to a change in the car-
bon concentration gradient at the interfaces; mechanical
alloying; and a further reduction of the deformability of
cementite when rendered amorphous. Since these phenom-
ena occur at the atomic scale, the understanding of the
strengthening mechanisms of cold-drawn hypereutectoid
pearlitic wires can only be improved on the basis of
atomic-scale investigations.

Taking a first step in this direction, we recently studied
the redistribution of carbon in ferrite and cementite in
ultrahigh-strength pearlitic steel wires for a wide range of
(true) drawing strains between 0 and 6.02 using atom probe
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tomography (APT) [17,18]. In ferrite, we found that the
carbon concentration increases with the drawing strain
up to 3.47 and then saturates with further deformation.
We found evidence of the formation of dislocation (sub)-
grain boundaries in the ferrite lamellae and observed the
segregation of carbon at ferrite dislocations and (sub)grain
boundaries. In cementite, we found that the carbon con-
centration decreases with the thickness of the cementite
lamellae. This finding gives a quantitative correlation
between plastic deformation and cementite decomposition
in cold-drawn pearlitic steel wires [17,18]. Furthermore,
both the saturation of the carbon content in the ferrite
and the discontinuation of further decomposition of
cementite at high strains indicate the important role of dis-
locations during cementite decomposition. This is also sup-
ported by the direct observation of carbon segregation at
ferrite dislocations and grain boundaries [17,18].

Nanostructured materials produced by severe plastic
deformation are highly susceptible to grain coarsening
upon heating, due to the large density of dislocations and
grain boundaries. However, little attention has been paid
so far to the thermal stability of the nanostructure of heav-
ily cold-deformed pearlitic wires [9,19–21] and its effect on
the mechanical properties. In this work, we study the
changes in the nanostructure of a heavily cold-drawn
hypereutectoid pearlitic steel wire upon annealing in order
to elucidate the mechanism leading to the ultrahigh
strength of cold-drawn pearlitic steel wires. The wires stud-
ied here were subjected to the most extreme deformation by
cold drawing to a true drawing strain of � = 6.02 and exhi-
bit the highest tensile strength achieved to date (6.35 GPa).
The tensile strength was measured as a function of the
annealing temperature between 423 and 723 K and of the
annealing time. The samples were characterized by means
of APT in conjunction with transmission electron micros-
copy (TEM). APT yields three-dimensional elemental maps
with near-atomic resolution. This technique is a key to the
current study as it allows us to identify the carbon distribu-
tion in the drawn and heat-treated pearlite samples [16,22–
28]. A local electrode atom probe (LEAP 3000X HRTM,
Cameca Instruments) was used, which provides a larger
field of view, faster data acquisition rates and higher mass
resolution [29–32] compared to conventional atom probes
and thus yields compositional data with high accuracy.
We surprisingly observed hexagonal (sub)grains in ferrite
after annealing, where carbon is segregated to (sub)grain
boundaries and spheroidized cementite particles are prefer-
entially located at triple junctions. In addition, the redistri-
bution of other alloying elements, such as Si, Mn and Cr,
upon annealing is also quantified and discussed from the
viewpoint of the kinetic barriers in terms of the differences
in diffusion coefficients between the two abutting phases
(ferrite and cementite). On the basis of our experimental
observations, we discuss the influence of annealing temper-
ature T and time, and also of the alloying elements and
their respective redistribution on the drop in tensile
strength upon heat treatment.

2. Experimental

2.1. Material and experimental methods

The material studied in this work was a pearlitic steel
wire of hypereutectoid composition (Fe–0.98C–0.31Mn–
0.20Si–0.20Cr–0.01Cu–0.006P–0.007S in wt.% and Fe–
4.40C–0.30Mn–0.39Si–0.21Cr–0.003Cu–0.01P–0.01S in
at.%), provided by Suzuki Metal Industry Co., Ltd. The
as-deformed wires were in a cold-drawn state, with a true
strain of � = 6.02. Samples taken from this material were
annealed for 30 min between 423 and 723 K, at 50 K inter-
vals. Tensile strength, APT and TEM measurements were
taken on the as-deformed and annealed wires. The tensile
strength was measured with a Dia Stron LEX 810 device
using an initial strain rate of _�0 ¼ 1:16� 10�3 s�1.

The local electrode atom probe was used to analyze the
nanostructural changes and the three-dimensional (3-D)
elemental distributions upon annealing. The measurements
were performed in voltage mode at 70 K, with a pulse frac-
tion of 15%, a pulse repetition rate of 200 kHz and a detec-
tion rate of 0.005 atoms per pulse. APT samples
perpendicular to the wire axis were prepared using a
dual-beam focused ion beam (FEI Helios NanoLab
600TM) according to the procedure described in Ref.
[15]. Reconstructions of the APT data were made using
standard parameters for the image compression factor
(1.65) and the evaporation field (33 V nm�1), with an effi-
ciency of the detector of 0.37. The final specimen tip radii
(after APT measurements) were also taken into account
for the reconstructions. TEM samples were prepared using
the focused ion beam lift-out method. The sample prepara-
tion was done with 30 kV Ga ions, finishing the last step
with 5 kV Ga ions. We used a Philips CM30 instrument
at an acceleration voltage of 300 kV.

2.2. Mass spectrum analyses of atom probe data

The assignment of ion peaks in a mass spectrum of cold-
drawn pearlitic steel wire has been addressed previously
[8,15,18]. A mass spectrum of an annealed wire with an ini-
tial drawing strain of 6.02 is shown in Fig. 1a. All peaks due
to Fe, alloy elements (C, Si, Cr and Mn) as well as impuri-
ties like P and S are assigned. As reported in Refs. [17,18]
for cold-drawn wires, the mass spectra of ferrite (Fig. 1b)
and cementite (Fig. 1c) also reveal the presence of the peak
at 24.5 Da in cementite only, which means that 100% of the
peak at 24 Da is due to Cþ2 in the ferrite, while a mixture of
ions from Cþ2 and C2þ

4 in the cementite contribute to this
peak. A peak deconvolution algorithm (supplied by the
software IVAS, Cameca Instruments) taking into account
the isotope ratios of C was applied to the peak at m/n
= 24 Da. The result shows that less than 50% of the peak
is due to C2þ

4 in the cementite, while for the cold-drawn
wires the contribution from C2þ

4 exceeds 80% [17]. It is
reported that the fractions of carbon molecular ions change
with the APT acquisition conditions, e.g. temperature,
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pulse fraction and evaporation rate [33]. It might be possi-
ble that the different material states (e.g. deformed and
annealed) also influence the ratio of field-evaporated car-
bon molecules. As Cþ2 mainly contributes to the peak at
24 Da according to the peak deconvolution analysis, this
peak was assigned as Cþ2 for atom maps of the annealed
samples.

3. Results

3.1. Evolution of tensile strength upon annealing

Fig. 2 shows the tensile strength as a function of the
annealing temperature. At room temperature the as-
deformed material exhibits a tensile strength of 6.35 GPa,
which, to the best of our knowledge, makes it the strongest
pearlitic steel wire available today. The ultrahigh tensile
strength remains after annealing at 423 K for 30 min.
Beyond this temperature, the tensile strength decreases
approximately linearly with the annealing temperature.
The evolution of the tensile strength with annealing time
shown in Fig. 3 indicates that the dramatic drop in tensile
strength mainly occurs within the first 2–3 min of the anneal-
ing process. After this short time interval, the tensile strength
remains approximately constant at a relatively low temper-
ature of 523 K. Even for the highest temperature of 723 K,
the tensile strength decreases only slightly with further
annealing time. This suggests that the underlying structural
changes take place during the early annealing stage. The
large circles in Figs. 2 and 3 mark the annealing conditions

under which the nanostructure and the distribution of alloy
elements in the deformed and annealed wires were studied by
APT and high-resolution (HR) TEM.

3.2. Evolution of microstructure upon annealing

APT results on the as-deformed and the 473 K and
673 K heat-treated states are displayed in Fig. 4. The atom
maps of the as-deformed material (Fig. 4a) clearly show
that a lamellar structure consisting of carbon-depleted (fer-
rite) and -enriched (cementite) regions still prevails after
severe cold-drawing up to a strain of 6.02, although frag-
mentation of cementite lamellae can be observed. The
lamellar structure remains stable after annealing at 473 K
for 30 min (Fig. 4b). No cementite spheroidization occurs.

Fig. 1. (a) Mass spectrum of a cold-drawn (� = 6.02) wire after annealing
at 673 K for 30 min. Peaks ascribed to C, Si, Cr, Mn and Fe are marked in
red, gray, pink, green and yellow, respectively. (b and c) Mass spectra for
ferrite and cementite, respectively. Note the presence of the peak of
24.5 Da only in the cementite.

Fig. 2. Tensile strength as a function of annealing temperature for an
annealing time of 30 min for cold-drawn hypereutectoid pearlitic steel
wires. The red circles mark the annealing conditions for which APT
measurements were performed.

Fig. 3. Tensile strength as a function of annealing time at various
temperatures for cold-drawn hypereutectoid pearlitic steel wires. The red
circles mark the annealing conditions for which HRTEM studies were
performed.
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However, Languillaume et al. observed speroidized
cementite particles at 473 K [19]. Since the alloy elements,
the initial strain and the annealing time of the pearlitic wire
studied in Ref. [19] were different from those studied in this
work, it is difficult to analyze the exact reasons for the dif-
ferent observations.

After heat treatment at 673 K for 30 min, strong micro-
structural changes occur. The original lamellar pearlitic
structure is no longer visible; instead, a nearly equiaxed
hexagonal (sub)grain structure has formed inside the ferrite
(see Fig. 4c). The (sub)grain boundaries enclosing the car-
bon-depleted ferrite (sub)grains are decorated with carbon
atoms. The (sub)grains exhibit an average grain size of 30–
40 nm, which is about 2–3 times higher than the interlamel-
lar spacing in the as-deformed wire [17,18]. Furthermore,

the cementite lamellae have undergone spheroidization
and are mainly located at the triple junctions. Similar
observations were made by TEM for pearlitic steel wires
at true drawing strains of 3.5 after annealing for 1 h at
823 K [19], 4.22 for 1 h at 673 K [9] and 5 for 0.5 h at
723 K [20]. Closer observation of Fig. 4c shows that the
grains are not equiaxed but, rather, elongated along the
drawing direction, with longitudinal sizes above 70 nm. It
is noted that the reconstruction of the APT data shown
in Fig. 4c was done based on the final tip radius after
APT measurement, and is hence reliable. This observation
suggests that the relatively coarse (sub)grain structure
observed in the ferrite is not due to recrystallization, as this
mechanism would lead to equiaxed grains.

Fig. 5 shows TEM micrographs of pearlitic wires for the
corresponding conditions marked in Fig. 3. Strong strain
contrast due to heavy drawing can be observed from
Fig. 5a. The phase boundaries between ferrite and cement-
ite are blurred and nearly invisible. The observation in the
cross-section of the wire (Fig. 5b) shows the typical curled
ribbon-like lamellar structure around the wire axis
[3,34,35]. As explained by Hosford [36], the h1 1 0i fiber
texture developed during wire drawing confines further
slipping in each lamella to a plain strain state, and thus
the compatibility of the neighboring grains can be main-
tained only by the bending of the grains around one
another. This mechanism is referred to as curling [36–38].
The observation of fragmentation of cementite in Fig. 5b
is consistent with the APT result shown at the bottom of
Fig. 4a, where the cementite lamellae are curled and frag-
mented into numerous short segments and even small par-
ticles. This is direct evidence that cementite lamellae are
capable of undergoing plastic deformation and even
strain-induced fragmentation, as reported in Ref. [2,3].
Upon annealing at 523 K for 30 min, the lamellar structure
is still preserved and no recrystallization occurs (Fig. 5c).

After annealing at 723 K (see Fig. 5d), the lamellar
structure along the drawing direction is still visible, while
cell/subgrain boundaries have formed in the ferrite and
the cementite lamellae have undergone spheroidization.
The ferrite cell/subgrains are elongated along the wire axis,
in agreement with the APT observation at 673 K (Fig. 4c).
In the direction perpendicular to the wire axis, the average
subgrain size is below 80 nm.

3.3. Redistribution of carbon during annealing

Fig. 6 illustrates the carbon partitioning among the var-
ious phases or regions (ferrite, cementite and interface
region) in the as-deformed and annealed samples, where
the bulk carbon concentration is plotted against the cumu-
lative (phase) volume fractions. In accordance with our pre-
vious works [17,18], the phases of ferrite and cementite, and
the interface between them, are defined according to their
carbon content (see also caption of Fig. 6), where the vol-
ume fraction of each phase can be estimated as the ratio
of the total number of atoms in each phase to the total

Fig. 4. 3-D carbon atom maps of hypereutectoid pearlitic steel wires with
a cold drawing strain of � = 6.02: (a) as-deformed state; (b) annealed at
473 K for 30 min; and (c) annealed at 673 K for 30 min. The isoconcen-
tration surfaces for 7 at.% carbon are shown in green. Only 30% of all
carbon and 0.5% of all iron atoms are displayed. Both the cross-sectional
(top) and longitudinal views (bottom) of the wires are shown.
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number of atoms in the whole sample. The result shows
that, in the as-deformed sample, the carbon concentration

of 0.73 ± 0.006 at.% in the ferrite is far beyond the equilib-
rium value of several tens of atom ppm, while the carbon
concentration in the cementite decreases to approximately
half of the stoichiometric value. In addition, the large vol-
ume fraction of the interface characterized by an extended
carbon concentration gradient suggests dissolution of car-
bon atoms from cementite to ferrite and a mechanical alloy-
ing process. After annealing at 473 K for 30 min, no
significant redistribution of carbon atoms is found, since
both the carbon concentrations and the volume fractions
of all phases remain close to the values measured in the
as-deformed sample.

A dramatic change in the redistribution of carbon
occurs after annealing at 673 K for 30 min. As shown in
Fig. 6 (red curve), the high volume fraction of the ferrite/
cementite interface produced during extreme deformation
decreases greatly after annealing. The bulk carbon concen-
tration in ferrite is reduced to 0.37 ± 0.003 at.% and the
carbon concentration in the cementite of 16.6 ± 0.013
at.% approaches the stoichiometric value. We observe that
the volume fraction of ferrite after annealing at 673 K even
exceeds the value of 85% (for C wt.% = 0.98), as expected
from the lever rule. This is due to the fact that a limited size

Fig. 5. TEM images of hypereutectoid pearlitic steel wires. (a and b) As-deformed (� = 6.02) states in longitudinal and transverse cross-sections of wires,
respectively. (c and d) As-annealed states at 523 and 723 K for 30 min, respectively. The arrows mark the wire axis which is also parallel with the ferrite/
cemetite interfaces. Some globular cementite particles (h) are marked.

Fig. 6. Bulk carbon concentrations in the defined phase zones vs. volume
fractions of the corresponding phase zones. Ferrite (a) and cementite (h)
are defined as the regions with carbon concentrations lower than 3 at.%
and higher than 7 at.%, respectively. The region between the two phases is
defined as the ferrite/cementite interface.
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of the probed volume confines the statistics in determining
the phase volume fractions. However, this limit has little
influence on the accuracy of the concentration measure-
ment in each individual phase region.

Note that 16.6 at.% is not the carbon concentration in
the center of the cementite particles, but the average one
in the defined region (see caption of Fig. 6). As will be
shown in Section 3.4, the carbon concentration inside these
particles reaches 25 at.% after annealing at 673 K for
30 min. Both the dark-field image and the HRTEM result
shown in Fig. 7 demonstrate the crystallinity of the cement-
ite particle that may form during annealing at T P 673 K.
However, its transformation mechanism upon high-tem-
perature annealing is complicated in the present case due
to the uncertainty of the existence of lamellar cementite
before annealing. If the cementite undergoes only a partial
chemical (not structural) decomposition before annealing,
then the formation of cementite particles upon annealing
proceeds without nucleation; instead, it is driven simply
by the reduction of the ferrite/cementite phase boundary
area.

3.4. Grain boundary excess of carbon after annealing at 673 K

Fig. 4 shows that carbon atoms segregate at the ferrite
(sub)grain boundaries at 673 K. By using the sub-cutting
method [17], the average carbon concentration inside the
ferrite grains was measured to be 0.163 ± 0.057 at.% (see
the dotted lines in Fig. 8f and g), while it exceeds
1.5 at.% at the grain boundaries (Fig. 8f and g). Two
regions of interest cutting through the spheriodized
cementite are selected for the analysis of the carbon con-
centration. The measured values of about 25 at.% C
(Fig. 8h and i) show that the carbon concentration in
cementite has reached the stoichiometric value again.

It is known that segregation of solute atoms at grain
boundaries decreases the grain boundary energy, as
described by the Gibbs adsorption isotherm [39–41],

dc ¼ �CAdlA ð1Þ

where c is the specific grain boundary energy, C is the ex-
cess amount of A atoms at the boundary and lA is the
chemical potential of the solute atoms of type A. This
means that the higher the solute excess at the grain bound-
ary, the lower the grain boundary energy.

Ca
C;gb, the grain boundary excess of carbon, can be deter-

mined either from 1-D concentration profiles (e.g. Fig. 8f
and g) or by direct counting of the number of carbon atoms
per grain boundary area. With the former method, the car-
bon concentration in (sub)grain interiors (as shown by the
dotted lines in Fig. 8f and g) is subtracted from the measured
concentrations. Using the latter method, the number of car-
bon atoms within the selected region, e.g. “GI” in Fig. 8a, is
subtracted from the number of carbon atoms in region
“GB”, which has the same size as the domain “GI”. By using
the two methods, Ca

C;gb is determined to be (5.30 ± 0.73)
atoms nm�2 (8.80 � 10�6 mol m�2) and (5.14 ± 0.72)
atoms nm�2 (8.54 � 10�6 mol m�2), respectively.

According to Eq. (1), a carbon excess of �9 � 10�6

mol m�2 reduces the grain boundary energy and thus
reduces the driving force for grain coarsening, even when
annealing the heavily cold-drawn pearlitic steel sample at
723 K. The stabilization of defects such as grain bound-
aries and dislocations by solute segregation, known as the
defactant concept [39–41], has also been reported in Refs.
[42–45].

3.5. Redistribution of Si, Mn and Cr during annealing at

673 K

Fig. 9a–d shows the atom maps of Si, Cr, Mn and C (as a
reference), respectively, in the wire annealed at 673 K for
30 min. To quantify the distribution of the solute atoms,
concentration profiles along a domain 10 � 2 � 83 nm3 in
size, as shown in Fig. 9d, were plotted in Fig. 9f. Corre-
sponding atom maps within the inspected region are shown
in Fig. 9e. In accordance with the carbon distribution shown
in Fig. 9e, the carbon concentration reaches a maximum in
the center of a cementite particle and at the grain boundaries
in ferrite, respectively, and has a minimum in the grain

Fig. 7. (a) TEM bright-field and (b) dark-field images in the transverse cross-section of a hypereutectoid pearlitic wire after annealing at 673 K for 30 min.
A distinct contrast line in the form of bright lines in one cementite particle marked with an arrow indicates a crystalline particle. (c) HRTEM image of a
wire after annealing at 723 K for 30 min, showing a crystalline cementite particle in the ferrite matrix.
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interior (see Fig. 9e). Si is also segregated at the subgrain
boundaries (see Fig. 9a and f), where the maxima and
minima of the Si concentration correspond well to the loca-
tions of subgrain boundaries and subgrain interiors, respec-
tively. The absolute minimum of Si at the center of the
cementite particle is consistent to the diminishing equilib-
rium solubility of Si in cementite as calculated by Thermo-
Calc (see Table 1). Cr and Mn atoms are strongly segregated
in cementite (see Fig. 9b, c and e). In the grain interior we
also observed a depletion of Cr and Mn atoms next to some
subgrain boundaries (see the arrows in Fig. 9c). This
suggests twofold kinetics in the redistribution of the alloy
elements during annealing. One process is the diffusion of
Cr and Mn atoms from the subgrain interior to the subgrain
boundary inside the ferrite, which leads to Cr- and Mn-
depleted areas next to the subgrain boundaries. In the sec-
ond process, the subgrain boundaries supply a fast diffusion
path along which Cr and Mn atoms can quickly diffuse to tri-
ple-junction lines, where the spheroidized cementite parti-
cles are located owing to the higher vacancy flux along
subgrain boundaries. In addition, the distribution of Cr
and Mn atoms in cementite is also inhomogeneous (see
Fig. 9b, c and e top). The concentration profiles of Cr and

Mn in Fig. 9f show a double plateau (see arrows), located
at the ferrite/cementite phase boundaries.

4. Discussion

4.1. Thermal stability of microstructure and strength upon

annealing below 473 K

The ultrahigh strength remained stable after the material
was annealed at temperatures below 473 K for 30 min (see
Fig. 2). This observation is consistent with the analyses of
the as-deformed and annealed wires by APT (see Fig. 4a
and b). The TEM image in Fig. 5c shows that the lamellar
structure still remains even after annealing at 523 K. We
conclude that no substantial microstructural change has
taken place during annealing at temperatures below 473 K.

One can argue that some softening might already occur
due to a slight recovery at the relatively low annealing tem-
peratures. However, this could be compensated by static
strain aging during low-temperature annealing or even
during the storage of the cold-deformed material at room
temperature. The net effect from these two phenomena is
that the strength remains unchanged. This argument can

Fig. 8. (a) Carbon atom map of the annealed (673 K for 30 min) hypereutectoid pearlitic steel wire with selected regions of interest (ROIs). The white
arrows mark the directions along which the concentration profiles are drawn. The gray-colored ROIs containing grain boundary (GB) and grain interior
(GI) are shown as an example for determining the grain boundary excess of carbon (see text). (b–e) Carbon atom maps for the ROIs. The corresponding 1-
D carbon concentration profiles are displayed below each atom map (f–i).The average carbon concentration inside the ferrite grains is displayed as short-
dashed lines in (f) and (g).

Y.J. Li et al. / Acta Materialia 60 (2012) 4005–4016 4011



Author's personal copy

be further discussed as follows: before measuring the tensile
strength (both at room temperature and after the various
heat treatments), the as-cold-drawn wires were kept at room
temperature for about 6 months. The carbon diffusion dis-

tance can be estimated as x ¼
ffiffiffiffiffiffiffiffi
6Dt
p

by taking the bulk dif-

fusivity DC
a ¼ DC

0;a � exp �Q
RT

� �
(DC

0;a ¼ 2� 10�6 m2 s�1 and

Q = 84.1 kJ mol�1 [46], R is the gas constant) of carbon in

ferrite. This rough estimate yields a carbon diffusion dis-
tance of 650 nm in ferrite at room temperature for
t = 0.5 year and an additional 300 nm at 423 K for
30 min. This estimate shows that carbon can diffuse to dis-
locations within the fine ferrite lamellae. However, our
recent results show that strain aging becomes less significant
with increasing wire strain. For a true strain of 6.02 the
strain aging effect is barely noticeable. This means that for

weakly drawn wires some carbon atoms have not diffused
sufficiently to decorate dislocations even after a storage per-
iod of 6 months at room temperature. However, they can
diffuse to dislocations upon annealing for only 30 min. This
implies an overestimation of the carbon diffusion length at
room temperature, possibly due to the supersaturation of
the ferrite with carbon upon cold drawing. We attribute
the absence of strain aging upon high-temperature anneal-
ing for highly strained pearlitic wires (� > 5) to the slightly
higher temperature that occurs during drawing as compared
to weakly strained wires. This effect facilitates the strong
segregation of carbon to single dislocations in the case of
highly strained ferrite during the drawing process [17,18].
The effect limits the free sites at dislocations that remain
for carbon decoration during static storage at room temper-
ature or annealing at elevated temperatures. Moreover, the

Fig. 9. 3-D atom maps of Si, Cr, Mn and C of a sample annealed at 673 K. 100% of Si, Cr and Mn and 30% of the carbon atoms are displayed. Cementite
is labeled with “h”. The red dashed borders in (a) and the black dots in (b) and (c) mark cementite particles and grain boundaries shown in (d),
respectively. The 1-D concentration profiles along the ROI chosen in (d) are shown in (f).

Table 1
Solubilities of Si, Mn and Cr in ferrite and cementite under equilibrium conditions calculated by Thermo-Calc using the nominal composition of the wire
given in Section 2 (unit: at.%).

Temperature (K) Si Mn Cr

Ferrite Cementite Ferrite Cementite Ferrite Cementite

473 0.46 0 1.39 � 10�3 1.81 1.37 � 10�4 1.24
673 0.46 0 1.86 � 10�2 1.73 3.27 � 10�3 1.225
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density of single dislocations decreases with further drawing
due to the formation of ferrite dislocation cell/substructures
which are also decorated with carbon [17,18].

4.2. Recovery and recrystallization during annealing above

473 K

Both the APT (Fig. 4c) and TEM (Fig. 5d) observations
show that the elongated ferrite grains inherited from cold
drawing still exist after annealing at 673 and 723 K for
30 min. These results suggest that no recrystallization
occurs, since recrystallization typically yields equiaxed
grains. Furthermore, after annealing at 673 K for 30 min,
the carbon content in the ferrite amounts to 40 times the
equilibrium value of 0.001 wt.% C at room temperature.
This indicates an existence of lattice defects such as vacan-
cies, dislocations and (sub)grain boundaries in the ferrite
because these types of defects are able to supply additional
sites to trap a large amount of carbon atoms [14,17,18,21].
This means that a typical entirely defect-free recrystallized
structure has not yet been formed after annealing at 673 K
for 30 min. In addition, the slight (sub)grain structure
coarsening in ferrite indicates that recovery rather than
recrystallization takes place during annealing because the
observed grain size remains far below the typical recrystal-
lized grain size, which is in the micrometer range.

The inhibition of recrystallization in the most heavily
cold-deformed (� = 6.02) pearlitic wire can be attributed
to the strong fiber texture [3,35], which reduces the driving
force for recrystallization and decreases the mobility of
grain boundaries by forming low-angle grain boundaries
(one dominant grain orientation). Embury and Fisher [2]
reported that the misorientation between the ferrite cells is
of the order of 1� at a true drawing strain of 3.1. Tarui
et al. [47] also confirmed the formation of a cell structure
in the ferrite of pearlite at � = 4.2 by selected-area electron
diffraction. In addition, the segregation of carbon at the
cell/subgrain boundaries and the spheroidized cementite
may also inhibit the recrystallization by reducing the grain
boundary energy and pinning the grain boundaries against
migration, respectively. Also, primary recrystallization pro-
ceeds through a nucleation and growth sequence, and the
confined interlamellar spacing might be too small for a crit-
ical nucleus size to be reached. Thus, we suggest that the
formation of cell/subgrain structures after annealing at tem-
peratures above 473 K results not from recrystallization,
but from strong recovery of the deformed microstructure.

4.3. Softening during annealing above 473 K

Based on the discussion above, the dramatic drop in ten-
sile strength upon annealing at temperatures above 473 K
seems to be mainly due to static recovery of the deformed
microstructure through annihilation, rearrangement or
polygonization of ferrite dislocations. Readers are referred
to Ref. [18] for the mechanism of formation of (sub)grain
structure inside the ferrite channel. In addition, the other

microstructural changes upon annealing, such as cementite
spherodization, redistributions of alloy elements, recovery
of point defects (vacancies and interstitials) and relatively
slight coarsening of cell/subgrain structures, may also
cause the drop in tensile strength, as discussed below in
more detail.

4.3.1. Recovery of dislocations at cell/subgrain boundaries

Severe plastic deformation such as cold drawing intro-
duces a high dislocation density into the material. Recently,
Zhang et al. [48] reported that the dislocation density q in
the ferrite lamellae increases from 7.5 � 1013 m�2 in the
as-patented state to 2 � 1016 m�2 after a cold-drawing strain
of 3.68. Chen and Kirchheim [49] measured the dislocation
density in an annealed pearlitic (0.8 wt.% C) steel wire pro-
duced by cold drawing to � = 3. They found that the dislo-
cation density decreases to 8.53 � 1014 m�2 after annealing
at 723 K for 30 min. While it is not clear how the recovery
process occurs, it is very likely in the current system that dis-
location recovery takes place mainly at the ferrite/cementite
interfaces. For the materials studied in the present work, the
lamellar spacing decreases to about 10 nm, thus the major
portion of the dislocations created during cold drawing
becomes stored at the interface between ferrite and cement-
ite, where they form cell/grain boundaries superimposing on
the phase boundaries [18]. Meanwhile, due to the decompo-
sition of cementite, the dislocations from neighboring ferrite
may meet at the sites of the original cementite and form a
dipolar configuration. Together with an enhanced diffusion
process along the phase interface due to severe plastic defor-
mation, a fast annihilation of the dislocation dipoles during
annealing becomes feasible. One may note that the quick
drop of the tensile strength in the first few minutes during
annealing agrees well with the feature of dipole annihilation,
as suggest by Hausselt and Blum [50]. We estimate the
reduction of the dislocation density on the basis of the drop
of the tensile strength by calculating the change of the ather-
mal stress due to the dislocations after annealing:

DrG ¼ aMGb
ffiffiffiffiffi
q0

p �
ffiffiffiffiffiffiffiffiffiffiffiffiffiffi
qðT ; tÞ

p� �
ð2Þ

where a is the dislocation interaction constant, M is the
Taylor factor, G is the shear modulus at ambient tempera-
ture, b is the length of the Burgers vector, q0 is the disloca-
tion density for the as-deformed state and q(T, t) is the
dislocation density for the as-annealed state. As a first esti-
mate, we use a = 0.35, M = 3.06, G(300 K) = 8.2 �
104 MPa [51] and b = 0.25 nm, and the dislocation densities
of the above-mentioned measurements. This yields a reduc-
tion of the athermal stress of 2.5 GPa by taking the mea-
sured dislocations densities of 2 � 1016 m�2 for as-
deformed wire [48] and 8.53 � 1014 m�2 for the wire an-
nealed at 723 K for 30 min [49]. We ignore the possibility
of relaxation of the dislocation stress field due to the segre-
gation of carbon atoms at dislocation cores. While this va-
lue explains a major part of the strength reduction of
3.4 GPa at 723 K (Fig. 2), one should also consider possible
effects associated with other microstructural changes.
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4.3.2. Cell/subgrain coarsening during annealing

In the preceding section we discussed that the reduction
of strength during annealing can be explained in terms of
recovery of dislocations at cell/grain boundaries. As dem-
onstrated by Blum and Zeng [52], the dislocation density
in ultrafine-grained materials is closely related to the grain
size since dislocations are mainly stored at grain bound-
aries. Here, as an alternative approach, we may directly
describe the relationship between the strength and the
(sub)grain size. From Figs. 4 and 5, the initial (sub)grain
size d0 can be roughly estimated to be 10 nm, and the size
values d(T) in the transverse direction of the wires are
about 30 and 70 nm after annealing at 673 and 723 K,
respectively. The corresponding strengths before (r0) and
after (rT) annealing read 6.35, 3.64 and 2.92 GPa (see
Fig. 2), respectively. The annealing apparently leads to
coarsening of the grain structure, which consequently
degrades the strength of the material. These data can be
approximated by a Hall–Petch-type relationship:

r0 � rT ¼ kH�P d�0:5
0 � dðT Þ�0:5

� �
ð3Þ

with kH�P � 550 MPa lm0.5. It has been frequently re-
ported that the Hall–Petch slope in steels increases with
the carbon concentration [53], in particular with the carbon
concentration at grain boundaries [54–57]. Although a di-
rect comparison of the carbon concentration-dependent
kH�P values between our measurement and the literature
data is difficult because of the large scatter of the latter data
sets [54–57], our measured value falls reasonably within the
commonly observed range of kH�P = 315 � 760 MPa lm0.5

for steels with carbon segregation at ferrite grain bound-
aries [55,58].

4.3.3. Spheroidization of cementite

Steels containing pearlitic microstructures have higher
strength and hardness than those with spherical cementite
because the latter materials have a smaller area fraction
of heterointerfaces. In the present case, it is hard to quan-
tify the reduction of tensile strength resulting from the loss
of phase boundary density due to cementite spheroidiza-
tion. During annealing at temperatures above 473 K, the
reduced phase boundaries are replenished by cell/subgrain
boundaries. The question arises how effective the cell/sub-
grain boundaries are as barriers to dislocation motion.
Together with the spheroidization of cementite, the ferrite
cell/subgrain structure continuously coarsens during
annealing. Hence, it is difficult to distinguish the softening
effects resulting from the loss of phase boundaries from
that associated with coarsening of the cell/subgrain struc-
ture. The estimate shown in Section 4.3.2 indicates the
importance of the cell/subgrain size in the ferrite for the
strength of pearlite.

4.3.4. Reduction of solid solution hardening

The loss of solid solution hardening due to the transport
of solute atoms from the ferrite to the (sub)grain boundary

as well as to cementite during annealing also leads to soft-
ening. A loss of carbon solid solution hardening between
300 and 673 K can be estimated by

Drsol ¼ k
ffiffiffiffiffiffiffiffiffi
C300

p
�

ffiffiffiffiffiffiffiffiffi
C673

p� �
ð4Þ

where k is a prefactor (�1.12 � 104 MPa for carbon in Fe
[59]) and C300 and C673 are the carbon concentrations in
weight percent in the ferrite after annealing at 300 and
673 K, respectively, for 30 min. Based on the values of
0.75 at.% (0.167 wt.%) for C300 and 0.16 at.% (0.036 wt.%)
for C673 measured by APT, Drsol amounts to only
240 MPa. This means that the loss of solid solution harden-
ing due to the redistribution of carbon atoms upon anneal-
ing does not play a major role in the reduction of the tensile
strength.

The strengthening effect of other alloying elements, like
Mn and Cr, is even lower than that of carbon in the ferrite.
Therefore, significant softening resulting from the loss of
solid solution hardening by Mn and Cr is not expected.
On the contrary, these two elements may have a strength-
ening effect during annealing, as they are found to segre-
gate at the interfaces between ferrite and cementite, and
thus suppress the further growth of cementite particles dur-
ing annealing. Regarding the solid solution effect, Si is
known to be even less effective than Mn. Except for its seg-
regation at ferrite gain boundaries, the distribution of Si in
the ferrite and cementite upon annealing does not show a
significant difference from that in the as-deformed wire
(Fig. 10b).

4.4. Redistribution of alloy elements upon annealing

To better understand the elemental redistribution pro-
cesses during annealing, proximity histograms [32,60]
across ferrite/cementite interfaces were analyzed. Fig. 10
shows the proximity histograms of C, Si, Cr and Mn aver-
aged over multiple interfaces in the as-deformed and
annealed wires.

As the concentration profiles show little difference
before (i.e. the as-deformed state) and after annealing at
473 K, we only compare in more detail the results between
the as-deformed state and the state after annealing at
673 K. In the as-deformed state, two effects of the severe
deformation on the microstructure can be observed. One
is the partial redistribution of carbon from cementite into
ferrite; the other is the approximately homogeneous distri-
bution of Cr and Mn among ferrite and cementite com-
pared to the equilibrium values (Table 1), which we
attribute to mechanical mixing (see the green curves in
Fig. 10(c) for Cr and (d) for Mn). The main reason why
Si does not undergo mechanical mixing upon deformation
is the insolubility of Si in cementite (see Table 1). In addi-
tion, Si is preferentially located at the ferrite grain bound-
aries, as seen in Fig. 9aa. This might render mechanical
mixing phenomena more sluggish.
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After annealing at 673 K for 30 min, the alloy elements
undergo strong redistribution. First, as shown in Fig. 10a,
the reduced carbon content in cementite after deformation
returns to the stoichiometric value. It should be mentioned
that the carbon concentrations we found in cementite in the
as-deformed state are inversely dependent on the thickness
of the cementite lamellae [17]. The green curve shown in
Fig. 10a is obtained from the analysis of relatively thick
cementite lamellae. In addition, the concentration gradient
at the interfaces between ferrite and cementite becomes
sharper after annealing as compared to the blurred inter-
face in the as-deformed state.

Second, a similar increase in the concentration gradient
of Si at the ferrite/cementite interfaces indicates an
enhanced redistribution of Si atoms from cementite to fer-
rite due to annealing (see Fig. 10b). It is noted that the con-
centration of Si increases monotonically from cementite to
ferrite without any sign of enrichment of Si at the ferrite/
cementite interface [9,61]. This may be attributed to a

low initial Si content in cementite (in the as-deformed state)
and the fast diffusivity of Si at ferrite grain boundaries,
along which the Si can leave the cementite.

Third, a significant number of Cr and Mn atoms diffuse
from ferrite to the interfaces between ferrite and cementite.
It is known that Cr and Mn are carbide-forming elements
and that their solubilities in cementite are much higher than
in ferrite (Table 1), as they can substitute Fe in the carbides
and form (Fe,Cr)3 C and (Fe,Mn)3C [62,63], respectively.
As a result, there is a driving force for Cr and Mn to diffuse
from ferrite to cementite during annealing. However, the
limited diffusivity of these atoms in cementite is likely to
act as a kinetic barrier for the fast accommodation of the
incoming atom flux from ferrite. According to Ref. [64],
the diffusion coefficient of Mn in ferrite DMn

a (2.4 �
10�23 m2 s�1) is about three orders of magnitude higher
than that in cementite DMn

h (8.8 � 10�27 m2 s�1). According
to Ref. [65], Cr behaves similarly to Mn. In particular, at
ferrite grain boundaries the diffusivity of Cr and Mn can
be even higher, so that the incoming atoms segregate at
the ferrite/cementite interface and result in the concentra-
tion peaks we observe here (Fig. 10c and d). A similar sce-
nario was recently reported for a maraging-TRIP steel,
where the Mn partitioning at martensite/austenite inter-
faces is due to the low diffusivity of Mn in the austenite,
which does not allow the incoming Mn flux from the adja-
cent martensite to be accommodated within the austenite
[66,67].

5. Conclusions

The micro- and nanostructures of a heavily cold-drawn
hypereutectoid pearlitic steel wire were studied by APT and
TEM in both the as-deformed and annealed states. The
lamellar structure consisting of ferrite and cementite is pre-
served up to annealing at 473 K, with only small changes in
the distribution of the solute atoms. Upon annealing at
673 K, the lamellar structure transforms to a subgrain
structure in ferrite, with carbon atoms segregated at the
grain boundaries and spheroidized cementite located at
the triple junctions inside the ferrite. No evidence of recrys-
tallization was found after annealing up to 723 K. The
atom maps and concentration profiles of the solutes sug-
gest that (sub)grain boundaries provide a fast diffusion
path, along which Si atoms can diffuse from cementite to
ferrite and segregate at ferrite grain boundaries. Cr and
Mn diffuse from ferrite to cementite, where a kinetic freez-
ing effect (smaller diffusion coefficient in cementite) for the
further diffusion of Cr and Mn deeper into the cementite
leads to segregation of Cr and Mn at the phase boundaries
between ferrite and cementite. The considerable drop in
tensile strength after annealing can be mainly attributed
to the recovery of dislocations and coarsening of disloca-
tion substructures. The loss of solid solution hardening
due to the redistribution of carbon atoms upon annealing
gives only a small contribution.

Fig. 10. The proximity histograms [32,60] of (a) C, (b) Si, (c) Cr and (d) Mn
obtained from multiple interfaces shown in Fig. 4 for as-deformed (green)
and as-annealed states at 473 K (blue) and 673 K (red). Ferrite and cementite
separated by the interface (gray zone) are marked with a and h, respectively.
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