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a b s t r a c t

A non weldable nickel-based superalloy was fabricated by powder bed-based selective electron beam

melting (S-EBM). The as-built samples exhibit a heterogeneous microstructure along the build direction.

A gradient of columnar grain size as well as a significant gradient in the g0 precipitate size were found

along the build direction. Microstructural defects such as gas porosity inherited from the powders,

shrinkage pores and cracks inherited from the S-EBM process were identified. The origins of those de-

fects are discussed with a particular emphasis on crack formation. Cracks were consistently found to

propagate intergranular and the effect of crystallographic misorientation on the cracking behavior was

investigated. A clear correlation was identified between cracks and high angle grain boundaries (HAGB).

The cracks were classified as hot cracks based on the observation of the fracture surface of micro-tensile

specimens machined from as-built S-EBM samples. The conditions required to trigger hot cracking,

namely, presence of a liquid film during the last stage of solidification and thermal stresses are discussed

within the framework of additive manufacturing. Understanding the cracking mechanism enables to

provide guidelines to obtain crack-free specimens of non-weldable Ni-based superalloys produced by S-

EBM.

© 2017 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Precipitation strengthened Ni-based superalloys have been one

of the great breakthroughs in materials science enabling the

development of advanced and fuel efficient aero engines. Since the

1950s, this class of superalloys is in continuous development to

achieve better creep and oxidation resistance, lower fatigue crack

growth rate and high yield stress for service temperatures up to

1000 "C. These superalloys are typically strengthened by ordered,

coherent intermetallic precipitates such as g0-Ni3(Al,Ti) or g''-

Ni3Nb. Different processes can be used to produce parts made of

this class of Ni-based superalloys: casting [1], directional solidifi-

cation [2e7], and powder metallurgy [8e10]. With the recent

development of new processing and advanced manufacturing

routes, in particular additive manufacturing, there is an increasing

demand for producing high-temperature components made of

such Ni-base superalloys. Key drivers for this include the ability to

produce complex netshape components without the restrictions of

traditional machining, thereby enabling optimized cooling chan-

nels that allow for higher service temperatures as well as the ability

to rapidly produce small batches of complex parts without the

prohibitive costs and lead times of traditional casting techniques.

Until recently, the community strongly focused on the well-

known alloy Inconel 718, see e.g. Refs. [11e16], as it can be quite

efficiently produced by additive manufacturing without producing

critical defects. Wide processing windows have been identified for

the two powder bed-based techniques selective laser melting

process (SLM) [13,16] and S-EBM [12,17]. This is not surprising as

Inconel 718 is usually considered to be aweldable superalloy due to

its low content of g0 forming elements (Al and Ti) [18], instead

relying on g''-Ni3Nb as strengthening precipitate phase. However,

to achieve higher creep resistance under high load, superalloys* Corresponding author.
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with between 40 and 80% volume fraction of g0 are required. Such

superalloys include Inconel 738 [19,20], CMSX-4 [21,22], Ren"e 142

[23] or CM247LC [24], which have hence recently attracted atten-

tion for usage in additive manufacturing processes. Those alloys

contain comparatively high contents of Al and Ti, are classified as

non-weldable, and, as a result, are prone to cracking and hence turn

out to be very challenging to produce defect free by additive

manufacturing [20,24e27].

Different mechanisms have been suggested in the welding

literature to explain the observed cracking tendency [18]: solidifi-

cation cracking [2] and liquation cracking [28] that require the

presence of liquid, or strain-age cracking [18] and ductility-dip

cracking [18] that occur at the solid state.

The objective of the present work is to elucidate the mechanism

and the origin of cracking in a non-weldable Ni-based superalloy

fabricated by S-EBM. Using detailed microstructural characteriza-

tion, combining techniques such as electron microscopy, electron

backscattered diffraction and atom probe tomography, we identify

a number of common features that provide insights into the origin

of the cracks and discuss those in light of the models generally

accepted for hot cracking in conventional processing routes.

2. Experimental procedures

2.1. Powder characteristics

The prealloyed powders were produced using vacuum induction

melting (VIM) gas-atomization with Ar and provided by ERASTEEL

(Spain). The material under investigation is a non weldable Nie

CoeCreMoeAleTieB nickel-based superalloy containing signifi-

cant amounts of Cr, Co and Mo and with Ti þ Al wt.% ¼ 8.6. The

exact chemical composition of the atomized powder cannot be

indicated for industrial confidentiality reasons. The as-received

powder morphology and microstructure were characterized using

a Zeiss Ultra field emission gun scanning electronmicroscope (FEG-

SEM). The as-received powders mostly exhibit a spherical

morphology with a few irregular particles and a relatively high

density of satellites, see Fig. 1a. Every powder particle is poly-

crystalline as revealed by the inverse pole figure electron back-

scattered diffraction map (IPF-EBSD) shown in Fig. 1b. Some of the

particles contain spherical pores corresponding to entrapped gas

during the atomization process (Fig. 1c). The powder size distri-

bution was determined by laser granulometry (MALVERN Master-

size 3000), giving an average powder particle size of approximately

~75 mm. The flowability and relative powder density were

measured based respectively on the Metal Powders Industry

Federation standards 3 and 4. The powder bed relative density was

measured to be 53.6% and a flow time of 16.0 ± 0.1 s was found for

50 g of powders going through a 2.54 mm diameter orifice (Hall

flowmeter).

2.2. Sample manufacturing

The as-received prealloyed powders were loaded into an

ARCAM A1 Electron Beam Melting (S-EBM) machine operating at

60 kV accelerating voltage under a controlled pressure of He set to

2.10%3 mbar. The powder was deposited by layers of 50 mm on a

stainless steel plate (XY-plane), then slightly consolidated with a

widely defocused beam and finally selectively melted using the

automatic mode according to the input CAD geometry. The powder

bed was slightly consolidated during the preheating stage in order

to improve the mechanical behavior and electrical conductivity.

This preheating stage turns out to be the key parameter to achieve a

stable process: a smoke-free1 processing windows as well as a

degree of consolidation that further enables easy removal of the

powder at the end of the fabrication. A suitable temperature for

preheating is therefore a temperature that roughly corresponds to

the first stage of sintering, i.e. formation of necks between particles

without densification. Here, the preheating temperature was

20 m

100 m

(a)

50 m

(b)

(c)
Gas porositySatellites

111

001 101

Fig. 1. Powder characteristics: (a) typical powder morphology as-revealed by SEM under secondary electron contrast (SE); (b) IPF-EBSD map revealing that the powder particles are

polycrystalline; (c) SE%SEM micrograph illustrating gas porosity within initial powder particles.

1 Smoke is defined as the phenomenon occurring when electrostatic repulsive

forces between negatively charged powder particles becomes significant leading to

powder particle splashing.
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selected so as to have an operating temperature of approximately

1050 "C. Specimens with dimensions 23& 23& 30 mm (see Fig. 2a)

were produced following a standard melting strategy, in which the

beam scans the area defined by the CAD file in a snake-like way

(meander) with a line offset of 0.1 mm. The temperature profile

measured below the start plate is displayed in Fig. 2b where the

different processing stages are also indicated.

In the S-EBM, the processing parameters vary spatially accord-

ing to the geometry of the part (here cubes) when using the

automatic mode. This is a typical characteristic of the S-EBM pro-

cess in comparison to other AM technologies. Here, every layer was

melted with the exact same melting parameters: there was no

change between layer nth and layer nþ1 except for a 90" rotation of

the scanning direction. Please note that we only focused on the

center of the cube samples, i.e. in the regions unaffected by the

contours.

2.3. Microstructural characterization

The S-EBM-samples were polished down to 0.04 mm colloidal

silica finish and were observed by optical microscopy along the

vertical cross sections which corresponds to the XZ-plane, i.e. along

the build direction (BD ¼ Z). Electron Backscattered Diffraction

(EBSD), Energy Dispersive X-ray Spectroscopy (EDX) and SEM im-

aging were performed in a ZEISS Ultra FEG-SEM and data were

collected using the OIM-TSL software. EBSD maps were collected

using an acceleration voltage of 20 kV on polished samples so as to

analyze the microstructure and microtexture of the as-built speci-

mens. 1 mm2-EBSD maps were acquired in the region affected by

cracks (upper part of the samples). Ten EBSD maps of 1 mm2 were

analyzed so as to ensure the statistical reliability of the results. EDX

analyses were performed using an acceleration voltage of 15 kV and

an aperture of 90 mm on flat polished samples in order to investi-

gate qualitatively element segregations in the as-built samples. In

addition, the microstructure was revealed using a fresh glyceregia

etchant (15 mL HCl þ 5 mL HNO3 þ 10 mL Glycerol). The g/g0

microstructure was observed using an Ultra Zeiss FEG-SEM in

secondary electron mode (SE) for etched samples and back-

scattered electron (BSE) contrast for polished samples. The size of

the precipitates was estimated by image analysis based on SE%SEM

micrographs acquired on etched specimens. At each position, at

least 5 images were used to have an estimation of the precipitate

size.

To investigate small scale segregations, site specific lift-outs

were prepared for atom probe tomography (APT) using an FEI

Dual Beam FIB Helios 600. Specimens were extracted from regions

at the tip of cracks, following the procedures described in Ref. [29].

Samples were analyzed using a Cameca LEAP3000X HR instrument

operating in laser mode with pulse rate at 200 kHz, pulse energy

0.4 nJ and temperature 50 K. Data reconstruction and analyses were

performed in the commercial package IVAS 3.6.14. and composi-

tions were extracted from composition profiles in the form of

proximity histograms, see Ref. [30].

2.4. Mechanical characterization

Microhardness measurements were performed using a Wilson

Tukon 1102 Vickers Tester. A 1 kg load was used and 20

Z = Build Direction

X

Y

100 µm

XX X

(c) X

Z

Cooling Down

Initial heating

1010°C

Sintering (30 min)

Part fabrication: layer Melting

Outgassing (15 min)

(b)(a)

Layer time = 120 s

Fig. 2. (a) Typical S-EBM as-built cubic sample, highlighted in white the plane of observations (XZ). (b) Temperature profile measured at the bottom of the substrate throughout the

build and corresponding stages of fabrication. Layer time is also indicated. (c) Schematic showing the plane from which were extracted the micro-tensile specimens.
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measurements were carried out at each position along the Z-di-

rection (¼BD). The error was estimated by computing the standard

deviation over the 20 measurements made at each position.

To identify the reasons for cracks formation, tensile micro-

specimens (gauge length ¼ 6 mm, width ¼ 2 mm,

thickness ¼ 1 mm) were machined from the as-built S-EBM cubic

samples at different positions along the build direction with the

tensile axis aligned along the X direction as shown in Fig. 2c. Tensile

tests were performed at room temperature using a 3300 Instron

universal testing machine with an initial displacement rate of

5 mm/min. Note that the objective of the tensile tests was less to

provide quantitative data regarding the mechanical properties of

the fabricated materials but rather to break the samples under

well-controlled and reproducible conditions and subsequently

observe the fracture surface under secondary electron contrast. In

total, ten micro specimens were deformed under tension up to

fracture.

3. Experimental results

3.1. Microstructural gradients

Careful observations of the XZ cross section along the entire

sample height reveal typical features of parts manufactured by S-

EBM. In particular, columnar grains that grow epitaxially along the

build direction across several layers were found, which also cor-

responds to themain direction of the thermal gradient, as shown in

Fig. 3a. EBSD maps acquired at different positions along the Z-di-

rection are displayed in Fig. 3b and confirm these observations.

Also, the EBSD maps reveal that the samples are strongly textured

and exhibit a typical fiber texture of directionally solidified Ni-

based superalloy, i.e. a preferential growth of the <001> direction

along Z and random orientation in the XY plane [17,31,32]. Signif-

icant microstructural heterogeneities were observed at different

scales. At the grain scale, a gradient of columnar grain width along

the build direction is readily visible in Fig. 3b. The width of the

columnar grain increases slightly from ~30 mm at Z ¼ 1 mm to

~150 mm at Z ¼ 10 mm, as illustrated in Fig. 4a. As the height of the

sample further increases, the columnar grain width increases

substantially to achieve very large columnar grains of approxi-

mately 1 mmwidth at Z ¼ 25 mm. In contrast, the grain boundary

density decreases from bottom to top as readily visible in Fig. 4a.

Within the grains themselves, a significant variation in the size of

the g0 precipitates was observed as illustrated in Figs. 3c and 4b.

Note that in Fig. 3 the EBSD maps and BSE-SEM images are not

necessarily shown at the same positions because the grain and

precipitate size evolution do not occur at the same position along Z.

The general observation was that the size of the g0 precipitates was
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Observation plane (XZ)

Fig. 3. Typical microstructure of an as-built specimen observed in the central part on a XZ cross section. (a) Optical micrograph showing the macrostructure. (b) EBSD-IPF maps

showing the columnar grain size evolution and (c) BSE-SEM micrographs illustrating the size of the g0 precipitates at different positions along the build direction. Black dashed

square boxes indicate the position where the EBSD maps were acquired. Note that EBSD maps and BSE-SEM images are not necessarily shown at the same location as the evolution

of grain and precipitate size do not occur at similar position along the build direction.
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increasing from the top to the bottom of the specimen. In particular,

close to the top surface (Z¼ 29mm) the size of the g0 precipitates is

100 ± 20 nm. The size of the g0 precipitates dramatically increased

to approximately 500 nm ± 100 nm at Z¼ 25mm, to almost plateau

at approximately 600 nm ± 100 nm at Z ¼ 5 mm. This gradient of

precipitate size is also consistent with the hardness profile per-

formed along the build direction, see Fig. 4b. As expected, the

maximum hardness (490 HV) was found at Z ¼ 29 mm (i.e. 1 mm

below the top surface) where the precipitates exhibit the smallest

observed size whereas a rather constant hardness around 400 HV

was measured from Z ¼ 0e27 mm. The hardness map displayed in

Fig. 4c is also consistent with the previous reported results and

show that the hardness is relatively uniform at each Z-position. Low

hardness values are sometimes observed and has to be linked to the

presence of defects such as cracks or pores.

3.2. Defects: pores

XZ as well as XY cross sections showed no “lack of fusion-type

defects”, which correspond to unmelted zones leading to incom-

plete bonding between successive layers [33].

The samples were almost fully dense (>99.5% measured by

image analysis). However, other types of defects were identified

such as pores and cracks, as illustrated in Fig. 5.

Regarding the pores, two different types were identified based

on their morphology and location in the sample. A first type cor-

responds to spherical pores randomly distributed with a diameter

in the range of 20e50 mm (Fig. 5a). Their morphology of near-

perfect spheres agrees with the internal pores observed in the as-

received powders (see Fig. 1c). This suggests that those pores

were partly inherited from the powder atomization process of the

initial powder particles, and they will be referred to as gas porosity.

This is a relatively classical observation, often reported for parts

made by powder based additive manufacturing technologies, see

e.g. Ref. [33]. The porosity within the as-received powder batch as

well as in the as-built samples were quantified. The initial powder

batch contained 0.5% porosity while the as-built samples exhibited

only 0.4% porosity. This shows that some of the initial spherical

pores have disappeared during melting (D ¼ %0.1% porosity). This

can be accounted by the fact that in S-EBM, themelting occurs up to

2e3 layers down and even more depending on the processing

conditions, therefore there is extensive time for some gas porosity

to escape to the ambient low vacuum environment. However, one

has to keep in mind that other type of porosity like the ones

described below was observed, see Fig. 5b. This shows that the gas

porosity has likely been reduced even more significantly.

The second type consists of well-aligned chains of rounded-

shape pores along the columnar grain growth direction with a

typical diameter <5 mm (Fig. 5b). We assume that their origin is a

consequence of the intragranular dendrites secondary arms coa-

lescence during the last stage of solidification [3,6,34]. The distance

between two chains of pores can be defined as the interdendritic

spacing (distance between dendrite trunks). Those pores hence

form as bridging occurs between dendritic secondary arms: the

liquid can no more reach the isolated channels to compensate for

the volume contraction associated with the liquid-to-solid phase

transformation (i.e. solidification). Those pores are referred to as

microshrinkage.

Fig. 4. (a) Evolution of the columnar grain width and grain boundary density along the build direction (Z-direction). (b) Evolution of the hardness and g0 size along the build

direction (Z-direction). (c) Hardness map over a XZ cross section extracted from the central region of a cube sample.
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3.3. Defects: cracks and crack path propagation

The most critical defects were undoubtedly cracks running

along the build direction over several millimeters, as shown in

Fig. 5c. Interestingly, cracks were only observed in the range

Z ¼ 12e30 mm when the columnar grain width was larger than

approximately 150 mm. In the range Z ¼ 0e12 mm, no cracks were

detected. The EBSD analysis demonstrates that crack propagation

always occurs along grain boundaries, as clearly shown in Fig. 6a.

The cracks can therefore be defined as intergranular. ~100 bound-

aries over the region of interest were analyzed and classified based

on their misorientation angle and their cracking susceptibility, as

reported in Fig. 6b, which suggests that high angle grain boundaries

(HAGB, misorientation > 15") are sensitive to cracking whereas the

low angle grain boundaries (LAGB, misorientation < 15") remain

uncracked. This result is consistent with the literature dealing with

welding and casting of non-weldable nickel-base superalloys

[1,2,35].

3.4. Presence of a liquid film

The fracture surface of the S-EBM samples machined in the

upper part (20 < Z < 30 mm) shows a dendritic morphology with a

limited development of secondary arms, giving evidence of the

presence of a liquid film [3], visible in Fig. 7a. In other words,

cracking most likely must have occurred when a liquid film was

wetting the dendrites during the last stage of solidification. Sam-

ples machined at lower Z positions (5 < Z < 15 mm), where no

cracks were detected, exhibit a fracture surface with some regions

showing dimples typical of a ductile failure and other smaller re-

gions indicating the presence of liquid, see Fig. 7b. The different

features highlighted on the fracture surface could be associated to

two different types of defects described previously. Indeed, the

fracture surface with a full dendritic morphology was associated to

cracks that propagate along HAGB as shown in Fig. 6. The fracture

surface showing a ductile failure, with only few traces of dendritic

morphology, had to be linked to regions where the coalescence of

secondary arms was significant. These observations finally led us to

exclude solid-state cracking mechanisms, such as strain-age

cracking or ductility dip cracking, and point to a mechanism

requiring the presence of liquid films. Therefore, the origin of the

presence of a liquid film has to be clarified.

3.5. Local enrichment at grain boundaries

Characterizing the vicinity of grain boundaries is of major in-

terest as compositional local enrichment to grain boundaries can be

considered as a signature of the original Scheil type enrichment in

the liquid during the very last stages of solidification.

Regions of interest near the tip of cracked HAGB in the upper

part of the build (Z¼ 20mm) aremarked in Fig. 8aeb. Intergranular

semi-continuous particles were observed in terms of a bright

contrast in the backscattered image in Fig. 8b. Similar particles can

also be seen decorating some of the grain boundaries in the lower

part of the build, at Z ¼ 5 mm (Fig. 8c). EDX mapping of the main

alloying elements was performed at one of the cracks tips, signifi-

cant partitioning of Cr and Mo was found within these particles,

whereas other elements were not detected as illustrated in Fig. 9.

In additively manufactured materials, the solidification velocity

and the thermal gradient are relatively high (V ~ 101-102 "C mm%1

and G ~ 102e104 "C s%1) compared to those measured in conven-

tional casting (V ~ 10%1e10%2 "C mm%1 and G ~ 1e10 "C. s%1). Thus,

the degree of segregations is expected to be much lower in S-EBM

samples than in conventionally cast ones, see e.g. Refs. [21,22,25].

However, the presence of particles containing significant

amounts of Cr and Mo at the grain boundaries suggests a local

compositional enrichment of these elements. Thus, in order to

accurately measure the composition of these particles, site specific

lift-outs were prepared for atom probe tomography (APT).

200 µm

BD

(a)

Z

X

100 µm

Primary dendritic arms spacing

BD

(b)

Z

X

50 µm

BD

(c)

Z

X

Fig. 5. Micrographs showing the different defects observed in the as-built specimens.

(a) Optical micrograph showing randomly distributed perfectly spherical pores cor-

responding to gas porosity and pointed out by black arrows. (b) SE%SEM micrograph

showing intragranular well-aligned rounded-shape pores (microshrinkage) corre-

sponding to intragranular dendrites coalescence. (c) BSE-SEM micrograph illustrating a

crack running along the build direction (BD).
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Specimens were extracted from regions near the tip of cracks,

typically regions such as the one depicted in Fig. 8b. The second

phase particles showing a Cre andMo-enrichment revealed by EDX

were clearly identified by APT as intergranular borides. Three

different types of intergranular borides were identified with stoi-

chiometry ratios corresponding to MB, M2B and M5B3, respectively,

as summarized in Table 1. All three types of borides were observed

to be Moe and Cr-rich whereas other elements contribute in

smaller quantities. An APT 3D reconstruction containing both MB

and M2B borides alongside an intergranular g0 particle is shown in

Fig. 10aeb. Note that the larger the columnar grain width (i.e. the

lower the grain boundary density), the more the grain boundaries

were decorated by borides, see comparison between Fig. 8a and b.

In other words, it means that the boride density per grain boundary

unit length is higher in presence of wide grains. Note that the bo-

rides preferentially sit at HAGB and that LAGB were found to be

boride-free.

Proximity histograms, which are elemental composition profiles

measured as a function of the distance from the g0/M2B interface

are presented in Fig. 10c. The interface is defined as an iso-

concentration surface encompassing the region of the data con-

taining more that 34 at.% Ni. The composition profiles across the g0/

M2B interface differ from the typical S-curve observed for such

interfaces, see typically [29]. Three distinct regions can be seen in

Fig. 10c: a first region on the left corresponding to the boride, a

second region highlighted in red, see the change of slope observed

at a distance of about 2.5 nm in Fig. 10c, and a third region (on the

right) corresponding to the g0 precipitate. This 2e4 nmwide film at

the interface between the boride and the g0 precipitate was not

previously observed or reported in samples cast by traditional

routes. Its composition does not correspond to any of the typical

expected phases in this alloy. It is likely that this thin film corre-

sponds to the residual liquid present in the last stage of solidifi-

cation. Our measurements indicate that this region is highly

enriched in B with a concentration measured in this case ~2e3%

at.%, i.e. a quantity substantially higher than the B content in the

bulk chemistry (0.083 at.%).

3.6. Presence of thermal stresses

The presence of an intergranular liquid film itself is not suffi-

cient to result in cracking. Indeed, solidification shrinkage or

thermal stresses should be involved to trigger the hot cracking

mechanism.

Cracks are an indirect observation of the presence of thermal

stresses pulling on the liquid film during the last-stage of solidifi-

cation. The development of significant thermal stresses during the

solidification and subsequent cooling can lead to residual stresses

in the final parts. An original methodwas employed to demonstrate

the presence of significant residual stresses inherited from the S-

EBM process. As-built S-EBM samples were annealed to 1190"C/4 h

and subsequently air quenched. Such an annealing corresponds to

the typical solutionizing heat treatment of the alloy investigated.

Recrystallized grains can be observed, see regions marked by black

arrows in Fig. 11. Note that before annealing, all the grains exhibited

a columnar morphology. The observation of recrystallized grains

suggests the presence of plastic strain during the additive

manufacturing operations, leading to a high density of dislocations,

the driving force for recrystallization. The latter observation in-

dicates clearly that substantial strain energy was stored in the

microstructure of the as-built S-EBM samples. This supports the

idea that significant residual stresses are likely present in the as-

built parts. Note that even though thermal stresses are thought to

play a crucial role in the hot cracking mechanism, it should be

highlighted that the level of residual stresses is expected to be

significantly lower in S-EBM parts than in SLM parts because of the

preheating stage that helps to limit temperature gradients during

local melting [36].
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Fig. 6. (a) IPF-EBSD map illustrating that cracks propagate along HAGB (>15" in black), LAGB are highlighted in blue (5 < LAGB < 15"). The crack was found to propagate along the

HAGB displayed in black. (b) Histogram displaying the distribution of the grain boundaries (gray), in red the distribution of the cracked grain boundaries.(For interpretation of the

references to colour in this figure legend, the reader is referred to the web version of this article.)
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Fig. 7. (a) Fracture surface of a HAGB exhibiting a dendritic morphology suggesting the

presence of a continuous liquid film (Z ¼ 25 mm). (b) Fracture surface showing fea-

tures typical of a ductile fracture (some dimples are pointed out by red arrows) and

features that are most likely the liquid drops (marked in red) entrapped during the

coalescence of secondary dendrite arms (Z ¼ 15 mm).(For interpretation of the ref-

erences to colour in this figure legend, the reader is referred to the web version of this

article.)
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4. Discussion

4.1. Origin of the microstructural gradients

The gradient in the width of the columnar grain can be seen

analogous to single crystal growth by the Bridgman method. The

Bridgman technique is based on directional solidification by mov-

ing a melt from the hot zone to the cold zone of the furnace [37]. In

the S-EBM samples, the situation is very similar as the hot zone

corresponds to the layers under construction (top layers), the un-

derlying layers, typically thermally unaffected by the addition of

new layers, act as the cold zone. Over the first millimeter, the

microstructure consists of relatively small randomly textured

columnar grains resulting from melting of the powder particles.

Then columnar grains oriented along the <001> direction grow

selectively by epitaxy across several layers along the build direction

corresponding to the main direction of the thermal gradient. The

re-melting of several layers promotes this epitaxial growth. At

20 mm, the microstructure is strongly textured with a <001>-fiber

texture and consists of relatively wide columnar grains (~1 mm).

Finally, when the subsequent deposited layers are melted, up to

3e4 layers underneath are also re-melted and therefore the wide

columnar grains oriented along the 001 direction act as seed for the

next layers. In other words, it means that by selecting appropriate

melting strategies, it should be possible to grow single crystal

samples within the S-EBM machine.

The gradient in the g0 size can be explained by the high tem-

perature process (preheating ~1050 "C). Depending on the Z-posi-

tion probed, the different layers were annealed for different times

and consequently significant growth and coarsening occurred at

the bottom of the sample. Just below the top surface, fine pre-

cipitates were observed because this region was not re-melted

neither re-heated (last layer). The fine precipitates observed in

the top region might have formed at low temperature during the

cooling stage [38]. The cooling rate in this particular region was

insufficiently slow to achieve significant coarsening of the

precipitates.

4.2. Cracking mechanism

4.2.1. Solidification cracking vs. liquation cracking

The observation of the fracture surface of the tensile specimens

shows that cracks develop in presence of liquid. Both mechanisms,

namely solidification cracking and liquation cracking, require the

presence of liquid films. Therefore, it allows us to exclude any

mechanism occurring at the solid-state. That being said, discrimi-

nating liquation cracking from solidification cracking is not

straightforward as it could be in directional solidification experi-

ments, especially in our case because the thermal path can turn out

to be very complex: melting, re-melting, partial-re-melting, cyclic

annealing etc. Again welding literature of Ni-based superalloys can

help us to tend towards one mechanism rather than another.

Ojo et al. [39] have reported the formation of secondary solidi-

fication constituents formed from the interdendritic liquid such as

MC-type carbides, M3B2-boride and Ni7Zr2 in a fusion zone of a

Tungsten Inert Gas welded Inconel 738LC superalloy. The liquation

of those secondary solidification constituents was suspected to be

at the origin of the microfissuring observed in the HAZ. Note that

carbides were never observed in the material investigated here.

Unlike in Ojo et al. in Ref. [39], a close examination of the cracked

boundaries using high magnifications SEM images did not reveal

the presence liquated borides. In addition, no obvious traces of g0

constitutional liquation as reported by Zhong et al. in Ref. [40] or

Ojo et al. in Ref. [41] was detected. Finally, the fracture surface

exhibits a fully dendritic morphology. This tips the scales in favor of

solidification cracking. We also suspect that the B-local enrichment

intensifies when the liquid film is melted several times which is the

case in the S-EBM process. Further investigations would be

required to solve undoubtedly the cracking mechanism.

20 µm

(a)

Z = 20 mm

X

Z

(b)
2 µm

Z = 20 mm

(b)

X

Z

20 µm
Z = 5 mm

(c)

X

Z

Fig. 8. (a) Low magnification BSE- SEM micrograph and (b) high magnification BSE-

SEM micrograph taken at Z ¼ 20 mm (cracked region) showing the tip of a cracked

HAGB. Note that only one HAGB can be observed and that it is decorated by second

phase particles pointed out by white arrows. Damage is highlighted in red. (c) BSE-

SEM micrograph taken at Z ¼ 5 mm (uncracked region). Several HAGB can be observed

but not all of them are decorated by second phase particles marked by black

arrows.(For interpretation of the references to colour in this figure legend, the reader is

referred to the web version of this article.)
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4.2.2. Liquid film

4.2.2.1. Grain boundary compositional enrichment. EDX and APT

results as well as literature data [8,29,42,43] show the presence of

borides along the grain boundaries. Three types of borides were

identified, namely, MB, M2B and M5B3. Similar types of borides

were already reported before to occur in nickel-based superalloys,

see e.g. Refs. [8,29,42,43]. Lemarchand et al. [8] have investigated

the grain boundary structure-segregation relationship by TEM and

APT in a similar alloy elaborated by powder metallurgy including

the hot isostatic pressing route (HIP) and the presence of borides

was also reported.

These borides were also essentially composed of Cr and Mo and

identified as M2B similarly to some of the borides analyzed in the

present work. Interestingly, the size of the borides observed in

Ref. [42] was about two orders of magnitude smaller (15 nm) than

those observed in the present study (~1 mm). The presence of such

Mo and Cr containing borides support the idea of local enrichments

of these solutes to grain boundaries. Lemarchand et al. [8]

emphasized such local enrichment in Cr, B and Mo along the

grain boundary in the form of a continuous film wetting the grain

boundaries and similar local compositional enrichment was also

reported in an Astroloy [44e46]. Local B enrichment in the regions

that are going to become the grain boundaries upon impingement

is expected to contribute to solidification cracking [19]. Indeed,

even in very small amount, some elements can have a deleterious

effect on the solidification cracking susceptibility of Ni-based su-

peralloys. The literature dealing with welding and weldability of

Ni-based superalloys turns out to be relevant towards the effect of

minor elements such as B on the hot cracking susceptibility, see e.g.

Refs. [4,6,19,47]. This detrimental influence was attributed to (i) its

strong segregation tendency to grain boundaries [8,29,42,48,49]

and (ii) its ability to lower the solid/liquid interface energy [18]

promoting cracking by extensive wetting of the solid dendrites by

the liquid film still present during the very last stage of solidifica-

tion. As it was shown in section 3.1. the grain boundary density

(HAGB) decreases along the Z direction (Build Direction), resulting

in shorter grain boundary lengths per unit area. This means that the

degree of compositional segregation might be reduced in presence

of small grains due to the resulting higher grain boundary density

and lower specific Scheil type segregation content. Conversely, in

presence of wide columnar grains (i.e. low grain boundary density),

the degree of segregation during the solidification is expected to

increase, resulting in a higher concentration of B and consequently

to an increased volume fraction of borides, as confirmed by the

comparison between Fig. 8a and b. This leads us to suspect that if

one aims at decreasing the hot cracking susceptibility, the boron

content should be reduced to limit the formation of low melting

liquid films.

4.2.2.2. Possible effect of micro-segregations on the liquid film.

To evaluate roughly the possible effect of micro-segregations on the

solidification of the investigated material, thermodynamic

Fig. 9. BSE-SEM image and associated EDX maps of the main alloying elements of a region of interest located at the tip of a cracked HAGB (Z ¼ 20 mm). Second phase particle

containing Cr and Mo-enriched. Second phase particles are highlighted by white dashed lines on maps where it is not easy to distinguish them.

Table 1

Chemical composition of borides as measured by atom probe tomography (at.%).

B Cr Mo Other elements

MB 52.2 25.1 14.6 Bal.

M2B 33.3 20.1 35.5 Bal.

M5B3 36.6 20.3 36.8 Bal.
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calculations using the ThermoCalc Software AB [50] relying on the

data base dedicated to Ni-based superalloys (TCNI8) were per-

formed based respectively, on the equilibrium and non-equilibrium

(Scheil-Gulliver: no diffusion in the solid state and infinite diffusion

in the liquid) assumptions. The calculations were run by retaining

only the phases that were observed in the microstructures of the S-

EBM samples, namely: g, g0, MB, M2B, Cr5B3 (for the M5B3 borides)

and the liquid phase. Even if the situation is supposed to be more

complicated in the S-EBM samples because of the very complex

thermal path (re-melting, re-heating …), it is rather clear that in

presence of micro-segregations (Scheil-Gulliver), the solidus point

is significantly lower, leading to a larger solidification range:

~600 "C whereas it was estimated to be ~200 "C under equilibrium

conditions, see Fig. 12. Due to the inability to simulate back-

diffusion in the solid, the Scheil model gives a good estimation of

the liquidus temperature but overestimates solute segregation and

thus predicts very low solidus temperature.

This result means that whenmicro-segregations are considered,

liquid films will prevail and hence still be present also at lower bulk

temperatures. The argument of the solidification range, i.e. strictly

speaking the difference between the solidus and liquidus temper-

atures, has to be considered carefully regarding the solidification

cracking susceptibility. Actually, some references doubt that the

segregation-dependent solidification range is a critical factor for

cracking, see e.g. Refs. [3,51]. It is rather suggested in these papers

[51] that the factor that matter more is the difference in tempera-

ture when the fraction of solid fs changes from ~0.95 (coalescence

fraction) to 1. In the literature, it is usually called the “critical

temperature range” [3]: DTCTR ¼ T(fS ¼ 1) - T(fS ¼ 0.95). For our

current alloy DTCTR was estimated to be ~100 "C assuming ther-

modynamic equilibrium and ~350 "C assuming Scheil-Gulliver

conditions. It is also interesting to note that the variation of the

fraction of solid with temperature, dfS/dT, within this critical tem-

perature range DTCTR is usually used in the definition of hot tearing

criteria, see e.g. Refs. [3,51]. dfS/dT appears to be crucial for the hot

tearing resistance because it determines the strain and strain rate

during solidification.

For the Scheil assumption, the evolution of the liquid compo-

sition has been calculated so as to assess the liquid B-enrichment in

the last stages of solidification. Interestingly, the liquid phase was

found to be significantly enriched in boron in the temperature

critical range (fs ~0.95e1), see Table 2. This supports the tendency to

form low melting B-rich liquid films in the critical temperature

range.

4.2.2.3. Last-stage solidification: theoretical model of Rappaz et al..

Another important point that needs to be highlighted when dis-

cussing the mechanism leading to solidification cracking is the

different coalescence behavior of dendrites belonging to the same

grain (intragranular coalescence) and of dendrites located on both

sides of a grain boundary (intergranular coalescence). The theo-

retical model on the very last stage of solidification developed by

Rappaz et al. [2,34] is particularly relevant to the discussion of the

present results. In Ref. [34], Rappaz relied on the concept of

“attractive” and “repulsive” boundaries depending on the crystal-

lographic misorientation. An attractive boundary is defined in this

work as a grain boundary where the coalescence among dendrite

secondary arms occurs during the last stage of solidification con-

trary to a repulsive one for which a liquid film remains stable at

lower temperatures delaying the occurrence of dendrite secondary

arms coalescence. To discriminate attractive from repulsive

boundary, Rappaz et al. [2,34], compare the grain boundary energy,

ggb to twice the solid-liquid interface energy gsl. When ggb < 2gsl,

the liquid film is unstable and bridging occurs between dendrite

secondary arms: “attractive boundary” (corresponds typically to

Fig. 10. (a) A 3D atom probe reconstruction containing MB and M2B type borides

alongside with an intergranular g0 particle with iso-concentration interfaces shown at

34 at.% Ni (green) and 46 at.% B (orange). (b) Zoom on the region at the interface

showing the region depicted in red in (c) with an iso-density surface with 4 Cr atoms

per nm3. (c) Concentration profile analysis at g0/M2B interface showing concentration

of Ni, Al, Co, Mo, B and Cr. (For interpretation of the references to colour in this figure

legend, the reader is referred to the web version of this article). Highlighted in red is

the region suspected to be a “tracer” of the residual liquid film. Error bars are shown as

lines filled with colour.(For interpretation of the references to colour in this figure

legend, the reader is referred to the web version of this article.)

500 µm
X

Z

Fig. 11. Typical BSE-SEM micrographs after a solutionizing heat treatment: 1190"C/4 h

followed by air quenching depicting regions where recrystallization occurred

(Recrystallized grains are pointed out by black arrows).
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dendrites belonging to the same grain). When ggb > 2gsl, the liquid

film remains stable to a lower temperature (“repulsive” boundary)

corresponding to the critical coalescence undercooling, denoted

DTcc and defined for a pure metal as: DTcc ¼ (ggb-2 gsl)/DSf d, where

DSf is the entropy of fusion per unit volume and d the thickness of

the diffuse interface (~1 nm). In other words, it means that the

dendrites arms within the same grain start to coalesce at a higher

temperature than the dendrites arms located on both sides of a

grain boundary.

This model provides a physical background to explain why

cracks develop preferentially at HAGBs and that LAGBs are not

affected by solidification cracks. For HAGBs, the situation is rather

clear. Indeed, the grain boundary energy is likely to exhibit high

values (except for CSL-S specific boundaries), therefore ggb-2gsl is

fS

LIQ +

LIQ + + '

LIQ + + ' + M2B

LIQ + + ' + Cr5B3

Fig. 12. (a) Thermodynamic calculations of the solidification path of the investigated material based respectively on equilibrium and Scheil-Gulliver assumption. Solidification

ranges denoted DT and critical temperature ranges denoted DTCTR are specified for both equilibrium and non-equilibrium assumptions.

Table 2

Boron content in the liquid phase calculated at different temperatures using Ther-

moCalc based on the Scheil-Gulliver assumption.

Temperature ("C) 1340 1200 1100 1050 1000 800

fs 0.06 0.87 0.94 0.96 0.97 0.99

B %at. in the liquid 0.08 0.56 1.31 1.76 1.99 1.09

Fig. 13. Schematic illustration of the last stage of solidification during columnar dendritic solidification: (a) for a “repulsive” high angle grain boundary (HAGB) and (b) for an

“attractive” low angle grain boundary (LAGB). Liquid in white, solid in gray.
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expected to be > 0. As a result, DTcc is significant and consequently

the liquid film remains stable at lower temperatures, see Fig. 13a.

For LAGB (misorientation < 15"), the grain boundary energy

drops suddenly when the misorientation decreases. Thus ggb-2gsl

becomes smaller and smaller as the misorientation decreases. In

this situation, DTcc is negligible until it is reduced to 0 for a critical

value of ggb corresponding to the following case: ggb-2gsl ¼ 0

(Fig. 13b). The liquid film becomes unstable and bridging occurs. In

these regions, strains could be transmitted by the bridges existing

between the dendrite secondary arms avoiding the formation of

cracks. In other words it means that depending on the misorien-

tation, the behavior of grain boundaries changes [52]. Based on

Rappaz' model [34], it turns out that HAGBs remain wetted by the

liquid film at lower temperature compared to LAGB, see Fig. 13.

4.2.3. Stresses/strain required to trigger hot cracking

As mentioned previously, solidification cracking occurs when

two conditions are combined: (i) presence of a liquid film and (ii)

presence of sufficient thermal stresses. The first condition was

largely discussed in Section 4.2.1, the second one is discussed

below.

At a macroscopic scale, the thermal stresses were associated

with the solidification of the successive layers. The top layer is

under tensile stress, because its shrinkage is limited by the already

solidified layers. These tensile stresses in the top layers are thought

to be very detrimental regarding the hot cracking issue as it would

contribute to pull on the liquid film wetting the dendrites during

the last stage of solidification. When the temperature reaches the

coalescence temperature, bridging occurs between the dendrite

secondary arms preventing liquid feeding and leading to the for-

mation of solidification pores [3].

Some thermal stresses may also develop at the scale of the melt

pool.Welding literature is again helpful to understand how thermal

stresses developed and eventually lead to tensile stresses finally

resulting in hot cracking. The work done by Feng et al. [53] and

Babu et al. [54] show that the local stress fields that develop in the

vicinity of theweld pool have a strong spatial dependency (position

of the weld pool within in the specimen). They showed that a

transverse tensile stress will lead to longitudinal weld centerline

cracking whereas a longitudinal tensile stress will lead to trans-

verseweld cracking. However, it is difficult to rationalize the nature

of the cracks in our case: transverse or longitudinal centerline

cracking based on those results. Indeed, the situation is much more

complex in the S-EBM samples: Feng et al. [53] have investigated

the stress fields around the weld pool during a single track. Here

multiple weld tracks are required to melt a layer with a given de-

gree of overlapping between the tracks and a raster-melt scan

strategy is used. The stress fields are suspected to be significantly

affected by the melting strategy used. For example, some authors

have adapted the melting strategy in the S-EBM process to limit the

development of thermal stresses and consequently of hot cracks,

see e.g. Ref. [22].

As shown in the experimental results, no cracks were detected

over the first few millimeters. It was reported in Ref. [55] that the

stresses can increase along the build direction and can likely

contribute to generate cracking when the stresses are high enough

[55]. Therefore, it was thought that any cracking phenomenon oc-

curs until a critical Z position, i.e. a critical level of thermal stresses

is achieved. Another possible explanation is the effect of grain size

or grain boundary density. Indeed, the crack free region corre-

sponds to the lower part of the samples where the density of grain

boundaries (HAGB) was the highest, see Fig. 4a. Those results are

consistent with the fact that the hot tearing resistance increases

when the grain boundary fraction increases, see Refs. [1,5,6]. The

beneficial effect of having small grains towards the hot tearing

resistance is attributed to the fact that the strain is accommodated

by more interfaces, i.e. HAGB.

5. Summary and conclusions

The main conclusions emerging from the present work are:

' Samples of a non weldable Ni-based superalloy have been pro-

duced successfully by S-EBMwithout lack of fusion type defects.

' The S-EBM-samples exhibit a heterogeneous microstructure at

the grain scale: gradient of columnar grain size along the

building direction as well as within the grain: gradient of g0-

precipitate size along the building direction.

' Various types of defects such as gas porosity, shrinkage pores

and intergranular cracks have been identified. The origin of each

category of defect was determined with a specific emphasis put

on the origin of the cracks.

' Themechanism at the origin of crack formation in parts made of

a non-weldable Ni-based superalloy made by S-EBM requires

the presence of liquid films.

' The hot cracking susceptibility has been found to depend on the

nature of the grain boundary misorientation, only HAGBs were

affected by cracking.

' The presence of micron sized borides with stoichiometries

corresponding to MB, M2B and M5B3 as confirmed by APT sug-

gests a significant local enrichment in B in the vicinity of the

grain boundaries.

' Local compositional enrichment by minor elements, in partic-

ular B, are thought to play a significant role to maintain a liquid

film at lower temperature in comparison with the theoretically

assumed equilibrium solidus temperature.

' The grain boundary energy which varies significantly between

LAGB and HAGB has been also pointed out as a factor that can

affect the stability of the liquid film.

These results lead us to suggest a guideline to limit hot cracking

in a non-weldable superalloy produced by S-EBM. It can be first

suggested to reduce the boron content for limiting the formation of

B-rich liquid films. Adjusting the process parameters to achieve

solidification routes leading to fine grained microstructures

(~100 mm) more resistant to hot cracking can also be considered to

limit the development of hot cracks. The strain generated during

the S-EBM process could be accommodated by a high density of

interfaces while compositional segregation leading to the preva-

lence of a liquid film during the last stage of solidificationwould be

reduced. Optimization of the processing parameters to produce

crack-free samples with fine columnar grains, equiaxed grains or a

single crystal is the topic of ongoing research in that context.
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