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a b s t r a c t

We report on the strengthening and strain hardening mechanisms in an aged high-Mn lightweight steel
(Fe-30.4Mn-8Al-1.2C, wt.%) studied by electron channeling contrast imaging (ECCI), transmission elec-
tron microscopy (TEM), atom probe tomography (APT) and correlative TEM/APT. Upon isothermal
annealing at 600 ! C, nano-sized k-carbides form, as characterized by TEM and APT. The resultant alloy
exhibits high strength and excellent ductility accompanied by a high constant strain hardening rate.

In comparison to the as-quenched k-free state, the precipitation of k-carbides leads to a signi ! cant
increase in yield strength (~480 MPa) without sacri ! cing much tensile elongation. To study the
strengthening and strain hardening behavior of the precipitation-hardened material, deformation mi-
crostructures were analyzed at different strain levels. TEM and correlative TEM/APT results show that the
k-carbides are primarily sheared by lattice dislocations, gliding on the typical face-centered-cubic (fcc)
slip system {111} <110>, leading to particle dissolution and solute segregation. Ordering strengthening is
the predominant strengthening mechanism. As the deformation substructure is characterized by planar
slip bands, we quantitatively studied the evolution of the slip band spacing during straining to under-
stand the strain hardening behavior. A good agreement between the calculated " ow stresses and the
experimental data suggests that dynamic slip band re ! nement is the main strain hardening mechanism.
The in" uence of k-carbides on mechanical properties is discussed by comparing the results with that of
the same alloy in the as-quenched, k-free state.

! 2017 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Al-containing, high-Mn steels exhibit an outstanding combina-
tion of strength and ductility enabled by their high strain hardening
capacity [1e7]. The addition of aluminum reduces the speci ! c
weight of the alloy, hence supporting the notion of lightweight
high-Mn steels. Increasing the aluminum content by 1 wt.% yields a
reduction in speci ! c weight by about 1.5% [1] . High-Mn lightweight
steels usually contain a high content of manganese (18 e 30 wt.%),
aluminum ( <12 wt.%) and silicon ( <3 wt.%) along with additions of

carbon (0.6e 1.8 wt.%) [1e13] . The precipitation characteristics in
the Fe-Mn-Al-C system have been investigated in detail in the last
decades [10e 13] . Due to the strong increase in yield strength in
conjunction with a well-maintained tensile ductility upon anneal-
ing, the alloy system is a promising lightweight steel candidate for
the manufacturing of high performance components.

For alloys containing 5 e10 wt.% aluminum, isothermal holding
at temperatures between 500 ! C and 650 ! C for several hours
promotes the growth of ordered nano-sized k-carbides [5,6,12e 14] .
When the aluminum content exceeds 10 wt.%, k-carbides already
form during quenching from the solution heat treatment temper-
ature [1,15e17] . The k-carbides cause a signi! cant strengthening,
while the good ductility is preserved [4,6,10,14,18]. The k-carbides
are usually ! nely distributed precipitates of ideally L "12-order with
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an (Fe,Mn)3AlC stoichiometric composition. However, the chemical
composition observed in real alloys usually deviates from this
stoichiometry [19,20] . Typically, k-carbides are coherent or semi-
coherent with the disordered austenite matrix with a cube on
cube orientation relationship and a lattice mis ! t of below 2%
[21,22] . The precipitation has been proposed to be governed by
spinodal decomposition [10,13,23] .

Due to the lack of detailed corresponding investigations, the
underlying deformation mechanisms causing the extraordinary
mechanical properties are thus still unclear. The strain hardening of
the as-quenched (AQ) carbide-free state was shown to be caused by
the formation of thin slip bands and their gradual, dynamical
re! nement during straining [24] . The plastic deformation of
precipitation-hardened (PH) high-Mn steel is controversially dis-
cussed in the literature. While some authors claimed the k-carbides
are sheared by gliding dislocations [6,25] , others stated that the k-
carbides are mainly by-passed by the Orowan mechanism [26] .

The present investigation aims to clarify the precipitation
hardening and the strain hardening mechanisms of these high-Mn
lightweight steels by means of electron channeling contrast im-
aging (ECCI), transmission electron microscopy (TEM), scanning
transmission electron microscopy (STEM), atom probe tomography
(APT), correlative TEM/APT, and ab initio calculations. The
morphology and arrangement of k-carbide precipitates were
analyzed by TEM and APT. While TEM, STEM and correlative TEM/
APT were employed to investigate the details of the dislocation/
precipitate interaction mechanisms at high resolution, the larger
! eld of view provided by the ECCI technique enabled a quantitative
investigation of the strain hardening mechanisms [27,28] . The re-
sults of this investigation will be compared to those obtained in a
preceding study on the same alloy in the AQ carbide-free state [24]
in order to reveal similarities and differences of the associated
mechanical properties and deformation mechanisms.

2. Experimental

The chemical composition of the investigated material was Fe-
30.4Mn-8Al-1.2C (wt.%). The alloy was melted in an induction
furnace and cast in a 12 kg ingot with a thickness of 40 mm under
Ar atmosphere. The ingot was reheated to 1200 ! C for 30 min and
subsequently hot rolled to an engineering thickness reduction of
75% at 1100 ! C and then water quenched. From the hot-rolled ingot,
bar-shaped samples (11 # 11 # 60 mm 3) were cut and solution
treated at 1100 ! C for 2 h in Ar atmosphere and subsequently
quenched in oil. After this solution treatment, cylindrical tensile
samples were cut from the bars with gage dimensions of 6 mm in
diameter and 40 mm in length. These tensile test samples were
then heat treated at 600 ! C for 24 h under Ar atmosphere to pro-
mote the precipitation of k-carbides.

The precipitate state after isothermal ageing was characterized
by TEM and APT[29] . Discs with a diameter of 3 mm were cut and
subsequently grinded to a thickness of ~100 mm. These discs were
then electro-polished by a Struers Tenupol twin-jet device
at $ 30 ! C and 10 V using a solution of 30% nitric acid in methanol.
Dark- ! eld TEM (DF-TEM) using the (010) superlattice re " ection was
conducted in a Philips CM20 TEM to observe the k-carbides.
Needle-shaped APT specimens were prepared by focused ion beam
(FIB) using a FIB/scanning electron microscopy (SEM) dual beam
device FEI Helios Nano-Lab 600i. The usual lift-out procedure [30]
was employed. To minimize the Ga implantation into the speci-
mens, the ion beam energy was reduced from 30 kV/~0.26 nA to 16
kV/~0.14 nA after the 1st annular ion milling step and voltage e
current values of 2 kV/~24 pA were adopted for ! nal cleaning. Two
CAMECA instruments local electrode atom probe (LEAP) devices
were used in this work for APT measurements, i.e. the LEAP 3000X-

HR and LEAP 5000X-S [31] . Needle-shaped specimens were
analyzed in voltage-pulsing mode at ~70 K at a pulse repetition of
200 kHz, a pulse fraction of 15% and a target evaporation rate of 5
ions per 1000 pulses. The collected APT data were reconstructed
and analyzed using the IVAS software (version 3.6.6 e 3.6.14) by
CAMECA instruments.

Tensile tests at room temperature were performed in a Zwick
Z100 tensile machine with an initial strain rate of 5 # 10$ 4 s$ 1.
Besides the tensile tests up to fracture, interrupted tests were also
conducted to true strains of ! %0.02, 0.05, 0.14 and 0.27 (equivalent
to engineering strains of 2, 5, 15 and 30%, respectively) for studying
the microstructure evolution during straining.

The deformation microstructures were characterized using
ECCI, TEM, STEM and correlative TEM/APT[32e 34] . Cylindrical bulk
or thin disc samples at different strain levels were cut from inter-
rupted tensile test samples with the surface perpendicular to the
tensile axis, i.e. the observation direction was always along the
tensile axis. ECCI was performed using a Zeiss Crossbeam instru-
ment (XB 1540) with a solid-state four-quadrant back-scattered
electron (BSE) detector [35] . The working distance was about
6 mm and the acceleration voltage was 30 kV. The orientation of the
investigated grains was obtained by electron back-scatter diffrac-
tion (EBSD) using an EDAX EBSD system at a working distance of
15 mm and an acceleration voltage of 15 kV. Disc TEM samples were
prepared by twin-jet electro-polishing as described above. For
imaging dislocations weak-beam dark- ! eld (WB-DF) with the [020]
spot was conducted in a Philips CM20 TEM. High resolution im-
aging was conducted by STEM using a FEI Titan G2 80e 200 Cs
probe-corrected STEM operated at 200 kV [36] . For the correlative
TEM/APT study, electro-polished Mo-grids were used as posts for
needle-shaped APT specimens, which could be easily transferred
between the FIB, TEM and APT instruments using a grid holder
[37,38] . To simplify the TEM measurements and minimize the
electron beam damage to APT specimens, needle-shaped speci-
mens are preferred to be orientation-speci ! c. Due to the {001} cube
on cube k/g orientation relationship, the optimal direction for k-
carbide observation is <001> while <011> is the ideal direction to
observe particle shearing along the typical fcc-{111} slip planes if it
indeed occurs. Therefore, two types of specimens were prepared.
With the assistance of preceding EBSD and ECCI observations,
orientation-speci ! c specimens were lifted-out from corresponding
grains aligned along the corresponding slip line directions, so that
the resultant main axis of the needle-shaped specimens directly
aligns with the <001> or <011> TEM zone axis [39] . In order to
minimize beam contamination and surface oxidation, all specimens
were freshly prepared just before loading them into TEM double-
tilting holders. After the TEM work in the Phillips CM20, the
specimens were directly transferred into the FIB for re-sharpening
when necessary and a re-cleaning at 2 kV for a few seconds to
remove the contamination and oxidized layer. APT measurements
were then performed on the fresh specimens with the above-
mentioned parameters.

3. Results

3.1. Precipitation state after isothermal annealing

Fig. 1 shows a DF-TEM image of the microstructure after
isothermal annealing at 600 ! C for 24 h. Well-organized pre-
cipitates are observed using the (010) superlattice re " ection. This is
due to the fact that the L "12 atomic order of the k-carbides causes
(010) and (110) superlattice spots along the [001] zone axis (see
circles in the inset of Fig. 1) [8,12,13,23,40,41].

The dense arrangement of k-carbides with an average size of
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about 20 nm is characterized by closely packed cuboids or plates
that align preferentially along the elastically soft <001> directions
[20] . Such orientation-speci ! c arrangement of precipitates is
frequently observed in the Fe-Mn-Al-C alloy system [11,23,42,43] ,
as well as in Ni-based alloys [44,45] and Co-based alloys [46e 48] .
With TEM providing a 2D projected image of the microstructure, it
is ambiguous to interpret the particle size, shape and inter-spacing
from a TEM micrograph alone. To achieve a better topological
characterization of the precipitate morphology and arrangement,
an additional APT analysis was performed.

Fig. 2(a) shows a representative k/g microstructure observed in
the reconstructed 3D atom maps by APT, where the k-carbides are
visualized by iso-concentration surfaces encompassing regions
where the C composition is above 9 at.%. It is found that in three
dimensions, the cuboidal and plate-like k-carbide precipitates are
aligned into particle stacks along the three orthogonal <001> di-
rections, in agreement with the TEM observations. The cuboidal
particles have a size of 15 e 20 nm. The largest cross-sections of
plate-like particles, perpendicular to the particle stack directions,
are often square-shaped with an edge length of 15 e 20 nm, while
the thickness of the plates is on the order of 5 e10 nm. The particle
inter-spacing is small (2 e 5 nm) between particles within the same
stack while the spacing between two parallel stacks is often much
larger (10 e 40 nm). To distinguish these two types of channels, the
g-regions between particles within a stack and between two par-
allel stacks are correspondingly referred to as narrow and broad g-
channels, respectively. Fig. 2(b) shows a 3D schematic sketch of the
k-carbide precipitates© morphology and arrangement based upon
the APT observations. Two possible corresponding 2D intersect-
projections along <001> zone axes, which are often employed for
imaging k-carbides by TEM, are shown in Fig. 2(c). Particles that
might be assumed to have a cuboidal morphology based on their
square-like appearance in the DF-TEM images have very often a

much smaller size in the third dimension according to APT. Thus,
they show plate-like morphology (see the particles outlined in red).
At the intersection between two stacks of precipitates a preference
for cuboidal morphology is often observed, e.g. the particles out-
lined in green. Long rectangular particles observed in TEM micro-
graphs (particles outlined in yellow) are found to be rectangular
parallelepipeds. The volume fraction of the k-carbide precipitates
in such an alloy was determined approx. 20% [21] .

3.2. Plastic yielding and strain hardening performance

Fig. 3shows the true stress-strain curves at room temperature of
the annealed alloy in the PH state. For comparison, the true stress-
strain curve of the AQ k-free state before isothermal annealing is
also plotted, which has been studied and described in detail in
Ref.[24] . Almost linear " ow curves are observed for both cases. The
dashed lines show the corresponding strain hardening rates. After
isothermal annealing the yield stress is increased by about 480 MPa
from the AQ to the PH state while the uniform true strain drops
from ! % 0.46 in the AQ state to ! % 0.30 in the PH state. Interest-
ingly, despite the strong increase in yield stress, both high ductility
and high strain hardening rate are maintained in the PH state.

At low strains the strain hardening rate for the PH alloy is
considerably lower than that in the AQ state, which, however, in-
creases with increasing strain. At a true strain of about ! % 0.15 the
strain hardening rates for the two cases are comparable (PH state:
Q 0.15 % 1700 MPa; AQ state: Q0.15 % 1900 MPa). Hence, after
isothermal annealing, not only the yield stress but also the " ow
stress of the alloy are shifted to higher stresses by about 480 MPa by
k-carbide precipitation.

Similar to the AQ state, the PH alloy shows a non-monotonic
course of the strain hardening rate, suggesting the onset of sec-
ondary hardening mechanisms at higher loads. The Consid "ere-
criterion indicates ductile failure as fracture occurs after necking.

In the PH alloy the strain hardening rate Q is reduced compared
to that in the AQ state, which will be discussed in Section 4.2. The
in" uence of the k-carbide precipitates on Q is, however, relatively
weaker compared to the strong increase of the " ow stress. As a
result, the main change in the course of the true stress-strain curve
caused by k-carbide precipitation is the strong increase in " ow
stress while a good ductility and strong strain hardening capacity
are maintained.

3.3. Dislocation/precipitate interactions during deformation

As outlined above in Section 3.2, the k-carbide precipitates
observed in Section 3.1 have a strong in " uence on the mechanical
properties, i.e. they remarkably affect the motion of dislocations.
Generally, precipitates affect the deformation substructure
compared to the precipitate-free state by Orowan looping or par-
ticle cutting [49] . In the current alloy, however, surprisingly very
! ne and homogeneously distributed slip bands appear as sharp
planar crystallographic zones of high dislocation densities that
form during straining (highlighted by arrows in Fig. 4(a)). Similar
bands were previously reported for the same alloy in the AQ state
[24] and also in Refs. [2,17,25,26] . The magni! ed view in Fig. 4(b)
con! rms the presence of a high dislocation density within the slip
bands. Dislocations in the PH state are strongly curved, which is
different from those in the AQ state, where dislocations assembled
in slip bands are typically only slightly curved. It should be noted
though that the formation of ! nely dispersed slip bands is observed
for both cases.

The pronounced planar slip character in k-carbide containing
high-Mn steels has earlier been discussed on the one hand in terms

Fig. 1. DF-TEM image of the precipitates using the (010) superlattice spot (highlighted
by circle). After isothermal annealing at 600 ! C for 24 h well organized nano-sized k-
carbides are observed in the undeformed material. Inset: diffraction pattern along the
[001] zone axis. Besides the fundamental fcc spots (marked by squares), additional
superlattice re " ections (highlighted by circles) indicate the presence of chemically
ordered k-carbides.
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of ªglide plane softening º caused by shearing of the precipitates
[6,25] , while on the other hand it was ascribed to the presence of
the varying spacing between precipitates forming preferential glide
concentration pathways [26] . Due to the lack of a detailed investi-
gation, the dislocation/ k-carbide interaction mechanism is still
unclear. Therefore, further TEM and correlative TEM/APT studies
were conducted on deformed PH samples under various strain

states.
Fig. 5 shows the DF-TEM micrographs of a sample deformed at a

true strain of 0.02 using the (010) superlattice re " ection close to the
[110] zone axis. The whole precipitation structure is shown to be
sheared along a ! ne line, indicating the shearing of k-carbide
precipitates by dislocations on the same glide plane. Shearing of a
similar precipitate morphology has been reported in Ni-base su-
peralloys, where the deformation structure is also characterized by
! ne planar slip bands [45,50e 53] . They attribute the planar slip
character to the presence of short-range order and to the shearing
process of ordered g" precipitates [45,50e 53] .

More highly strained microstructures are shown in Fig. 6 that
displays TEM micrographs obtained from needle-shaped APT
specimens. At a strain level of 0.05, clear shearing of k-carbide
stacks is also observed along the [011] zone axis as indicated by the
arrows in Fig. 6(a). The k-carbide precipitates have a (001) cube on
cube orientation relationship with the g-matrix. Along the [011]

zone axis, i.e. taking a view edge-on the (11 1) plane, the
nanometer-sized k-carbides with a 2 e 5 nm inter-spacing in the
narrow g-channels overlap with each other in the 2D TEM pro-
jection. Instead of individual precipitates, a line of precipitates is
observed. Misalignments of several stacks along a single slip line
are captured ( Fig. 6(a)), clearly revealing the shearing of k-carbides
by slip. As the true strain increases to 0.15, more slip systems are
activated and intense slip bands appear (highlighted by arrows in
Fig. 6(b)), which, along the [001] zone axis, are also manifested by
the formation of densely arranged precipitate fragments concen-
trating along speci ! c directions. In comparison to the relatively
complete precipitates at the apex of the needle-shaped specimen,
the k-carbide precipitates within these slip bands are fragmented
into small debris. At the intersection of slip bands, the superlattice

Fig. 2. Morphology and arrangement of k-carbide precipitates by APT (3D) and 2D sketches: (a) three representative reconstructed 3D APT maps of Fe (red), Mn (yellow), Al (green)
and C (purple) atoms. The k-carbide precipitates are visualized with 9 at.% C iso-concentration surfaces. (b) Schematic illustration of the 3D morphology and arrangement of k-
carbide precipitates based on APT observations. (c) 2D projections of the k/g microstructure along <001> directions highlighted in (b), re " ecting the TEM observations. (For
interpretation of the references to colour in this ! gure legend, the reader is referred to the web version of this article.)

Fig. 3. True stress-strain curve of the alloy in precipitation-hardened state (red solid
line) in comparison to that of the alloy in the as-quenched state (black solid line). The
strain hardening curves Q of both states are shown as dashed lines. (For interpretation
of the references to colour in this ! gure legend, the reader is referred to the web
version of this article.)
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phase contrast is almost completely lost, indicating either the loss
of ordering or even dissolution of precipitates.

Shearing of k-carbide precipitates by slip bands are observed
from low-strain to high-strain states and from different zone axes,
not only in the representative examples shown in Figs. 5 and 6, but
also in another 10 needle-shaped specimens. Therefore, particle
shearing is therefore a general phenomenon observed in the
deformed k/g microstructure and believed to be the prevalent
deformation mechanism in the studied alloy. The previous debates
in the literature on the mechanism (shearing or Orowan looping)
are probably due to the lack of a clear observation of such deformed
microstructures, especially at high strains. The high density of
particles and speci ! c crystallographic orientation make the inves-
tigation dif ! cult. Here, these dif ! culties are circumvented by opti-
mized specimen preparation, adopting thin needle-shaped
specimens speci! cally oriented with the help of a prior EBSD
measurement.

The mapping of the deformed microstructure along with the 3D
atomic-scale chemical mappings, accomplished by correlative TEM/
APT on a single specimen at a true strain of 0.15, is presented in
Fig. 7. In the TEM micrograph ( Fig. 7(a)), two originally cuboidal or
plate-like k-carbide precipitates have been clearly split into two
parts - one major part and another smaller one at the corner, as
highlighted by blue arrows. The slight mismatch between these
two parts, particularly for the right plate-like k-carbide, indicates
that these two precipitates had been sheared by dislocation slip.
The slip directions of the two precipitates are parallel to each other.
Since the needle-shaped specimen is prepared orthogonally along

the <001> direction, the slip direction can be characterized as ~45 !

from [001] and [010], i.e. close to [011]. Also, as highlighted by
yellow arrows, there are some small fragments stemming from the
ordered precipitates, which probably have been heavily fragmented
by deformation.

The same specimen was subsequently analyzed by APT. Fig. 7(b)
shows an overlay of the reconstructed APT analysis volume on top
of the DF-TEM micrograph. The latter utilizes the superlattice
diffraction contrast to reveal the ordered k-carbide precipitates
whereas the former employs carbon iso-concentration surfaces at a
threshold value of 9.0 at.% to show the carbon-enriched k-carbides.
The size, shape and position of k-carbide precipitates in the
reconstructed APT volume ! t well with the DF-TEM image. The
particle splitting by dislocation slip is not clearly observed by APT,
conversely to what was highlighted by blue arrows in the DF-TEM
image (Fig. 7(a)). This is probably due to shearing of the precipitate
by the glide of only one single dislocation rather than dense slip
bands of high dislocation density, as captured in the TEM micro-
graph (Fig. 6(b)). The signal is likely smoothed out by voxelization
and delocalization of APT data. Therefore, instead of two split parts
pertaining to one initial precipitate, only one complete k-carbide is
visualized by the carbon iso-concentration surface in the probed
APT volume. In addition to the large k-carbides observed in both,
TEM and APT, there are also small, irregularly shaped fragments
with no obvious visual match between TEM ( Fig. 7(a)) and APT
(Fig. 7(c)) measurements: the region of which is marked by a black
dash circle in Fig. 7(c). Some fragments observed in the DF-TEM
image are not found in APT analysis via 9.0 at.% C iso-

Fig. 4. TEM images revealing slip bands in the ! % 0.02 deformed alloy: (a) an overview of three non-coplanar slip bands (marked by arrows); (b) the slip bands consist of strongly
curved dislocations that glide on the same {111} glide plane (see plane traces in Fig. 9a). The ªwidth º of the bands in this image is due to projection effect since the slip bands are
observed under a certain inclination angle. This inclination determines how thick the slip bands appear in the 2D projected TEM image.

Fig. 5. DF-TEM images showing sheared k-carbides at a true strain of 0.02 (with g %(010) superlattice re " ection used for DF imaging and viewing direction close to the [110] zone
axis). The precipitation structure is sheared along a sharp line indicating the passage of many dislocations on the same glide plane.
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concentration surface, and vice versa. This is probably due to the
limited ! eld-of-view of APT so that the outer shell of the specimen
observed in TEM are not registered by the APT detector, which can
be recognized by the image overlay in Fig. 7(b) and has also been
reported in Ref. [37] .

To better reveal the 3D solute distribution in the matrix after
deformation, further APT elemental maps and iso-concentration
surfaces of different elements at varying threshold values were
reconstructed from the data ( Fig. 7(ce e)). In the region surrounded
by the black dashed circle in Fig. 7(c), the elements are not ho-
mogeneously distributed. A lower threshold value for the C iso-
concentration surface of 7.5 at.% unveils that there are not only
small C-enriched fragments but also C segregation along certain
directions, as indicated by black arrows in Fig. 7(d). Such a linear
solute enrichment is also found for Al at the same positions
(Fig. 7(e)), but not for Mn (not shown here). Completely differing
from the common particle morphology ( Fig. 2(a)), these line fea-
tures imply that the k-carbides in this region have been fragmented
and dissolved during deformation. The dislocation slip might have
destroyed the k-carbides and dragged solutes along with it
[54e 56] . Considering the af ! nity between segregated solutes and
crystalline defects [57] , it is highly possible that the solute segre-
gation zones are dislocation lines [58,59] . The reason why such an
enrichment only takes place for Al and C, and not for Mn, is that the
k-carbides are enriched in Al and C, but not in Mn [19] .

Owing to the <001>-oriented specimen, as well as the (001)
cube on cube orientation relationship between k-carbide pre-
cipitates and g-matrix, the <001> directions can be easily identi-
! ed for the reconstructed 3D APT analysis volume ( Fig. 8).
Therefore, a crystallographic analysis can be performed on the
linear solute segregation zones, highlighted by black arrows in
Fig. 7(d).

All three linear segregation zones ( Fig. 8(a), (b) and (c)) are well
associated to {111} planes, which are the slip planes in fcc metals.
Along with the aforementioned <110> slip direction ( Fig. 7(a)), the
activated slip system can be identi ! ed as {111}<110>, that is the
typical slip system in fcc metals. Among these three linear segre-
gation zones, one line is found to be perpendicular to the <110> slip
direction ( Fig. 8(a)) and the other two are inclined relative to this
direction ( Fig. 8(b), (c)), which implies that the former is probably
an edge dislocation while the latter is of mixed dislocation

Fig. 6. DF-TEM images of deformed microstructures at different true strains of (a)
! % 0.05 and (b) ! % 0.15 utilizing the superlattice diffraction spot of k-carbides. Two
different zone axes (ZA) (a) [011] and (b) [001] were employed to show the shearing of
k-carbides and sheared k-carbides, respectively.

Fig. 7. Correlative TEM/APT analysis of a deformed microstructure at a true strain of ! % 0.15: (a) DF-TEM micrograph along [001] zone axis with the blue arrows highlighting the
shearing of k-carbides and yellow ones indicating the fragments of k-carbides; (b) overlay of the reconstructed APT analysis volume with purple k-carbides visualized by carbon iso-
concentration surfaces at a threshold value of 9.0 at.% on top of the DF-TEM micrograph of the same specimen taken before APT measurement; (c e e) 3D elemental atom maps of the
reconstructed APT volume with different elemental iso-concentration surfaces of (c) C & 9.0 at.%, (d) C& 7.5 at.% and (e) Al& 14.5 at.%, showing the deformation-driven dissolution
of k-carbides. The dashed black circle highlights the inhomogeneity of C atoms while the black arrows mark the linear solute segregations. (For interpretation of the references to
colour in this ! gure legend, the reader is referred to the web version of this article.)
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character.

3.4. Evolution of the deformation structure

Fig. 9 shows that the evolution of the deformation substructure
at various true strains ( ! %0.02, 0.05, 0.14, 0.27) is characterized by
the formation of slip bands during straining. The tensile axis is
perpendicular to the image plane in all ECCI images. At a true strain
of ! % 0.02 (Fig. 9(a)) the structure is characterized by ! ne slip
bands, as shown in the TEM micrograph in Figs. 4 and 5. Between
the slip bands the interface strain between the k-carbides and the
disordered matrix gives rise to modulated contrast (mis ! t is below

2%). At a true strain of ! % 0.05 (Fig. 9(b)) the deformation sub-
structure has not changed qualitatively, however, the spacing be-
tween the slip bands has been considerably reduced. The
micrographs in Fig. 9(c) and (d) show the deformation structures at
! % 0.14 and ! % 0.27, respectively. The spacing between the slip
bands has been further reduced, while the character of the defor-
mation structure has been maintained. Slip bands generally extend
throughout the entire grains, indicating weak obstacle forces acting
at intersecting slip bands, as slip bands continue propagating by
cutting through intersecting slip bands.

The observed deformation structure shows strong similarities to
the structures reported before about the same AQ alloy [24] . The
formation of slip bands and the occurrence of dislocations on in-
dividual {111} planes in the deformation structure of the current
age hardened alloy are also attributed to pronounced planar glide
(see plane traces in Fig. 9(a)). The role of k-carbide precipitates on
the distribution of slip bands will be discussed in Section 4.2.

In order to quantify the observed slip band re ! nement shown in
Fig. 9, a slip band analysis has been conducted, where the distances
among the slip bands has been measured by ECCI in several grains
(about 30 measurements per deformation state) at four different
true strains ( ! % 0.02, 0.05, 0.14, 0.27). Details on the slip band
analysis are given elsewhere [24] . The error bars indicate the in-
homogeneities in the deformation microstructure originating from
locally varying stress states within the sample [60e 63] . Fig. 10
shows the resultant mean slip band spacing as a function of
strain level along with that found for the same material in the AQ
state, taken from Ref. [24] . The reduction of the slip band spacing
during straining, which we observed qualitatively in Fig. 9, is clearly
re" ected in the diagram.

4. Discussion

4.1. Strengthening mechanisms

The precipitation of k-carbides is found to signi ! cantly
strengthen the alloy ( Fig. 3). The deformed microstructure of the PH
alloy has been studied by ECCI, TEM and correlative TEM/APT. It is
revealed that {111} <110> dislocation slip and shearing of k-carbide
precipitates primarily occurs during plastic deformation.

The ordered k-carbide with an L "12-type perovskite structure
deforms differently from the disordered fcc g-matrix. For disloca-
tion slip on a crystallographic plane, a shear stress, the so-called
Peierls stress, has to be exerted on the slip plane, which depends
exponentially on the ratio of lattice spacing d to the Burgers vector
b and therefore ought to be smallest for slip along the close-packed
direction on the close-packed plane [64] . In disordered fcc g, this

corresponds to the a/2 <11 0>{111} slip system (a is the lattice
parameter). However, in chemically ordered L "12 k-carbides, the

preferred slip system could be a <100>{001} or a <11 0>{111}, since
the shortest lattice vectors a <100> do not lie in the close-packed
{111} planes. The experimentally observed activated slip system is
the latter. Given that the Burgers vector of a perfect dislocation in

the g-matrix (a/2 <11 0>) is only half of the closing vector to restore
the ordered k-carbide to its perfect lattice, it cannot enter the k-
carbide unless a planar defect is formed [65,66] . The resultant
planar fault in-between two super-partials is known as an anti-
phase boundary (APB) and the APB energy gAPB represents the
associated energy barrier for the occurrence of particle cutting. If
the system wants to avoid formation of an APB, a pair of super-

partial a/2 <11 0>{111} dislocations must travel together through
the k-carbides, forming a so-called superdislocation.

The strength of the coupling between a pair of super-partial
dislocations, for a given volume fraction, V f, depends on the mean

Fig. 8. Crystallographic analysis of three solute-segregated line features in a deformed
k/g alloy at a true strain of 0.15 as highlighted by black arrows in Fig. 7(d) based on the
orientation of the needle-shaped specimen.
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particle radius, r, and gAPB [66] . For small particle sizes, i.e.

rgAPB! Gb2, the super-partials are weakly coupled, and the stress
required for a single weakly coupled super-partial dislocation to
shear a k-carbide particle is given by

Dsprec % M
g
2b

!!!!!
Vf

"
# !!!!!!!!!!!!!!!!!

12gAPBr
pGb2

$

$
!!!!!
Vf

"
%

: (1)

Similarly, for intermediate size particles, i.e. r gAPB[ Gb2, the

Fig. 9. ECCI images of the deformation microstructures at different strain levels, characterized by ! nely dispersed slip bands. With increasing the true strains, the spacing between
the slip bands gradually decreases (see quanti ! cation in Fig. 10). No deformation twins are observed even at high strains. All image planes are perpendicular to the tensile axis.

Fig. 10. Evolution of the mean slip band spacing D during straining for the studied precipitation-hardened material together with data obtained for the same alloy in the as-
quenched state [24] for comparison. The mean slip band spacing decreases during straining similarly in both cases. The error bars are caused by inhomogeneities in the defor-
mation microstructure.
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super-partials are strongly coupled, and the resulting particle
shearing stress is given by

Dsprec % M
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3
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where M is the Taylor factor of 3.06 to convert the resolved shear
strength for dislocation motion into an equivalent uniaxial yield
strength of a polycrystal [67] , G represents the shear modulus, b
denotes the magnitude of the Burgers vector and w is a dimen-
sionless constant of the order of unity. Thus, with increasing par-
ticle size, an increased strengthening effect is observed in the
weakly coupled regime, i.e. Dsprecf

!!!
r

'
, while a decreased

strengthening effect is observed in the strongly coupled regime, i.e.
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'
, with the peak strength of Dsprec ( M
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occurring at the transition radius of r ( Gb2=gAPB. As r/ ! , the
Orowan mechanism,
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is predominant, resulting in Dsprecf 1=r:
To quantify the strengthening, the APB energy of the L "12-type

(Fe,Mn)3AlC k-carbides has been determined by ab-initio calcula-
tions in this work. The VASP code [68] has been used in conjunction
with the projector-augmented wave (PAW) method [69] and the
generalized gradient approximation [70] , a plane wave energy cut-
off of 400 eV, and a k-mesh corresponding to 16000 k-points per
atom. To avoid probing a large amount of con ! gurations, the or-
dered ternary Fe 3AlC k-carbide, rather than partially quaternary
(Fe,Mn)3AlC k-carbide is used for the calculation of the APB energy.
Since the C content of k-carbide precipitates in high-Mn light-
weight steels has been found to be signi ! cantly below the stoi-
chiometric value [20] , two extreme cases have been studied,
namely, a full occupancy of the body-centered interstitial sites by C
and a C-free L12 Fe3Al structure. Though substitutional Mn Al anti-
site defects have also been reported [19] , they are less important
here and are hence not taken into account for simplicity. The APB
energetic calculations have been performed at the experimental
lattice constant (3.68 !) [19] .

Since the APB in a k-carbide is also an extended planar fault of
{111} planes, the concepts of stacking fault energy calculations in
steels can be applied [71e76] . Hence, the energetics of an APB can
be obtained from a generalized extended energy surface, called g-
surface, which is de ! ned by shearing two parts of the crystal with
respect to one another along {111} planes. Similar to [72] , the unit
cell of the k-carbide with the L "12 structure is de ! ned such that the
unit vectors a and b span the {111} planes ( Fig. 11(ae c)). This cell
contains 9 Fe, 3 Al, and 3 C atoms. A repetition of the cell in the c
direction yields the supercell ( Fig. 11(d)), which is subsequently
tilted to accommodate shears of the upper half of the crystal with
respect to the lower one ( Fig. 11(e), without C). The Gibbs free
energy difference between the ideal and the sheared cell,
g % (Gdef $ Gideal)/A int , de! nes the g-surface, where A int is the
interface area over which the defect extends. An APB structure is
obtained for the two shears (I) 1/2 a (or equivalently 1/2 b) and (II)
! (a) b) %1/2u, yielding local minima on this energy landscape that
correspond to gAPB.

The results obtained for the two extreme compositions (with
and without C) and for the two types of shearing (I. 1/2 a (or 1/2 b)
and II. 1/2u) , are summarized in Table 1. The calculations have been
performed with and without taking the relaxation of atomic posi-
tions next to the APB into account. It is found that there is negligible

energetic difference between type I and type II shearing. The APB
energies are also not signi ! cantly affected by relaxation when there
is no C; whereas in the presence of C, the energies are clearly lower
in the relaxed case in comparison to those without relaxation. More
importantly, however, the C concentration of the k-carbide is found
to have a remarkable in " uence on the APB energy: the stoichio-
metric composition, i.e. full occupation of C sites, has an APB energy
about 3 times of that of the scenario without C. Instead of a stoi-
chiometric C composition of 20 at.%, the actual C concentration of
the k-carbide is in the order of 13 at.% [20] . Therefore, the gAPBvalue
of the k-carbide in the current alloy is expected to lie in the range of
~350e 700 mJ/m2. It is also worth noting that this value is much
higher than for g" precipitates in superalloys (~100 mJ/m 2) [66] .

Taking G %70 GPa, b%0.26 nm [24] , and gAPB~350e 700 mJ/m2,
the transition between the weakly and strongly coupled regimes is
estimated to occur at particle radii ranging from

r ( Gb2=gAPB% 6:8 $ 13:5 nm. The measured particle radius of
r %10 nm (Section 3.1) indicates that for the given volume fraction,
Vf ~0.2 (Section 3.1), the strengthening is close to the peak value of

Dsprec ( 0:9 $ 1:8 GPa. However, experimentally, the ageing-
introduced k-carbides were found to increase the yield strength
of the alloy only by ~500 MPa (Section 3.2).

This discrepancy might be explained by the in " uence of dislo-
cation pile-up stresses at the k-carbide interfaces that assist particle
shearing. The pile-up of dislocations in the grain interior has been
observed in the AQ state with short range ordering [24] , which
however is dif ! cult to be captured here in the PH state, with its high
number density of precipitates by ECCI or TEM. Yet, when consid-
ering a pile-up of N dislocations, the forces controlling the onset of
particle shearing on the i th dislocation adjacent to the hetero-
interface between matrix and precipitate can be expressed as

Dsprec

M
bL)

+

j;js i

Rij % Fi ; (4)

where, L % r
!!!!!!!!!!!!!!!!
2p=3Vf

"
is the inter-particle spacing, M is again the

Taylor factor, Rij % wGb2 l=2p*xi $ xj+ are the elastic interaction
forces between the i th and j th dislocation with position xi and xj ,

respectively, and Fi % gAPBl is the force of the particle for dislocation
line length inside the particle, l. At the maximum load con ! guration
of incipient particle shearing by the leading dislocation, Fi % 0 for
all is 1. Since Rij % $Rji , summing over all forces in equation (4)
yields the identity,

N
Dsprec

M
bL % gAPBl: (5)

Furthermore, due to the high value of gAPB, it is expected that the
separation between the leading dislocation pair will be very small
compared with the separation to the remaining dislocations in the
pile-up, i.e. ,x1 $ x2,!

,
,x1 $ xj

,
, for 2 < j - N. Under these conditions,

since R1j ( R2j , force equilibrium between the leading dislocation
pair yields the second identity,

2R12 % 2w
Gb2

2p
l

Dx
% gAPBl: (6)

Solving equation (6) for the leading dislocation pair spacing,
Dx % x1 $ x2, and using the relation for spherical particles, namely,

l % 2
!!!!!!!!!!!!!!!!!!!!!!!!!
2rDx $ Dx2

'
in equation (5) results in the following modi ! ed

form of the strengthening in the presence of a dislocation pile-up of
size N
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and a modi ! ed peak strength of, NDsprec ( M
!!!!!
Vf

"
g=b. This in-

dicates that a pile-up size of 4 e 8 dislocations is required to reduce
the macroscopic strengthening effect to ~500 MPa, which, based on
previous experimental observations [24] , is a reasonable
assumption.

It is well known that for coherent particles both mechanisms, i.e.
particle shearing or Orowan looping, can in principle be activated,
depending on particle size, interspacing, interfacial energy, elastic
mis! t and antiphase boundary energy. Considering the small k/g
lattice mis ! t, the interfacial energy is relatively negligible in com-
parison to the high APB energy. Therefore, in Fig.12, the normalized

strengthening, NDsprec=
!!!!!
Vf

"
, is plotted as a function of the mean

particle radius for gAPB~350e 700 mJ/m2. In general, as the particle
size r increases, the active mechanism changes from weakly
coupled particle shearing to strongly coupled particle shearing and
in the end to Orowan looping. One should note that an increase of
gAPB from 350 mJ/m 2 to 700 mJ/m 2 has several effects, namely, (i)
increasing the peak stress, (ii) decreasing the radius at which
transition from weakly coupled to strongly coupled particle
shearing occurs, and (iii) decreasing the critical particle radius at
which Orowan looping becomes the prevalent mechanism from
38 nm to 19 nm. Considering the particle size of ~10 nm in the
current PH alloy, we conclude that particle shearing is the

predominant mechanism during deformation while depending on
the exact gAPB and speci! c particle size, superdislocation cutting
through the particles could be either strongly coupled or weakly
coupled.

In Section 3.1 we have shown that although in TEM the k-car-
bide precipitates seem to be distributed homogenously ( Fig. 1), 3D
topological analysis reveals they are arranged rather inhomoge-
neously, with clearly discernible broader and narrower g channels
(Fig. 2). Hence, in addition to Fig. 12, where a homogeneous dis-
tribution of precipitates has been assumed with a certain volume
fraction, we further studied the in " uence of particle interspacing
on the stresses for the different mechanisms. As shown in Fig. 13,
the Orowan mechanism is more sensitive to particle interspacing
than the shearing mechanisms, in particular at low particle inter-
spacing values. When gAPB has a high value of 700 mJ/m 2, the
Orowan mechanism is preferred if a channel spacing is larger than
~20 nm; while for gAPB % 350 mJ/m2, the critical channel size is
about 60 nm. According to the current APT analysis (e.g. Fig. 2), the
broader g channels are found to be in the range of 10 e 40 nm while
the narrower g channels are of the order of 2 e 5 nm. When dislo-
cations are squeezed into these narrow channels, bowing out
through the channels is unlikely owing to the inverse relation be-
tween stress and channel width and thus cutting through the
particles by superdislocations is preferred. Since locally the broad
channel spacing (10 e 40 nm) might be larger than the critical
channel spacing for the activation of the Orowan mechanism at
high gAPB values (~20 nm), we do not completely rule out the
occurrence of Orowan looping in some local regions with relatively
wide particle interspacing. It could for instance indeed take place in
the more broadly spaced channel regions that were observed to
occur among aligned groups of particles (i.e. particle stacks), as
shown in Fig. 14(a and b). This assumption explains the strongly
curved dislocations shown in Fig. 4(b) and in Ref. [26] . However, it
is also worth noting that the arrangement of k-carbides are in the
form of stacks that are orthogonally aligned along all <001> di-
rections, which suggests that although there is a broad g space
which might have triggered Orowan looping, about 10 e 40 nm
away there are also k-carbide stacks with more narrow internal

Fig. 11. Schematic illustration of supercells of k-carbide used for APB energy calculations. (a e c) different perspectives of the applied unit cell of the k-carbide with unit vectors a, b,
c. (d) the supercell containing C that is not sheared; (e) the supercell without C that is sheared by 1/2 a; the pink lines mark the planes along which the two portions of the crystal are
sheared with respect to the another.

Table 1
Ab initio calculated APB energies based on the supercells in Fig. 11.

APB type APB energies [mJ/m2]

composition APB shift type unrelaxed relaxed

without C II. 1/2 u 363 344
without C I. 1/2 a (or 1/2 b) 364 347
with C II 1029 862
with C I 1029 826
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spacing in front of the Orowan dislocation. Hence, to accommodate
the large strain and fully percolative plasticity enabled in these
alloys, dislocations must obviously overcome these topologically
complex particle obstacle arrays predominantly by percolative
shearing (Fig. 14(c and d)). Orowan looping might also contribute to
the total shear, although to a much smaller extent than cutting,
since macroscopic shape change requires complete percolative
sweeping of shear planes.

An additional reason for the lower experimental yield strength
increase by k-carbide precipitation compared to the calculated
value is the reduced concentration of alloying elements in the
matrix due to k-carbide formation. On the one hand, the solid so-
lution strengthening of the matrix is reduced. On the other hand,
the ªdepleted º matrix has a reduced tendency for short range
ordering [24] . Both mechanisms reduce the effective strengthening
contributed by precipitation hardening. It is dif ! cult to quantita-
tively determine the effect of solid solution strengthening and
strengthening by short range ordering in this highly alloyed

material. It is not clear if this can be treated like classical solid so-
lution hardening or if ordering or clustering phenomena also
contribute to strengthening in a non-linear fashion, especially in
the AQ state. These contributions will be signi ! cantly reduced
during aging due to solute element loss in the matrix.

In addition to the primary ordering strengthening, another
contribution from the k-carbide precipitation is the coherency
strengthening due to the elastic strain ! eld as a result of the lattice
parameter difference between the k-carbide precipitates and g-
matrix, which however is negligible as compared to the APB effect
considering the low lattice mis ! t of the current alloy [21,22] .

4.2. Strain hardening mechanisms

The plastic deformation mechanisms of high-Mn lightweight
steels have been studied for many different alloy compositions
[1,2,4] . Shear-band-induced plasticity (SIP) and microband-induced
plasticity (MBIP) have been proposed to explain the good ductility

Fig. 12. Normalized ordered particle strengthening plotted as a function of the mean particle radius for gAPB of 350 (dashed line) and 700 (solid line) mJ/m 2. The transition from
weakly to strongly coupled particle shearing and the Orowan looping mechanism occurs earlier for higher values of gAPB.

Fig. 13. Ordered particle strengthening plotted as a function of the channel spacing, at a ! xed particle size of 10 nm, for different mechanisms for gAPBof 350 (dashed line) and 700
(solid line) mJ/m 2, respectively.
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of these grades. Unlike crystallographic features, shear bands are
macroscopic-scale non-crystallographic regions which can cross
different orientations and grains [77] . Microbands are often
observed at high strains as broad band-like structures composed of
tangled dislocations with a very high density [2] . However, in the
current alloy, we only observe crystallographically aligned and
hence sharp slip bands following the conventional fcc slip system
{110} <110>, even at high strains ( Figs. 4e 9). In contrast to shear
bands or microbands, the slip bands are sharp, localized crystallo-
graphic slip regions along con ! ned single slip planes. To substan-
tiate the slip band formation, further high-resolution STEM analysis
was performed. As shown in Fig. 15, the fully coherent ordered k-
carbides are evidenced by high angle annular dark ! eld (HAADF)
imaging. Some of them are sheared ( Fig. 15(a)), which is found to
occur along an atomically sharp plane ( Fig. 15(b,c)). Therefore, it is
safe to conclude that the formation of slip bands is responsible for
the plasticity in the current alloy.

The evolution of the deformation microstructure in the present
PH alloy is characterized by the re ! nement of slip bands during
plastic straining. In the AQ state of the same alloy, similar

microstructural features were observed [24] and it was suggested
that the total " ow stress can be written as follows [78,79] :

s tot (! ) % s 0 ) K$M$G$b/D, (8)

where K is a geometrical factor and D is the mean slip band spacing
(Fig. 10). Contributions to the " ow stress that do not depend on the
deformation are summed in s 0. These are the Peierls-Nabarro lat-
tice friction stress, solid solution strengthening, grain boundary
strengthening, strengthening due to short-range order and pre-
cipitation hardening [78,79] . The latter term in equation (8) refers
to the passing stress between dislocations, which increases with
decreasing mean slip band spacing D.

Since similar deformation structure evolution as slip band
re! nement is found for the current alloy (Section 3.4), equation (8)
is again adopted here for the evaluation of strain hardening ca-
pacity as in Ref. [24] . The stresses shown in Fig. 16 are calculated

Fig. 14. Schematic illustration of the interaction of dislocations with k-carbides. (a) At
low strains, dislocation lines may bow into local broad g-channels on the {111} slip
planes where the morphology of k-carbides are different from {001} views. (b) Orowan
super-loops form around groups of k-carbides and pile up in front of them as shown in
(c), which is a view of this state on {001} planes. (d) Shearing of k-carbides occurs
when the pile-up stress is high enough to overcome the APB effect.

Fig. 15. STEM high angle annular dark ! eld (HAADF) images of a sample strained to 0.05: (a) an overview image showing that a (111) slip band (dark line crossing the image from
the lower left to the upper right corner) cuts through several k-carbides, as indicated by the red arrow. (b) A magni ! ed image of the red-outlined region in (a). The ordered k-
carbides with alternating rows of heavier (brighter) and lighter (darker) atoms are out-lined in yellow. The shearing of k-carbide by an atomically sharp slip band is observed, which
is even clear in the magni ! ed (c) showing the still attached two parts of the sheared particle. (For interpretation of the references to colour in this ! gure legend, the reader is
referred to the web version of this article.)

Fig. 16. True stress-strain curves of the precipitation-hardened material and the as-
quenched state [24] along with the calculated stresses respectively. The calculated
values in the present study were derived using the data from the slip band re ! nement
analysis shown in Fig. 10. The increase of the " ow stress compared to the as-quenched
state is mainly attributed to the presence of shearable nano-sized k-carbides.
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using equation (8) taking s 0 %1020 MPa (yield strength), a K-value
of 1 and the D values as quanti ! ed in Fig. 10. The excellent agree-
ment between the calculated values and the true stress-strain
curve (Fig. 3) con! rms that the observed dynamic slip band
re! nement is the main parameter governing the strain hardening
behavior.

The in" uence of the k-carbides on the strain hardening behavior
of the PH alloy is hence best explained by an increased critical
resolved shear stress due to the shearing process. Yet, the overall
strain hardening mechanism does not seem to be otherwise
strongly in " uenced by the presence of k-carbides. We notice
though that in Fig. 3at low strains the strain hardening rate is lower
than that of the AQ, viz. k-free state, indicating that in addition to
the positive strain hardening rate resulting from the dynamic slip
band re! nement the precipitates lead to a negative contribution to
the overall strain hardening rate at low strains. Thus, local slip band
softening might originate from shearing of the k-carbides. Also, as
manifested in Fig. 10, the slip band spacing re ! nement of the PH
alloy is not as effective as that of AQ alloy, probably due to the
obstacle effect of k-carbide precipitates to slip band formation.
Such an effect, especially at low strains (see Fig. 3 vs. Fig. 10) results
in the lower strain hardening rate of the PH alloy.

We observe that upon deformation, the k-carbides are not only
sheared but also fragmented and dissolved and there are line seg-
regations of solutes which are possibly dislocation lines according
to the crystallographic analysis ( Fig. 8). The minimum observed
mean slip band distance at the strain level of 0.15 is around 250 nm,
still larger than the average diameter of the k-carbides (~20 nm).
Therefore, on average, not all precipitates will be cut by dislocations
and typically not more than one coplanar slip band is intersecting
individual k-carbides. However, as the strain increases, multiple
slip bands are activated and at the intersection of slip bands k-
carbides get fragmented and dissolved ( Figs. 6 and 7). The solute
segregation to dislocation lines helps explaining the second strain
hardening at high strains ( Fig. 3).

A similar dissolution of shearable particles under plastic defor-
mation has been reported in metals subjected to severe plastic
deformation, e.g. dissolution of metastable ! ne precipitates in
equal-channel angular pressed Al alloys [80,81] , and in fatigued
alloys, e.g. precipitate dissolution within the persistent slip bands
or shear bands [82,83] . In those cases, the intense strain, either
applied by severe deformation or accumulated by cycling, cut the
particles into smaller nanoscale fragments, leading to the insta-
bility of the phase because of high surface energy and their even-
tual dissolution [84,85] . Such particle fragmentation is also
observed in the present k/g alloy, driven by intersection of massive
slip bands in high-strain states ( Figs. 6, 7 and 9), which promotes
the dissolution of k-carbides.

It is known, on the other hand, that the dislocation interaction
with solute atoms of precipitates might also cause the dissolution
or decomposition of particles. One well-studied case is the
cementite decomposition in heavily drawn pearlitic steels [86] .
During the motion of dislocations, looping around the interfaces in
that case, carbon atoms are dragged out of the cementite and
segregate to dislocations. As for shearable particles, the penetration
of dislocations through particles might lead to the transfer of
interstitial atoms from the particles to the matrix due to drifting of
atoms under the stress ! eld of dislocations [87] . In the present case,
the observed linear solute segregation are likely dislocations
[32,88] , the crystallographic orientations of which follows the
typical fcc slip system ( Fig. 8). A compositional analysis of such a
segregation is illustrated in Fig. 17 using composition pro ! les as a
function of the proximity to the selected interface (referred to as
proximity histogram or proxigram [89] ) and more conventional
one-dimensional (1D) concentration pro ! les. Fig. 17(b) shows the

proxigram generated around the line segregations highlighted in
purple in Fig. 17(a) by a 7.5 at.% C iso-concentration surface. The 1D
concentration pro ! les from cylindrical regions of interest (ROIs)
placed perpendicular to the dislocation lines, as shown in Fig. 17(a),
are plotted in Fig. 17(ce d). Both methods clearly reveal the
enrichment of C and Al to the dislocation lines, with enrichment
factors of 2.8 and 1.2 respectively, in comparison to the neighbor-
hood compositions. This result suggests that upon particle cutting,
indeed the solutes of the k-carbide precipitates are dragged along
with the moving dislocations, which facilitates precipitate frag-
mentation and dissolution. Regarding the composition, no obvious
difference is observed between the two solute-segregated dislo-
cation lines in Fig. 17(c) and (d), which are probably of edge and
mixed characters according to the analysis in Fig. 8(a) and (b),
respectively.

4.3. Deformation structure evolution in the precipitation hardened
alloy

In Ref. [24] , a detailed discussion on the formation of slip bands
and the gradual re ! nement of their average spacing during
straining is provided for the case of the AQ state of the same alloy.
In the preceding sections, we have shown that the governing strain
hardening mechanism in the PH state is similar to that in the same
alloy in the AQ state. Here, we discuss the dynamic slip band
re! nement mechanism for the case of an alloy containing k-car-
bides and its effect on the overall strain hardening.

Following the discussion in Ref. [24] , at the onset of plastic
deformation dislocation loops are created by Frank-Read sources on
{111} planes. With increasing strain the expanding dislocation
loops leave the source, thereby destroying any kind of pre-existing
chemical order on the respective glide plane. In the AQ state this
was argued to be short-range order (SRO) and ! nely dispersed
long-range-order (LRO) clusters. In the PH alloy chemically ordered
k-carbides are present, which are found to be sheared by disloca-
tions (see Fig. 5).

These ordering features (SRO, LRO-clusters of k-carbides) in-
crease the stress needed for a dislocation to percolate a glide plane
compared to an entirely disordered matrix. As the order on the
glide plane is destroyed by the ! rst dislocation on the respective
glide plane, succeeding dislocations experience less resistance on
the glide plane and will therefore stay on the same glide plane. This
effect is referred to as ªglide plane softening º [90e 95] . It causes the
pronounced planar glide, which in turn induces and promotes the
formation of sharp crystallographic slip bands.

However, as the dislocations eventually reach the grain
boundary, where they are blocked, or become stuck within the
grain interior, the respective glide plane gradually ! lls-up with
dislocations stemming from the same source. This increasing
dislocation density on the same glide plane causes back stresses on
the source, which eventually lead to its exhaustion. Hence, the
piled-up dislocations lead to glide plane hardening. The slip band is
then regarded as completely developed as it will emit only a few
dislocations after it has been hardened by this mechanism.

In order to accommodate ongoing plastic deformation
compliant with the external loading, new glide bands have to be
generated. The increasing number of slip bands leads to a reduction
of their spacing during straining, as quanti ! ed in Fig. 10. The
reduction of the slip band spacing and the resulting passing
stresses are shown to be the main contributions to strain hardening
in the present material, see Fig. 16. Hence, the " ow stress increases
with increasing strain, which leads to a high strain hardening rate.

At high strains, the slip bands are getting gradually close enough
to enable mutual annihilation of dislocations and/or the stress is
high enough to allow cross slip, which also facilitates annihilation.
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Both effects, occurring most likely at large deformations and small
slip band spacings, lead to dynamic recovery causing the reduction
of the strain hardening rate at high strains. Failure takes place by
ductile fracture after necking due to plastic instability. Because of
the overall higher stress level in the PH material compared to the
AQ state and lower strain hardening rate, this necking instability
occurs in the PH alloy at a lower strain than in the AQ state as
observed in the Consid "ere-plot ( Fig. 3). As a result, a lower uniform
and total elongation of the precipitation-hardened material is
measured.

In the framework of this discussion the effect of the presence of
k-carbides on the deformation behavior of the PH alloy is explained
as follows: in newly generated slip bands dislocation loops expand
and impinge k-carbides. The ! rst dislocation experiences high
stresses due to the presence of chemical order in the crystal, may it
be due to SRO or LRO or due to the k-carbides. Both SRO zones and
k-carbides are sheared by dislocations ( Fig. 5). In comparison to the
AQ state where only very small ordered zones present (size <2 nm
[24] ) the stress for the ! rst dislocation to destroy the chemical
order is strongly increased in the PH due to the presence of k-

carbides. This, in turn, leads to an increased stress to form slip
bands, which results in an increased yield strength. As new slip
bands are generated dynamically in the non-sheared zones be-
tween already existing slip bands, they also shear the precipitate
structure. Hence, the same increased stress is expected for newly
generated slip bands. As this argumentation applies to all newly
generated slip bands at all strain levels, it translates into an
increased " ow stress of the PH material compared to the AQ state.
The gradual re! nement of the slip band structure during straining
leads surprisingly to strain hardening in a similar fashion as in the
AQ state. As a result, an increased " ow stress is expected due to the
cutting of k-carbides, compared to the AQ state. The increased " ow
stress in conjunction with the observed structure re ! nement
proves the dynamic slip band re ! nement as effective strain hard-
ening mechanism in the studied material. The resulting strain
hardening rate is high enough to compensate the negative strain
hardening rate by shearing and fragmenting the k-carbide pre-
cipitates by dislocations and the additional effect of dragging out
carbon and other elements by moving dislocations which leads to a
reduction of the APB energy in k-carbides.

Fig. 17. Concentration analysis on solute segregation to dislocations: (b) Proxigram of the magenta-colored interface generated by a carbon iso-concentration surface of 7.5 at.% in
(a). (c) (d) Two individual 1D concentration pro ! les of cylindrical regions of interest (ROIs) perpendicular to two dislocation lines as highlighted in (a). (For interpretation of the
references to colour in this ! gure legend, the reader is referred to the web version of this article.)
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5. Conclusions

In this work, we have studied the strengthening and strain
hardening mechanisms of the precipitation hardened high-Mn
steel (Fe-30.4Mn-8Al-1.2C, wt.%). The presence of nano-sized k
carbides (size about 20 nm) has been con ! rmed by TEM and APT. A
detailed ECCI, TEM and correlative TEM/APT analysis at different
strains has been conducted in order to evaluate the deformation
microstructure and its evolution during straining. The following
conclusions are drawn:

- The ordered k-carbide precipitates are inhomogeneously ar-
ranged in 3D space with both, broad and narrow g channels
separating them.

- With the presence of k-carbides, the precipitation hardened
material exhibits an increase in yield strength of about 480 MPa
compared to the as-quenched state and an outstanding combi-
nation of strength and ductility (yield strength % 1020 MPa,
ultimate tensile strength % 1125 MPa, uniform
elongation % 36%, total elongation % 41%).

- The k-carbide precipitates are primarily sheared by gliding
dislocations along sharp crystallographic slip bands during
deformation. {111} <110> slip systems are activated. Fragmen-
tation and dissolution of k-carbides are observed at high strains
along with solute segregations of Al and C to linear features
which are most likely dislocation lines.

- The primary strengthening mechanism is ordering strength-
ening. The APB energy of the ordered k-carbides has been
estimated by DFT calculations and found to be strongly related
to the C concentration of the particles. A quantitative evaluation
of the strengthening contribution by k-carbide precipitates has
been made, which is higher than the actually observed strength
contribution in the alloy. This was explained by the formation of
dislocation pile-ups and matrix solid solution loss during pre-
cipitation. The activation of different strengthening mechanisms
upon different microstructure parameters has been discussed.

- The main strain hardening mechanism is dynamic slip band
re! nement during straining. The spacing between slip bands is
reduced as strain increases which leads to an increase in the
dislocation passing stresses. As a result the precipitation-
hardened material shows strong strain hardening, which how-
ever is lower than the same materials in as-quenched state due
to weaker slip band spacing re ! nement in the presence of
precipitates and local slip band softening as a result of particle
shearing. Solute segregation to potential dislocations upon
particle dissolution at high strains might also contribute to the
strain hardening at high strains.
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