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a b s t r a c t

We investigate the cryogenic deformation response and underlying mechanisms of a carbon-doped
interstitial high-entropy alloy (iHEA) with a nominal composition of Fe49.5Mn30Co10Cr10C0.5 (at. %).
Extraordinary strain hardening of the iHEA at 77 K leads to a substantial increase in ultimate tensile
strength (�1300MPa) with excellent ductility (�50%) compared to that at room temperature. Prior to
loading, iHEAs with coarse (�100 mm) and fine (�6 mm) grain sizes show nearly single face-centered
cubic (FCC) structure, while the fraction of hexagonal close-packed (HCP) phase reaches up to �70% in
the cryogenically tensile-fractured iHEAs. Such an unusually high fraction of deformation-induced phase
transformation and the associated plasticity (TRIP effect) is caused by the strong driving force supported
by the reduced stacking fault energy and increased flow stress at 77 K. The transformation mechanism
from the FCC matrix to the HCP phase is revealed by transmission electron microscopy (TEM) obser-
vations. In addition to the deformation-induced phase transformation, stacking faults and dislocation slip
contribute to the deformation of the FCC matrix phase at low strains and of the HCP phase at medium
and large strains, suggesting dynamic strain partitioning among these two phases. The combination of
TRIP and dynamic strain partitioning explain the striking strain hardening capability and resulting
excellent combination of strength and ductility of iHEAs under cryogenic conditions. The current
investigation thus offers guidance for the design of high-performance HEAs for cryogenic applications.

© 2018 Elsevier B.V. All rights reserved.
1. Introduction

High-entropy alloys (HEAs) consisting of multiple principal el-
ements attract attention due to their excellent load carrying ca-
pacity suited for challenging structural applications [1e6]. In order
to equip HEAs with high strain hardening capacity, rendering them
strong and yet ductile, different deformation mechanisms were
revealed and discussed. Among these, twinning-induced plasticity
(TWIP) [7e14], and transformation-induced plasticity (TRIP)
[15e19] have proven particularly suited in overcoming the alleged
strength-ductility barrier which characterizes many metallic alloys.

One of the most representative examples of the TWIP effect in
these materials has been reported for an equiatomic CoCrFeMnNi
HEA, especially at low temperatures [3,7,20]. For the fine-grained
CoCrFeMnNi HEA (�10 mm), the ultimate tensile strength (UTS)
increases from �600MPa to �1100MP at an increase in elongation
iming.li@mpie.de (Z. Li).
from�45% to�60% upon temperature reduction from 293 K to 77 K
[20]. The critical resolved shear stress for twinning of this HEA is
around 235MPa, which indicates that mechanical twinning occurs
already at �7.4% true strain at 77 K and only at a much larger strain
close to fracture at 293 K [20]. The strong TWIP effect thus activated
at an early load stage at 77 K accounts for the simultaneous
improvement of strength and ductility. On the one hand, the low
probing temperature leads to a very low stacking fault energy based
on ab initio calculations [8]. On the other hand, the flow stress is
substantially higher at 77 K than at room temperature (e.g. 720MPa
vs. 420MPa at a true strain of �7.4) due to the temperature
dependence of Peierls stress and solid solution strengthening
[20,21]. As a result, mechanical twinning and the TWIP effect are
significantly enhanced in the CoCrFeMnNi HEA when deformed at
77 K.

Li et al. [15] designed a TRIP non-equiatomic Fe50Mn30Co10Cr10
HEA with a dual-phase (DP) structure containing a face-centered
cubic (FCC) matrix and hexagonal close-packed (HCP) martensite.
Such a TRIP-DP-HEA exhibits an excellent combination of strength
(UTS of �850MPa) and ductility (elongation of �70%) at room
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temperature. The DP structure enables a micro-composite effect
and the TRIP mechanism offers high strain hardening as revealed
for a wide range of microstructures obtained from different
thermo-mechanical treatments [16]. Guided by ab initio calcula-
tions, Li et al. [17] also showed how to achieve the TRIP-DP effect in
a family of five-component Co20Cr20Fe40-xMn20Nix (x¼ 0e20 at. %)
HEAs via tuning the stacking fault energy through the variation of
the Fe and Ni content. Likewise, Huang et al. [18] successfully
enhanced the ductility in a brittle bcc TaxHfZrLi HEA by introducing
the TRIP effect. Unlike the TWIP effect, no systematic investigation
on the TRIP effect in HEAs under cryogenic conditions has been
conducted yet, though one of the most promising application sce-
narios for HEAs may lie in this field [3].

Recently, interstitial carbon has been introduced into the TRIP-
DP HEA concept, and the resultant Fe50Mn30Co10Cr10C0.5 (at. %)
interstitial HEA (iHEA) shows joint activation of the TWIP and TRIP
effects upon deformation at room temperature [22]. In addition to
the interstitial solid solution strengthening, the carbon interstitials
slightly increase the stacking fault energy (SFE) to a critical point for
the present iHEA (around 18mJ/m2 [23]), although one should note
that carbon has also been reported to decrease the SFE in some
other HEAs [24]. Thus, mechanical twinning is triggered upon
loading at room temperature, while the TRIP effect also remains
active. In this study, we explore the deformation mechanisms of
this TRIP-TWIP iHEA under cryogenic loading. The mechanical
properties and underlying strain hardening mechanisms at 77 K are
investigated and discussed in the light of the deformation micro-
structure evolution.

2. Experimental

Ingots of the Fe49.5Mn30Co10Cr10C0.5 (at. %) iHEA were cast in a
vacuum induction furnace from pure metals and carbon. The as-
cast HEA blocks were hot-rolled to a thickness reduction of 50%
at 900 �C and then homogenized at 1200 �C for two hours. A
following thermo-mechanical treatment was performed to refine
the grain size. Alloys were cold-rolled to a 60% reduction in thick-
ness and then annealed at 900 �C for 3min. A more detailed
description of the procedures can be found in Ref. [22].

Dog-bone specimens with a gauge length of 20mm, width of
5mm and thickness of ~1.2mm, were prepared for tensile tests
(77 K, initial strain rate of 1� 10�3 s�1). Interrupted tensile tests to
global engineering strain levels of 5% and 25% were conducted.
These interrupted tensile tests, together with the complete tensile
tests (tensile strains of 50% and 45% for the �100 mm grain-sized
and �6 mm grain-sized iHEAs, respectively), enable to track the
microstructure evolution at low, medium and high strains.

For examination in the scanning electron microscope (SEM),
specimens were ground by silicon carbide paper and polished using
a 1 mm diamond suspension, followed by final polishing using
colloidal silica. Electron backscatter diffraction (EBSD) measure-
ments were performed on a Zeiss-Crossbeam XB 1540 FIB SEM
operated at 15 keV. A step size of 1 mm was used for EBSD scans of
areas larger than 5000 mm2, and all other scans were performed at a
step size of 100 nm. Electron channeling contrast imaging (ECCI, ref.
[25]) were examined by a Zeiss-Merlin SEM operated at 30 keV. The
deformation-induced HCP phase assumes a plate shape with sizes
characterized by ECCI in conjunction with the image analysis tool
Image J. At least 100 measurements of HCP plate sizes were per-
formed for each condition.

3mm diameter disks with a thickness of ~100 mm were pro-
duced for transmission electron microscopy (TEM) examination.
Disks were electropolished in an electrolyte of 5% nitric acid and
95% methanol using a Struers Tenupol 5 twin-jet electropolisher at
a voltage of ~22 V with the temperature of 15 �C. The resulting thin
foils were examined in a JEOL JEM-2200FS microscope operated at
200 keV under a scanning transmission electron microscope
(STEM) mode. Bright field (BF), dark field (DF), selected area elec-
tron diffraction (SAD) and high resolution (HR) TEM observations
were conducted in a Cs-probe corrected FEI Titan Themis 60-300
microscope operated at 300 keV.

3. Results

3.1. Starting microstructure

Fig. 1 shows the microstructures of as-homogenized and
thermo-mechanically treated carbon-doped Fe49.5Mn30Co10Cr10C0.5
(at. %) iHEAs. As shown before [15], the undoped Fe50Mn30Co10Cr10
(at. %) material has a FCC/HCP dual-phase structure with �72% FCC
phase fraction and �28% HCP phase fraction [15]. When adding
0.5 at. % carbon, the HCP phase fraction is reduced to a level below
1%, and single FCC phase matrix prevails, as shown by EBSD phase
and inverse pole figure (IPF) data in Fig. 1. The as-homogenized
iHEA exhibits a coarse grain size of �100 mm (Fig. 1a, referred to
as CG). After cold-rolling and annealing, the average grain size re-
fines to �6 mm (Fig. 1c, referred to as FG). In addition, the thermo-
mechanical treatment led to the formation of nano-precipitates
with sizes of 50e100 nm in the FG iHEA, as shown in Fig. 1e.
The chemical compositions of the nano-precipitates and the alloy
matrix were probed by atom probe tomography (APT) in our
previous work [22], and it revealed that these precipitates are
M23C6 carbides with a cubic-to-cubic orientation relationship
([100]FCCk[100]M23C6 and (100)FCCk(100)M23C6) to the adjacent FCC
matrix [22,26]. Very few dislocations are observed in BF STEM
(Fig. 1e) and ECCI (Fig. 1f) images, suggesting that the thermo-
mechanically treated iHEA is in a fully recrystallized state.

3.2. Cryogenic mechanical properties

The engineering stress-strain curves for CG and FG iHEAs at 77 K
and 293 K are presented in Fig. 2a. Comparingwith tensile results at
room-temperature, the strength increases sharply at 77 K almost
without sacrificing the ductility. When decreasing the testing
temperature to 77 K, the UTS increased from �600MPa to
�1000MPa for the CG iHEA and from �900MPa to �1300MPa for
the FG iHEA, whereas the tensile elongations remain nearly the
same for both materials.

The corresponding strain hardening rate curves for both the CG
and FG iHEAs at 77 K and 293 K are displayed in Fig. 2b. The strain
hardening rate curves for the fine-grained CoCrFeMnNi alloy
(�17 mm) [20] and CoCrNi alloy (�16 mm) [27] at 77 K are also
shown for reference. Under the cryogenic condition, the FG iHEA
shows a slightly higher strain hardening rate than that of the CG
iHEA at early stages of deformation (<10% strain). As strain in-
creases, the strain hardening rates for CG and FG iHEAs are very
close, due to their similar levels of phase transformation and
further dynamic strain partitioning (as discussed later in section
3.3) which become the dominating deformation mechanisms in
this regime as further discussed below. Normally, alloys exhibit
continuously decaying strain hardening curves, i.e. the strain
hardening rate continues to decrease with increasing tensile
deformation, as seen for the CG and CG iHEAs at room temperature.
For the CoCrFeMnNi HEA at 77 K, due to the strong TWIP effect, a
rather large strain hardening plateau is observed instead. This
means that a very high strain hardening rate is maintained over a
surprisingly large deformation regime extending between 10% and
nearly 40% true strain, i.e. until close to fracture. Interestingly, the
strain hardening even increases with ongoing tensile loading for
both CG and FG iHEAs at 77 K (see Fig. 2b). Comparing with the



Fig. 1. Microstructures of (aeb) as-homogenized and (cef) thermo-mechanically treated iHEAs. (a) and (c) are EBSD phase maps for the as-homogenized and recrystallized iHEAs,
respectively; (b) and (d) are EBSD IPF maps corresponding to the marked regions in (a) and (c), respectively; (e) is a BF STEM image showing the existence of M23C6 carbides in the
thermo-mechanically treated iHEA; (f) is a correlative ECC image for (d). CG refers to the as-homogenized iHEA with a coarse grain size, and FG refers to the thermo-mechanically
treated iHEA with a fine grain size.

Fig. 2. (a) Engineering stress-strain curves and (b) strain hardening rate curve as a function of true strain for CG and FG iHEAs tested at 293 K and 77 K. The strain hardening rate
curves for the fine-grained CoCrFeMnNi HEA (�17 mm) [20] and CoCrNi MEA (�16 mm) [27] are shown for comparison. CG and FG refer to the coarse-grained and fine-grained iHEAs,
respectively.
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strain hardening behavior of the CoCrFeMnNi HEA and CoCrNiMHA
at 77 K, the iHEAs show significantly higher strain hardening over
the entire deformation range, e.g., �3200MPa for the FG iHEA vs.
�2500MPa for the CoCrFeMnNi HEA at 10% true strain and
�3800MPa for the FG iHEA vs. �2400MPa for the CoCrFeMnNi
HEA at 30% true strain. Even compared with the CoCrNi medium-
entropy alloy (MEA), which shows very high strain hardening due
to the strong TWIP effect [28], our iHEAs show significantly higher
strain hardening in regimes of true strain above 15%, in which
deformation-driven phase transformation and dynamic strain
partitioning prevail.
3.3. Microstructures after cryogenic deformation

Fig. 3 shows EBSD phase maps for the CG and FG iHEAs at
different tensile strains at 77 K. Distinct phase transformation from
the FCC matrix to the HCP phase is detected upon tensile loading.
The corresponding quantitative measurements of the phase frac-
tions based on EBSD maps are shown in Fig. 4. The iHEAs contain
very low fractions of HCP phase prior to tensile deformation (below
1%, Fig. 1). Due to the deformation driven phase transformation, the
fraction of HCP phase increases sharply with progressing defor-
mation. Eventually, up to 75% and 67% HCP phases are detected in
the tensile-fractured CG and FG iHEAs, respectively. As depicted in
Fig. 4, iHEAs tested at 77 K showmuch higher fraction of HCP phase
than those tested at 293 K at similar strain levels, suggesting that
low temperature promotes martensitic phase transformation.
Interestingly, Fig. 4 also shows that at room temperature, the CG
iHEA undergoes a dramatically higher fraction of phase trans-
formation than the FG iHEA, whereas at 77 K, the deformation-
driven HCP phase fractions are similar for both the CG and FG
iHEAs. Owing to resolution limits, very fewHCP phase regions were



Fig. 3. EBSD maps (overlap of phase and image quality) showing the microstructure evolution for the (a) CG and (b) FG iHEAs with increasing strain levels at 77 K. CG and FG refer to
the coarse-grained and fine-grained iHEAs, respectively. ε and TD refer to the global engineering strain and tensile direction, respectively.

Fig. 4. HCP phase fractions of CG and FG iHEAs tested at 293 K and 77 K based on EBSD
analysis. CG and FG refer to the coarse-grained and fine-grained iHEAs, respectively.
Room-temperature data are taken from Ref. [22].
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detected in EBSD phase maps at a low strain of 5%. Yet, multiple
nano-sized HCP plates were formed already at this strain level, as
observed by ECCI and TEM images.

Fig. 5 presents the microstructural evolution of the CG iHEA at
different strains based on correlative EBSD and ECCI observations.
At an early stage of deformation (Fig. 5a1 - a3), a large amount of
plates with average thickness of �80 nm are formed, a typical
morphology of HCPmartensite [29].When increasing the strain to a
medium level (e.g., 25%), thickening of the HCP phase occurs, with a
number of new HCP plates nucleating between the existing ones, as
shown in Fig. 5b2 and b3. Little blocks of HCP phase even appear in
some areas (see Fig. 3a2). The HCP phase becomes the dominate
component in highly strained iHEA (Fig. 5c1 and c2). Fig. 5c3 reveals
that untransformed FCC phase regions were separated by HCP
phase, which exist in the form of very thin plates.
Fig. 6 shows deformation microstructures of the 5% strained CG
iHEA obtained by TEM analysis. TEM observations are consistent
with the ECCI results, i.e., thick HCP plates were formed and
intersected with thin HCP plates. Stacking faults (SFs) are also
widely visible at such a low strain (inserted image in Fig. 6a). Due to
a higher resolution of TEM relative to ECCI, dislocations are clearly
seen in these BF STEM images, indicating that dislocation slip is also
an essential deformation mode. The selected area diffraction (SAD)
pattern in Fig. 6b confirms that these plates have the HCP structure.
A typical Shoji-Nishiyama (S-N) orientation relationship, i.e.,
(111)FCC//(0001)HCP and [011]FCC//[1120]HCP [30], exists between the
FCC matrix and the HCP phase plates, see Fig. 6b. Previous studies
showed that both phase transformation and mechanical twinning
occurred in the iHEAs during tensile deformation at room tem-
perature [22]. At 77 K, however, only the deformation-induced HCP
phase is seen and no mechanical twinning is observed. This is
associated with the decreased stacking fault energy at lower tem-
perature and will be discussed later.

In addition, Fig. 6 reveals the formation process of HCP plates in
iHEAs tested under cryogenic conditions. Basically, HCP plates are
formed through the overlapping of SFs, which is driven by the
applied stress during deformation [31e33]. As seen in Fig. 6a, SFs
are terminated at the interfaces of HCP plates belonging to different
slip planes. These wide SFs were formed through the cross-slip of
stair-rod type SFs [32], which can further overlap with each other
and create HCP plates (see green arrows in Fig. 6a). Green arrows in
Fig. 6c point out a different pathway to formwide SFs via cross-slip.
SFs in the neighboring slip planes can readily extend once such
wide SFs are formed, leading to the overlapping of these wide SFs.
Also, the overlapping of wide SFs can occur via mutual interactions
among dislocations, as illustrated in Fig. 6d. Slip planes in the re-
gions adjacent to the HCP plates can be readily activated. Obser-
vations of pronounced planar dislocation slip in Fig. 6d is evident.
The overlapping of SFs preferentially occurs in these places (see the
green arrowed in Fig. 6d), producing HCP crystals.

The BF STEM images in Fig. 7 show deformationmicrostructures
of the CG iHEA at strains of 25% (Fig. 7a) and 50% (Fig. 7b). More HCP
plates are formed at a medium strain of 25%, accompanied by
thickening of prior HCP plates. Larger blocks of HCP phase can be
formed at a higher strain of 50%, as indicated by the inserted SAD



Fig. 5. EBSD maps and ECC images of the CG iHEA after (a) 5% strain, (b) 25% strain, and (c) 50% strain at 77 K. (3) shows zoom-in images for the marked regions in (2). CG refers to
the coarse-grained iHEA, and ε refers to the global engineering strain.

Fig. 6. BF STEM images and SAD patterns of the CG iHEA after 5% strain at 77 K. DS and SF refer to the dislocation and the stacking fault, respectively. The inserted zoom-in image in
(a) shows the morphology of SF. SAD patterns in (b) are obtained under the [011]FCC zone axis. A Shoji-Nishiyama orientation relationship is shown between FCC and HCP phases.
Green arrows indicate the formation of HCP plates through the overlapping of SFs. (For interpretation of the references to colour in this figure legend, the reader is referred to the
Web version of this article.)
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pattern in Fig. 7b. Fig. 7a shows that several dislocation cross-slip
events and SFs are found inside the thick HCP plates. With
increasing deformation, entangled dislocations with a high number
density and many SFs are observed in the HCP region (see the
arrowed in Fig. 7b). These dense dislocation arrays and SFs can
mutually overlap in some regions. All these observations indicate
that the gradually transformed HCP phase regions undergo severe
deformation at later stages of tensile deformation.

The deformation microstructures obtained by the correlative
EBSD and ECCI analysis for the FG iHEA at low (5%), medium (25%)
and high (50%) strains are displayed in Fig. 8. Plate-shape nano-
martensite phase regions are formed at low strains (Fig. 8a1 and a2).
Their average size (�30 nm) is substantial finer than that observed
in the CG iHEA (�80 nm) at the same strain. Such fine HCP plates
were often notmapped by EBSD and thus, very fewHCP plateswere
detected in Fig. 8a1. Fig. 8a2 shows that these thin HCP plates go
through the whole grains. At a strain of 25%, frequent intersections
of HCP plates were found, and new HCP plates nucleated inside the
existing HCP plates (Fig. 8b2 and b3). Fig. 8c shows that the HCP
martensite becomes the major phase, and the retained FCC phase
forms very thin plates within the HCP blocks, similar to what was
observed in the CG iHEA.

Fig. 9 shows the TEM/HRTEManalysis of FG iHEAat 5% strain. Very
thin plates were seen in the BF TEM image (Fig. 9a). The SAD pattern
shows (Fig. 9b) that these fine plates assume HCP structure, with the
S-N orientation relationship to the FCC matrix. The dark field (DF)
TEM image in Fig. 9b provides a clearer viewonplate structures of the
HCP phase. Again, nomechanical twinning is detected in the FG iHEA
underdeformation at77 K. FurtherHRTEManalysis (Fig. 9cee) shows
that theHCPplates can be as thin as several atomic layers, i.e., formed
by overlapping of stacking faults in the FCC matrix.

The effects of grain boundaries and M23C6 particles on disloca-
tion movement in the FG iHEA at a low strain of 5% are shown in
Fig. 10. Pile-ups of dislocations in grain boundaries and the pinning
of dislocations by particles are indicted by arrows in Fig. 10a and b,
respectively. These observations imply that both, grain boundaries
and particles impede dislocation slip at an early stage of cryogenic
deformation.
4. Discussion

4.1. Overview of the deformation behavior

A schematic drawing in Fig. 11 illustrates the cryogenic defor-
mation behavior of CG and FG iHEAs. The iHEAs are nearly single
FCC structures in undeformed state, co-existing with less than 1%
Fig. 7. BF STEM images of the CG iHEA after (a) 25% and (b) 50% strain (ε) at 77 K. DS and
indicate the whole area is a HCP structure.
fraction of the HCP phase. Upon straining, the phase transformation
from the FCC matrix to the HCP martensite takes place and con-
tinues over the whole tensile deformation regime, producing a HCP
phase content of �70% in tensile-fractured CG and FG iHEAs (see
Fig. 4). In addition to the martensitic phase transformation, the
formation of SFs and dislocation slip are observed in both the FCC
matrix and the transformed HCP phase.

At an original stage of deformation (5% strain), HCP plates are
induced inside the FCC grains. Also, massive stacking faults (SFs)
and planar slip of dislocations are observed in the FCC matrix.
Planar slip is favored in alloys with high lattice friction stress, low
stacking fault energy, and short range order [34e37]. In the present
case, the high lattice friction stress, which results from the inter-
stitial carbon, and the low stacking fault energy, evidenced by the
high abundance of SFs, promote planar slip. With increasing strain,
a growing number of HCP plates appear and the existing ones
continue to thicken, forming large blocks of HCP phase. Except for
the martensitic transformation from FCC to HCP, multiple widely
extended stacking faults and tangled dislocations are found in the
HCP phase at medium and high strain levels (see Fig. 7), suggesting
dynamic strain partitioning among these two phases.

Unlike the deformation at room temperature, no mechanical
twinning is detected during tensile loading at 77 K. Our prior
studies showed the co-existence of HCP plates and mechanical
twinning after 10% tensile strain [19,22]. However, in the current
experiment, deformation-induced HCP phase regions were formed
while no nano-twinning occurred, when the temperature
decreased to 77 K, as shown by SAD probing in Figs. 6 and 9. This
phenomenon is fundamentally different from observations in other
FCC HEAs and MEAs, where an enhanced TWIP effect has been
commonly observed at 77 K [7,20,27,38]. As noted earlier, the SFE in
our current iHEA is in a critical range (around 18mJ/m2 [23]), which
enables activation jointly of a TWIP and a TWIP effect at room
temperature. The SFE decreases with reduced temperature in FCC
alloys [39e42], so that at 77 K FCC-to-HCP martensitic trans-
formation is preferential over twinning in the current iHEAs [43].
The disappearance of twinning is ascribed to the low SFE under the
current cryogenic condition. Martin et al. [44] found a transition
from the TWIP effect to the TRIP effect in a highly alloy CrMnNi
autenitic steel when the temperature decreased from 293 K to
213 K.
4.2. Formation mechanisms of the HCP phase

SFs play a critical role in the FCC-HCP transformation, as their
overlap acts as the HCP nucleation event [31,32,45,46]. TEM
SF refer to dislocation and stacking fault, respectively. The inserted SAD patters in (b)



Fig. 8. EBSD maps and ECC images of the FG iHEA after (a) 5% strain, (b) 25% strain, and (c) 45% strain at 77 K. (3) shows zoom-in images for the marked regions in (2). FG refers to
the fine-grained iHEA, and ε refers to the global engineering strain.

Z. Wang et al. / Journal of Alloys and Compounds 781 (2019) 734e743740
observations (Fig. 6) indicate that the HCP plates are formed
following a model proposed earlier by Fujita and Ueda [32]. They
suggested e as observed in the current study - that wide SFs occur
via cross-slip of stair-rod type SFs or mutual interactions among
dislocations. Nearby slip planes are activated during this process,
and thus, SFs are more likely to extend and further overlap with
each other. Our prior work [19] described the formation of HCP
phase at room temperature based on Mahajan et al. [45] 's model,
since it can explain the coexistence of deformation-induced twin-
ning and HCP regions. Mahajan's approach suggests that the
nucleation of six-layer HCP crystals are governed by the dislocation
reaction of a

2<110> þ a
2<101> /3� a

6 <211> : In the present
study, however, mechanical twinning does not form along with the
HCP plates after deformation. In addition, the cross-slip of SFs and
mutual interactions of dislocations among different slip families
have been directly recorded by TEM images. These data support
that, under cryogenic conditions, deformation-induced phase
transformation (from the FCC matrix to the HCP martensite) in the
current iHEAs is more likely to follow Fujita and Ueda's model.

Grain boundaries exert a significant influence on the
morphology of HCP phase during phase transformation. Much finer
HCP plates (thickness of �30 nm) were formed in the FG iHEA than
that in the CG iHEA (thickness of �80 nm) at the initial stage of
deformation (5% strain). Smaller HCP plates in the FG iHEA implies
a lower growth rate of deformation-induced HCP plates. Grain
boundaries have been found to hinder the growth of HCP plates and
thus, phase transformation is inhibited upon grain size reduction
[47e50]. In addition, interfacial back-stresses tend to raise as the
grain size decreases [51], which also suppresses the growth of HCP
nuclei [16]. Therefore, the HCP phase fraction is lower in the iHEA
with finer grain size when testing at room temperature (see Fig. 4).
Morsdorf et al. [52] reported that in Fe-0.13C-5.1Ni (wt. %) low
carbon lath martensitic model alloys, materials with larger grain
size also have a higher fraction of coarse martensite laths (1.5 mm in
thickness).
4.3. Origin of the strain hardening under cryogenic conditions

As shown in Fig. 2b, the FG iHEA shows higher strain hardening
than the CG iHEA at an early stage of deformation (<10% strain) at
77 K. TEM images in Figs. 6 and 10 reveal that dislocation slip is an
essential deformation mode at this strain level. The FG iHEA has a
higher fraction of grain boundaries and a fine distribution of pre-
cipitates. Both, grain boundaries and precipitates impede disloca-
tion motions (see Fig. 10), leading to higher strain hardening.

At medium to high levels of strain, in contrast to the common
decaying strain hardening curves of iHEAs tested at room temper-
ature, cryogenic tensile tests produce increasing strain hardening.
Such strain hardening behavior is attributed to the extremely high
extent of deformation-driven phase transformation (up to �70%
strain-induced HCP phase for both iHEAs), and the efficient co-
deformation and load-sharing between FCC and HCP, referred as
dynamic strain partitioning. The latter phenomenon is essential in
the current context as efficient load sharing between adjacent bulk
phases works particularly well and damage-free when their com-
positions, elastic properties and deformation mechanisms are
comparable [53,54]. These two combining deformation mecha-
nisms also lead to a striking strain hardening capability of the
current iHEAs compared to the well-established CoCrFeMnNi HEA
in Fig. 2b. High and permanently maintained strain hardening de-
lays necking, stabilizing deformation up to high strains. As a result,
the strength increases sharply with only little loss in ductility,
resulting in a property profile beyond the inverse strength-ductility
relation when deformed under cryogenic conditions.

The key for the extraordinary strain hardening at 77 K is the very
high fraction and gradual evolution of phase transformation in the
iHEAs, e.g., �67% HCP at 77 K vs. �30% HCP at 293 K for the FG
iHEAs after 50% strain. First of all, as noted above, the SFE decreases
as the temperature goes down, which favors the martensitic phase
transformation. In addition, the flow stress increases at 77 K, which
also enhances the HCP phase transformation. A low testing tem-
perature leads to low SFE and high flow stress, both of which



Fig. 9. (a) BF, (b) DF, and (c, d, and e) HR TEM images of the FG iHEA after 5% strain at 77 K. The DF image was taken based on the (0110) spot, as indicated by the green circle. The HR
TEM image was obtained with the electron incidence direction of [011]FCC. (For interpretation of the references to colour in this figure legend, the reader is referred to the Web
version of this article.)

Fig. 10. BF STEM images showing the dislocations interactions with (a) grain boundaries and (b) M23C6 particles in the FG iHEA after 5% strain at 77 K. White arrows indicate grain
boundaries and particles impede the dislocation movements.
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Fig. 11. A schematic drawing showing the deformation microstructure evolution of iHEAs under the cryogenic condition (77 K) at various engineering strains (εeng). CG and FG refer
to the coarse-grained and fine-grained iHEAs, respectively. SF indicates the stacking fault.
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significantly promote the formation of HCP phase. Similar phe-
nomena have been also observed in Fe-22Mn-2.7Al-2.7Si-0.5C (wt.
%) light-weight steel [55] and 304 L stainless steel [56,57].

It is worth noting that the CG iHEA shows a higher extent of HCP
phase transformation than the FG iHEA at room temperature,
whereas at 77 K, the deformation-induced HCP phase fractions are
similar in both iHEAs, see Fig. 4. As previously discussed, grain
boundaries are able to inhibit the HCP phase transformation,
leading to a lower degree of phase transformation in the FG iHEA at
room temperature. The temperature effect, however, dominates as
the temperature decreases to 77 K. During deformation, the low SFE
and high flow stress at such a low temperature strongly stimulate
HCP transformation [57]. Consequently, up to �70% HCP phase
fraction was detected in tensile-fractured CG and FG iHEAs.
5. Conclusions

The mechanical properties and microstructure evolution of an
iHEA (Fe49.5Mn30Co10Cr10C0.5, at. %) with different grain sizes upon
tensile straining under cryogenic conditions (77 K) have been
investigated. The main conclusions are:

(1) The deformation-driven martensitic phase transformation
rate is at a high and gradually progressing level over the
whole deformation regime. In addition, at a low strain, for-
mation of SFs and dislocations slip in the FCC phase consti-
tute essential deformationmodes. Atmedium to high strains,
co-deformation between FCC and HCP works efficiently, i.e.
constituting a highly damage-free dynamic strain partition-
ing behavior.

(2) HCP crystals are formed by the overlapping of wide SFs,
which is a result of the cross-slip of SFs and mutual in-
teractions among dislocations.

(3) The low SFE and high flow stress at 77 K substantially pro-
mote phase transformation from the FCC matrix to the HCP
phase, resulting in a deformation-induced HCP phase frac-
tion of up to �70% in tensile-fractured iHEAs.

(4) The very high strain hardening at 77 K arises from the
enhanced and permanently maintained TRIP effect and the
dynamic stain partitioning. Such ultrahigh strain hardening
further leads to the increase of strength with negligible loss
of ductility, establishing metastable interstitially-doped
high-entropy alloys as promising structural material class
for cryogenic application scenarios.
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