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Due to the layer-by-layer build-up of additively manufactured parts, the deposited material experiences a
cyclic re-heating in the form of a sequence of temperature pulses. In the current work, this “intrinsic heat
treatment (IHT)” was exploited to induce the precipitation of NiAl nanoparticles in an Fe-19Ni-xAl (at%)
model maraging steel, a system known for rapid clustering. We used Laser Metal Deposition (LMD) to
synthesize compositionally graded specimens. This allowed for the efﬁcient screening of effects associated with varying Al contents ranging from 0 to 25 at% and for identifying promising concentrations for
further studies. Based on the existence of the desired martensitic matrix, an upper bound for the Al
concentration of 15 at% was deﬁned. Owing to the presence of NiAl precipitates as observed by Atom
Probe Tomography (APT), a lower bound of 3e5 at% Al was established. Within this concentration
window, increasing the Al concentration gave rise to an increase in hardness by 225 HV due to an
exceptionally high number density of 1025 NiAl precipitates per m3, as measured by APT. This work
demonstrates the possibility of exploiting the IHT of the LMD process for the production of samples that
are precipitation strengthened during the additive manufacturing process without need for any further
heat treatment.
© 2017 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Laser Metal Deposition (LMD) (also termed Direct Metal Deposition (DMD) or Laser Engineered Net Shaping (LENS) is a Laser
Additive Manufacturing (LAM) process that allows production of
small, custom-made parts directly from a Computer Aided Design
(CAD) model and metal powders. Through a feeding nozzle, the
metallic powder is injected locally into the melt pool created by a
focused high power laser beam on the substrate surface. In the melt
pool, the powder is completely melted. The resulting, dense parts
can present similar or even better mechanical properties than the
conventionally produced bulk metal [1e4]. As for each additive
manufacturing process, the starting point is a CAD model. The CAD
model is sliced into virtual layers of deﬁned thicknesses. These
slices of the sample are then sequentially built by the LMD machine,
transferring the geometrical information from the CAD model to
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the part [3]. Three aspects of the LMD process are particularly
important to this study: Firstly, high cooling rates can be achieved
during solidiﬁcation (~102-105 K1 [2,5e7]) due to the small melt
pool size and effective heat conduction into the underlying layers
and the substrate. Secondly, as the laser passes by a previously
deposited material volume during deposition of neighboring tracks
and subsequent layers, the material experiences cyclic reheating
with gradually decaying temperature. This type of Intrinsic Heat
Treatment (IHT) consists of sharp temperature pulses up to temperatures close to the melting point [5,8,9]. Compared to conventional production, LMD-produced parts, therefore, have a rather
complex thermal history [10]. Thirdly, LMD as a nozzle-based LAM
process, permits tunability of the chemical composition of components even during the manufacturing process by using two or
more powder feeders and a powder mixing chamber before the
feeding nozzle. This does not only enable production of functionally
graded materials (FGMs) [11,12] to obtain different material properties at different positions, but also to quickly iterate materials
compositions to identify the optimum ones [13]. Here, we produce
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samples that are compositionally graded along the build direction
of the part.
Maraging steels belong to a class of Advanced High Strength
Steels (AHSS) that combine ultra-high strength with good toughness and ductility. They are of great importance in tooling, aerospace and energy industries [14e16]. These beneﬁcial mechanical
properties are caused by a martensitic microstructure hardened by
a high density of intermetallic precipitates formed upon aging heat
treatment [17,18]. Due to their low-carbon content, high-Ni maraging steels are typically relatively soft, with tensile strength values
around 1e1.2 GPa and easy to machine in the as-quenched state
[19]. Conventional maraging steels are hardened by a variety of
intermetallic phases such as NiMn (Q-phase), NiAl (bʹ-phase), Ni3Ti
(h-phase), Ni3Al, Fe2Mo (Laves-phase), Ni2AlMn or Ni2AlTi [14,20].
Speciﬁcally, Ti-free maraging steels containing Ni and Al can be
strengthened by the precipitation of ordered b0 -NiAl phase [21e27]
or Ni3Al precipitates [14,18,28,29]. Due to their low lattice
mismatch of 0.14% [26] with the surrounding martensitic matrix,
NiAl precipitates are found to have a spherical shape [30] up to a
size of about 45 nm diameter when they start to adopt a cuboidal
shape. They lose their coherency at rather large sizes of around
150e300 nm and are usually found distributed homogenously
throughout the matrix [26,27]. Furthermore, it has been shown that
precipitation kinetics can be very fast for Al and Ti. Pereloma et al.
[18] found that Ni-Ti Al clusters which formed after only 5 s of
ageing at 550  C lead to a substantial increase in hardness of 200 HV
in a Fe-20Ni-1.8Mn-1.5Ti-0.59Al steel. In a later study they showed
that this rapid clustering was followed by (Ni,Fe)3Ti and
(Ni,Fe)3(Al,Mn) precipitation after aging for 60 s at the same temperature [29]. Taillard et al. [26] observed that an Fe-19Cr-4Ni-1.9Al
alloy reached peak hardness already after 1 min aging at 923  C due
to precipitation of ﬁne NiAl particles. Both, Al and Ti, are therefore
ideal candidates for the production of an in-process precipitation
strengthened maraging steels during the cyclic re-heating associated with the IHT. Here, we study the effect of the IHT in a simple
model ternary maraging steel. Due to the above mentioned
promising features of the NiAl phase, Al was chosen as systematically varied solute element in this study.
Maraging steels are very well suited for LAM due to their low C
content (i.e. good weldability). Furthermore, the high cooling rates
provided by the LAM process are ideal for producing a fully
martensitic microstructure. Additionally, the IHT can be used to
trigger precipitation or clustering that would otherwise require
imposing an additional heat treatment process step in the conventional production of such alloys [31]. The effectiveness of the
IHT on phase transformations has been shown in previous studies
on different alloys such as Ti-6Al-4V [32e34], austenitic stainless
steels [35], martensitic stainless steels [36] and maraging steels
[31]. However, the IHT has not yet been exploited to design new
alloys that are speciﬁcally tailored to the AM process. It has been
proven that maraging steels can be processed by LAM methods (e.g.
LMD [37,38], Selective Laser Melting (SLM) [39]) using existing
commercial alloys. Since these alloys were developed and optimized for a conventional production process they are usually not
necessarily likewise suited to exploit the speciﬁc inherent process
features and advantages associated with the LAM process. For
example, LAM parts made from commercial maraging alloys such
as 18Ni-300 need to undergo an aging heat treatment because of
the relatively sluggish precipitation of Mo-containing precipitate
phases [39]. The aim of the present study is to develop a maraging
steel that fully exploits the capabilities of the LMD process such as
high cooling rate and IHT to produce a microstructure that is
already precipitation strengthened during synthesis in a one step
process without the need for further heat treatment. To the best of
the author's knowledge no previous attempts have been made to
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develop such a maraging steel alloy speciﬁcally designed for the
LAM process. Furthermore, the authors are not aware of any study
in which the Al concentration for a maraging steel was varied up to
25 at%.
Here, we present a methodology to efﬁciently screen different
alloy compositions to identify promising regions for further, indepth studies. Speciﬁcally, we vary the Al concentration of a
model maraging steel (containing 19 at% Ni and varying Al concentrations) to identify an alloy composition that responds well to
the IHT of the LAM process to produce an in-process precipitation
strengthened maraging steel. Precipitation reactions occurring
during this IHT will be investigated using a combination of different
analytical techniques. Atom Probe Tomography (APT), providing
chemical information at near-atomic resolution, is an ideal tool for
analyzing small clusters and precipitates [40e45]. High energy
synchrotron X-Ray diffraction (HEXRD) can provide accurate crystallographic information of the bulk material with high sensitivity
e a technique that is perfectly complementary to APT.
2. Materials and methods
2.1. Additive manufacturing
Samples for this study were produced from metal powders using a 5-axis handling system and a ﬁber coupled diode laser system
LDM 3000-60 by Laserline (Laserline GmbH, Mülheim-K€
arlich)
with a maximum output of 3 kW, a speciﬁc wavelength of 976 nm
and a beam parameter product of 60 mm*mrad. The optical system
consists of a collimation lens (fc ¼ 65 mm) and a focusing lens
(ff ¼ 195 mm) resulting in a ﬁnal beam diameter of 1.8 mm. The
powder is fed by means of a disc-based feeding system Sulzer
€fﬁkon, Switzerland), where
Metco Twin 10C (OC Oerlikon AG, Pfa
the metal powder particles are conveyed by Argon carrier gas. The
used powder feeding system is capable of feeding powder material
by two independent powder containers simultaneously. Both carrier streams can be combined to a single stream by usage of a Ypiece before entering the 3- way nozzle (Fraunhofer ILT, Aachen,
Germany) and ﬁnally the melt pool. Argon is used as a shielding gas
to prevent the melt pool from oxidation. In order to build graded
structures the rotation speed of the discs in both powder containers
can be adjusted to acquire the desired mixture of metal particles
and consequently of the ﬁnal composition of each layer of the bulk
volume.
Graded bulk samples were produced by using a bidirectional
scan strategy, depositing twelve single tracks next to each other
with a constant track offset of 900 mm. Twelve layers were deposited in total with a constant height offset of 700 mm. The laser
power of 640 W and the deposition speed of 600 mm/min were also
kept constant for every layer. The output of the Al feeder is
increased after every second layer starting from 0 g per minute in
steps of 0,1 g/minute while the Fe-19Ni (at%) is kept at a constant
output of 7.2 g/minute in every layer. Using commercially pure Fe
and Ni, the Fe-19Ni (at%) alloy was cast into rods of 75 mm diameter
that were then atomized by TLS (TLS Technik GmbH & Co., Bitterfeld, Germany) using the crucible free Electrode Induction-melting
Gas Atomization (EIGA) process. The particle fraction used was
45e90 mm. The Al powder used was prepared by TLS (TLS Technik
GmbH & Co., Bitterfeld, Germany) with a particle fraction of
20e90 mm.
2.2. Analytical methods
Scanning electron microscopy including Energy Dispersive XRay Spectroscopy (EDS) and Electron Backscatter Diffraction (EBSD)
was performed in a Zeiss 1540XB cross beam Scanning Electron
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Fig. 1. Overview of the two different regions formed in the graded sample depending on the Al concentration; sample prepared parallel to the build direction (BD, indicated by the
solid, vertical arrow) and parallel to the laser scan direction (left to right); (a) Overview of the microstructure as a light optical micrograph plus Al concentration in at% as obtained
from SEM-EDS plotted against the layer number; (b) SEM micrograph (backscatter electron contrast) of the microstructure of the coarse grained ferritic region; (c) Two SEM
micrographs (secondary electron contrast) of the microstructure of the ﬁne grained martensitic region. Areas with cell/dendrite long axes perpendicular (left) and parallel (right) to
the image plane are shown.

Microscope (SEM)-Focused Ion Beam (FIB) setup featuring a
GEMINI I Schottky ﬁeld emission gun electron column. For EDS a
TSL Apollo XL Silicon Drift detector featuring a 30 mm2 detector
area and an energy resolution better than 131 eV (measured at the
MnKa Line) was used. EDSD was performed with an EDAX Hikari
camera using an acceleration voltage of 15 kV. The TSL OIM Analysis™ software (version 7) was used for EBSD data analysis. Samples were prepared using standard metallographic techniques with
a ﬁnishing step of 15 min polishing using colloidal silica suspension
(OP-S from Stuers ApS, Ballerup, Denmark). For light optical microscopy (LOM) and SEM imaging the samples were additionally
etched for 30 s using 5% Nital.
APT samples were prepared by the Standard Lift-Out Process
[46] in a FEI Helios NanoLab 600i FIB/SEM dual beam device,
equipped with an Omniprobe micromanipulator. Tips were placed
on a 6  6 silicon microtip coupon and sharpened by applying
annular milling patterns at 30 kV acceleration voltage with FIB
currents ranging from 0.26 nA for the largest pattern to 46 pA for
the smallest one. At the end, a low kV milling at 5 kV acceleration
voltage and 40 pA was applied to minimize Ga contaminations at
the surface. In this way site speciﬁc sample preparation from
different layers (i.e. different Al concentrations) of the graded
sample were produced. APT experiments were performed in a
Cameca LEAP 3000X HR and LEAP 5000 XS at a pressure of less than
1010 mbar in voltage mode using a pulse frequency of 200 kHz and
a pulse height of either 15% or 20% of the applied voltage. Temperature and evaporation rate were adjusted in such way to make
sure that all Al ions are post ionized and only occur in charge states
of Al2þ and Al3þ but not as Al1þ in order to avoid the peak overlap of
Al1þ with Fe2þ. Hence, temperatures in the range of 60e70 K and
evaporation rates of 1e3% (every 100th to every 33rd voltage pulse
actually triggering an evaporation event) were used. 3D reconstruction was conducted using the commercial software IVAS
version 3.6.14. Voxel-based analysis was performed with a spacing
of 1 nm and a delocalization of 3 nm.
High energy synchrotron X-ray diffraction (HEXRD) was carried
out in transmission mode at the ID22 beamline of the European

Synchrotron Radiation Facility (ESRF, Grenoble, France). A beam
energy of 70 keV, a wavelength of 0.177 Å, an exposure time of 2 s, a
sample-detector distance of 698.2 mm, a slit size of 500  50 mm2
and a Perkin Elmer XRD 1611 image plate detector were used. A
sample of 2  2  25 mm3 was cut from the graded sample with the
long axis being parallel to the build direction (BD) i.e. the Al concentration varies from 0% to approximately 25% along the long axis.
This sample was spun at 300 rpm during acquisition of sequences
of complete Debye-Scherrer rings from the bulk of the sample using
an image plate detector. Starting from the top (highest Al concentration) the measurements were performed with a step size of
0.5 mm down to the bottom of the sample (0% Al concentration).
Instrument parameters of the diffraction setup were obtained using
a LaB6 powder standard. Azimuthal integration of the intensity
along the Debye-Scherrer rings was performed using the software
Fit2d [47,48]. Quantitative phase analysis of the diffraction patterns
was carried out by the Rietveld method as implemented in the
software Maud [49].

3. Results
Fig. 1(a) shows the Al concentration in the different layers of the
graded sample along its build direction. The concentration was
obtained via EDS in the SEM. To minimize the inﬂuence of any inhomogeneity in the microstructure, instead of spot measurements,
rather large areas of 200  200 mm were mapped in the middle of
each layer and then the entire region of the so obtained map was
used for compositional quantiﬁcation. The results show that the Al
concentration varies from 0 at% Al in the bottom layer to approximately 25 at% in the top layer. At around 15 at% Al we observe a
sharp transition (indicated via the dashed, horizontal arrow in
Fig. 1(a)) from a ﬁne grained martensitic microstructure to a coarse
grained ferritic microstructure. SEM images of both microstructures are shown in Fig. 1(b) and (c). The images reveal that
martensitic microstructures were only obtained for Al concentrations below 15 at%. This value can thus be deﬁned as the upper
bound of an Al concentration range when aiming at synthesizing
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Fig. 2. (a) Light optical micrograph showing the cellular/dendritic solidiﬁcation structure. (b) Electron Backscatter Diffraction (EBSD) mapping showing the martensitic microstructure by means of Inverse Pole Figures (IPFs) and the spatial distribution of the two phases martensite (green) and austenite (red) in the same area. The two Inverse Pole
Figure (IPF) maps are shown with respect to normal direction (ND) and laser scan direction (SD). The white, dashed line on the SD IPF map indicates boundaries between dendrite
bundles. For both LOM and EBSD the sample was prepared parallel to the build direction and parallel to the laser scan direction. (For interpretation of the references to colour in this
ﬁgure legend, the reader is referred to the web version of this article.)

maraging steels with good mechanical properties. This compositional range was thus investigated in more detail.
The microstructure in this region consists of very ﬁne solidiﬁcation dendrites. Bundles of these dendrites are growing in the
same direction as shown in Fig. 2(a). Note that the secondary arm
spacing of the dendrites is rather small and in some regions, the
solidiﬁcation structure seems to be almost cellular. These cells
appear equiaxed when viewed perpendicular, lath shaped when
viewed parallel and elongated, elliptical when viewed at an angle.
This ﬁne cellular/dendritic solidiﬁcation morphology is typical of
steels produced by LAM (cf. SLM-produced 18Ni-300 maraging
steel [38,39,50], LMD-produced 316 L stainless steel [6]).
The martensitic microstructure is depicted in the Electron
Backscatter Diffraction (EBSD) mappings of Fig. 2(b). The two Inverse Pole Figure (IPF) maps are shown with respect to normal
direction (ND, normal to sample surface) and laser scan direction
(SD, left to the right). The EBSD mapping depicts multiple dendrite
bundles. Boundaries between these bundles (all of which are highangle boundaries) are highlighted in terms of a white, dashed line

on the SD IPF map. The martensite microstructure is superimposed
on the dendrite solidiﬁcation structure with martensite laths
crossing multiple dendrites of the same orientation. This interpretation is also supported by the SEM images of Fig. 1(c): ﬁne
white lines are crossing multiple dendrite boundaries. The
martensite transformation seems to take place independent of the
individual dendrites within one bundle. Some austenite islands
were also present as can be seen from the phase map of Fig. 2(c).
Rejection of solute atoms at the solidifying dendrite boundaries
[6,7] (i.e. microsegregation during solidiﬁcation) leads to an
enrichment of Ni and Al in the interdendritic space as revealed in
the two EDS maps in Fig. 3. Ni stabilizes the austenite phase, but as
the enrichment of the dendrite boundaries is not homogenous (a
region of stronger enrichment is indicated by a white circle in
Fig. 3), austenite might only occur at certain regions along the
dendrite boundaries where the enrichment in Ni is strong enough
to stabilize austenite in such alloys [17,51e53]. As can be seen from
the Al map of Fig. 3, also few small (100e500 nm) Aluminum oxide
particles were found to be present in the microstructure.

Fig. 3. EDS mappings from layer number 4 containing approximately 10 at% Al performed in the SEM showing Ni and Al enrichment at the dendrite boundaries. The Al rich dots
observed in the Al map (marked by white arrows) were identiﬁed as Aluminum oxide particles. For both, Ni and Al, the Ka line was used for collecting the map signals.
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Fig. 4. (a) Atom maps of the solute atoms Ni and Al showing 100% of the atoms in a
6 nm thick slice through APT datasets obtained at different Al concentrations: bottom
to top: 3.4, 8 and 9 at% respectively. (b) Corresponding concentration normalized RDFs:
3.4 at% Al dotted lines, 8 at% Al dashed lines and 9 at% Al solid lines. At a nominal Al
content of 3.4 at% no clustering occurs. Higher content leads to clear cluster indication.

APT measurements were conducted at three different Al concentrations (i.e. taken from three different layers of the graded
sample). The results are shown in Fig. 4. Fig. 4(a) depicts atom maps
of both solute atoms, Ni and Al, in a 6 nm thick slice through the
APT dataset. At a comparatively low Al concentration of 3.4 at%, a
homogeneous distribution of Ni and Al can be observed while at
higher Al concentrations of 8 at% and 9 at%, clearly clustering of Ni
and Al takes place. The Al content was obtained as the bulk concentration of the respective APT measurement, collected over the

entire tip.
A more quantitative measure of clustering of solute elements is
given in Fig. 4(b) in the form of a Radial Distribution Function (RDF).
A bin width of 0.2 nm was used and the measured concentration at
each point was normalized to the bulk concentration of that
element, i.e. a RDF value of one at a given distance means that it is
as likely to ﬁnd an atom as would be expected from the average
concentration of this type of atom. The RDFs conﬁrm the conclusions from visual inspection of the atom maps: It can be seen that
no clustering takes place at a nominal alloy content of 3.4 at% Al
while Al-Al and Ni-Ni clustering occurs at 8 at% and 9 at% Al. Using
the volume of the reconstruction of the APT tip, the number density
of precipitates was calculated to be 5  1024 particles/m3 and
1.2  1025 particles/m3 for 8 and 9 at% Al, respectively. For each Al
concentration at least 6 APT tips were measured that all showed
approximately the same number density.
In addition to the upper bound for the Al concentration of 15 at%
derived from the requirement to obtain a martensitic microstructure, it is now possible to establish a lower bound for the Al concentration of approximately 3e5 at%. Below this concentration, no
precipitates are formed in the as-produced state by IHT.
Fig. 5 shows a more detailed analysis of an APT dataset containing 8 at% Al. Only one type of precipitates could be identiﬁed.
These nanometer-sized, spherical precipitates are enriched in both
Ni and Al and are shown by means of iso-concentration surfaces in
Fig. 5(a). Based on these surfaces, a proximity histogram was
calculated, Fig. 5(b). These precipitates are enriched to approximately 35e45 at% in Ni and 35 at% in Al. Additionally, they contain a
high amount of Fe of approximately 15e30 at%. The matrix is rather
depleted in Al but still contains rather large amounts of Ni. The
composition obtained experimentally does not ﬁt to either that of
NiAl nor Ni3Al, the two prevalent precipitate phases reported in
literature for similar alloys. This fact is illustrated by the two vertical, blue lines in the proximity histogram of Fig. 5(b) showing the
expected Al concentration for both phases. It is known from literature that there is some solubility of Fe in NiAl [21,22,25,54e56].
Whether Fe occupies the Ni or the Al sublattice sites in NiAl is not
straightforward and seems to depend on the Al concentration [57].
According to Yang et al. [58], Fe occupies the Al sites. Even if it is
assumed that Fe substitutes Al, the ratio of (AlþFe)/Ni is around 1.5
instead of 1 as would be expected for stoichiometric Ni(Al,Fe).
It was therefore not possible to decide unambiguously which
type of precipitate was present in the material from the chemical
information obtained from APT. In addition to a different composition, the two precipitate phases also show a different crystal
structure, namely B2 (NiAl) and L12 (Ni3Al) [24,28,58e62]. Fig. 6(a)
and (b) show a representative 2-q range for HEXRD spectra acquired at Al contents of 10 at% and 20 at% i.e. from the coarse

Fig. 5. (a). Precipitates visualized by drawing an isoconcentration surface at 15 at% Al. (b) Corresponding proximity histogram plotting the chemical composition as a function of the
distance to the isoconcentration surface. Expected Al concentrations for NiAl and Ni3Al are shown.
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Fig. 6. Representative 2-q range of XRD spectra from a layer containing (a) 10 at% Al and (b) 20 at% Al. The expected peak positions for NiAl and Ni3Al are indicated by red, dashed
lines and solid green lines, respectively. All peaks present in the HEXRD spectra are labeled with the corresponding lattice plane families (martensite being represented by ferrite).
(For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the web version of this article.)

Table 1
Phase volume fractions and lattice parameters for martensite/ferrite, austenite and NiAl obtained from Rietveld analysis of the HEXRD patterns at 10 and 20 at% Al
concentrations.
Al content

Martensite/ferrite phase fraction/lattice parameter

Austenite phase fraction/lattice parameter

NiAl phase fraction/lattice parameter

10 at%

85 vol%
2.8720 Å
81 vol%
2.8750 Å

9 vol%
3.6264 Å
4 vol%
3.6264 Å

6 vol%
2.8688 Å
15 vol%
2.8817 Å

20 at%

grained ferritic and ﬁne grained martensitic microstructures
respectively. The expected peak positions for NiAl and Ni3Al are
indicated in the ﬁgure. Note that the martensitic matrix is cubic and
hence indexed by peaks pertaining to ferrite. It is evident that the
precipitate phase is NiAl. The spectra do not show any peak associated with L12 (Ni3Al). The peaks at 3.51 and 6.09 perfectly ﬁt to
NiAl and cannot be produced by any other phase that occurs in the
sample. In addition to the martensitic matrix and NiAl, austenite
was found to be present.
The results of the Rietveld analysis, i.e. the phase volume fractions as well as the lattice parameters for martensite, austenite and
NiAl, are shown in Table 1. The entire 2-q range acquired (2e20 )
was used for the Rietveld analysis. The martensitic microstructure
contains 6 vol% of NiAl precipitates and 9 vol% Austenite.

4. Discussion
The HEXRD measurements reveal that the nanometer sized
precipitates are structured B2 NiAl particles. The fact that the ratio
of (AlþFe)/Ni as measured by APT is not 1, as mentioned above, can
partially be attributed to trajectory aberrations [40] due to different
evaporation ﬁelds of the intermetallic precipitates NiAl and the
matrix [63]. From the proximity histogram shown in Fig. 5(b) we
observe that inside the precipitates the Al content is around 10 at%
lower than the Ni content, which suggests that some Al sites are
occupied by Fe atoms. The precipitate phase can therefore be
written as Ni(Al,Fe) with Fe being approximately 10 at%. Nevertheless, the proximity histogram shows a higher Fe content inside
the precipitate of approximately 15e25 at%. This allows to roughly
estimate the effect of Fe atoms from the matrix being projected into
the precipitate due to the above mentioned trajectory aberrations
to approximately account for the remaining 10e15 at%.

The lattice mismatch between the NiAl precipitate phase and
the surrounding martensitic microstructure was calculated from
the lattice constants obtained from the Rietveld analysis (Table 1) to
be 0.11%. This low lattice mismatch results in a likewise low coherency strain between nucleus and matrix, which in turn is
associated with a low nucleation barrier and hence, high nucleation
rate [64]. This fact can explain the exceptionally high precipitate
density of up to 1.2  1025 m3 found in the current alloy.
Hardness measurements along the varying Al concentration of
the martensitic region of the graded sample were performed to
identify inﬂuence of the high number density of the nanometer
sized precipitates on the mechanical properties. The mean hardness value out of 10 individual measurements is shown for each
layer of the graded sample up to the transition to the coarse ferrite
grains in Fig. 7. The conversion from “layer number” to Al content
was obtained using the Al concentration for each layer from the
SEM-EDS scans as shown in Fig. 1(a). The hardness increases from
300 HV at 0 at% Al up to 525 HV at 12 at%. The microstructure at 0 at
% Al consists of the same cellular/dendritic microstructure (with Ni
enrichment at interdendritic regions) as the higher-Al layers, but
does not contain any precipitates. The steep increase in hardness
with increasing Al content is therefore directly associated with the
precipitation of the high number density of nanometer sized NiAl
particles as well as a reduced contribution from solid-solution
strengthening.
Depositing graded samples by LMD presents an efﬁcient way of
screening a large variety of alloy compositions. However, in such an
experiment, always two parameters, namely the IHT and the alloy
composition, are varied at the same time from layer to layer. The
further downward (i.e. closer to the substrate) a certain layer lies
within a sample, the more layers were deposited on top and thus
the more IHT the layer has experienced. In other words, the bottom

58

P. Kürnsteiner et al. / Acta Materialia 129 (2017) 52e60

2.

3.

Fig. 7. Vickers hardness measurements along the layers of the martensitic region of
the graded sample along the build direction i.e. following the Al gradient. A steep
increase in hardness is observed with increasing Al concentration. Additionally, the
precipitate number density as obtained from APT measurements is plotted in the same
graph for Al concentrations at which APT measurements were available.

4.
layers receive more IHT cycles compared to the top layers of the
same sample. This applies to the present study but does not inﬂuence the main conclusions: if the determining factor for precipitation was the difference in IHT and not the difference in Al
concentration, one would expect to ﬁnd more pronounced precipitation in the lower layers which received more IHT cycles.
However, we observe the opposite, i.e. more pronounced precipitation in the upper layers of the martensitic region which received
less IHT. The more pronounced precipitation in the upper layers can
hence be assigned unambiguously to the higher Al concentration
instead of a more pronounced IHT. This is attributed to the fact that
the graded sample used in this study was built starting from a low
Al concentration at the bottom layers to a high Al level in the top
layers.
From the concentration on the left hand side of the proximity
histogram in Fig. 5(b) it can be seen that only 3e4 at% Al are left in
the matrix. A substantial amount of the total Al content of the alloy
apparently has precipitated from the matrix. Since no subsequent
heat treatment was applied after the LMD manufacturing process,
the precipitation of the high number density of NiAl can be
attributed to the IHT.
In most LAM-processes used to synthesize metallic materials,
the dominating pathway of heat removal is conduction away from
the position of heat input (i.e. the melt pool) to the substrate
through the previously deposited layers. This means that all these
LAM processes always include an IHT. The strength of the IHT is
strongly dependent on the process parameters and on the type of
LAM processes applied e.g. the speciﬁc IHT is typically stronger in
LMD than in SLM [31]. Furthermore, the effect of the IHT on the
material microstructure is obviously substantially different for
different alloys [35,65].
In this study a combination of alloy and process parameters was
established that results in a pronounced in-process precipitation
strengthening. For different process-material combinations the
effect of the IHT might be very different. Nevertheless, the IHT
might play an important role in all heat treatable alloys used in LAM
processes, for example Al-Sc(-Zr), and should always be taken into
account when designing alloys and heat treatments for such alloys.
5. Conclusions
1. This study presents the successful development of a model
maraging steel alloy consisting of Fe, Ni and Al, that shows a
pronounced response to the intrinsic heat treatment (IHT)

5.

imposed during a Laser Additive Manufacturing (LAM) process.
Without any further heat treatment, it was possible to produce a
maraging steel that is intrinsically precipitation strengthened by
an extremely high number density of 1.2  1025 m3 NiAl
nanoparticles of 2e4 nm size. The high number density is
related to the low lattice mismatch between the martensitic
matrix and the NiAl phase.
Using a compositionally graded specimen, a large region in
composition space in an Fe-19Ni-xAl (at%) alloy with x ranging
from 0 to roughly 25 at% was screened to identify promising
compositional regions for further studies.
The upper bound of Al concentrations that yields the desired
martensitic microstructure was identiﬁed to be approximately
15 at%. Above this concentration, a coarse grained ferritic
microstructure was formed instead of the desired martensitic
one. The lower compositional bound was determined to be
roughly 3e5 at%. Below this concentration, no NiAl precipitates
are formed by the IHT. Within the process window between the
lower and upper bound, the hardness increased with increasing
Al concentration.
Atom Probe Tomography was capable of quantifying the high
number density of nanoparticles present in speciﬁc layers of the
LAM sample. Using high energy X-ray diffraction, the crystal
structure of the precipitate phase was conﬁrmed to be B2 NiAl.
Different from the expected NiAl stoichiometry the Al content
was found to be lower than that of Ni and a signiﬁcant amount of
Fe was present in the precipitate. This was partly attributed to
artifacts from the ﬁeld evaporation process of APT and partly to
Fe replacing some Al in the precipitate.
The pronounced effect of the IHT on the ternary Fe-Ni-Al model
alloy as found in this study shows the opportunities for development of alloys that are speciﬁcally designed for LAMprocesses exploiting the unique features of these processes
such as the IHT.
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