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Austenite (g) reversion in a cold-rolled 17.6 wt.% Mn steel was tracked by means of dilatometry and insitu magnetic measurements during slow continuous annealing. A splitting of the g-reversion into two
stages was observed to be a result of strong elemental partitioning between g and a0 -martensite during
the low temperature stage between 390 and 575  C. Atom probe tomography (APT) results enable the
characterization of the Mn-enriched reversed-g and the Mn-depleted remaining a0 -martensite. Because
of its lower Mn content, the reversion of the remaining a0 -martensite into austenite takes place at a
higher temperature range between 600 and 685  C. APT results agree with partitioning predictions made
by thermo-kinetic simulations of the continuous annealing process. The critical composition for gnucleation was predicted by thermodynamic calculations (Thermo-Calc) and a good agreement was
found with the APT data. Additional thermo-kinetic simulations were conducted to evaluate
partitioning-governed g-growth during isothermal annealing at 500  C and 600  C. Si partitioning to g
was predicted by DICTRA and conﬁrmed by APT. Si accumulates near the moving interface during ggrowth and homogenizes over time. We used the chemical composition of the remaining a0 -martensite
from APT data to calculate its Curie temperature (TCurie) and found good agreement with magnetic
measurements. These results indicate that elemental partitioning strongly inﬂuences not only g-reversion but also the TCurie of this steel. The results are important to better understand the thermodynamics
and kinetics of austenite reversion for a wide range of Mn containing steels and its effect on magnetic
properties.
© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
During the last decades, high-Mn steels have received
increasing attention for automotive applications due to the possibility of car-body weight reduction without compromising crashworthy properties [1e5]. These steels combine high strength and
outstanding ductility by activating complex strain-hardening
mechanisms such as planar dislocation glide, transformationinduced plasticity (TRIP), and twinning-induced plasticity (TWIP)
[6]. With regard to the TRIP effect, metastable austenite (g) is prone
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to transform into hcp ε- and/or bcc a0 -martensites [7e9]. In this
context, excellent strain hardening rates are observed due to a twostage TRIP effect (g / ε / a0 ), for which ε-martensite acts as an
intermediate phase for a0 -formation [10e13]. Additionally, nucleation of strain-induced a0 -martensite (SIM) is also observed at intersections of phase regions and defects such as ε-martensite,
mechanical twins, stacking faults and shear bands [14e18].
Advanced Mn-based steel variants have also been designed by
means of precipitation reactions, grain reﬁnement [5], and grain
boundary segregation engineering [19]. The absence of pronounced
anisotropy in both mechanical properties and crystallographic
textures are among the advantages of strengthening by grain
reﬁnement [20]. This can be achieved by austenite reversion (a’ /
g) treatments, as reported for austenitic high-Mn TRIP steels
[20,21]. In this scenario, Mn diffusion plays a key role since it
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exhibits very low diffusivity in austenite with a diffusion constant
of Dg ¼ 5.89 x 1024 m2s1 [22]. The high Mn diffusivity in a0 martensite (Da’ ¼ 7.56 x 1021 m2s1), however, creates a Mn ﬂux
into the growing austenite. As a result, strong partitioning and
segregation effect can occur at a’/g interfaces and grain boundaries
[22].
The complex interplay of elemental redistribution and the
associated thermodynamics and kinetics of the reversion from a0
into g on the one hand [23e25] and the importance of this transformation for a variety of steels on the other hand [26e29] have
thus served as motivation for the present study. In order to observe
these phenomena in a well-controlled manner and at the same
enable tracking the reversion by a variety of probes including
magnetism, dilatometry, microstructure and atom probe tomography we conducted slow continuous annealing treatments. In this
case the development and inﬂuence of elemental partitioning can
be well studied during g-reversion, particularly in Fe-Mn alloys
owing to the high difference in Mn diffusion between the two
phases [30]. At slow heating rates, long-range diffusional processes
favor matrix partitioning into solute-rich (e.g. Mn) and solutedepleted zones. In this case, Mn-enriched and depleted regions
are observed to be reversed austenite and remaining a0 , respectively. Due to lower amounts of solute in the remaining a’, its
transformation to austenite is delayed to higher temperatures.
Therefore, a splitting of the g-reversion into two stages is clearly
observed under such annealing conditions.
g-reversion during slow continuous annealing has been reported to proceed in different kinetic steps in maraging steels
[31,32], binary and ternary alloys such as Fe-Mn/Fe-Mn-Pd [30]. In
all these studies, however, the initial martensitic microstructures
from which the g-reversion proceeds were of lath-type, obtained
by quenching. Here, we evaluate austenite reversion for straininduced martensite in a 17.6Mn-TRIP steel. For this purpose, the
steel was cold-rolled up to 80% of thickness reduction (ε ¼ 1.56).
Slow annealing treatments were conducted using both continuous
dilatometry and in-situ magnetic probing up to 800  C. Further
interrupted dilatometry was also performed at intermediate stages
of g-reversion. The microstructure was characterized by highresolution electron backscatter diffraction (EBSD). Chemical gradients between austenite and martensite for representative samples
were investigated by atom probe tomography (APT) [19,22,33e35].
The experimental data were compared with thermo-kinetic and
thermodynamic simulations, using DICTRA and Thermo-Calc,
respectively. The growth of austenite during isothermal annealing
was also evaluated by combining thermo-kinetic simulations with
APT results. In a recent work, Dastur et al. [36] evaluated the Mn
partitioning in an 18 wt.% Mn steel by tracking changes of the Curie
temperature (TCurie) of a0 -martensite. Here we use the elemental
partitioning observed by APT and predicted by simulation to
calculate TCurie of the 17.6Mn-TRIP steel. The results were comparable to the TCurie values observed experimentally by means of insitu magnetic measurements. This result shows that the ferromagnetic behavior of the a0 -martensite is linked to its elemental
partitioning (viz. Mn, Al, and Si) which takes place during austenite
reversion.
2. Experimental procedures
2.1. Material and cold rolling
Table 1 shows the chemical composition of the investigated
steel. The as-received material was a fully-recrystallized 7-mmthick plate, mainly composed of austenite (g) and relatively small
amounts of athermal ε- and a0 -martensite. The as-received material
was rolled to an equivalent logarithmic strain (ε) of 1.56 (or 80% of
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Table 1
Chemical composition of the studied steel expressed in terms of both wt.% and at.%.

wt.%
at.%

Mn

Si

Al

C

N

17.6
16.9

3.22
6.1

1.71
3.4

0.042
0.19

0.014
0.05

thickness reduction) in multiple passes at room temperature.
2.2. Slow continuous annealing (dilatometry and in-situ magnetic
measurements)
2.2.1. Dilatometry experiments
For dilatometry, samples were cut from the 80% cold-rolled steel
with dimensions of 10 x 1.5  5 mm3, with the largest dimension
 direction

(Lo ¼ 10 mm) taken parallel to the rolling
(RD). The relative changes in length of the material DL0L were tracked using a
Linseis L75 Platinum dilatometer. Annealing was conducted from
room temperature up to temperatures of 505, 660, and 800  C. In all
treatments, heating and cooling rates were 0.05  C/s and - 0.05  C/s,
respectively. All experiments were performed under argon
atmosphere.
2.2.2. In-situ magnetic measurements
Additionally, samples from the 80% cold-rolled steel were also
cut with dimensions of approximately 5 x 1.5  1 mm3 (with the
5 mm dimension//RD). Using the same protocol as the one used for
dilatometry (Section 2.2.1), the samples were annealed up to 800  C
in a Vibrating Sample Magnetometer (VSM e Lakeshore, model
7404), under argon atmosphere (3 ppm humidity and 1 ppm of
O2). Both, heating and cooling processes were conducted in the
presence of an external magnetic ﬁeld of 90 Oe, applied parallel to
the RD.
2.3. Isothermal annealing at 600  C
For isothermal annealing experiment, one additional sample
with dimensions of approximately 5 x 1.5  1 mm3 was taken from
the 80% cold-rolled steel and annealed at 600  C for 5 min under
argon atmosphere.
2.4. Microstructural characterization
All samples were ground and polished with silica suspension
(100e200 nm). For microstructural characterization, the samples
were evaluated using a JEOL-6500F ﬁeld-emission scanning electron microscope (SEM) coupled with an electron backscatter
diffraction (EBSD) system (EDAX Hikari). High-resolution EBSD
maps were acquired with a step size of 50 nm. Conﬁdence index
(CI) standardization procedure was adopted as a cleanup protocol.
Furthermore, data points with CI lower than 0.1 were removed
from the maps.
2.5. Thermodynamic and thermo-kinetic simulations
Based on the chemical composition of the steel (Table 1), stability of the phases in thermodynamic equilibrium was calculated
using Thermo-Calc in conjunction with the database TCFE9
[37e39]. Additionally, the diffusion-controlled phase transformation was simulated using DICTRA in conjunction with the
mobility database MOBFE4 [40e42].
2.6. Atom probe tomography (APT)
APT measurements were performed for the sample subjected to
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dilatometry interrupted at 505  C and for the sample isothermally
annealed at 600  C for 5 min. Needle-shape specimens were prepared for APT using a FEI Helios 600i dual-beam FIB/SEM. For
extraction of the specimens, a FIB lift-out method was adopted as
reported in Ref. [43]. All specimens were mounted on Si micro-tips
and sharpened by annular ion milling. APT was performed on a
LEAP 5000 XS straight ﬂight path instrument for highest reconstruction accuracy at 60 K in laser-pulse mode operated at 40 pJ
pulse energy. The wavelength, pulse and detection rates of the laser
were 355 nm, 500 kHz and 1.5 ions detected on average per 100
pulses, respectively. For data reconstruction and evaluation, the
Cameca IVAS® analysis software was used following the protocol
reported by Geiser and co-authors [44].
3. Experimental results
3.1. Microstructural characterization of the as-received and ε
¼ 1.56 steels
Fig. 1 (a) and (b) show EBSD maps of the as-received and 80%
cold-rolled materials, respectively. For the as-received condition,
fully-recrystallized g-grains are noticed, partially subdivided by
athermal ε-plates. Small a0 -martensite laths are also found, only
within the ε-martensite regions. In a preceding study, the amounts
of g, ε, and a0 for the as-received material were determined as being
0.87, 0.11, and 0.02 respectively [45]. The 80% cold-rolled (ε ¼ 1.56)
material is mainly composed of elongated strain-induced a0 martensite (SIM) grains which are parallel to the RD. Traces of
remaining ε-martensite could also be indexed for this condition, as
shown in Fig. 1 (b).
3.2. Slow continuous annealing
3.2.1. Dilatometry experiments
Starting from the 80% cold-rolled state, the stability of the a0 -

martensite was evaluated during slow continuous annealing. The
relative changes in length DL0L of the cold-rolled material as a function of temperature are shown in Fig. 2 (a). The corresponding
derivative curve over the course of the heating process is depicted
in Fig. 2 (b). Fig. 2 (a) reveals two contraction events, indicating that
the a’ / g transformation splits into two distinct stages [46,47].
 
Consequently,
two negative peaks are observed in the derivative
d DL L
0
,
viz.
at
505
and 660  C (Fig. 2 b). For both stages of the gdT
reversion, the starting (As) and ﬁnishing (Af) temperatures were
determined as those values where DL0L deviates from linearity.
Therefore, the ﬁrst stage of g-reversion starts and ﬁnishes at ~390
(A1st-stage
) and ~575  C (A1st-stage
), respectively. By using the same
s
f
approach for the second stage of g-reversion, A2nd-stage
and A2nds
f
stage

are, respectively, ~600 and ~685 C. Fig. 2 shows that the ﬁrst
stage of g-reversion extends over a broader temperature range
when compared to the second one. Additionally, the observed
magnitude of contraction is smaller for the second stage. Similar
results were reported by Mozsner et al. [30] for binary Fe-Mn alloys
containing 5 and 10 wt.% Mn.

3.2.2. In-situ magnetic measurements
The magnetization (M) of the material during heating (red
curve) and cooling (blue curve) is reported in Fig. 3 (a). The corresponding derivative dM
during the heating stage is displayed in
dT
Fig. 3 (b). Fig. 3 (a) reveals that the magnetization of the material
starts to decrease at ~ 375  C. From this temperature on, the everdecreasing values of M reach a maximum rate at 505  C, as
clearly evidenced by the ﬁrst peak (at 505  C) in the dM
curve
dT
(Fig. 3b). Such loss in magnetization with temperature can be ﬁrstly
attributed to relaxation of the magneto-crystalline constants [48].
However, the main reason for such behavior is the reduction in
volume fraction of the ferromagnetic phase (a0 -martensite), i.e. the
progressing g-reversion. Besides, these results agree well with
dilatometric measurements (Fig. 2 b). As shown in Fig. 3 (a), the
magnetization continuously decreases for higher temperatures

Fig. 1. EBSD phase maps: (a) as-received condition. (b) 80%-cold-rolled sample. In these maps, austenite, ε- and a0 -martensite are represented by green, yellow, and red,
respectively. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the Web version of this article.)
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Fig. 2. Dilatometry measurements for the 80% cold-rolled steel. For this measurement
the specimen was annealed from room temperature up to 800  C with a heating rate of
0.05  C/s. In this ﬁgure, Lo is the initial length of the specimen, taken parallel to the RD
of the 80% cold-rolled plate. (a) Relative changes in length (DL/Lo) of the specimen. (b)
Corresponding derivative curve d(DL/Lo)/dT for the heating process.

until it sharply drops to values lower than 1 emu/g at 625  C,
evidencing that the Curie temperature of the remaining a0 martensite has been reached. A careful inspection of Fig. 3 (a),
however, reveals that a completely paramagnetic behavior is only
reached for temperatures above ~ 750  C. By cooling the system in
the presence of the external ﬁeld, a low magnetic signal re-appears
at ~750  C as shown in the inset of Fig. 3 (a). Such results allow us to
infer that the analyzed sample presents a second Curie temperature
at ~750  C, arising from a residual ferromagnetic phase.
Further metallographic inspection of the specimen subjected to
this in-situ magnetic measurement reveals the absence of
remaining a0 -martensite in the bulk, as demonstrated by Fig. 4 (a).
Besides, we can clearly distinguish ferrite zones mixed with
oxidized regions near the surface (Fig. 4b). This observation leads us
to conclude that the formation of complex Fe-Mn-based oxides
during the experiment allows the stabilization of Mn-depleted
zones (ferrite) close to the surface, whose Curie temperature was
found to be ~750  C [49,50].
3.3. Microstructural characterization at intermediate stages of the

g-reversion
To obtain further microstructural information at intermediate
stages of the g-reversion, EBSD characterization was conducted on
samples annealed up to 505 and 660  C from dilatometry testing.
As previously seen in Fig. 2 (a), such temperatures presented the
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Fig. 3. (a) In-situ magnetic measurements (heating) conducted from room temperature up to 800  C with a rate of 0.05  C/s, in the presence of an external magnetic ﬁeld
of 90 Oe (red curve). The cooling process was performed using a rate of - 0.05  C/s with
the same external magnetic ﬁeld (blue curve). In this ﬁgure, M is the magnetization of
the specimen at 90 Oe, given in emu/g. (b) Corresponding derivate curve (dM/dT) for
the heating process. (For interpretation of the references to colour in this ﬁgure legend,
the reader is referred to the Web version of this article.)

 
d

DL
L

maximum rate of contraction dT0 during annealing, i.e. the
maximum rate of g-formation. Fig. 5 (a) shows the phase map of
the material annealed up to 505  C, where we observe ultraﬁne
reversed austenite (0.12 ± 0.09 mm2) dispersed within a tempered
a0 -matrix. Some austenite grains in this microstructure assume a
near-equiaxial shape, while others are elongated. Fig. 5 (b) shows
the phase map related to the sample continuously annealed up to
660  C. In this case, we observe a predominant equiaxed microstructure, which is primarily austenitic, as expected. In turn,
remaining a0 -martensite is dispersed in the microstructure displaying both equiaxed and elongated morphologies.
3.4. Diffusion-controlled transformations simulated using the
DICTRA method
Diffusion simulations in the vicinity of the g/a0 interface were
performed by means of the DICTRA approach. For this purpose, a
linear cell geometry with a planar interface between the phases is
used as has been suggested in preceding studies [22]. In our case,
the a0 -martensitic microstructure of the cold-rolled steel was represented by a cell of 1 mm length. Fig. 6 (a) schematically shows the
growth of a 0.3 mm region corresponding to g during the simulations. At this point, it is worth to mention that bcc a0 -martensite is
usually taken as ferrite a in thermodynamic calculations [22].
Although kinetic parameters may vary between ferrite and a0 martensite due to lattice distortion and the enhanced dislocation
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Fig. 4. Metallographic inspection of the 80% cold-rolled steel after being submitted to the in-situ magnetic measurements. EBSD maps were conducted in the central region of the
sample (a), as well as near its surface (b).

Fig. 5. (a) EBSD map of the 80% cold-rolled sample continuously annealed up to 505  C. (b) EBSD map of the 80% cold-rolled steel continuously annealed up to 660  C. In both
ﬁgures, austenite and a0 -martensite are represented by green and red, respectively. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the
Web version of this article.)
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Fig. 6. (a). Schematic representation of the cell used for thermo-kinetic simulations
(DICTRA). The cell (1 mm) shows the growth of a 0.3 mm austenite as an example. The
density of points becomes higher near the surface. (b) Changes in chemical composition across g/a0 interface during continuous annealing with a heating rate of 0.05  C/
s, predicted by means of thermo-kinetics simulations with the aid of software DICTRA.

density, satisfactory results were obtained when using the ferrite
parameters as will be shown below.
The cell was also discretized as a linear grid and set as a geometric series. The density of points becomes higher near the
interface. The chemical composition adopted for a0 was the global
chemical composition of the steel (Table 1). Because of the relatively low amounts of C and N in this steel only Fe, Mn, Al, and Si
were considered in the kinetic DICTRA simulations. When C was
included in the simulations, DICTRA did not succeed at ﬁnding the
equilibrium point for austenite by considering that M23C6 carbide is
the stable phase at 400  C rather than austenite. The possible effect
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of C on the austenite reversion kinetics was discussed in Ref. [35]. It
was shown that for a Fe7Mn0.5Si0.1C (wt.%) alloy annealed at
450  C, Mn-enriched g-nuclei can be poisoned by C and get converted into carbide nuclei, delaying the kinetics of g-formation. For
the present steel, we calculated the equilibrium amount of C
remaining in the bcc a0 -martensite matrix after the possible formation of the M23C6 with the aid of Thermo-Calc. Results showed
that most of C is consumed by M23C6 formation so that austenite
nucleation and growth at 400  C would occur in the near absence of
C, allowing us to neglect C from DICTRA simulations. In Section 3.6,
it will be demonstrated that there is a very good agreement between the kinetic simulations (without considering C) and the
experimental results. These observations reveal that the thermokinetic simulations are sufﬁciently reliable, suggesting that the
low amount of C in the present steel (0.19 at.%, which corresponds
to 0.042 wt.%) plays a minor effect on austenite nucleation and
growth. After setting the boundary conditions, the simulation was
performed using a heating rate of 0.05  C/s within the temperature
range of 400e800  C.
Fig. 6 (b) displays the DICTRA predicted changes in chemical
composition across the g/a0 interface over the course of the
continuous annealing. The ﬁrst important observation is the partitioning of Mn between g and a'. In fact, at the onset of the simulations (400  C), 27 at.% of Mn is observed on the g-side of the
interface whilst the a0 -side displays a drastically Mn-depleted zone
with a composition of 4.9 at.%. As the annealing proceeds up to
600  C (i.e. onset of the second stage of the g-reversion), the
composition of Mn in the austenite continuously decreases until
reaching 16.20 at.%. The Mn-composition proﬁle inside the a0 martensite remains nearly unchanged up to 575  C. From this
temperature on, its composition slightly increases reaching a value
of 5.53 at.% at 600  C. Within the temperature range of 400e600  C,
an overall view of the chemical proﬁles shows that Si on the g-side
of the interface remains nearly unchanged with values of
6.4 ± 0.2 at.%. On the a0 -martensite side, however, the Si content
drops from 5.7 to 4.5 at.% at 600  C. Regarding the Al compositions,
a0 -martensite seems to be prone to retain a higher Al content
during annealing. Both, g and a0 adjacent to the interface display an
increase in Al composition with increasing annealing temperature
up to 600  C. These results clearly support the observation that
long-range diffusion is required within the temperature range of
the ﬁrst stage of the g-reversion. As a consequence of the Mn
depletion in the remaining martensite, its reversion is expected to
be delayed to higher temperatures.
By continuing the simulations from 600  C on, results suggest
that the remaining a0 -martensite is stable not only along the second
stage of the g-reversion but also in the expected g single-phase
ﬁeld. These results clearly deviate from the observations made by
using dilatometry and in-situ magnetic measurements (Section
3.2). DICTRA simulations are based on diffusion-controlled reactions [40e42]. Therefore, the discrepancy presented here suggests that long-range partitioning does not entirely control the
course of the second stage of the g-reversion.
3.5. Atom probe tomography (APT) measurements
APT measurements were conducted for the sample annealed up
to 505  C to obtain detailed data on chemical gradients across the g/
a0 interfaces developed during the ﬁrst stage of the g-reversion.
Fig. 7 (a) presents the three-dimensional reconstruction for the
sample annealed up to 505  C, for which two g/a0 interfaces were
investigated. In this ﬁgure, the blue arrow indicates the sense of
rotation of the tomographic reconstruction to facilitate visualization of the second interface. Iso-composition surfaces for Mn (yellow) corresponding to threshold values of 20 at.% are also included
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Fig. 7. Atom probe tomography results for the 80% cold-rolled sample continuously annealed up to 505  C. (a) Three-dimensional reconstruction of the specimen. Yellow and blue
spheres represent Mn and Al ions, respectively. The iso-composition surfaces for Mn were constructed by using a threshold value of 20 at.%. Blue clusters indicate Al-rich nanoparticles in a0 -martensite. (b) chemical proﬁle obtained from the volume delimitated by the cylinder “1” in (a). (c) chemical proﬁle obtained from the volume delimited by cylinder
“2” in (a). (d) two-dimensional composition maps obtained from the reconstructed specimens in (a). (e) Enlarged view of the black frames displayed in (d). (For interpretation of the
references to colour in this ﬁgure legend, the reader is referred to the Web version of this article.)
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in this ﬁgure. The precipitation of Al-rich nanoparticles is revealed
in terms of iso-composition surfaces with a 5 at.% threshold in Fig. 7
(a). Further characterization of these precipitates is beyond the
scope of the present work. Nevertheless, they seem to be formed
within the remaining a0 -martensite indicating that precipitation
aging in this phase can take place before or concurrently to greversion.
The composition proﬁles calculated along the cylinders shown
in Fig. 7 (a) are plotted in Fig. 7 (b) and (c). Mn compositions as high
as 29.37 at.% can be found in the interior of g whilst the remaining
a0 -martensite contains only ~10 at.% of Mn. Furthermore, Mndepletion is also noticeable near the interface on the a0 -side
(4.83 at.%). Al seems to partition preferentially to a'. At this point it
is important to mention that these Al composition values may
present a slight underestimation due to partial overlapping Fe and
Al peaks in the mass spectrum [51]. In this case, one can also bear in
mind the likely inﬂuence of instrumental parameters on nonpreferential evaporation of certain ions [52]. The partitioning of Si
at g/a0 interfaces can be evaluated using the two-dimensional
composition maps displayed in Fig. 7 (d). From this ﬁgure, both
austenite and a0 -martensite can be clearly distinguished in terms of
their respective compositions, particularly their Mn and Al content.
The presence of Al-clusters is also evident within the a0 -martensite.
Therefore, by using such differences in the Mn and Al content inside
the grains, we can identify g/g, g/a0 , and a'/a0 interfaces (see black
frames in this ﬁgure). Additionally, Si accumulates to practically all
of these interfaces and thus also helps revealing them in the APT
data sets, as highlighted in Fig. 7 (e). At this point, one can bear in
mind a minor inﬂuence of preferred evaporation of elements (i.e.
instrumental artifacts) [52]. However, the most prominent cause
for Si enrichment at the interfaces can be attributed to the differences of its kinetics within both g and a0 , since solute partitioning
takes place to keep the local equilibrium at the interfaces.
We conducted further APT analysis on a sample annealed at
600  C for 5 min. An isothermal annealing treatment was performed and mapped by EBSD to ensure that representative regions
were chosen for extracting specimens for APT probing, Fig. 8 (a).
Also, this temperature lies in the vicinity of the Curie temperature
(viz. 625  C). In light of these observations, this short isothermal
annealing at 600  C should trigger the second stage of the greversion. The corresponding reconstructed APT dataset is shown
in Fig. 8 (b). Mn ions in this ﬁgure are represented by yellows
spheres. The iso-composition surfaces for Mn, in turn, were constructed using a threshold value of 12 at.%. From the volume
delimitated by the cylinders in Fig. 8 (b), we collected chemical
proﬁles, as displayed in the same ﬁgure. From these proﬁles, we still
observe partitioning of Mn and Al across the g/a0 interfaces. The
compositions of Mn vary from ~18 to 24 at.% within the austenite,
and ~6 at.% of Mn in the remaining a'. Again, Al partitions to a0 ,
although no Al-rich particles were observed in this sample. Si
segregation on the g-side of the interface is also quite noticeable.
For this condition, we also show as an example the C proﬁle obtained from APT probing from the region highlighted by cylinder 1
(Fig. 8b). As expected, higher amounts of C are observed within g
compared to a0 -martensite. Accumulations of C at the left-hand
side of the g/a0 interface are also evident.
Fig. 8 (c) shows two-dimensional composition maps collected
from the reconstructed specimen (Fig. 8 a). In this ﬁgure, it is
possible to distinguish austenite and a0 -martensite grains due to
the composition of their elements. Regarding Al and Mn proﬁles,
we clearly see that heterogeneous distributions are present within
g and a'. The presence of conﬁned g-zones with 24 at.% of Mn will
be discussed below. In this ﬁgure, we also see local Si accumulation
near the g/g and g/a0 interfaces, whose composition ranges from 5
to 6 at.%. Similarly to Fig. 7 (d), solute partitioning is required to
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keep the local equilibrium at the interfaces. Therefore, different Si
kinetics between phases may explain its piling up. For this sample,
however, no information regarding Si accumulation at a'/a0 interface can be inferred since we did not succeed in acquiring such
boundary type.
3.6. Comparison between DICTRA simulated and APT results
The changes in Mn composition across the moving g/a’ interface
simulated by DICTRA and displayed above in Fig. 6 (b) are reproduced in this section in the form of Mn-proﬁles for a continuous
annealing process up to 505  C (Fig. 9a) and 600  C (Fig. 9b),
respectively. For comparison, Figs. 9 (a) and (b) also display the Mnproﬁles obtained from APT measurements as shown in Fig. 7 (b)
and 8 (b) (cylinder 1), respectively. Fig. 9 clearly demonstrates that
the partitioning behavior observed for Mn between g and a0 is
practically the same as the one predicted by the DICTRA simulations for the local equilibrium at the interface. As mentioned in
Section 3.4, Thermo-Calc calculations showed that most of C in our
steel is expected to be consumed during M23C6 formation in the
early beginning of the continuous annealing. Consequently, only a
negligible amount of C would be available to participate of the greversion. In light of these observations and the very good quantitative agreement revealed in Fig. 9 lead us to conclude that the
low C content of the present steel (0.19 at.%, which corresponds to
0.042 wt.%) exerts only a minor effect on the austenite formation
kinetics, differently from medium-Mn steels containing higher
amounts of C (0.1 wt.%) [35].”
4. Discussion
4.1. Thermodynamic simulations and dilatometry results
Fig. 10 shows an isopleth of the Fe-Mn-Al-Si-C system, calculated using Thermo-Calc. Differently from the kinetic simulations
(section 3.4), here C was also considered for the thermodynamic
simulations. In Fig. 10, the chemical composition of the present
steel is highlighted, as well as the start (As) and ﬁnish (Af) temperatures for both g-reversion stages. By using the lever rule and
taking into account the dilatometry values of DL0L from Fig. 2 (a), the
volume fractions of austenite during continuous annealing were
also determined [53] and values are reported in Fig. 10. In this
ﬁgure, the experimental value for A1st-stage
lies approximately in the
s
beginning of the intercritical ﬁeld (a þ g). However, at A1stf
stage
¼ 575  C, 42% of the microstructure is still composed of
remaining a0 -martensite. In other words, the a' / g transformation
is not complete when the g single-phase ﬁeld is expected to initiate,
viz. at 585  C. As previously observed by means of APT and DICTRA
simulations, such differences arise from the strong chemical partitioning between g and a'. The thermodynamic equilibrium used
as a basis for constructing Fig. 10 provides only long-term (inﬁnite)
partitioning ranges and phase regions. However, the growth of
austenite is controlled by local equilibrium (LE) at the interface
[19,22]. For instance, at A1st-stage
, the g/a0 interface grows towards a0
f
under a local equilibrium given by 17.3 and 5.1 at.% of Mn at g and a0
sides, respectively (see Fig. 6). As a ﬁrst consequence, the chemical
composition of reversed austenite differs considerably from the
global chemical composition of the steel (Table 1). Due to such
changes, new equilibrium conditions are established and the
remaining depleted-solute a0 transforms into g at higher temperatures. In addition, the second peak associated with the reversion
occurs just after the loss of ferromagnetism of the remaining a'
(625  C), i.e. the remaining a0 transforms back to austenite in a state
of paramagnetism.
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Fig. 8. (a) EBSD map of the 80% cold-rolled steel isothermally annealed at 600  C for 5 min. Green and red regions represent austenite and remaining a0 , respectively. (b) Corresponding three-dimensional reconstructed APT specimen. Yellow spheres represent Mn ions. Iso-composition surfaces were constructed with a threshold value of 12 at.%. The
chemical proﬁles displayed in this ﬁgure were taken from the cylinders labeled as “1” and ”2” within the reconstructed specimen. (c) Two-dimensional composition maps taken
from (b). (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the Web version of this article.)
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Fig. 9. Comparison between the Mn proﬁles obtained via APT with those obtained via DICTRA simulations (where no C content was included in the calculation) for (a) the
continuous annealing up to 505  C and (b) at 600  C.

4.2. g-reversion mechanisms
After nucleation, austenite grows essentially by either a diffusion- or an interface-controlled mechanism. The former involves
long-range diffusion of elements, while for the latter, diffusion
takes place only in a short-range, i.e. near the moving g/a0 interface.
In this case, both parent and product phases assume the same
chemical composition, i.e. the transformation proceeds locally
partitionless [54]. For the steel studied, Fig. 11 shows the driving
force for austenite formation driven by long-range (partitioning)
and short-range (partitionless) diffusion. In this context, the driving
force demonstrates how far the system is driven locally from the
global equilibrium suggested by the phase diagram. The driving
force magnitude for the a’ / g reaction controlled by the longrange partitioning regime was evaluated according to the
approach implemented in Thermo-Calc for driving force calculations. For the present case, the partitioning driving force is
approximated as the local difference in free energy between the
matrix (a0 ) and the equilibrium point of a a'/g mixture. It is worth
mentioning that the additional free energy contribution due to the

capillarity of the nucleus (interfacial energy) is not considered in
such procedure. The partitionless driving force, in turn, is given by
the difference in free energy of the parent and product phases.
In Fig. 11, T0 is the temperature where the free energies of g and
a0 -martensite are identical (without taking into account the additional free energy contribution due to the capillarity of the nucleus). For temperatures below T0 ¼ 350  C, the partitionless
driving force is negative and the g-reversion can only be driven by
the partitioning mechanism. In this work, we notice that the temperature of the onset of the g-reversion is higher than T0; i.e., in the
temperature range where both mechanisms could be expected.
However, the pronounced elemental partitioning observed by APT
and DICTRA simulations between the adjacent phases (Fig. 6)
suggests that the g-reversion is mainly driven by the partitioning
mechanism at its onset. By increasing the temperature to a value
above T0, the behavior of both, the partitioning and the partitionless curves, displays opposite trends. However, within the range of
350e660  C, the driving force for a partitioning reversion is always
higher than the corresponding value obtained when assuming a
partitionless transformation mechanism. The progress of the a’ /
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Fig. 10. Isopleth of the Fe-Mn-Al-Si-C system. The global chemical composition of the
present steel is highlighted by the blue-dashed vertical line. The start (A1s ) and ﬁnish
(A1f ) temperatures for the ﬁrst stage of g-reversion are indicated by green stars;
Analogously, A2s and A2f for the second stage of g-reversion are represented by orange
stars. The volume fraction of austenite for representative temperatures is represented
as well. (For interpretation of the references to colour in this ﬁgure legend, the reader
is referred to the Web version of this article.)

Fig. 12. Critical composition of the g-nucleus for several temperatures, calculated
according to the parallel tangent construction in free energy curves as reported in
Ref. [55].
Fig. 11. Driving force for austenite formation driven by partitioning and partitionless
mechanisms. T0 denotates the temperature where the free Gibbs energy of both
austenite and a0 -martensite is the same.

g reaction is hence mainly achieved by means of long-range
diffusion during the ﬁrst stage of austenite reversion, which is
supported by the drastic chemical composition changes observed
between the growing austenite and the remaining a0 -martensite as
revealed by APT data.
Yet in Fig. 11, the driving forces for both mechanisms seem to be
the same for temperatures above 660  C. From the dilatometry
measurements (Fig. 2a), the second stage of g-reversion extends to
a narrower range of temperature (85  C) when compared to the
ﬁrst one. Furthermore, the derivatives of these curves (Fig. 2 b)
show that the magnitude of contraction associated to this stage is
smaller, as reported in other studies [30]. According to Ref. [30],
such observations indicate a partitionless mechanism ruling the greversion. Diffusion-based DICTRA simulations performed within
the temperature range of 600e800  C (Fig. 6) predicted the stabilization of the remaining a0 -martensite until the expected g single-

phase ﬁeld. Such results clearly deviate from the experimental
observations made by dilatometry. Therefore, it is plausible to infer
that the partitioning mechanism is not the major responsible
mechanism for transforming a0 -martensite from 660  C on in this
steel.
4.3. g-nucleation and growth
In this section, we discuss the g-nucleation and growth with the
aid of thermo-kinetic simulations combined with experimental
observations made via APT. Owing to the Gibbs-Thomson effect, the
chemical composition of g-nuclei may differ from the equilibrium
composition of the a'/g mixture given by the lever-rule [54,56].
Bearing such effect in mind, we calculated the composition of a
critical nucleus adopting the “parallel tangent construction” in diagrams Gp vs xi, where Gp is the free energy of a phase “p”; and xi the
molar fraction of an element “i” [55]. Fig. 12 shows the composition
of the critical g-nucleus within the temperature range of

I.R. Souza Filho et al. / Acta Materialia 166 (2019) 178e191

350e600  C for the present steel.
At the onset of the ﬁrst (~400  C) and second (600  C) stages of
the g-reversion, the critical g-nuclei display compositions of Mn
considerably higher than the global chemical composition of the
steel (viz. Mn ¼ 16.9 at.%; Al ¼ 3.4 at.%; Si ¼ 6.1 at.%). Contrastingly,
relative lower amounts of Si and Al are observed in the critical gnuclei. Results from Fig. 12 demonstrate once again the importance
of long-range diffusion and elemental partitioning for providing
the local chemical concentrations and thus driving forces required
for a successful g-nucleation event. In a recent work, Kwiatkowski
da Silva et al. [57] showed that such chemical ﬂuctuations in Fe-Mn
alloys are caused by the segregation of Mn to the grain boundaries
followed by the formation of spinodal-like ﬂuctuations. These local
compositional variations can be regarded as intermediate precursor
states preceding the actual reversion. In other words, local spinodal
Mn enrichment lowers the remaining barriers for nucleation. In
light of these observations, we assume that g-nucleation at a given
temperature may occur predominantly at Mn enriched regions,
whose composition reaches those values displayed in Fig. 12.
4.3.1. g-nucleation and growth at 500  C
To better understand the growth of g-nuclei, we conducted
further thermo-kinetic simulations reproducing isothermal
annealings at 500  C and 600  C. Fig. 13 shows the composition
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proﬁles across g/a0 interfaces after 5 and 120 min at 500  C. In this
ﬁgure, the critical composition of the nucleus is indicated by arrows. After 5 min, the Mn content of the former nucleus is nearly
equal to the critical one (Fig. 13 a). Concerning Si in Fig. 13 (b), we
notice its pronounced piling up tendency (6.4 at.%) on the g-side of
the interface, after 5 min. DICTRA approach makes no consideration
related to effects of solute drag on the mobility of the interface [41].
Therefore, the different Si kinetics within g and a0 may explain its
pile up near the moving g/a’ interfaces.
After 120 min, the composition of the nucleus slightly depletes
in Mn (Fig. 13 a). In fact, such reduction is expected to occur until
reaching the local equilibrium that rules the interface motion.
However, the simulations displayed in Fig. 13 show that homogenization of the growing austenite proceeds slow, due to the fact that
the diffusion rates of Mn in austenite are low [22]. In an opposite
trend, the Si content in the former nucleus enriches to values
similar to the local equilibrium of the interface (120 min). After
120 min, lower levels of Si accumulation in g remain near the
moving interface (Fig. 13 b). This observation suggests that the
former Si-enriched interfacial zone is gradually redistributed
within g with progressing annealing time. On the a0 -side, the
presence of a Si-depleted zone near the interface indicates a mass
ﬂux of Si towards g. These simulations show the importance of local
Si enrichment on the homogenization of g. These results also
demonstrate that g-growth is followed by a signiﬁcant consumption of Si from the a0 -martensite. Finally, Fig. 13 (c) indicates that
the local Al accumulation on the a0 -side moves jointly with the
interface. An overall view of Fig. 13 shows that g-homogenization is
preceded by local accumulation of Si and Al.
The Si piling up trend is clearly supported by means of the twodimensional composition maps (APT) displayed in Fig. 7, where Sienriched interfaces were observed with similar compositions as
those observed in Fig. 13.
4.3.2. g-nucleation and growth at 600  C
Experimental observations of nucleation events are challenging.
Nevertheless, Fig. 8 (b) throws light onto nuclei formed at 600  C.
As an example, regions containing approximately 24 at.% Mn
appear in the proﬁle calculated from cylinder “1” in Fig. 8 (b), at a
position of about 90 nm in the “x” axis. Notice that this value is
similar with the critical composition at 600  C (5.9 at.% Si, 24.6 at.%
Mn, and 1.6 at.% Al), which strongly suggests the presence of a
former g-nucleus.
Using both chemical composition and phase size obtained
experimentally in Fig. 8, additional simulations were performed
and the results are shown in Fig. 14. The calculated critical compositions are also highlighted. Fig. 14 (a) shows that the Mn content
of the nucleus gradually decreases to 18 at.% for 120 min simulation
time at 600  C. As mentioned in Section 4.3.1, this decrease is expected until compositional homogenization of the austenite is
reached. Regarding Si, Fig. 14 (b) shows that accumulation near the
interface is present in the beginning of the simulation. However, as
the annealing proceeds, the Si proﬁle broadens and a relatively
homogenous composition is found in austenite. Consequently, the
former nucleus slightly enriches in Si. Finally, no signiﬁcant
changes are observed for the Al proﬁle in austenite. For 120 min,
the Al proﬁle is homogenous in the a0 -martensite and the former
local accumulation is not observed anymore. This result also shows
that compositional g-homogenization is controlled by the redistribution of piled-up solutes, as discussed in Section 4.3.1.

Fig. 13. Evolution of chemical proﬁles across g/a0 interface during austenite growth at
500  C. Results obtained by means of thermo-kinetics simulation using DICTRA. The
corresponding critical composition of each element is also highlighted. Chemical
proﬁles shown in terms of (a) Mn; (b) Si; (c) Al. The dotted vertical lines represent the
position of the g/a0 interface for a time of 5 min.

4.4. Inﬂuence of elemental partitioning on the Curie temperature
With the aid of Thermo-Calc, we calculated the TCurie of the
present steel taking into account several chemical compositions for
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They also agree with a recent study on the inﬂuence of partitioning
on the Curie temperature reported by Dastur et al. [36] for a steel
containing 18 wt.% Mn, 2 wt.% Al, 2 wt.% Si, and 0.04 wt.% C. These
results show that elemental partitioning which occurs during
austenite nucleation and growth strongly inﬂuences the ferromagnetic behavior of a0 -martensite.
5. Summary and conclusions

Fig. 14. Evolution of chemical proﬁles across g/a0 interface during austenite growth at
600  C. Results obtained by means of thermo-kinetics simulation using DICTRA. The
starting chemical composition were taken from the experimental APT results displayed
in Fig. 8. The corresponding critical composition of each element is also highlighted.
Chemical proﬁles shown in terms of (a) Mn; (b) Si; (c) Al. The dotted vertical line
represents the position of the g/a0 interface for a time of ~5 min.

Table 2
Curie temperatures of a0 -martensite predicted for different chemical compositions,
taken from APT measurements and predicted with the aid of DICTRA, as well as the
experimentally observed Curie temperature.
Condition

at.% Mn

at.% Si

at.% Al

TCurie ( C)

ε ¼ 1.56 cold-rolled
up to 600  C (DICTRA)
isothermal at 600  C (APT, cylinder 1)
isothermal at 600  C (APT, cylinder 2)
in-situ magnetic measurements

16.9
5.54
5.89
6.02
e

6.1
4.61
3.64
3.67
e

3.4
6.59
2.30
2.20
e

445
632
653
651
625

the a0 -martensite reported in this work. Table 2 summarizes the
results from our simulations in comparison to the experimental
TCurie (625  C). This table shows that if no long-range diffusion had
occurred during annealing, the chemical composition of the a0 martensite would have been the same as the global chemical
composition. Therefore, a TCurie of 445  C would be expected. On
the other hand, the chemical compositions of the a0 -martensite
experimentally determined via APT and simulated using DICTRA
are in good agreement. Smaller Al contents in APT specimens are
likely caused by instrumental errors, as already discussed. In spite
of this, all values of TCurie corresponding to these compositions are
in very good agreement with the experimental value of 625  C.

We studied austenite reversion in a cold-rolled 17.6 wt.% Mn
steel during slow continuous annealing by means of dilatometry
and in-situ magnetic measurements. In light of the results reported
in this work the following conclusions are drawn:
During slow continuous annealing, austenite reversion is not yet
complete when the equilibrium g single-phase ﬁeld as predicted by
Thermo-Calc is reached. According to thermo-kinetic simulations,
strong elemental partitioning is required for austenite nucleation
and growth, as was clearly conﬁrmed by APT. The APT results
showed that Mn-enriched regions corresponded to reversed-g
while Mn-depleted zones were the remaining a0 -martensite. Due to
its lower Mn content, the remaining a0 experienced the a' / g
reaction at higher temperatures. Therefore, austenite reversion
during continuous heating was observed to be split into two stages,
with maximum transformations rates at 505 and 660  C. The second peak, i.e. the second distinct step of the austenite reversion
(660  C) occurred for a paramagnetic a0 -martensite, whose Curie
temperature was 625  C.
Under isothermal conditions at 500 and 600  C, thermo-kinetic
simulations demonstrated that the compositional homogenization
of growing austenite is determined by the redistribution of the
piled-up solutes, especially of Si. Such simulations were also
conﬁrmed by means of APT, which clearly demonstrated the strong
tendency of local Si accumulation to interfaces, occurred to keep
the local equilibrium.
Finally, we calculated the Curie temperature of the alloy taking
into account the chemical composition of the remaining a0 determined via simulations and APT. It turned out that the obtained
values hold excellent agreement with the experimental value of
625  C, determined by in-situ magnetic measurements. Therefore,
we also conclude that elemental partitioning inﬂuences not only
austenite nucleation and growth but also the ferromagnetic
behavior of the a0 -martensite.
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