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Hydrogen embrittlement in 304L austenitic stainless steel fabricated by laser powder-bed-fusion (LPBF) was
investigated and compared to conventionally produced 304L samples with two different processing histories;
casting plus annealing (CA) and CA plus thermomechanical treatment (CA-TMT). Interestingly, no significant
difference in the amount of deformation-induced o martensite between the LPBF and CA-TMT samples was
observed, suggesting that the solidification substructure in the LPBF sample enhanced the strength without

promoting the harmful hydrogen embrittlement effect. These results are discussed in terms of the chemical in-
homogeneity, hydrogen-assisted cracking behavior, and hydrogen diffusion and trapping in the present 304L

samples.

1. Introduction

Austenitic stainless steels (ASSs) are frequently used for sensitive
hydrogen (H) storage, hydrogen infrastructure, as well transportation
applications, since they are generally less susceptible to hydrogen
embrittlement (HE) compared to ferritic steels. This is due to their lower
diffusivity and higher solubility of H [1-3]. HE describes a phenomenon
in which materials undergo an often abrupt and catastrophic deterio-
ration of their mechanical properties (especially when exposed to tensile
loads, due to loss of their tensile ductility) caused by the presence of
environmental H in acidic solutions and H-containing gases [4-8] which
diffuses into the bulk material. In contrast to thermodynamically stable
ASSs (e.g., AISI type 310S) which is less prone to undergo HE, severe HE
has often been observed in metastable ASSs containing only 8-10 wt%
Ni (e.g., AISI type 304), in which strain-induced o/ martensite forms
during deformation [9-11]. The strain-induced o martensite offers a
fast diffusion path for H, leading to enrichment of H at critical sites in the
microstructure (such as micromechanically highly stressed regions in
front of hetero-interfaces) and thus H-assisted cracking [12,13]. In
addition, a small amount of § ferrite can be present in metastable ASSs
due to segregation during solidification or incomplete § to y trans-
formation due to high cooling rates. This may increase the HE suscep-
tibility of the samples by providing crack initiation sites [14,15]. There

are, however, different reports about the HE susceptibility of metastable
ASSs in the literature as summarized in Table 1 [10,13,16-19]. For
example, Egels et al. [18] showed that 304 ASSs having very similar
nominal compositions can exhibit very different HE susceptibilities due
to segregation effects resulting from different production routes. In re-
gions where segregation increases austenite stability, the martensitic
transformation was suppressed, which caused a slow H uptake/diffusion
rate and thus slow crack growth rate. It has been reported that
pre-deformation in 304 ASS leads to the martensitic transformation and
thus affects its HE susceptibility [13,16,20]. These studies clarify the
impact of metallurgical aspects such as grain size, local segregation
(caused by different production routes), and volume fraction of o
martensite on the HE susceptibility of 304 ASS. Note that some re-
searchers have also found the formation of € martensite as a precursor
for o/ martensite [21-24], however this mechanism has not been re-
ported in the literature on HE of metastable ASSs [10,13,16-19]. We will
discuss the possibility of forming ¢ martensite in the following section.

Recently, additive manufacturing processes such as directed energy
deposition and laser powder-bed-fusion (LPBF), have emerged as a
promising manufacturing technology, in which three-dimensional parts
are printed by progressively adding thin layers of powder material and
consolidating them by melting with a laser beam [25-27]. It has become
possible for a number of metals (including steels, aluminum alloys, and
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titanium alloys) to reliably manufacture highly complex or customized
parts directly from a computer-coded design file and raw material
powder [25-30]. Additive manufacturing processes have thus the po-
tential to replace many conventional production processes.
LPBF-processed ASSs often exhibit highly complex and hierarchical
microstructures (e.g., irregular grain structure and solidification sub-
structure) accompanied by elemental segregation due to the combina-
tion of high cooling rate (~10°-10° K/s) and high thermal stress
[31-33], which are not accessible through conventional manufacturing
routes, such as casting or forging. In this regard, the LPBF process
significantly alters the metallurgical aspects described in Table 1 and
thus the H effects in LPBF-processed metastable ASSs can be expected to
be very different from those in their conventional counterparts.
Accordingly, the analysis of the H effects in LPBF-processed metastable
ASSs is essential for examining the possibility of the future use of
LPBF-manufactured parts in infrastructures with strong H exposure.
Until now, very little research on the issue is available in the literature
[34]. The only available study in this field [34] reported that directed
energy deposition-processed 304L was less susceptible to HE than
wrought 304L, and attributed the high HE resistance in additively
manufactured 304L to its high austenite stability. However, this previ-
ous study did not reveal which specific additive manufacturing-induced
microstructural change was responsible for the difference in HE resis-
tance, i.e. austenite stability (due to chemical inhomogeneity), the
characteristic cellular solidification microstructure or other features.
Accordingly, in the present study, we aim to close this gap. We examine
here if the trend that additively manufactured 304L shows high HE
resistance is reproducible also for the LPBF process and we provide a
more detailed and systematic investigation into the underlying mecha-
nisms of H-assisted failure in additively manufactured 304L. We do this
by comparing LPBF-produced material to conventionally-produced
304L ASSs subjected to two different processing histories. The first

Table 1
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conventionally-produced reference material has been cast and annealed
and the second conventionally-produced reference sample has been cast
and annealed, followed by an additional thermomechanical treatment.
As shown below, this allows us to systematically separate effects asso-
ciated with the influence of austenite stability, chemical inhomogeneity,
and cellular microstructure. We systematically investigate HE in LPBF-
and conventionally processed 304L ASS through tensile testing with and
without electrochemical H pre-charging.

2. Materials and experiments

Gas-atomized spherical 304L ASS powder (~45 pm D50, provided by
LPW Technologies) with the nominal composition listed in Table 2 was
used in this study. A block of 304L ASS with the size of 20 mm (width) x
60 mm (length) x 30 mm (thickness) was fabricated by LPBF (Aconity
Mini, Aconity 3D GmbH, Aachen, Germany). During the LPBF process,
the layer thickness, laser power and scan speed were set as 30 pm, 180
W, and 700 mm/s, respectively. The laser scanned line by line along the
same direction in each layer with a hatch spacing of 80 pm, and the
scanning direction was rotated by 90° after each layer. The as-built
sample is referred to as the LPBF sample.

The 304L ASS specimen produced by strand casting and subsequent
solution annealing at 1050 °C for 30 min (hereafter designated as the CA
sample) was supplied from SeAH Steel and cut into a disk with a size of
60 mm (diameter) x 50 mm (thickness). To clarify the effect of ther-
momechanical treatment (TMT) on HE in the CA sample, a part of the
material was, after casting and annealing, subjected to hot-rolling at
1000 °C to a thickness reduction of 50% and subsequently homogenized
at 1150 °C for 18 h in Ar atmosphere. Finally, the sample was cold-rolled
to a thickness reduction of ~70% and annealed at 1050 °C for 1 h,
followed by water quenching. The CA sample subjected to TMT will be
referred to as the CA-TMT sample. Thus, there are three different

Comparison of metallurgical aspects, H-charging conditions, and resultant HE index in various 304 ASSs from literature. HE index represents the ratio of the elongation
(or reduction of area) of the H charged sample, ¢y, to that of the uncharged sample, ¢, which are measured from tensile tests at room temperature. Note that HE
susceptibility increases with decreasing HE index (&g n/é5,0). H charging was conducted either before tensile test or during the test, which are represented as Pre- and In-
situ, respectively. H content was measured by thermal desorption spectrometry; the values marked with * mean H content exclusively at brittle H affected zone.

Detailed information can be found in each reference.

Metallurgical aspect H charging condition H content [wt. HE Ref.
. . N ppm] index
Heat treatment Charging method H, pressure Current density [mA/  Time [h] Temp.
[MPa] cm?] [°C]
Solution annealed Gaseous H charging 1 - Duration of tensile test RT - ~0.53 [9]
Sensitized (In-situ) ~0.29
Sensitized + ~0.51
desensitized
Production route
Casting Gaseous H charging 40 - Duration of tensile test RT - ~0.50 [18]
Electroslag remelting (In-situ) ~0.89
Grain size [pm]
12 Electro-chemical H - 10 Duration of tensile test RT - ~0.80 [19]
8 charging (In-situ) ~0.84
4 ~0.95
Single crystal Electro-chemical H - 2.7 7 (Pre-) 80 - ~0.43 [17]
0.46 charging 124 ~0.67
0.32 126 ~0.86
0.14 170 ~0.84
0.09 - ~0.80
Pre-strain % (prior o' vol%)
0 (0) Gaseous H charging 30 - 48 (Pre-) 200 ~48 ~0.67 [13]
12 (31) ~39 ~0.79
20 (60) ~22 ~0.92
30 (96) ~6 ~0.99
0 (0) Electro-chemical H - 50 96 (Pre-) RT ~606.5* ~0.93 [16]
3() charging - ~0.93
6(3) - ~0.91
10 (8) ~834.8* ~0.82
15 (20) - ~0.71
20 (37) ~580.7* ~0.65
25 (57) - ~0.30
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Table 2

Chemical compositions (wt.%) of 304L ASSs investigated in this study.
Material C Cr Cu Mn N Ni 0] P S Si Fe
Powder 0.017 18.4 <0.1 1.3 0.060 9.90 0.03 0.018 0.004 0.63 Bal.
LPBF 0.017 18.3 0.029 1.2 0.055 9.94 0.03 0.002 0.007 0.63 Bal.
CA(-TMT) 0.025 18.2 0.453 1.87 0.075 9.01 - 0.031 0.018 0.34 Bal.

samples that were tested here; samples LPBF, CA, and CA-TMT. The
compositions of these samples were analyzed by inductively coupled
plasma optical emission spectrometry and the results are also listed in
Table 2. Due to the different production routes, the LPBF and the CA
(-TMT) samples vary slightly in chemical composition.

To estimate the different austenite stability of all samples due to
these slight compositional differences, the thermodynamic driving force
for o martensite transformation was estimated by calculating AG'™*
(=Gu—G,, where G, and G, are Gibbs free energies of y austenite and «
ferrite, respectively) using the Thermo-Calc software, version 2018a, in
conjunction with the TCFE9 database. The calculations were carried out
for a temperature of 298 K considering the chemical compositions
shown in Table 2. The values of AG'~* for samples LPBF and CA(-TMT)
are calculated as —2.66 kJ/mol and —2.57 kJ/mol, respectively, i.e. the
austenite in the CA(-TMT) sample is only very slightly more stable than
that in the LPBF sample. In addition, the driving force for ¢ martensite
transformation, AG' ¢ (=G¢—G,, where G, is Gibbs free energy of €), was
also calculated. AG'™® values (—0.50 kJ/mol and —0.61 kJ/mol for
samples LPBF and CA(-TMT), respectively) are much lower than AG'™*
values, indicating that o/ martensite transformation is thermodynami-
cally more favorable in the present 304L ASSs. As a second approach to
estimate the austenite stability, the My3¢ temperature, which represents
the temperature at which 50 vol.% of the austenite transforms to
martensite with an applied true strain of 30%, is calculated by using the
following empirical expression [35,36]:

M30(°C) = 551 — 462(C +N) — 9.28i — 8.1Mn — 13.7Cr — 29Ni — 18.5Mo
—29Cu — 68Nb — 1.42(grain size number (ASTM) —8)

(€8]

where all elements are counted in weight percentage (wt. %). The Mgs3p
temperature serves as an approximate parameter representing the me-
chanical stability of the austenite against deformation-inducted
martensite formation; a lower My3p temperature means a higher me-
chanical stability of austenite. Based on the chemical composition in
Table 2 and Eq. (1), Mg3p of the LPBF and CA(-TMT) samples were

a) LPBF

calculated to be ~ —34.7 °C and ~—34.4 °C, respectively. Considering
these insignificant differences in AG'~* and My3o between samples LPBF
and CA(-TMT), the austenite stability of LPBF can be considered as very
similar to that of CA(-TMT), which suggests that the CA(-TMT) sample
can serve as a reference material in this study.

Flat, dog-bone-shaped tensile samples with gauge dimensions of 2
mm (width) x 4 mm (length) x 1 mm (thickness) were machined by
spark erosion from the LPBF-produced block and ground mechanically.
For all the samples, tensile specimens were cut along the Y direction in
the horizontal plane (XY plane) as shown in Fig. 1. Note that the Z di-
rection is parallel to the building direction for the LPBF sample, whereas
the Y direction is parallel to the rolling direction for the CA-TMT sample.
Tensile specimens were mechanically ground with fine SiC paper (grit
number up to 2000).

In order to introduce H into the specimen, electrochemical H-
charging was carried out at room temperature with a potentiostat using
a 2 g/1 CH4N,S (hydrogen recombination agent) in 0.5 M HySO4 solution
(pH = 1). H-charging was performed under two different conditions; one
set of samples was H pre-charged for 1 day at a constant current density
of 20 mA/cm?, and another set was H pre-charged at 50 mA/cm? for 5
days. Increased current density and charging time was adopted for the
second set in order to more effectively enhance the H adsorption. To
minimize the influence of outgassing, all further experiments on H pre-
charged samples were started within 30 min after H-charging. Tensile
tests were performed on both uncharged and H pre-charged samples
using a tensile stage (Kammrath & Weiss, Dortmund, Germany) at a
cross-head speed of 0.4 um/s, which corresponds to an initial strain rate
of 10™/s. The digital image correlation technique was carried out to
determine the local plastic strain during tensile deformation and the
obtained data was analyzed using Aramis software (GOM GmbH,
Braunschweig, Germany). At least three tests were conducted for each
condition to confirm reproducibility.

The microstructure of the specimens was characterized by an EBSD
detector (Digiview, EDAX-TSL, Mahwah, NJ) mounted on a scanning
electron microscope (SEM; JSM 6500F, JEOL Ltd., Tokyo, Japan),
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Fig. 1. Schematic illustrations of the (a) LPBF, (b) CA, and (c) CA-TMT samples, as cut for tensile testing and TDS measurements. (LPBF: Laser powder-bed-fusion,

TDS: Thermal desorption spectroscopy).
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electron channeling contrast imaging (ECCI; Merlin, Carl Zeiss AG,
Oberkochen, Germany), and transmission electron microscopy (TEM;
JEM 2200FS, JEOL Ltd., Tokyo, Japan) in scanning TEM (STEM) mode.
The EBSD analysis was conducted at 15 kV acceleration voltage with a
beam step size of 50 nm-1 pm. For SEM probing, the samples were
mechanically ground and subsequently polished with 3 pm diamond
suspension and finally with 0.05 pm silica suspension. TEM specimens
were prepared by focused ion beam milling with a Nova 600 NanoLab
(FEI Co., Hillsboro, OR). During SEM and TEM analysis, element map-
ping was performed using energy dispersive X-ray spectroscopy (EDS).

The H desorption behavior was analyzed by using a custom-designed
ultra-high vacuum based thermal desorption spectroscope (TDS)
equipped with a mass spectrometer detector. During the TDS measure-
ments, the samples were heated up to 800 °C at a constant heating rate of
26 K/min. The total H content was determined by measuring the cu-
mulative amount of the desorbed H from room temperature up to
800 °C. Note that the specimens subjected to TDS probing were also cut
from the horizontal plane (see Fig. 1).

3. Results
3.1. Initial microstructure and the effects of H on the tensile properties

The microstructural characterization of the LPBF sample by EBSD
and ECCI is shown in Fig. 2. The inverse pole figure map of the LPBF
sample (Fig. 2a) reveals that the grains of the sample exhibit a highly
irregular shape with a wide range of sizes (~1-80 pm) which is attrib-
uted to the track-wise melting of material and the high temperature
gradient during the solidification. The average grain size is estimated to
be ~47 pm measured by counting only high-angle grain boundaries
(>15°). The LPBF sample consists of a single-phase austenite structure
with a large fraction of low-angle grain boundaries (2-15°), ~60% of the
total GBs (see Fig. 2b). As shown in Fig. 2c, there is some degree of
texture with respect to building direction. However, no strong texture is
developed along the direction perpendicular to the building direction.
Furthermore, Fig. 2d displays an ECCI image of the LPBF sample,
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revealing that a solidification cellular structure is formed inside the in-
dividual grains. The average size of this cellular structure is ~350 nm in
diameter (which is substantially smaller than that of the grains) and a
large number of dislocations are concentrated at the walls of the cells
(Fig. 2e), similar to the cell structures reported in Al-, Co-, and Fe-based
samples fabricated by the LPBF process [31,32,37]. When solidification
cells grow together into coarse single grains under a high temperature
gradient and at high growth rate conditions, the slight orientation dif-
ference between neighboring cells causes the high density of such
dislocation walls [32,38].

In contrast to the LPBF sample, the inverse pole figure map of the CA
sample (Fig. 3a) shows regular polygonal grains with a large fraction of
annealing twins. The estimated average grain size of the CA sample is
~51 pm (including twin boundaries). More importantly, retained &
ferrite is present in the y austenite matrix (Fig. 3b), which is not
observed in the LPBF sample, and its volume fraction is ~1 vol.%. This
implies that the solution annealing at 1050 °C for 30 min is insufficient
to remove & formed during casting. Fig. 3d and 3e display the inverse
pole figure map and the corresponding phase map for the same area of
the CA-TMT sample, respectively. It is evident that the CA-TMT sample
has a slightly larger grain size (~62 pm) than the CA sample (Fig. 3d)
and, more importantly, TMT completely eliminates the retained 5 ferrite
(Fig. 3e). These results clearly suggest that the 304L sample produced by
strand casting requires an additional TMT for achieving a fully austenitic
structure, in contrast to the 304L sample produced by LPBF. As noted in
Fig. 3c and 3f, no strong crystallographic texture has developed with
respect to the Y direction (or rolling direction) in the CA and CA-TMT
samples. For all the samples, the IPFs and the corresponding IPF maps
with respect to the X, Y, and Z directions are provided in the Supple-
mentary Material section.

In summary, the results presented in Figs. 2 and 3 demonstrate that
large temperature gradients and rapid solidification as imposed during
the LPBF process imparts three crucial changes to the microstructure in
304L ASS compared to conventional materials (especially compared to
the CA sample): (i) fully austenitic structure without any further pro-
cessing step, (ii) irregular shaped grains with a wide range of sizes, and

Bl oo oo
LAGE (2" - 157)
—— HAGE (»157)

Fig. 2. Microstructure of the LPBF sample: (a) EBSD inverse pole figure map with respect to the Y direction, (b) EBSD phase map with grain boundaries super-
imposed, (c) inverse pole figures (EBSD step size: 1 pm), (d) ECCI image showing a cellular substructure, and (e) magnified ECCI image of a selected area in (d). The
information on X, Y, and Z directions are provided in Fig. 1. (LPBF: Laser powder-bed-fusion, BD: Building direction, LD: Loading direction).
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Fig. 3. Microstructure of samples (a,b,c) CA and (d,e,f) CA-TMT: (a) and (d) EBSD inverse pole figure map with respect to Y direction; (b) and (e) EBSD phase map;
(c) and () inverse pole figure. The information on X, Y, and Z directions are provided in Fig. 1. (EBSD step size: 1 pm, CA: Casting plus annealing, TMT: Ther-
momechanical treatment, RD: Rolling direction, TD: Transverse direction, LD: Loading direction).

(iii) the presence of a large fraction of low-angle grain boundaries and

the associated cellular substructure within the individual grains.
Representative engineering stress vs. engineering strain responses of

the LPBF, CA, and CA-TMT samples, as well as those of their H-charged
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counterparts (charged for 1 and 5 days) are shown in Fig. 4. Prior to H-
charging, the LPBF sample exhibits a higher yield strength (~520 MPa)
compared to the CA and CA-TMT samples (~340 MPa and ~240 MPa,
respectively), due to the high density of low-angle grain boundaries and
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Fig. 4. Typical engineering stress-engineering strain curves of the (a) LPBF, (b) CA, and (c) CA-TMT samples with and without H. The insets show the SEM images of
the surface of samples after tensile testing at the region of fracture. (d) Quantification of HE susceptibility for each condition. Error bars represent the standard
deviations of the ey/ero values obtained from several stress-strain curves. Note that tensile loading direction is parallel to the Y direction in Figs. 2 and 3. (LPBF:
Laser powder-bed-fusion, CA: Casting plus annealing, TMT: Thermomechanical treatment).
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the solidification cell structure which acts as an effective obstacle to
dislocation motion [31,32]. However, the LPBF sample shows lower
elongation to failure (~62%) than the other materials (~85% and ~96%
for the CA and CA-TMT samples, respectively), which is attributed to the
combined effects of the general trade-off between strength and ductility,
the high dislocation density, and the presence of LPBF-induced defects
like voids and pores [27,39,40]. Note that tensile loading direction is
parallel to the Y direction in Figs. 2 and 3. Since no strong texture is
developed along the direction of tensile loading, the possible effects
from texture can be neglected. After H-charging for 1 day, the ductility
of all 304L AASs gets reduced, as expected (Fig. 4). However, each
sample exhibits different HE susceptibility: H-charging results in a sig-
nificant loss in ductility for the case of the CA sample, whereas only a
small effect of H on ductility is observed for the LPBF and CA-TMT
samples. With further increasing H-charging time to 5 days, a larger
loss in ductility was observed for all investigated samples, but the LPBF
and CA-TMT samples are still less susceptible to HE than the CA sample.
The HE susceptibility of a material is usually quantitatively represented
as the ratio of the total elongation to failure of the H-charged sample (ef,
1) to that of the uncharged sample (er), i.e., ern/ef,0 [9,13]. As shown in
Fig. 4d, the values of &;yy/ero obtained from the CA-TMT and LPBF
samples are obviously higher than those obtained from the CA sample. It
is also noted that the H-charged CA sample shows a large number of
cracks on the surface after tensile testing, but the CA-TMT and LPBF
samples show relatively less H-assisted cracking (see insets in Fig. 4).
These results suggest that, in the absence of retained 8, HE susceptibility
of the LPBF sample is similar to that of the conventionally produced
sample. HE in the present 304L ASSs is apparently related to the pres-
ence of retained 5. Considering the previous research by Baek et al. [34]
which reported higher HE resistance in AM-processed 304L, it is inter-
esting to note that the here observed HE susceptibility of the LPBF
sample is similar to that of the conventionally produced sample in the
absence of § ferrite (CA-TMT sample). The possible reason for this
inconsistency will be discussed in section 4.1.

The H contents in the samples after H-charging were measured by
analyzing TDS curves, and the results are shown in Fig. 5. The inset of
Fig. 5 displays the variation in H content with H-charging time for the
LPBF sample, which suggests that H content increases with H-charging
time. After 5 days of H-charging (main plot of Fig. 5), all samples show a
single desorption peak at similar temperatures (~220 °C), indicating
that the H trapping sites are similar in all present samples. In general,
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Fig. 5. H desorption curves of the 5 days H-charged samples at a heating rate of
26 'C/min. The inset shows the variation in H desorption curve with H-charging
time for the LPBF sample. (LPBF: Laser powder-bed-fusion, CA: Casting plus
annealing, TMT: Thermomechanical treatment).
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such a low-temperature peak corresponds to relatively weak H trapping
sites such as interstitial lattice sites and weak H trapping defects such as
dislocations and GBs [41-43]. It is also interesting to note that, although
the LPBF sample contains a large fraction of low-angle grain boundaries
and cellular walls, the total H content in the LPBF sample is very similar
to that in the CA-TMT sample (see Fig. 5). In addition, despite showing a
significant HE effect, the CA sample exhibits a slightly lower H content
than the other samples. On this basis, we can conclude that the presence
of low-angle grain boundaries and cellular walls has a negligible effect
on the H content of the LPBF sample and, more importantly, the
different HE susceptibilities of the present samples are not primarily
related to their total H contents.

3.2. Deformation microstructure without the presence of H

With the aid of digital image correlation mapping, the evolution of
the deformation microstructure in the uncharged samples was investi-
gated by ECCI on different regions corresponding to different local strain
levels (from ~5% up to ~40%). At a low strain of ~5%, deformation
twins with two different twinning systems are observed (Fig. 6a) which
are nucleated from high-angle grain boundaries and penetrate through
the cellular walls. From the zoom-in image of 5% strained microstruc-
ture (middle of Fig. 6a), a large density of stacking faults can be observed
within a cell, indicating that dislocation glide is mainly governed by
partial dislocations, whose motion is impeded by cellular walls [32].
With increasing the strain to ~40%, a significant increase in the me-
chanical twin density is observed for both twinning systems.

In contrast, the CA sample shows a different microstructural evolu-
tion during deformation (Fig. 6b). A low strain of ~5% resulted in a
substantial increase in the density of dislocations. At this stage, multiple
intersecting planar slip lines are observed, suggesting that the plastic
deformation mainly occurs by planar slip. We identified that the slip
lines are along {111} planes by EBSD trace analysis. Upon increasing the
strain level to ~20%, a well-developed dislocation cell structure is
observed and some grains show mechanical twins with a thickness of a
few nanometers. A further increase in the strain to ~40% leads to
activation of two different twinning systems and a significant increase in
mechanical twin density for both twinning systems. This observation is
in agreement with prior reports on deformation mechanisms of con-
ventional ASSs, i.e. the co-existence of dislocation slip and mechanical
twinning [44-46]. The development of deformation microstructure in
the CA-TMT sample was found to be similar to that in the CA sample,
except for the absence of 8. Thus, only the results for the CA samples are
displayed in Fig. 6.

These microstructure observations demonstrate that dislocation
glide in the LPBF sample is more difficult compared to samples CA and
CA-TMT due to the presence of the cellular structure and thus me-
chanical twinning was favored and activated already at an early stage of
deformation. However, as shown in Fig. 6, there is no significant dif-
ference in the deformed microstructure between samples LPBF and CA
(-TMT) at relatively high strain levels (above ~20%). This observation
suggests that the intrinsic material properties such as the stacking fault
energy may be similar for both samples, but that the critical stress for
twinning is reached at an earlier stage of deformation in the LPBF
sample because of its high yield stress resulting from the presence of the
cellular structure. Another interesting observation is that the cellular
structure in the LPBF sample remained stable during the entire defor-
mation (Fig. 6a).

According to the values associated with the transformation AG'~,
all investigated samples have a metastable austenitic matrix, which
conforms to the presumption of a minimum driving force of —2.1 kJ/mol
that is necessary for triggering deformation-induced martensitic trans-
formation [47]. However, it is challenging for this material to distin-
guish strain-induced o/ martensite from the y matrix in the ECCI images
(see Fig. 6). Therefore, the microstructure evolution of the uncharged
samples with increase in local strain from 20% to 60% was investigated
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Fig. 6. Deformation microstructure of the (a) LPBF and (b) CA samples revealed by ECCI at different strain levels. (LPBF: Laser powder-bed-fusion, CA: Casting

plus annealing).

also by EBSD mapping. Fig. 7a-c display EBSD phase maps for the LPBF,
CA, and CA-TMT samples, respectively. All samples exhibit similar
nucleation behavior and distribution of o« martensite; rod-shaped o
martensite is mostly nucleated at the intersections of mechanical twins,
and developed within the individual twins, which is in good agreement
with previous studies on strain-induced martensitic transformation in
ASSs (i.e., y—twinning—a’) [21-24]. Although y—e—o is another
possible transformation sequence [21-24], o/ martensite transformation
in the present 304L ASSs most likely occurs in the sequence
y—twinning—« due to the substantially low AG'”® values (—0.50
kJ/mol). Interestingly, the volume fraction of o (fy) in the CA sample is
much higher than that in the LPBF and CA-TMT samples at the same
local strain. For example, fy at a local strain of 60% for the LPBF, CA,
and CA-TMT samples are ~3%, ~16%, and ~1%, respectively (Fig. 7).
Note that the CA sample shows both & and o, but & can be distinguished
from o' in terms of its blocky morphology (see Fig. 7b). It is interesting to
note that, although all samples have similar AG'~* and M3 values, the
CA sample shows a much lower austenite stability than the other ma-
terials. In addition, there is no significant difference in mechanical sta-
bility of austenite between the LPBF and CA-TMT samples, which is
inconsistent with results reported previously on AM-processed 304L
steel [34,40]. The possible explanation for this unexpected behavior will
be provided in section 4.1.

3.3. H-induced fracture and cracking

Fig. 8 shows high- and low-magnification fractographs of the tensile-
tested specimens of the 5 days H-charged samples. Since H effects on
ductility are more clearly apparent in the 5 days charged samples
(especially for the LPBF and CA-TMT samples), the investigation of H-
induced fracture and cracking was focused on the 5 days charged sam-
ples. The fracture surfaces of the H-charged specimens consist of two
regions with distinctly different features. The central regions of the
fracture surface show dimples (Fig. 8as,bo,c2), whereas the regions close
to the side edges of the sample, where the material was exposed to H-
charging, exhibit the characteristics of quasi-cleavage fracture (Fig. 8as,
bs,c3). Generally, when electrochemical H charging is conducted,
especially on FCC metals and samples which have a relatively low H
diffusivity, H is highly concentrated near the charged surface and thus a
H concentration gradient from the edge to the inner regions of the
samples is induced [5,8]. For this reason, the quasi-cleavage fracture
type observed at the specimen edges is attributed to the high H

concentration. An interesting feature can be found when comparing the
H-induced brittle regions among the samples (Fig. 8ag,bs,c3): the depth
of the brittle region, i.e. the H-affected zone, in samples CA-TMT and
LPBF is significantly shallower (~20-50 pm) than that in sample CA
(~140-180 pm). This observation further supports that the CA-TMT and
LPBF samples are less susceptible to HE than the CA sample. In the
central region of the fracture surface, where the influence of H is
negligible, the LPBF sample exhibits remarkably different features from
the CA and CA-TMT samples: Considerably large voids/pores are spaced
bout by regions covered by fine dimple. Since partially unmolten par-
ticles are frequently found within these large voids/pores, as indicated
by the arrows in Fig. 8,1, we assume that this feature may be caused by
the presence of inherent defects such as unmolten particles and
lack-of-fusion porosity in the LPBF sample [48,49].

To understand the H-assisted cracking behavior, cross-sections of the
tensile-tested specimens were cut along the tensile direction and
observed by optical microscopy first. Fig. 9 displays representative op-
tical micrographs of the cross-sectional region in the tensile-tested
sample.

Two important features are noteworthy in Fig. 9. First, only the H-
charged samples show surface cracks propagating perpendicular to the
tensile axis. Second, it is clear that the depth of these H-assisted cracks is
much shallower in the LPBF and CA-TMT samples compared with the CA
sample. Considering the similarity of H contents and H diffusivities
among the samples (which will be discussed in section 4.3), this result
suggests a lower resistance to H-assisted cracking in the CA sample. To
identify the correlations between the microstructure and the crack
propagation path, more detailed microstructural observations were
conducted on the secondary cracks by means of EBSD measurements.
Fig. 10a—c show the image quality map and the corresponding phase
map for the H-charged CA, CA-TMT, and LPBF samples, respectively. It
is revealed that all samples show similar H-assisted cracking behavior;
the majority of cracks observed nucleate and propagate along the y-of
interface (denoted y-o interface crack) as well as within o (denoted o
crack) as indicated by white and blue arrows in Fig. 10, respectively.
Rarely, H-assisted cracks are propagating through both y and . A high
magnification image of these cracks (Fig. 10ags,bs,c3) suggests that these
alternating cracks are formed by coalescence of several y-o' interface
cracks and o cracks. In some cases, the cracks tend to initiate at the y-of
interfaces (or within o) and propagate through the y matrix, as indicated
by the yellow arrows in Fig. 10. However, since the crack propagation
through austenite only occurs in narrow y layers between o’ martensite
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Fig. 7. EBSD phase map with the image quality map superimposed of the (a)
LPBF, (b) CA, and (c) CA-TMT samples with increasing local strain from ~20%
to ~60%. (EBSD step size: 100 nm, LPBF: Laser powder-bed-fusion, CA: Casting
plus annealing, TMT: Thermomechanical treatment, RD: Rolling direction, TD:
Transverse direction, LD: Loading direction).
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regions as a coalescence process of o-related cracks, it presumably has
only a minor effect on the overall H-assisted cracking behavior. Thus, it
is apparent that the strain-induced martensitic transformation plays an
important role in H-assisted cracking for all types of samples.

4. Discussion

Results of the tensile experiments in Section 3 clearly demonstrate
that HE in 304L ASS is apparently related not only to the presence of
retained & ferrite, but also to the amount of strain-induced o martensite.
However, the role of & ferrite in HE of ASSs still remains controversial,
although it has been studied by many researchers [14,15,50,51].
Moreover, some studies reported that there was no significant effect of §
on HE when the amount of § is less than 10% [15,50]. In this study, only
~1% retained & is observed in sample CA, and regardless of the presence
of §, all investigated samples show similar H-assisted cracking behavior,
i.e. cracks are initiated in the region where strain-induced martensitic
transformation occurs. Even in the CA sample, H-assisted cracks are
more likely formed near strain-induced o rather than inside the retained
8 (see Fig. 10by). Thus, it can be suggested that strain-induced
martensitic transformation is the primary factor controlling the HE
susceptibility in 304L ASSs and the retained & may partially contribute
to this process.

Therefore, in the case of 304L ASS, it is important to achieve high
austenite stability for likewise achieving a high HE resistance. For this
purpose, 304L produced by conventional casting requires several ther-
momechanical treatments, whereas LPBF-processed 304L does not
require any further processing steps. From this point of view, it can be
concluded that the LPBF process itself leads to an enhanced strength in
the ASS, and it also renders the sample less or equally susceptible to HE
compared to conventionally produced 304L. In the following we discuss
these results in terms of variations in mechanical stability of austenite,
H-assisted cracking behavior, and H diffusion and trapping behavior.

4.1. Variations in mechanical stability of austenite

First, it is important to understand why the CA sample shows a much
lower austenite stability than the others, because this observation de-
viates from what is expected from the AG'~* and Mgys¢ values. Consid-
ering that AG'”® and Myso values are calculated based on overall
chemical composition, this inconsistency may arise from a possible local
chemical inhomogeneity in the samples [18]. To check this possibility,
the elemental distribution was analyzed by EDS elemental mapping
(Fig. 11 and Fig. 12). The back-scattered electron (BSE) image and the
corresponding EDS maps of the LPBF sample (Fig. 11a) indicate a ho-
mogeneous distribution of constituent elements on the micro-scale.

Fig. 8. The low- and high-magnification SEM images of the tensile fracture surfaces for the H-charged (a) LPBF, (b) CA, and (c) CA-TMT samples. (LPBF: Laser
powder-bed-fusion, CA: Casting plus annealing, TMT: Thermomechanical treatment).
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Fig. 9. Optical micrographs of the cross-sectional region in the tensile-tested sample with the insets showing the low-magnification images. The arrows indicate the
H-assisted cracks. (LPBF: Laser powder-bed-fusion, CA: Casting plus annealing, TMT: Thermomechanical treatment).

b} GA (g, ~114%)

8) LPBF (i, ~92%)

W -oCc ecc |

Fig. 10. Secondary H-assisted cracks in the (a) LPBF, (b) CA, and (c) CA-TMT samples: (a; 2)— (c;2) show the image quality maps and the corresponding phase
distribution maps obtained from EBSD measurements around the H-assisted cracks; (az)—(c3) show high magnification secondary electron (SE) images and the
corresponding ECCI and EBSD phase map of the H-assisted cracks (EBSD step size: 50 nm). The white, blue and yellow arrows denote y-o interface cracks, o cracks,
and y penetrating cracks, respectively. (LPBF: Laser powder-bed-fusion, CA: Casting plus annealing, TMT: Thermomechanical treatment). (For interpretation of the
references to colour in this figure legend, the reader is referred to the Web version of this article.)

STEM annular dark field image shows a high density of the dislocation
structure near the cell wall, however, we could not find any indication of
elemental segregation from the STEM-EDS elemental mapping
(Fig. 11b). Thus, we can conclude that the constituting elements are
homogeneously distributed in the LPBF sample despite the presence of a
cellular solidification substructure. This observation is in good agree-
ment with the results obtained in rapid solidification experiments
including splat quenching and laser welding which showed that a higher
cooling rate leads to partitionless austenitic solidification [52]. Thus, the

high characteristic cooling rate associated with the LPBF process results
in a more homogeneous elemental distribution compared to the con-
ventional processing routes encountered in commercial production of
this steel. However, the EDS results of the CA sample (Fig. 12a) reveals
that elemental partitioning between y and § is evident for Cr and Ni and,
more importantly, the y regions nearby 5 are enriched in Cr but depleted
in Ni. This clear chemical inhomogeneity observed in the y matrix may
be attributed to the incomplete partitioning of Cr and Ni to the y that had
transformed from the 6 during casting. The detailed mechanism on this
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Fig. 11. Elemental distribution in the LPBF sample. (a) BSE image and the corresponding EDS maps and (b) STEM annular dark field image and the corresponding

EDS maps. (LPBF: Laser powder-bed-fusion).

Fig. 12. BSE image and the corresponding EDS maps of the (a) CA and (b) CA-TMT samples. (CA: Casting plus annealing, TMT: Thermomechanical treatment).

phenomenon and its verification are provided in the Supplementary
Material. Since a slight difference in chemical composition (especially Ni
content) causes a substantial change in the mechanical stability of
austenite and thus HE susceptibility [36,53], the y region located close
to S-ferrite (~6.4 wt% Ni and ~18.3 wt% Cr) would exhibit a lower
austenite stability and thus lower HE resistance, compared to y regions
that are located far away from &-ferrite (~8.8 wt% Ni and ~16.2 wt%
Cr). A quantitative measure of chemical composition of these regions is
given in the Supplementary Material. In contrast to the CA sample, a
homogeneous elemental distribution is observed in the CA-TMT sample
(see Fig. 12b), suggesting that the imposed TMT completely eliminates

atrain localization

4

chemical inhomogeneity as well as & from the CA sample, thus
enhancing its austenite stability.

In addition to the chemical matrix inhomogeneity, it is often found in
the deformed CA sample that strain (and the associated dislocation
density) is localized at y-5 interfaces, as shown in Fig. 13. Furthermore,
Fig. 13 clearly shows that the microstrain (reflected by the density of
dislocations) is more localized at the y-8 interfaces rather than at the y
grain boundaries, suggesting that the y-3 interfaces act as the sites of
high strain localization. This result is consistent with the previous lit-
eratures in which 8 ferrite was found to impede dislocation glide and
promote dislocation pile ups at the y-8 interfaces due to its strain

Strain localization

Fig. 13. ECCI images of the deformed CA sample showing strain localization near the retained 5. (CA: Casting plus annealing).
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incompatibility between & ferrite and y matrix [54,55]. Since such
dislocation pile-ups can reduce the energy barrier for strain-induced
martensitic transformation [56], the increased density of dislocations
near the y-8 interfaces is expected to promote the formation of o. Thus, a
large volume fraction of o’ observed in the CA sample is mainly attrib-
uted to the chemical inhomogeneity-induced localized reduction of
austenite stability, and the presence of retained d-ferrite additionally
contributes to the strain-induced martensitic transformation by inducing
a high density of dislocations.

Another interesting feature is that although the LPBF sample clearly
exhibits a cellular substructure in its initial state (after solidification), its
austenite stability is similar to that of the CA-TMT sample. In fact, fy in
the LPBF sample is slightly higher than that in the CA-TMT sample for all
investigated strain levels (see Fig. 7). However, this is simply due to the
fact that the driving force (AG'™%) is slightly higher in the LPBF sample
than that in the CA-TMT sample. Thus, we assume that neither nucle-
ation nor growth of o is significantly affected by the presence of the
solidification cell substructure. With regard to the growth of o, one may
argue that the solidification cell substructure in the LPBF sample may act
as a barrier that hinders the growth of o, given that this structure re-
mains stable over the entire plastic deformation range probed here.
However, this possibility can be readily ruled out because it is often
found that the size of o martensite is bigger than that of the cellular
substructure. The combined EBSD and ECCI observations of regions
containing o martensite (Fig. 14) suggest that strain-induced o can
easily pass through adjacent cells even at a relatively low strain level (e.
g., ~20%). Since the dislocation cell walls are essentially low-angle
grain boundaries (rather than high-angle grain boundaries), they are
expected to have only a minor effect on suppressing the growth of o
[23].

The results presented above are inconsistent with a previous study by
Baek et al. [34], which reported a higher mechanical stability of
austenite of AM-processed 304L compared to its conventionally pro-
duced reference counterpart. As mentioned above, the chemical
composition (especially the Ni content) in ASS is very critical [36,53]
and, indeed, AM-processed 304L steel can show higher mechanical
stability of austenite when it contains higher Ni and N contents than
conventionally produced 304L material [40]. Since the chemical com-
positions of the alloys were not provided in Ref. [34], a possibility that
differences in chemical composition causes the difference in HE resis-
tance cannot be excluded. By contrast, in the present study, we
confirmed that the austenite stability of LPBF produced material is
similar to that of conventionally produced samples in terms of the
overall chemical composition, according to the calculated AG'~* and
Magso values. Therefore, the comparison between the LPBF and CA-TMT
samples unambiguously reflects only the influence of the different fea-
tures in the microstructure (rather than in the chemical composition)
between additively and conventionally manufactured 304L ASSs, sug-
gesting that the solidification cell structure in AM-processed 304L steel
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has a negligible effect on the mechanical stability of the austenite. With
this regard, we can conclude that the presence of § ferrite and the
inhomogeneous distribution of the alloying elements (especially Ni) in
the y matrix plays the most important role in determining the mechan-
ical stability of austenite. Thus, the conventionally manufactured sam-
ple exhibits similar mechanical stability of austenite (or HE
susceptibility) as the additively manufactured sample if both of them
have similar AG'~* (or Myso) values, fully austenite structure, and a
homogeneous elemental distribution. To achieve this, 304L steel pro-
duced by conventional casting, may require several corresponding
post-processing steps.

4.2. H-assisted cracking mechanism

4.2.1. Initiation of H-assisted cracking

Before identifying the mechanism of H-assisted crack initiation, the
sequence of the H-assisted cracking processes should be discussed first,
since one could argue that H-assisted cracks are first initiated within v,
and then the high strain localization near the crack tip promotes the
martensitic transformation. However, considering that stresses are
relaxed upon crack initiation, the microstructure in the vicinity of the
crack initiation site (perpendicular to the crack propagation path)
should represent the condition at the time of crack nucleation. In this
study, the majority of crack initiation sites, which is typically located in
the center of the crack, are identified as the y-o interfaces and inside o'.
Thus, it is likely that strain-induced martensitic transformation occurs
prior to H-assisted cracking instead of being a result of cracking. More
importantly, there is no evidence that H-assisted cracks and/or voids are
initiated at the critical sites of y, such as GBs and intersections of slip
lines (or mechanical twins), as shown in ECCI images of Fig. 10. This
supports our hypothesis that, at least for the present samples, strain-
induced martensitic transformation occurs first, and then the regions
containing o act as the crack initiation sites.

In fact, strain-induced martensitic transformation is a crucial factor
for the severe HE of metastable ASS despite some dispute in the litera-
ture [9,43,57]. The general consensus is that the strain-induced
martensite contributes strongly to H-assisted cracking [11,46,58],
which can be explained as follows: in general, the body centered cubic
(BCC) structure of o martensite is inherently more susceptible to
H-assisted cracking than the FCC austenitic structure [9,10,53].
Furthermore, the H solubility in o/ martensite is lower than that in the
austenite by one to two orders of magnitude [59]. Thus, when H-con-
taining austenite is transformed to o' martensite and the martensite in-
herits the H from the austenite, it suddenly exceeds the H solubility limit
in of martensite, i.e. the H becomes excess H. Following the trans-
formation, excess H diffuses to the surrounding austenite and accumu-
lates at the y-o/ interphase boundary, since the H diffusivity is much
higher in o martensite than in austenite [59-61]. When a critical H
concentration is attained at this boundary, H leads to decohesion of the

GCellular
structure

Fig. 14. Distribution of strain-induced o’ martensite in the LPBF sample strained to ~20%: (a) phase distribution map and (b) magnified ECCI image of a selected

area highlighted in (a). (EBSD step size: 50 nm, LPBF: Laser powder-bed-fusion).
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y-o interphase boundary and thus cracks start to nucleate and propagate
along this boundary (y-o' interface crack) [12,62,63]. Furthermore,
H-enhanced slip localization in the retained y can cause void formation
[64,65] along the y-o interface, further facilitating the decohesion
process. Additionally, the excess H can also be accumulated within the
substructure of o martensite (i.e., at lath/block boundaries). In this case,
supersaturated H at lath/block boundaries might lead to decohesion and
crack initiation/propagation within o/ martensite (o' crack) [46,61,66,
67]. Since both, y-o' interface cracks and o cracks are frequently
observed in Fig. 10, it seems that all mechanisms mentioned above are
activated. Thus, the excess H resulting from the strain-induced o
martensitic transformation plays a crucial role in HE of the present
samples. In this regard, it can be concluded that the presence of the
austenite with a low stability around retained &-ferrite in the CA sample
enhances the localized strain-induced o martensite transformation,
which in turn leads to the formation of possible crack initiation sites in
the presence of H, and thus contributes to the severe HE susceptibility.

4.2.2. Growth of H-assisted cracking

In addition to the crack initiation, the crack growth resistance is
another crucial factor to control the elongation to failure in a H-
providing environment; i.e., low resistance to crack growth results in
brittle fracture at low strain levels. In this study, it was clearly observed
that the CA sample shows a much higher number of deep H-assisted
cracks than the other samples (Fig. 9), indicating that the CA sample
exhibits a lower resistance to crack growth when exposed to a H-
donating atmosphere.

H-assisted crack growth in ASSs has often been attributed to the
coupled H diffusion and the increase in H concentration ahead of a crack
tip [60,63,68]. Under tensile loading conditions, a stress field with a
hydrostatic component is developed in front of a crack tip and thus the
enrichment of H at a critical site ahead of the crack tip is promoted by
stress-driven H diffusion [69-71]. When the accumulated H concentra-
tion exceeds a critical value near the crack tip, H leads to continuous
crack growth (new cracks initiate and coalesce with the pre-existing
crack) and finally causes the complete fracture of the material [72,
73]. Thus, it can be concluded that the acceleration in crack growth due
to H depends on the rate at which the H is provided to the critical region
ahead of crack tip and thus to the local H concentration. On the other
hand, it might be reasonable to assume that H diffusion to a crack tip can
be accelerated by the presence of o near the crack, due to the high
diffusion rate of H in o/, often referred to as short-path diffusion
mechanism [59,60]. Besides the pre-existing o, fresh o can be formed in
the stress field in front of the crack tip, leading to further enhancement
of H diffusion [18,63] and providing a high local oversaturation of H. In
fact, Wang et al. [63] investigated the influence of martensitic trans-
formation in front of a crack tip on the H enrichment by means of finite
element analysis. They reported that the enrichment of H in front of the
crack tip is accelerated by about four orders of magnitude due to the
presence of o at the crack tip. Since the amount of both pre-existing o
and fresh of around the crack is dependent on the austenite stability, a
correlation between the austenite stability and the capacity of H diffu-
sion ahead of the crack can be derived. Based on this concept, a rela-
tionship between austenite stability and resistance to crack propagation
can be derived, as schematically illustrated in Fig. 15. In the CA sample,
which has locally a low austenite stability, a large amount of o' near the
H-assisted crack significantly accelerates the stress-driven H diffusion to
the crack tip and thus leads to continuous crack growth (see Fig. 15a).
On the other hand, in the LPBF and CA-TMT materials, which have a
high austenite stability, the enrichment of H at the crack tip is not suf-
ficient due to the small amount of o, and thus the H-assisted cracks can
be easily arrested (see Fig. 15b). We therefore conclude that in the CA
sample, a high capacity of H diffusion towards the crack tip leads to the
continuous growth of H-assisted cracks and thus further contributes to
material’s HE susceptibility. For the same reason, the depth of the
H-affected brittle zone in the CA samples is significantly deeper than
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Fig. 15. Schematic illustration showing the influence of stress-driven H diffu-
sion on crack growth resistance for austenite with (a) low stability and (b) high
stability. Note that the shape of o is simplified as ellipsoid, but its actual shape
is rodlike. (GB: Grain boundary, TB: Twin boundary).

that in the LPBF and CA-TMT specimens (Fig. 8).

4.3. Variations in H diffusion and trapping behavior

Since one may argue that the depth of a H-assisted crack (or H-
affected brittle zone) is closely related to the H permeation depth after
H-charging, it is instructive to investigate the possible difference in H
permeation depth after H-charging among the investigated samples.
Under the assumption that the H lattice diffusion follows Fick’s law, the
local H content, Cy, as a function of the depth from the surface, x, can be
estimated as [74]:

Cu(x, t):CH>|:1 —6”f< (2)

ol

where Cy; is the local H content at the surface of the H-charged samples,
tis the charging time, and Dy is the diffusion coefficient of H. In Eq. (2),
it is evident that when x/(2/Dgt) > 2, Cy approaches 0, hence, the
maximum H permeation depth, xpay, after H-charging can be estimated
by taking Xmax/(2v/Dut) = 2, i.€., Xmax = 4+/Dyt. Since all samples were
H-charged under the same conditions, xm,x only depends on Dy. One
could expect that the cell structure with a high dislocation density in the
LPBF sample reduces the H diffusivity, since dislocations act as possible
H trapping sites. However, in contrast to BCC metals, the increase in
dislocation density has little influence on the apparent H diffusivity in
ASSs [16,20,75], because the binding energy of H at dislocations in FCC
metals is lower than the activation energy for H lattice diffusion,
whereas in BCC metals the binding energy between H and the lattice
dislocations is much higher than the activation energy for H lattice
diffusion [20]. In this regard, Dy for all investigated samples can be
assumed to be the same as that of 300-series ASS (~3.17 x 10'® m?/s at
RT [3]). By taking this Dy value, the xn,x after 5 days H-charging can be
estimated as ~47 pm for all investigated samples. As shown in Figs. 8
and 9, however, a much higher depth of the H-affected brittle zone was
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measured from the analysis of fracture surfaces in the CA sample (~180
pm). One may argue that the difference in chemical composition be-
tween the LPBF and CA(-TMT) samples leads to the different H diffu-
sivities in them. However, it has been reported that the H diffusivity is
not seriously affected by chemical composition in various ASSs and only
varies from ~1.92 x 10° to ~4.28 x 10'® m?/s at room temperature
[3]. Considering such range of variance in the H diffusivity, the esti-
mated H diffusion depth can vary from ~36 to ~54 pm. Even if we
consider this scatter on the estimated H diffusion depth, there is still a
big discrepancy between the estimated H diffusion depth and the
observed depth of ~180 pm of the H-affected brittle zone in the CA
sample. The discrepancy between xpax and the depth of the H-affected
brittle zone suggests that further permeation of H atoms occurs during
the deformation. The reason for this may be the stress-driven H diffu-
sion, as discussed in Section 4.2.2. From this viewpoint, it can be
accepted that the depth of the H-affected brittle zone in the LPBF and
CA-TMT samples is similar to the estimated xy,x, since both samples
show a low capacity of H diffusion toward the crack tip. Note that the CA
sample contains retained §, but the amount of retained § is too small to
affect the H diffusion. Therefore, this observation further supports our
hypothesis that stress-driven H diffusion towards the crack tip plays a
crucial role in H-assisted crack growth. Although the motion of dislo-
cations with trapped H can carry H deep into the material, thus assisting
H transport [76,77], the shallow depth of the H-affected brittle zone in
the LPBF and CA-TMT samples is similar to the estimated depth of H
permeation. This implies that the movement of dislocations have a
negligible effect on H diffusion in the present samples.

In contrast to the H diffusivity, the H content in ASSs increases with
the density of dislocations, since dislocations provide additional H
trapping sites [3,20]. However, TDS results in Fig. 5 reveal that the
solidification cell substructure, which is decorated with dislocations,
does not increase the H content of the LPBF sample significantly. Thus, it
seems that, in contrast to the dislocations, the solidification cell struc-
ture may not provide additional H trapping sites and thus increase the H
content. Although the detailed mechanism is not fully understood yet, it
is reasonable to suggest that the low H trapping ability of the solidifi-
cation cell structure is due to its low binding energy to H atoms. Since
the solidification cell structure in the LPBF sample possesses a
low-energy dislocation structure [31,78], the elastic stress field around
this structure is different from that around the randomly distributed
dislocations [79]. As a result, the binding energy of H to the solidifica-
tion cell might also be different from that of randomly distributed dis-
locations. However, it is not feasible to investigate the influence of the
solidification cell structure on the activation energy for H desorption
under the present experimental conditions. For example, the TDS results
in Fig. 5 show only one low-temperature peak, but there is a possibility
that several peaks, which correspond to various weak H trapping sites
such as grain boundaries and dislocations, may be overlapping. There-
fore, additional systematic experiments and simulations are required to
confirm the present trend and to provide information on the precise
mechanism of the low H trapping ability of the solidification cell
structure.

Before closing, it is constructive to address the issue that the H
content in the CA sample is slightly lower than that in the CA-TMT
sample. This phenomenon can be strongly correlated with the micro-
structure differences between them. As shown in the EDS map in Fig. 12,
the Cr is highly concentrated inside and near the & ferrite in the CA
sample. Therefore, the austenite Cr content is much lower in the CA
sample than that in the CA-TMT sample. Since Cr enhances H solubility
[3,81, such depletion of Cr in the matrix austenite phase, accompanied
by the & ferrite in which the solubility of H is at least an order of
magnitude lower than that in austenite [59], probably contribute to the
slightly lower H content in the CA sample.
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5. Conclusions

In the present study, H effects on tensile ductility of 304L ASS
fabricated by laser powder-bed-fusion (LPBF) were systematically
investigated through a series of tensile tests, microstructural analyses
and by comparing the results with those of conventionally produced
304L ASSs (i.e., cast and annealed (CA) and cast, annealed and
thermomechanically-treated (CA-TMT) samples). The major conclusions
of this investigation are as follows:

1. Hydrogen embrittlement susceptibility of 304L ASSs varied with
different production routes; H-charging resulted in a significant loss
in ductility for the CA sample, whereas only a small effect of H on
ductility was observed for the LPBF and CA-TMT samples. In the
EBSD analysis, the volume fraction of strain-induced o' martensite
was higher in the CA sample (~16%) than in the LPBF and CA-TMT
samples (~3% and ~1%, respectively) at the same strain level of
60%, suggesting that the low local mechanical stability of austenite
may be the reason for the low resistance to hydrogen embrittlement
in the CA sample.

2. The low mechanical stability of austenite in the CA sample can be
explained by the presence of chemical inhomogeneity in austenite
regions particularly around the retained & zones in the initial state.
Thermomechanical treatment, subsequent to CA, enhanced the
chemical homogeneity, which in turn can effectively recover the
austenite’s stability and thus the resistance to hydrogen embrittle-
ment in the CA-TMT sample.

3. In contrast, the LPBF sample showed a fully austenitic structure with
homogeneous distributions of its constituent elements and a highly
complex microstructure containing a characteristic solidification
cellular structure due to the high solidification and cooling rates.
These features led not only to enhanced strength but also to a high
resistance to hydrogen embrittlement in the ASS without any further
processing step.

4. In all samples, most of the H-assisted cracks were initiated at regions
with of martensite, which further supports the critical role of strain-
induced o martensitic transformation in hydrogen embrittlement of
the present samples. Thus, it was revealed that the presence of § and
the chemical inhomogeneity inside y matrix promoted hydrogen
embrittlement by enhancing the deformation-induced martensitic
transformation and the associated H enrichment at the y-o interface.

5. The LPBF sample, in spite of the presence of a solidification cellular
structure, showed similar HE susceptibility to the CA-TMT sample.
This can be rationalized by the negligible effect of the solidification
cell structure on austenite stability as well as on H trapping behavior.
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