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We demonstrate a novel approach of utilizing a hierarchical microstructure design to improve the me-
chanical properties of an interstitial carbon doped high-entropy alloy (HEA) by cold rolling and subse-
quent tempering and annealing. Bimodal microstructures were produced in the tempered specimens
consisting of nano-grains (~50 nm) in the vicinity of shear bands and recovered parent grains (10e35 mm)
with pre-existing nano-twins. Upon annealing, partial recrystallization led to trimodal microstructures
characterized by small recrystallized grains (<1 mm) associated with shear bands, medium-sized grains (1
e6 mm) recrystallized through subgrain rotation or coalescence of parent grains and retained large un-
recrystallized grains. To reveal the influence of these hierarchical microstructures on the strength-
ductility synergy, the underlying deformation mechanisms and the resultant strain hardening were
investigated. A superior yield strength of 1.3 GPa was achieved in the bimodal microstructure, more than
two times higher than that of the fully recrystallized microstructure, owing to the presence of nano-sized
grains and nano-twins. The ductility was dramatically improved from 14% to 60% in the trimodal
structure compared to the bimodal structure due to the appearance of a multi-stage work hardening
behavior. This important strain hardening sequence was attributed to the sequential activation of
transformation-induced plasticity (TRIP) and twinning-induced plasticity (TWIP) effects as a result of the
wide variation in phase stability promoted by the grain size hierarchy. These findings open a broader
window for achieving a wide spectrum of mechanical properties for HEAs, making better use of not only
compositional variations but also microstructure and phase stability tuning.

© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Currently, there is considerable interest in the field of high-
entropy alloys (HEAs) not only due to their configurational
entropy-driven phase stability of massive solid solutions [1] and in
part good mechanical properties [2] but also because they open up
a practically infinite compositional space for future solid solution
alloy development [3,4]. The original design concept of HEAs was
directed towards mixing of more than five alloying elements at
near equimolar concentrations with the aim of forming a single-
phase solid solution [1,5]. Numerous studies have focused on
designing new compositions to improve the mechanical properties
of HEAs by incorporating further strengthening mechanisms such
as precipitation hardening [6] and interstitial solid solution
mpie.de (Z. Li).
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strengthening (e.g., by adding carbon) [7] besides the intrinsic
substitutional solid solution strengthening.

The recent development of non-equiatomic HEAs with meta-
stable bulk phases has introduced a more efficient way to improve
strength and ductility simultaneously by triggering transformation
induced plasticity (TRIP) [8,9] and/or twinning induced plasticity
(TWIP) effects [7,10]. This novel metastability-engineering strategy
opens up even more space for mechanism-driven HEA design
owing to the tunable stability of the solid solution phases.

Although substantial research efforts have been devoted to the
compositional design of HEAs, few studies have been conducted to
also utilize microstructure control for tuning their mechanical
properties [3,11e13]. Since the mechanical response of structural
materials, such as strength, ductility and toughness, are highly
sensitive to microstructure [14], it is important to understand and
design specific microstructure features in close concert with the
vast compositional degrees of freedom of HEAs to further broaden
their mechanical property spectrum.
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In the current work, an interstitial carbon alloyed HEA (iHEA),
49.5Fe-30Mn-10Co-10Cr-0.5C (at. %), was chosen for conducting
such amicrostructural design study. The compositionwas tuned for
a stacking fault energy (SFE) regime that allows joint and sequential
activation of phase transformation from face-centered cubic (FCC)
matrix to hexagonal close-packed (HCP) martensite and mechani-
cal twinning during room temperature deformation [7,15]. The
sequence or respectively overlap in the activation of these two ef-
fects, together with dislocation slip, depends not only on the
loading scenario but also on the microstructures. More specific,
both mechanisms have been reported to show strong dependence
on grain size and local partitioning of the alloying elements [16,17].
According to Mahajan et al. [18,19], nucleation and growth of HCP-
martensite and twins involve specific dislocation patterns and in-
teractions at grain boundaries, formation of stacking faults and
passages of Shockley partials. Grain refinement influences dislo-
cation pile-ups in front of grain boundaries, thus setting the back
stresses level. Consequently, higher external stresses are required
to generate more dislocations and stacking faults. Also, nucleation
of both, mechanical twins and HCP-martensite require specific
configurations of stacking faults at the grain boundaries so that
their frequency scales inversely with grain size [20,21]. In addition,
pre-existing dislocations increase the mechanical stability of the
FCC structure as they inhibit the motion of mobile dislocations and
constitute effective barriers to the growth of martensite lamellae
[22,23] and twins [17]. Therefore, both, grain refinement and pre-
existing substructures can lead to the higher resistance to
deformation-induced martensitic transformation and twinning of
the FCC matrix [24e26].

Based on the characteristics of the TWIP-TRIP-assisted iHEA and
the grain size effects on the phase transformation and twinning
discussed above, we propose here a novel approach to improve the
mechanical properties of an iHEA by hierarchical microstructure
design [27e29]. Experimentally, this was achieved by means of
recovery and partial recrystallization of the cold-deformed alloy. A
series of bimodal and trimodal microstructures covering a wide
range of grain sizes from 50 nm to tens of micrometers were
developed so as to manipulate the phase stability of the FCC matrix
to different levels of metastability [30,31]. In this way, HCP-
martensitic transformation and twinning can be expanded to
larger strain domains and in smaller scales upon deformation. As a
consequence, the work hardening rate is expected to be enhanced,
which, in turn, gives rise to the improved ductility and tensile
strength. The systematic investigation is conducted to fundamen-
tally understand the effects of grain-structure hierarchy on defor-
mation mechanisms, work hardening behavior and final
mechanical properties of the iHEA. The new insights obtained from
merging synergetic effects from both, compositional and micro-
structural tuning can serve as an important guidance for future
developments of advanced HEAs with superior mechanical
properties.
2. Experiment

The iHEA used in the present study has a nominal composition
of 49.5Fe-30Mn-10Co-10Cr-0.5C (at. %). The chemical composition
measured by inductively coupled plasma (ICP) mass spectrometry
Table 1
Chemical composition of the iHEA measured by inductively coupled plasma mass
spectrometry.

Fe Mn Co Cr C

Concentration (at.%) 49.35 30.48 10.31 9.24 0.63
is listed in Table 1. Hot rolling was performed on the as-cast alloy at
900 �C to a thickness reduction of 50%, followed by homogenization
at 1200 �C for 2 h in an Ar atmosphere and then water quenching.
The as-homogenized plate presented a single FCC structure and
equiaxed grains with an average size of 65 mm. Cold-rolling was
performed on the as-homogenized plates to a thickness reduction
of 67%. The as-cold-rolled specimens were then subjected to
tempering at 400 �C and annealing at 650 �C and 750 �C for
different times to create a series of differentmicrostructures. All the
heat treatments were conducted using a dilatometer with a heating
rate of 10 K/s and a cooling rate of 50 K/s which was approximately
equivalent to that of water-quenching.

The microstructures of as-cold-rolled and heat-treated speci-
mens were characterized in the cross-section of the rolling direc-
tion (RD) and the normal direction (ND) of the sheets, while the
tensile samples were analyzed in the cross-section of the RD and
the transverse direction (TD). Electron backscattered diffraction
(EBSD)measurements were performed using a Jeol JSM-6500F field
emission gun scanning electron microscope (SEM) equipped with a
high resolution camera and a TSL-OIM data analysis software. All
inverse pole figure (IPF) maps were plotted using the ND as refer-
ence axis. Electron channeling contrast (ECC) imaging was coupled
with the EBSD analysis to reveal deformation substructures by a
Zeiss-Merlin SEM. X-ray diffraction (XRD) measurements were
performed by using a Meteor0D energy dispersive point detector
with Cobalt source operated at 40 kV and 30mA. Transmission
electron microscopy (TEM) analysis was performed using a FEI-
TITAN at an acceleration voltage of 300 kV. TEM thin foils were
prepared by mechanical grinding followed by electro-polishing
with a solution of 5% perchloric acid in acetic acid.

Regular dog-bone shaped tensile samples with a thickness of
1mm were machined from the alloy sheets by electron discharge
machining. The total length of the specimen is 20mm, and the
gauge length and width are 4mm and 2mm, respectively. Room
temperature tensile tests were conducted at a constant speed of
4 mm/s which is equivalent to a strain rate of 0.001/s by using a
Kammrath & Weiss tensile device. The macroscopic strain distri-
bution and evolution were measured by a digital image correlation
(DIC) technique with Aramis software (GOM GmbH). Nano-
indentation tests were performed using a Hysitron TriboScope
nano-indentation system with a Berkovich shaped indenter with a
maximum load of 2500 mN.

3. Results

3.1. Microstructure of as-cold-rolled alloy

Fig. 1 presents the EBSD maps, ECC images and XRD pattern of
the as-cold-rolled specimen. A large number of shear bands can be
seen crossed and embedded among the flattened parent grains (e.g.
Region I in Fig. 1a). Deformation during cold-rolling was highly
localized in the shear bands resulting in regions with large lattice
distortion beyond the resolution limit required for reliable EBSD
indexing, shown as black bands in the EBSD maps (Fig. 1aec). A
dual-phase structure consisting of deformation induced HCP-
martensite and FCC phase is formed (Fig. 1b). By ECC imaging,
nano-grains are observed inside the shear bands mixed with nano-
lamellae (Fig. 1d). Moreover, micro-shear bands with the thickness
of sub-micrometers are found penetrating through the parent
grains (e.g. Region II in Fig. 1a). Enlarged ECC image of the micro-
shear band inside the HCP-martensite grain is displayed in Fig. 1e.
The volume fraction of the HCP-phase is about twice that of the FCC
phase from the quantitative XRD analysis according to the Rietvelt
method (Fig. 1f). There is no BCC or BCT martensite identified by
either EBSD or XRD technique.



Fig. 1. Microstructure and phase analysis of as-cold-rolled specimen: (a) inverse pole figure (IPF) map superimposed with image quality (IQ) map, (b) phase map overlapped with IQ
map, (c) KAM map (with a residual FCC grain circled in the dashed ellipse), (d) ECC image of region I showing nanocrystals and nano-lamellae in the shear band, (e) ECC image of
region II revealing micro-shear bands in a HCP-martensite grain, and (f) XRD pattern with the volume fractions of FCC and HCP phases.
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It is worth mentioning that, besides the shear-banded regions,
the strain distribution in the large grains is also heterogeneous. In
the kernel average misorientation (KAM) map with the 1st nearest
neighbor correlation (Fig. 1c), the KAM values indicate the densities
of the geometrically necessary dislocations (GNDs) [32]. It can be
seen that the retained FCC grains have higher dislocation densities
compared to the deformation induced HCP-martensite grains.
Accordingly, the former should possess higher driving forces for
subsequent recrystallization than the latter. Furthermore, HCP-
martensite exhibits a near-basal texture with the {0001} direction
along the ND of the as-rolled sheet, while the retained FCC phase
shows a {101} fiber texture, i.e., {101}//ND and {111}//TD, in the
inverse pole figure (IPF) map (Fig. 1a).
3.2. Development of bimodal microstructures via tempering

Fig. 2 reveals the microstructures of specimens tempered at
400 �C for 3min and 10min. Both specimens consist of a single FCC
phase, indicating that deformation induced HCP-martensite
reversely transformed to FCC phase during tempering (Fig. 2a1
and b1). At such a low temperature (~0.3Tm), no evidence of
recrystallization is found. The large grains show mainly two
orientation components, {101}//ND (green) and close to {111}//ND
(blue and purple) in the IPF maps (Fig. 2a2 and b2). The {101} ori-
ented grains (type I) correspond to the residual FCC phase as they
inherited the grain orientations from the texture developed upon
rolling. The {111} oriented grains (type II) are the reversely trans-
formed FCC phase associated with the prior HCP-martensite which
had a near-basal texture ({0001}//ND). This is because the reverse
phase transformation from HCP to FCC upon heating is a shear
transformation following the S-N relationship (i.e.
ð111ÞFCC==ð0001ÞHCP and ½101�FCC==½1120�HCP) [33]. In addition, the
retained FCC grains show higher dislocation density compared to
the reversely transformed ones (see KAMmap, Fig. 2b3). The image
quality (IQ) maps overlaid with the grain boundaries (Fig. 2b4) also
show that a larger number of low angle grain boundaries (LAGBs)
appear in the retained FCC grains. Twins are identifiedmostly in the
reversely transformed FCC grains (marked by red lines in the IQ
maps, Fig. 2a4 and b4).

Fig. 3 shows the ECC images and TEM analysis of the sub-
structures in as-tempered specimens. Nano-twins with thicknesses
ranging from 10 nm to 70 nm are found in the reversely trans-
formed FCC grains (Fig. 3b). Some of them were sized below the
resolution limits of EBSD. Dislocations and stacking faults (SFs) also
present in some of the large grains (Fig. 3c). In the vicinity of the
shear bands, nano-sized grains can be seen (Fig. 3d). To confirm
these observations, TEM bright field (BF) and dark field (DF) images
are shown in Fig. 3d and e (where the dashed line separates the
matrix from the shear-banded region). In the DF image, nano-
grains are clearly observed in the shear bands.

The nano-indentation tests conducted on the shear bands and
also in the middle of the large parent grains for reference showed a
large difference in hardness values, ~7.4 GPa and ~4.5 GPa, respec-
tively. In general, the bimodal microstructures consisting of large
parent grains with pre-existing nano-twins and nano-grains in the
vicinity of shear bands were produced after tempering.
3.3. Formation of trimodal microstructures during annealing

Fig. 4 reveals the partially recrystallized microstructures of the
specimens subjected to annealing at 650 �C for 3min and 10min
and 750 �C for 3min. A single FCC phase formed for all annealing



Fig. 2. Microstructures of the specimens tempered at 400 �C for (a) 3min and (b) 10min: (1) phase maps, (2) IPF maps, (3) KAM maps, and (4) image quality (IQ) maps super-
imposed with S3 twin and grain boundaries. Grains type I and II indicating the retained FCC phase and reversely transformed FCC phase. IPF, KAM, HAGBs and LAGBs refer to inverse
pole figure, kernel average misorientation, high angle grain boundaries and low angle grain boundaries, respectively.

Fig. 3. ECC images of the specimens tempered at 400 �C for 3min, (a) overview showing shear bands embedded in large parent grains, (b) nano-twins in the reversely transformed
FCC grain, (c) a high density of dislocations and stacking faults (SFs) in the large grain and (d) nanocrystals in the shear band. (e) TEM bight field (BF) image and (f) dark field (DF)
image revealing nano-grains formed in the shear bands.
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Fig. 4. Microstructures of the specimens subjected to annealing at (a) 650 �C for 3min,
(b) 650 �C for 10min (white arrows pointing residual FCC phase) and (c) 750 �C for
3min: (1) phase maps superimposed with S3 twin boundaries and HAGBs, (2) IPF
maps overlaid with IQ maps and (3) KAM maps.
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conditions (Fig. 4a1, b1 and c1). No thermally induced HCP-
martensite is observed after cooling. Statically recrystallized
(SRX) dislocation-free grains form at the expense of the deforma-
tion structures (see KAM maps, Fig. 4a3, b3 and c3). It can be seen
that recrystallized grains preferentially nucleate in the vicinity of
the shear bands in the specimen annealed at 650 �C for 3min
(Fig. 4a). With increasing the annealing time to 10min, besides the
shear-banding related recrystallization, a large portion of the
retained FCC grains undergo recrystallization, as marked by the
white arrows in Fig. 4b. At a higher annealing temperature of
750 �C, the volume fraction of SRX grains increases dramatically
(Fig. 4c). Moreover, annealing twins form in the recrystallized
grains, while much finer mechanical twins are found in the un-
recrystallized grains (marked by white lines in phase maps,
Fig. 4a1, b1 and c1).

Fig. 5 shows the partitioned EBSD maps of the hierarchical
microstructure of the specimen annealed at 650 �C for 10min in the
way of un-recrystallized grains and recrystallized grains with two
different levels of sizes (medium >1 mm and small <1 mm). Most of
the medium-sized recrystallized grains (1e4 mm) formed by
consuming the large parent grains (Fig. 5a2). For comparison,
smaller grains with average size below 1 mm mainly nucleated in
the vicinity of the shear bands. The un-recrystallized grains were
segmented by micro shear-bands into smaller parts with sizes
ranging from 10 to 35 mm. Overall, a trimodal microstructure was
attained after annealing at 650 �C for 10min consisting of: (i) large
un-recrystallized grains with nano-twins (~45 vol %); (ii) medium-
sized recrystallized grains with sizes of 1e4 mm (~33 vol %) and (iii)
small recrystallized grains with sizes less than 1 mm (~22 vol %)
(Fig. 5b).

The ECC image of the retained FCC grain shows blocks of
deformation substructure (Fig. 5c). At higher magnification, a high
density of dislocation walls is observed inside the block cells
(Fig. 5d). In contrast, numerous mechanical twins with dislocations
inside the twin lamellae can be seen in the reversely transformed
FCC grains (Fig. 5e and f). Nano-grains are found inside the micro
shear-bands with an average size of around 100 nm (Fig. 5g). Nano-
carbides (M23C6, where M represents the substitutional elements
Fe, Mn, Co and Cr [7]) are mainly observed in the recrystallized
regions associated with shear bands (Fig. 5h). This is related to the
highly concentrated plastic deformation in the shear bands which
gives rise to locally increased defect concentrations, strain energy
and dissipative heating. Thus, the diffusion rate of carbon is
assumed to be higher in the shear bands, which results in the
favored formation of carbides in these regions during the subse-
quent annealing. In addition, a higher number density of carbides is
detected along the chain of the nano-grains (Fig. 5h), which in-
dicates that such nano-particles pinned grain boundaries, pre-
venting their motion.

3.4. Stress-strain curves and strain hardening response

The engineering stress-strain curves of the specimens subjected
to tempering and annealing with different hierarchical micro-
structures are shown in Fig. 6a. As a comparison, the engineering
stress-strain curves of the fully recrystallized microstructures with
average grain sizes of 4 mm and 160 mm from preview work [7] are
also presented in Fig. 6a (dash lines). The true stress-strain curves
superimposed with their corresponding strain hardening plots are
displayed in Fig. 6b. The yield strength, ultimate tensile strength
(UTS), elongation to fracture and uniform elongation of the speci-
mens at different conditions are summarized in Fig. 6c together
with the volume fraction and the average size of SRX grains
(Fig. 6d).

A high yield strength of ~1.3 GPa and a UTS of ~1.5 GPa are
observed for the tempered specimens with bimodal microstruc-
tures, although the total elongation is only 12%e14%. After
annealing at 650 �C for 3min, where recrystallization mainly
occurred at shear bands, a good combination of yield strength
(824MPa), UTS (1.05 GPa) and ductility (33%) is attained. As a
comparison, for the specimens annealed at 750 �C for 3min with a
higher recrystallized volume fraction (85%), the ductility is sub-
stantially enhanced from 33% to 60%, yet, at sacrificing some of the
yield strength which drops from 824MPa to 555MPa, but the UTS
only slightly decreases (1050MPae938MPa). These observations
indicate that a more pronounced work hardening behavior appears
with a larger amount of SRX grains. It is also found that not only the
uniform elongation (4%e38%) but also the post-necking elongation
(10%e24%) is improved with increasing the volume fraction of
recrystallization from 41% to 85%. Comparing with the fully
recrystallized structure with an average grain size of ~4 mm, the
yield strength of the trimodal structure annealed at 750 �C in-
creases from 485MPa to 555MPa, while the UTS and total elon-
gation are at similar levels. The fine-grained material annealed at
900 �C for 3min also showed a mixture of large grains (up to 8 mm)
and smaller grains (~1 mm) [7,15]. Nevertheless, the yield strength
and the UTS of the materials with trimodal microstructures



Fig. 5. Partitioned IPF maps of the specimen annealed at 650 �C for 10min: (a1) un-recrystallized grains, (a2) SRX grains >1 mm, (a3) SRX grains <1 mm and (b) grain size distribution;
ECC images of (c) Region I of residual FCC grains, (d) zoomed in (c) showing dislocations blocks, (e) Region II of reversely transformed FCC grains showing micro-bands, (f) me-
chanical twins with dislocations inside reversely transformed FCC grains, (g) micro-bands with nano-grains and (h) nano-carbides in the recrystallized grains in the vicinity of the
shear bands.
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annealed at 750 �C are substantially enhanced compared to those of
specimens with uniform coarse-grained structure (~160 mm) and
their ductility is slightly improved.

The work hardening rate of the tempered samples decreases
linearly with true strain until necking, while a multi-stage strain
hardening response appears in the annealed specimens with tri-
modal grain structures. Specifically, the specimens subjected to
annealing at 650 �C (� 55% SRX) show three-stage work hardening
behavior, while the specimens annealed at 750 �C (� 85% SRX)
present clearly four stages of strain hardening with a sudden in-
crease of the work hardening rate at early strains (2e5%).
3.5. Microstructure evolution upon deformation

To correlate the work hardening behavior with the underlying
deformation mechanisms upon uniaxial tensile loading, the
microstructural evolution of two different hierarchical grain
structures (650 �C for 3min and 750 �C for 3min) are compared for
a range of local strains (3%e45%). It should be noted that the
recrystallized volume fraction of the former material (650 �C) is
50% smaller than that of the latter one (750 �C). In the grain size
distribution map (Fig. 7c), it can be seen that the volume fraction of
small grains (<1 mm) of the specimen annealed at 650 �C is higher
than that of the sample subjected to annealing at 750 �C, but the
medium-sized recrystallized grains (1e6 mm) in the former is less
than that in the latter. At a low strain of 3%, HCP-martensite
lamellae are only found in the large parent grains in the spec-
imen annealed at 650 �C, but in both parent grains and medium-
sized recrystallized grains in the sample annealed at 750 �C ac-
cording to EBSD analysis (Fig. 7a and b). The fraction of the HCP-
martensite of the former (~0.2 vol %) is also lower than that of the
latter (~0.5 vol %). In the large parent grains, the HCP-martensite
lamellae are found along the pre-existing twin boundaries (as
shown in the enlarged IQ map, Fig. 7d).

ECC imaging was applied to analyze the formation of HCP-
martensite lamellae and twins at submicron scales. In the speci-
mens annealed at 750 �C for 3min, numerous fine HCP-lamellae
and twins are observed in the medium-sized recrystallized grains
and most of them penetrate the entire grain (Fig. 8a). Multiple
variants of HCP-martensite or twinning systems are activated in the
grain with orientation {101}//ND (marked by the black rectangular
in the IPF map, Fig. 7b1). In the recrystallized grains, incoherent
annealing twin boundaries (showing facets) also serve as nucle-
ation sites for HCP-martensite and twins (Fig. 8b). The thickness of



Fig. 6. (a) Engineering stress-strain curves of the specimens heat-treated at 400 �C, 650 �C and 750 �C for 3min and 10min. The two dash-lines represent the stress-strain curves of
the fully recrystallized grain structures with average grain sizes of ~4 mm and 160 mm from Ref. [7]. (b) true stress-strain curves superimposed with the corresponding strain
hardening curves, (c) illustration of two different work hardening behavior at 750 �C (upper) and 650 �C (lower), (d) summary of yield strength, UTS, total elongation and uniform
elongation and (e) volume fraction and average size of SRXed grains in the specimens at different heat treatment conditions. For the tempered specimens, the volume fraction of
nano-grains were considered as the fraction of shear bands.
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HCP-martensite and twin lamellae at this stage was very thin, viz.
below the EBSD resolution limit. In the ultrafine recrystallized
grains with size below 500 nm (Fig. 8c), stacking faults and partial
dislocations can be seen near grain boundaries. In the large parent
grains, besides the martensite growing along the pre-existing
twinning plane, partial dislocations and thin martensite lamellae
are observed inclining at mainly two sets of angles (i.e., 35e40⁰ and
90⁰) to the pre-existing twin boundaries (marked by red arrows in
Fig. 8d). In the specimen annealed at 650 �C for 3min, stacking
faults and partial dislocations are found in the large parent grains
and they are blocked by the pre-existing dislocation substructures
(Fig. 8e and f).

To demonstrate the effect of grain size on the formation of HCP-
martensite during deformation, the microstructures of the spec-
imen annealed at 750 �C for 3min at local strains of 10% and 30% are
shown in Fig. 9. At a local strain of 10% (Fig. 9a2), a higher fraction of
HCP-martensite with larger thickness is detected in both parent
grains and medium-sized recrystallized grains compared to those
at the strain of 3% (2 vol % vs. 0.5 vol %). Moreover, higher KAM
values are found along grain boundaries, particularly concentrated
in the region of small SRX grains (<1 mm). This is attributed to the
strong interactions of dislocations with grain boundaries and for-
mation of stacking faults in front of the boundaries. Annealing twin
boundaries are also strong obstacles for dislocation movement. The
reactions of dislocations with twins lead to the transition of twin
boundaries to random high angle grain boundaries (HAGBs)
partially (see white arrows in Fig. 9c). With increasing the local
strain to 30% (Fig. 9b2), the overall volume fraction of HCP-
martensite largely increases (8 vol %) and the martensite lamellae
in the small recrystallized grains (~1 mm) are thick enough to be
detected by EBSD.

At a high local strain of 45%, exceeding the global uniform
elongation value, some of the large parent grains are found mostly
transformed to HCP-martensite in the specimen annealed at 750 �C
for 3min (Fig. 10a). The HCP phase shows a lower dislocation
density than the FCCmatrix. In the specimen annealed at 650 �C for
10min, the volume fraction of deformation induced HCP-
martensite (13 vol %) is much lower than that in the specimen
annealed at 750 �C for 3min (33 vol %) at the same local strain
(Fig. 10b). This is mainly due to the inhibition of the growth of
martensite plates by pre-existing twin boundaries in the large
parent grains in the former material.

4. Discussion

4.1. Formation of hierarchical microstructures

A schematic plot of creating hierarchical microstructures
through thermomechanical processing (from homogenization to
cold rolling to tempering/annealing) is shown in Fig. 11. The as-
homogenized materials had an equiaxed recrystallized micro-
structure with a single FCC phase. Upon cold rolling, deformation
induced HCP-martensite formed with retained FCC matrix leading
to a dual-phase microstructure and severe shear bands appeared



Fig. 7. Microstructures at a local strain of 3%: (1) IPF map, (2) phase map and (3) KAMmap of the specimens annealed at (a) 650 �C for 3min and (b) 750 �C for 3min, (c) comparison
of the grain size distributions of the two specimens before tensile loading, and (d) the enlarged IQ map of the rectangular region in (b) showing S3-twin boundaries and phase
boundaries.
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upon deformation to 67% which is equivalent to a true strain of 1.1.
When the as-rolled sheet was subjected to heat treatment at and
above 400 �C, deformation induced HCP-martensite reversely
transformed to FCC matrix through displacive transformation
following the S-N relationship [33], while twins which co-existed
with martensite lamellae prevailed in the parent grains. After
tempering at 400 �C for short times (3min and 10min), recovery
was dominant in the large parent grains and nano-grains remained
in the shear bands. Thus, single-phase bimodal microstructures
consisting of large unrecrystallized grains with pre-existing nano-
twins and nano-grains in the vicinity of the shear bands were
produced.

During annealing, static recrystallization took place particularly
in the vicinity of shear bands due to their largely concentrated
deformation and the higher density of dislocations. Nano-grains
also appeared as the precursors for recrystallization, and thus no
incubation time was required and more nucleation sites were
available for recrystallization. As a consequence, the recrystalliza-
tion kinetics of the shear bands wasmuch higher and the size of the
recrystallized grains was finer compared to those of the large
parent grains. In the residual FCC grains, cell blocks appeared with
dense dislocation walls (DDWs). This was also observed in other
FCC metals, such as in Ni subjected to large strain cold-rolling [34],
and in Fe-22Mn-0.6C (wt.%) steel [26] and 40Fe40Mn10Co10Cr HEA
[10] upon tensile testing. Cell blocks are formed by activating
multiple slip systems simultaneously and they are separated by
dislocation boundaries that are geometrically necessary [34]. Deng
et al. [10] showed that in a single FCC phase twinning-assisted HEA,
8 slip systems can be equally stressed in the grains with the
orientation of <001> along the tensile direction. This is due to the
fact that these slip systems have the same Schmid factor which is
higher than that for mechanical twinning. Therefore, the retained
FCC grains showed a preferred orientation of (110)//ND and (100)//
RD together with dense dislocation cell structures. On the contrary,
the reversely transformed FCC phase contained multiple nano-
twins. Also, in regions adjacent to the shear bands and the micro-
shear bands, the dislocation density was higher (KAM values of
1e2) compared to those in the grain interiors (KAM<1) (Fig. 4a3
and b3). This observation was related to the highly localized
deformation created by shear banding where the crystals adjoining
to the shear bands rotated and formed GNDs to accommodate
strains which caused a local increase in the misorientation as re-
flected by the KAM values [35,36]. As such, both the retained and
reversely transformed parent grains recrystallized through the
formation of LAGBs and rotation and coalescence of subgrains. Yet,
the recrystallization kinetics of the retained FCC grains was higher
than that of the reverted ones due to the higher dislocation den-
sities in the former. In this way, trimodal grain structures were
produced characterized by small recrystallized grains associated
with shear bands, medium-sized grain recrystallized from parent
grains and unrecrystallized large grains.



Fig. 8. ECC images of the specimen annealed at 750 �C for 3min at a local strains of 3%: (a) HCP-martensite lamellae formed in medium sized recrystallized grains, (b) HCP-
martensite formed in front of the incoherent annealing twin boundaries, (c) stacking faults in ultrafine grains (with grain size <500 nm), (d) partial dislocations and fine
martensite lamellae in large parent grains with pre-existing twins. ECC images of the specimen annealed at 650 �C for 3min at the same strain: (e) the deformation substructure in
the large grains and (f) zoomed in image showing stacking faults and partial dislocations blocked by dislocation substructures.
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4.2. Improvement in yield strength through hierarchical
microstructures

The specimens subjected to tempering at 400 �C with bimodal
microstructures exhibited much higher yield strength compared to
those annealed at the higher temperatures. This is mainly attrib-
uted to the pre-existing nano-twins and dislocations in the large
parent grains and nano-grains remained in the shear bands.
Therefore, the yield strength can be considered as the summation
of the strength contributions from twin boundaries, dislocations
and grain refinement, written by equation (1) with the rule of the
mixture [37]:

sy ¼ si þ f TWDsTW þ f DISDsDIS þ f GRDsGR (1)

where si is the initial yield strength of the current iHEA with the
average grain size of 65 mm. The terms indicated by f represent the
volume fraction of the grains associated with different micro-
structural features, such as pre-existing nano-twin boundaries
(TW), dislocations (DIS) and grain refinement (GR) by nano-grains
or static recrystallization, and Ds refers to the increase of the yield
strength caused by each strengthening mechanism.
It is well-known that the yield strength can be improved by
grain refinement which is expressed as the Hall-Petch relation [38],
equation (2).

DsGR ¼ ky
�
d�

1
2 � d�

1
2

i

�
(2)

Here, ky is the strengthening coefficient by grain refinement and
d is the average grain diameter. By plotting the Hall-Petch relation
in a large range of grain sizes from 2.2 mm to 160 mm (data extracted
from current and previous work [7]), the values of ky
(573 MPa,mm�1=2) and s0 (179MPa) were derived. The strength-
ening coefficient ky in this case is consistent with those reported in
the Fe-Ni-Co-Al-Cr HEAs with and without the addition of carbon
(574 and 534 MPa,mm1=2) [39] and the equiatomic Co-Cr-Fe-Mn-Ni
HEA (494 MPa,mm1=2) [40], but it is much higher than that stated
in Fe-Mn steels (365 MPa,mm1=2) [37]. The volume fraction of
recrystallized grains, f SRX , was measured from EBSD analysis ac-
cording to the grain orientation spread (GOS) of which the
dislocation-free recrystallized grains were less than 1⁰.

Upon annealing, the large parent grains underwent recovery
where dislocation dipoles with opposite sign annihilated, thus the



Fig. 9. IPF map, phase map superimposed with IQ map and KAMmap of the specimen annealed at 750 �C for 3min at local strains of (a) 10% and (b) 30% and (c) Enlarged map of the
rectangular region. Twin boundaries pointed by white arrows and small grains circled by the ellipses.
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density of retained statistically stored dislocations (SSD) was ex-
pected to be very low. The increase in yield strength owing to the
pre-existing dislocations, therefore, was mainly due to GNDs which
form arrays of subgrains with small misorientations. The density of
GNDs (rGNDs) can be expressed as a function of the misorientation
angle (qÞ and the unit length (u) [32,41].

rGNDs ¼ 2q=ub (3)

where b is the magnitude of the Burgers vector (2.55� 10�10m) of
the FCC phase. Taking u ¼ 10�5 m, the density of the GNDs in the
annealed samples was then estimated to be around 1014/m2 [42].
The contribution of the GNDs to the yield strength can be consid-
ered by using Taylor hardening law [43]:

DsDIS ¼ MaGb
ffiffiffiffiffiffiffiffiffiffiffiffi
rGNDs

p
(4)

Here, M is the Taylor factor (3.06), a is a constant (0.2) and G is
the shear modulus which was determined to be 76 GPa for this
iHEA as measured by impulse excitation technique. The fractions of
the GNDs of 1014/m2 (KAM values above 1) were obtained from the
KAM plots [44,45].

With knowing the contribution of grain refinement and dislo-
cations to the yield strength, the role of pre-existing nano-twins
was able to be derived. It was reported that the yield strength was
related to the twin spacing, described by the twinning Hall-Petch
relation (equation (5)) [26].

DsTwin ¼ ktl
�1=2 (5)

where l is twin spacing and kt is the strengthening factor by twin
boundaries. Fig. 12 shows the ECC images of twins in annealed
specimens. It can be seen that twin spacing became broader at
higher annealing temperatures due to the migration of twin
boundaries by the movement of Shorkley partials. The volume
fraction of the grains with nano-twins was assumed to be the
fraction of un-recrystallized and yet reversely transformed FCC
grains. The dependence of the increase in the yield strength due to
the nano-twins, DsTW , with average twin spacing was then plotted
in Fig. 11d together with the grain size Hall-Petch relation. The
derived strengthening coefficient of nano-twins, kt
(195 MPa,mm1=2) was much smaller than the grain boundary
strengthening coefficient. The similar phenomenon was also re-
ported in a Fe-Mn steel with pre-existing nano-twins produced by
dynamic plastic deformation and subsequent annealing [37]. This
indicates that nano-twin boundaries did not act as effective ob-
stacles as the high angle grain boundaries for dislocation trans-
missions. The pre-existing twin boundaries had two-fold effects. At
first, the coherent twin boundaries on the (111) plane provide glide
plane for partial dislocations where the slip plane and the Burgers
vector are parallel to the twin boundaries which help to facilitate
HCP-martensitic transformation and twinning [14]. Secondly, some
of the twin boundaries block the motions of dislocations as grain
boundaries. When the incoming dislocations interact with twin
boundaries, they either dissociate into partials along the twins or
transfer through the twins depending on the nature of the dislo-
cations and the stress state [37]. In this case, the pre-existing twin
boundaries show an angle with respect to the slip planes (Fig. 8d)
[37].

For the tempered samples, the augmentation of the yield stress
due to nano-twins can be calculated by extrapolating the plot of the
twinning Hall-Petch relation. It was found that the increase of the
yield strength due to nano-twins and dislocations were around 468



Fig. 10. IPF maps, phase maps and KAM maps at a local strains of 45% of the specimens annealed at (a) 750 �C for 3min and (b) 650 �C for 10min.
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and 57MPa, respectively. Hence, the shear-banded microstructure
contributed about 522MPa of the yield strength. Given that the
volume fraction of the shear bands was about 35%, a yield strength
of 1.5 GPa could be achieved in the nanostructures in the shear
bands. A ratio of the yield strength of the nanostructures in the
shear bands with respect to the large grains with nano-twins was
around 1.66, which is consistent with the nano-indentation results
(7.4 GPa/4.5 GPa). The contributions of nano-twins, dislocations
and grain refinement to the increase of yield strength were sum-
marized in Fig. 12e. It can be seen that the nanostructures in the
shear bands and the pre-existing nano-twins in the parent grains
made the primary contributions to the improvement in the yield
strength of the bimodal microstructures created by tempering. In
the annealed specimens with trimodal grain structures, nano-twins
in the unrecrystallized grains played a larger role to the increase of
the yield strength than the grain refinement by recrystallization.
4.3. Multiple strain hardening stages associated with the
hierarchical microstructures

In the following, we discuss the correlation of the work hard-
ening behavior and the strength-ductility synergy with the for-
mation of HCP-martensite and twinning in the hierarchical
microstructures. According to the models proposed by Mahajan
et al. for HCP-martensite [18] and twinning [19], a normal stress of
531MPa was required for activating both mechanisms with
assuming the stacking fault energy of 18mJ/m2 in the current iHEA
(see appendix). This critical stress was lower than the actual yield
strength of all the tempered and annealed specimens.

The tempered specimens with bimodal microstructures showed
an almost linear decrease of the work hardening rate until necking.
Since both, the pre-deformation substructures and the nano-grains
largely increased the stability of the FCC matrix, formation of HCP-
martensite and mechanical twinning were inhibited to some



Fig. 11. Schematic plot of producing bimodal and trimodal microstructures by thermomechanical processing (homogenization-cold rolling-tempering and annealing).

Fig. 12. ECC images showing nano-twins in specimens annealed at (a) 650 �C for 3min, (b) 650 �C for 10min and (c) 750 �C for 3min, (d) Relations of the increase of the yield
strength with grain size and twin spacing of the annealed specimens and (e) increase of the yield strength due to nano-grains, SRX, twins and dislocations of the specimens
subjected to tempering and annealing.
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extent. Plastic deformation was, hence, achieved mainly by dislo-
cation slip and led to localized deformation. According to the
Consid�ere criterion, plastic instability is reached when the work-
hardening rate is surpassed by the true stress, vs=vε � s [46].
Therefore, in the tempered specimens, the work-hardening rate
was not sufficiently high to prevent early necking resulting in the
limited uniform elongation.
Interestingly, the annealed samples with trimodal microstruc-
tures exhibited multistage work hardening behavior (see the
schematic plot in Fig. 6c). In the first stage, the work hardening rate
continuously decreased in all specimens, which is related to the
rearrangement of the dislocations [26]. At higher strains, it was
found that the different types of trimodal grain structures probed in
this study showed a more complex, viz., multistep work hardening



J. Su et al. / Acta Materialia 163 (2019) 40e5452
response. Specifically, specimens annealed at 650 �C went through
three stages of strain hardening whereas four-stage work hard-
ening behavior appeared in the specimens annealed at 750 �C with
a sudden increase at low strains (2e5%, stage II) (Fig. 7c). This is
attributed to the difference in the volume fraction of recrystallized
grains in the former case (55 vol %) opposed to the latter one (85 vol
%). Accordingly, the latter case involves a higher amount of
medium-sized recrystallized grains (1e6 mm) (Fig. 7c) which have
relatively low phase stability relative to smaller crystals. Therefore,
the rapid increase of the work hardening rate in stage II was
ascribed to the nucleation of HCP-martensite lamellae and nano-
twins in the medium-sized recrystallized grains in the specimens
annealed at 750 �C. Although the volume fractions of the HCP-
martensite and twins were fairly low at early strains, it was
noticed that the thicknesses of such lamellae were very thin (a few
nm to 100 nm) which greatly refined the microstructure, thus
reducing the mean free path of dislocations, an effect known as
dynamic Hall-Petch effect [26]. It was also reported that thinner
twins could promote dislocation-twin interactions and leave more
space for dislocation storage resulting in more pronounced work
hardening [14]. In this case, both martensite lamellae and twins
served as obstacles for dislocation glide. On the contrary, in the
specimens annealed at 650 �C, the pre-existing dislocations trap-
ped free mobile dislocations and the smaller grain size increased
the back stresses which also affected dislocation motion. Both ef-
fects impeded formation of stacking faults. Therefore, nucleation of
HCP-martensite and twins in the specimens annealed at 650 �Cwas
sluggish at low strains and no obvious increase in strain hardening
was observed in this regime.

The strain hardening in stages III and IV of all annealed speci-
mens showed a similar trend characterized by the further decline in
the work hardening rate, however, with a lower decreasing slope at
the last stage. For the specimen annealed at 750 �C, the nucleation
rate of HCP-martensite and twin lamellae in stage III was lower
compared to that in stage II. The reason for this effect is that when
the critical stresses for nucleation of HCP-martensite and twins
were reached, growth rather than nucleation of such lamellae
prevails. Therefore, the further decrease of the mean free path for
dislocations by such lamellae was modest, reducing work hard-
ening. Stage IV occurred roughly at strains of 10%, 12% and 18% for
the specimens annealed at 650 �C for 3min, and 10min and 750 �C
for 3min, respectively, corresponding to a similar true stress level
of around 1100MPa. It is related to the nucleation and growth of
HCP-martensite and twins in the ultrafine SRX grains since higher
stresses are required to nucleate twins and/or HCP-martensite
under such spatially confined conditions [18e21]. Rahman et al.
[17] reported that the critical shear stress to initiate twins in a
Fee15Mne2Ale2Sie0.7C steel increased from 62MPa to 316MPa
with decreasing grain size from 84 mm to 0.7 mm which followed a
Hall-Petch type relationship. Yoo et al. [16] found that the critical
stored energy for the formation of the strain-induced martensite in
an austenitic steel increased from 5.5 J/g to 9 J/g with decreasing
grain size from 2 mm to 300 nm and the volume fraction of
martensite reduced in smaller grains. These findings are consistent
with the current observations, and hence, the true stress of
~1100MPa is correlated to the critical stress required to grow HCP-
martensite and twins in sub-micrometer sized grains. Therefore,
due to the wide variation in the phase stability promoted by tri-
modal grain structures, the TRIP and TWIP effects were stimulated
successively in grains with different sizes. Through such utilization
of the size and substructure dependence of the TRIP and TWIP ef-
fects we expanded the work hardening rate into a sequence of
distinct and successive mechanism regimes, enhancing the mate-
rials’ strength-ductility ranges. Overall, it is thus shown that
different types of hierarchical microstructures, including grains of
difference size, texture, softening stage and substructure, can
significantly affect the deformation modes and the associated work
hardening response in suchmetastable HEAs, enabling tuning them
for different types of strength-ductility profiles.

As discussed above, a large spectrum of mechanical properties
with the yield strength ranging from 555MPa to 1.3 GPa, UTS from
930MPa to 1.5 GPa and total elongation from 60% to 14% was
achieved through the hierarchical microstructural design. The
combinations of strength and ductility reported here covered
properties ranging from the strong maraging steels [47] to the
ductile TRIP and TWIP steels [24,48]. Here this was achieved in a
carbon interstitial HEA with well-tuned stacking fault energy
coupling with hierarchical microstructures introduced by conven-
tional thermomechanical processing. The current study not only
revealed the fundamentals of the processing-microstructure-
properties relationship of the iHEA but also pointed out the
importance of designingmicrostructures that take advantage of the
wide compositional degrees of freedom of HEAs for future
composition and microstructure-sensitive alloy development
strategies.

5. Conclusions

In this work, we presented systematic investigations on hier-
archical microstructural design and the corresponding mechanical
properties of an interstitial carbon alloyed high-entropy alloy
(Fe50Mn30Co10Cr10C0.5, at. %) showing joint activation of martensitic
phase transformation and mechanical twinning upon loading. The
main conclusions are:

A hierarchical microstructural design strategy was successfully
employed to enhance the mechanical properties of an interstitial
TRIP-TWIP-assisted HEA. The fundamental principle is to introduce
several grain classes of different size, softening stage, texture and
substructure which individually influence the mechanical stability
of the FCC matrix. This effect was used to tune the local onset of
phase transformation and mechanical twinning over much larger
strain domains, enabling to realize and utilize a likewise wide
spread of the associated strain hardening stages, ideally resulting in
multistage work hardening.

Upon tempering and annealing, HCP-martensite transformed
reversely to FCCmatrix, whereas the mechanical twins that had co-
existed with martensite lamellae prevailed in the parent grains. In
the tempered specimens, bimodal microstructures were produced
consisting of nano-grains (~50 nm) in the vicinity of shear bands
and recovered parent grains (10e35 mm) with pre-existing nano-
twins. Upon annealing, trimodal microstructures were created via
partial recrystallization, characterized by small recrystallized grains
(<1 mm) associated with shear bands, medium-sized grains
(1e6 mm) recrystallized through subgrain rotation or coalescence of
parent grains and retained large un-recrystallized grains.

The enormous improvement in yield strength of the bimodal
microstructure from 555MPa to 1.3 GPa relative to the 95 vol %
recrystallized specimen (with an average grain size of 2.2 mm) was
attributed to the appearance of pre-existing nano-twins and
nanosized grains.

In specimens with trimodal microstructures, ductility was
improved from 14% to 60% compared to those with bimodal mi-
crostructures due to the appearance of a multistage work hard-
ening behavior. Specimens with less than 55% recrystallization
exhibited three stages of strain hardening, whereas for those con-
taining 85% recrystallization and above, four-stage work hardening
behavior was observed with a steep increase at low strains (2e5%).
This work hardening sequencewas due to the activation of TRIP and
TWIP effects over a large strain regime, which was associated with
the difference in phase stability promoted by the grain size
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hierarchy. Particularly, the resistance to the decrease of the work
hardening rate in the last stage of strain hardening was attributed
to the formation of martensite and twins in grains of sub-
micrometer size (<500 nm).
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Appendix

A. Calculation of the critical stresses for the formation of HCP-
martensite and twins

It has been well established that activation of TRIP and TWIP
effects strongly depends on the stacking fault energy (SFE). TRIP is
normally found in the FCC structured metals with SFE below 20mJ/
m2, while TWIP was reported in the materials with higher SFE
between 18 and 40mJ/m2 [49,50]. The SFE of the present iHEA is
expected to be around 18e20mJ/m2, since TRIP and TWIP mech-
anisms occurred concurrently upon deformation and no B.C.C. a0-
martensite was observed [51]. The SFE of Fe-30Mn-0.5C (at.%) was
found to be around 20mJ/m2 [49,52] and Co and Cr are both HCP-
phase stabilizing elements and thus decrease the SFE [51,53].
Therefore, the SFE of the 49.5Fe-30Mn-10Co-10Cr-0.5C (at.%) iHEA
is assumed to be 18mJ/m2 for the following calculation. The SFE,
Gsf , can be determined by equation (6), as below:

Gsf ¼ 2rmDG
FCC/HCP þ 2sFCC=HCP (6)

Here,DGFCC/HCP is the Gibbs free energy difference between the
FCC phase and the HCP-martensite, sFCC=HCP is the interface energy
(5e15mJ/m2), and rm is themolar surface density of the {111} plane
(2.94 � 10�5mol/m2). Therefore, DGFCC/HCP can be derived from
equation (6) with taking the interface energy of 10mJ/m2.

According to the HCP-martensite nucleus model proposed by
Mahajan et al. [18], the formation of HCP-phase involves Shockley
partial dislocations gliding on every second (111) plane. The critical
stress for the growth of the HCP-nucleus can be expressed by
equation (7):

ttr ¼ 2sg=ε

3btr
þ 3Gbtr

Ltr
þ hDGF:C:C:/H:C:P:

3btr
(7)

Here, G is the shear modulus, btr is the Burgers vector of the
partial dislocation (0.147 nm) and Ltr is the length of the nucleus.

Formation of deformation twins in FCC also involves a
6<112>

Shockley partials but gliding on the successive {111} plane, sug-
gested by Mahajan and Chin [19]. The critical stress for twin
growth, ttw, can be estimated by equation (8) [25]:

ttw ¼ Gsf

3bs
þ 3Gbs

L0
(8)

Here, L0 is the width of twin embryo (260 nm) [25]. At the SFE of
18mJ/m2, the shear stress required to grow martensite and twins
are very close, about 174MPa. By considering a Taylor factor of 3.06,
a normal stress of 531MPa is required to grow HCP-martensite and
twins. The lowest yield strength among all the annealed specimens
was 555MPa in this work, thus the predicted stresses for HCP-
martensitic transformation and twinning both below the bulk
yield stresses.
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