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The urgent need to decarbonize the energy and transport sectors motivates
the use of hydrogen-containing fuels in gas turbines for power generation
and aviation applications, exposing safety-critical components to
hydrogen environments at elevated temperatures. Ambient-temperature
hydrogen embrittlement has long beeninterpreted through the physical
interactions between hydrogen and microstructural defects like interfaces
and dislocations. Here we show that this understanding does not fully
capture the behaviour at elevated temperatures, where vacancy-driven
chemical reactions between hydrogen and specific microstructural
constituents can markedly intensify embrittlement compared with ambient
conditions. Ina prototypical face-centred cubic Ni-based superalloy, our
near-atomic-scale characterization and ab initio calculations reveal strong
trapping of hydrogen atoms in carbon vacancies in carbides, driving their
partial decomposition while simultaneously triggering localized methane
formation at the carbide-matrix interface. As a result, the heterointerfaces
are weakened, rendering them vulnerable to deformation-induced

damage. Our work provides a physical foundation for mechanistic
modelling of elevated-temperature hydrogen embrittlementin Ni-based
alloys, an emerging area critical to hydrogen-fuelled turbines and related
high-temperature technologies.

Unprecedented demand for hydrogen (H) as a versatile energy car-
rier is now propelling its expansion into broader domains such as
H,-fuelled gas turbines and aerospace engines'?. Given that gas tur-
bines account for approximately 22% of global electricity generation
(-31,153 TWh year™) and contribute around 15% of global CO, emissions
(-37,566 Mt year™), the transition from fossil to H-based fuels in gas
turbines represents one of the most impactful strategies for mitigat-
ing global warming®. Recent developments in commercial aviation

also suggest promising prospects for using H directly as a fuel in jet
turbines, a technology that demands the utmost safety*. Materials
constituting the structural components of these engineering devices
areincreasingly exposed to extreme operation temperatures and H-rich
atmospheres’®. Such harsh coupled environmental conditions notably
elevate the risk of material degradation®, challenging the longevity
and reliability of entire components, thus questioning an essential
pillar of future CO,-free energy supply and clean air traffic. The key
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Fig.1| The influence of temperature on H-associated interactions and
reactions with microstructural constituents and the resulting prevalent
H-embrittlement mechanisms. a, Damage formation due to H-enhanced
interface decohesion. b, Interaction between H and dislocations, which alters
thelocal mechanical response and induces plastic instability, promoting
damage formation. ¢, H-related chemical reaction with carbides. d, Schematic
illustration of the temperature-dependent H-induced damage mechanisms. The
blue-shaded region denotes the H trapping rate, which is defined as the number
of Hatoms being captured by microstructural trapping sites per unit time.
Atlow temperatures, H trapping is kinetically hindered by limited diffusivity,
whereas at elevated temperatures, thermal activation promotes detrapping,
rendering trapping thermodynamically unfavourable. A characteristic rise-
then-fall trend with increasing temperature is thus proposed, as also described
by the McNabb-Foster model'. The red-shaded region represents the chemical
reaction rate between H and C-containing microstructural constituents, defined
asthe change in the reaction product (for example, CH,) per unit of time. The
reaction activation barrier is difficult to overcome at low temperatures due to
limited atom diffusion (kinetically unfavourable), and the reaction becomes
thermodynamically unfavourable at elevated temperatures because of the
decomposition of certain reaction products®. The apparent reaction rate thus
often peaks at an intermediate temperature®. Both the H-trapping rate and
H-related reaction rate are plotted as a function of the homologous temperature
(temperature divided by melting temperature, 7/T,,).

challenge liesin understanding and counteracting H-induced damage,
alsoreferred to as H embrittlement, causing abrupt, complete loss of
amaterial’s load-bearing capacity in H-containing environments’’.
The current understanding of the underlying H-accelerated dam-
age nucleation and evolution mechanismsinvolves the complexinter-
actions between solute H atoms and microstructural defects such as
dislocations and interfaces”. At near-ambient temperatures, Hatoms
tend to segregate to or become trapped at various types of defects
(for example, interfaces and dislocations)'°™, influencing their prop-
erties and thus promoting the formation of damage upon loading”™
(Fig.1a,b). However, these effects are essentially weakened at elevated
temperatures because of the thermal-activation-enhanced H detrap-
ping from microstructural trapping sites’”** and thus the reduced rate
of Htrapping (Fig.1d).Incarbonsteels, H canreact with solute carbon
(C)atoms at sufficiently high temperatures, resulting in the formation
of internal cavities associated with methane formation” . However,
such a mechanism is less likely to operate in alloy systems lacking a
notable amount of solute C, such as Ni-based superalloys'®'®. In fact, H
embrittlementin these alloys has oftenbeen less of aconcernat higher

temperatures”, although limited data suggest that it can still occur
under specific conditions®. Yet the underlying damage mechanisms
at elevated temperatures in Ni-based superalloys remain unclear,
which hampers their design and the assurance of structural integrity
incomponents usedin H,-powered gas turbines and aviation systems.

Here we show that the IN718 alloy, the prototypical forged Ni-based
superalloy—the most widely used material for high-temperature
power-conversion applications—can be strongly damaged by Hwhen
mechanically loaded in situ under afew megapascals of H, pressure at
elevated temperatures (for example, 400 °C). We elucidate the role
of H in modifying the thermodynamic and kinetic characteristics of
various microstructural defects and the corresponding transition in
embrittlement mechanisms in response to increased temperatures
(as schematically shown in Fig. 1d). We find that at sufficiently high
temperatures, where the H trapping of certain types of defects (dislo-
cationsandinterfaces) diminishes, direct chemical reactions between
H and microstructural constituents (here, MC carbide) become ther-
modynamically and kinetically favourable (Fig. 1c). Such reactions
promote a carbide transition into M,Cs-type or M,C-type phases that
are C depleted, a state that catalyses localized methane formation
at the carbide-matrix interface, accelerating its decohesion when
exposed to external stresses. This vacancy-driven selective dealloy-
ing mechanism, elucidated in this study, fundamentally differs from
ambient-temperature H-related embrittlement mechanisms, thereby
advancing the current understanding of H-induced damage and H
embrittlement in Ni-based alloys.

H-induced degradation of properties at elevated
temperatures

The microstructure of the alloy after solid-solution treatment and
standard two-step ageing (Methods) is a face-centred cubic (fcc)
y-matrix with an average grain size of approximately 19.8 um (Fig. 2a).
The ageing process leads to precipitation of two strengthening phases,
identified as y’ with a fcc (L1,) structure and y” with a body-centred
tetragonal (DO,,) structure** (Fig. 2b). The formation of the § phase,
withanorthorhombic (DO,) structure, isalso observed at grainbound-
aries and in the grain interior®"** (Fig. 2a and Extended Data Fig. 1).
Additionally, primary MC carbides, enriched in Nb and Ti, are also pre-
sent (Fig. 2a-c). These carbides, which under H-free conditions are
thermodynamically stable and form already during solidification, are
crucial in controlling the mechanical behaviour of the studied mate-
rial and similar Ni-based alloys, due to their role in refining the grain
size aswell asin suppressing grain-boundary sliding upon mechanical
loading at high temperatures®**. Transmission electron microscopy
(TEM) analysis, shown in Fig. 2b, reveals that these (Nb,Ti)C carbides
possess an fcc (B1) structure with alattice constant of 4.43 A. Notably,
from atom probe tomography (APT) analysis, the C concentration
in the carbide is 41.2 at.% (Fig. 2c and Supplementary Fig. 1a). Quan-
tifying C by APT is challenging (Methods), but this concentration is
well below what has previously been reported as possible losses in
arange of carbides*?°, and thus this result is a clear indication of a
non-stoichiometric carbide, that is, including structural vacancies
within the non-metallic sublattice”. These vacancies, formed through
high-temperature self-diffusion, allow the composition of the carbides
tovary, thereby causing asubstantially drop in C concentration, without
changing their crystal structure?.

When the alloy with the aforementioned representative micro-
structure was exposed to 2 MPa gaseous H, under simultaneous (or
in situ) tensile loading at 400 °C, a clear reduction in total elonga-
tion (by 14.9% in comparison to a reference sample loaded under Ar)
was observed, as shown in Fig. 2d. The corresponding reduction in
cross-sectional area (another critical indication of a material’s ductil-
ity) isdecreased by ~18.8% due to the presence of H at this temperature
(insetin Extended DataFig.2c). This level of H-induced ductility loss is
approximately twice that at roomtemperature (8.9% of total elongation
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Fig. 2| Microstructure of the studied material (IN718 alloy), commonly used
in gas turbines or jet engines, and the influence of H, atmosphere on the
tensile propertiesat 400 °C. a, Electron channelling contrast imaging (ECCI),
the electron backscatter diffraction (EBSD) inverse pole figure (IPF) and the
corresponding scanning electron microscopy (SEM)-based energy-dispersive
X-ray spectroscopy (EDX) maps showing the fcc y-matrix withembedded MC
carbides and § phase. b, TEM bright-field (BF) image of MC carbide (left) and
dark-field (DF) images of the y’ and y” phases (centre and right, respectively).
The selected area electron diffraction (SAED) patterns, shown as insets, reveal
the crystal structure of the MC carbide and the crystallographic orientation
relationships between the y-matrix and the y’ and y” phases. A secondary-
electron (SE) image is inset into the left image to indicate the location where
FIB milling was performed. The small red circles in the SAED panelsindicate
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the characteristic diffraction spots used for phase identification. ¢, APT atomic
mapping of Nb, Tiand C atoms of aMC carbide. The overall C concentration was
determined to be-41.2 at.%. d, Schematic diagram of a gas turbine or jet engine
(top) and H-embrittlement response of the IN718 alloy used in such applications
(bottom). Tensile stress-strain curves of the material mechanically loaded under
2 MPaH,and Ar at400 °C at the strain rate of -2.9 x 10° s are shown. The curve
obtainedin the Aratmosphere serves as a reference to reveal the occurrence of
H-induced damage and its degradation effect on the material’s property. For each
condition, at least three tests were conducted (two representative curves are
shown here), yielding standard deviations (s.d.) of total elongation of 0.45% in Ar
and 1.10% in H,. The inset schematic diagram displays the custom-designed high-
temperature in situ H-charging and tensile-testing apparatus.

reductionand 9.4% of reductionin cross-sectional areaunder the same
H, pressure; Extended Data Fig. 2a), atemperature regime widely con-
sidered to exert the most severe H-embrittlement effect on Ni-based
alloys and similar fcc materials®*°. When the strainrate is reduced from
~2.9x10°s"to~1.3 x10° s (Extended DataFig. 3a,b), or when the spec-
imens are pre-charged with H prior to testing (Extended DataFig. 3¢,d),
the resulting increase in H uptake leads to a markedly more severe
H-induced ductility loss (up t0 29.4% reduction of total elongation, as
shownin Extended DataFig.3b). At the testing temperature of400 °C, a
serrated plastic flow phenomenon known as the Portevin-Le Chatelier
effectis observed.Its occurrence hasbeen demonstrated to stem from
the dynamic interaction between mobile dislocations and diffusing
solute atoms?®. The presence of Hdoes not appear to noticeably influ-
ence this effect, asthe average stress-drop amplitude is very similar for
thetwoscenarios (29.2 + 7.1 MPaunder Arand 33.9 + 7.8 MPaunder H,).

Characterization of H-induced damage at elevated
temperatures

Unlike the H-induced fracture behaviour at lower temperatures (for
example, 25 °C and 200 °C, corresponding to the lower temperature
regime as indicated in Fig. 1d), which is dominated by H-promoted
interface decohesion and intermetallic cracking, both associated
with the 6§ phase” (Extended Data Fig. 4), we did not detect any such
intergranular or cleavage-type fracture features at 400 °C under H,

atmosphere. Instead, the fracture surface at this temperature was
mainly characterized by well-defined dimples embedded with cracked
carbides (Fig. 3a). Statistical analysis of H-induced damage across a
large area (-500 x 2,000 um?) reveals two prevalent cracking modes
associated with MC carbides: carbide-matrix interfacial decohesion
and internal cracking of carbides. We then performed a systematic
comparison of the damage sites and quantified the origin of the dam-
age under four distinct conditions: (1) the initial state devoid of any
charging or deformation; (2) the sample exposed to2 MPaH,at 400 °C
for~0.5h (equivalent to thetime spent for the tensile testing) without
mechanicalloading; and the tensile fractured sample tested at elevated
temperature under (3) H, or (4) Ar. Theresults are summarized in Fig. 3b.

The proportion of carbide-matrix interfacial decohesionis shown
to be already markedly increased by a factor of ~4.9 through H charg-
ingalone at400 °C (conditions (1) and (2)). One representative exam-
ple of such interface cracking is highlighted in Fig. 3c. The increased
point-to-point crystallographic misorientation angle close to the
interface crack indicates a high strain concentrationin these regions.
Given that no external loading had been applied, this localized defor-
mationarises fromH charging and the resulting damage nucleation, the
associated volume expansion of whichimposes additional compressive
stress on the neighbouring matrix. The clear absence of such strain
concentration close to the carbide interfacein theinitial, non-charged
microstructure (Supplementary Fig. 2) further supports this point.
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More than 50 carbides for each sample were analysed. The top inset schematic
diagramsillustrate two modes of carbide cracking: internal fracture (top left)
and carbide-matrix interfacial decohesion (top right). Data are presented as

04
O 0 9 <
S X 7, S
© A o & L&
& OIS S
eo 000\ <0 O ‘\(b 000‘ K(b
QO
b(o VO D(O
\ \
X {
T \ Ti
& A \
s B
Syl
5_5 X " // %
8 6 Hm
S
6 um

Stretch to tensile strength

mean values + s.d. Individual white dots represent independent samples
(n=2foreach condition). ¢, SEimage and the inset SEM-EDX mapping showing
atypical example of carbide-matrix interfacial debonding after 0.5 h charging
under 2 MPa H, exposure at 400 °C. The corresponding EBSD kernel average
misorientation (KAM) map on the right reveals localized plastic deformation

inthe y-matrix adjacent to the crack (marked by the red box). d, The H-induced
cracking in the tensile sample thatis stretched to its tensile strength under 2 MPa
H,at400 °C. The corresponding SEM-EDX mapping inset in this image confirms
the fractured carbide at this location.

Uponsimultaneous mechanical loading and H charging, both carbide
cracking and debonding events occur more frequently, as shown in
Fig. 3b,d. Yet the fraction of the latter damage mode is much higher
under H, atmosphere (30.3%) than under Ar (18.1%) when applying
the same mechanical testing parameters. These results suggest that
the primary damaging effect of H at elevated temperatures lies in its
promotion of decohesion or debonding between MC carbides and the
matrix, mechanisms that serve as principal causes of sample failure.

H trapping and carbide phase transition near
damage s sites

To further investigate carbide-associated damage mechanisms, we
conducted a detailed characterization of microstructural changes and
hydrogen trapping, with a particular focus onregions adjacent to the
cracked carbide-matrixinterface (Fig. 4a-cand Extended DataFig. 5).
Attheselocations, we observe aclear superlattice diffraction pattern of
thecarbide (Fig.4c), whichisin sharp contrast to the structure observed
within the carbide interior, which maintains its initial fcc (B1) struc-
ture without much changein lattice parameter (4.40 A; Fig. 4b). These
superlattice spots correspond well to the vacancy-ordered M,C;s-type
carbide (C2/m space group)?*°. Crucially, this superlattice structure
had been observed neither in the initial microstructure (Fig. 2b) nor
inthe sample deformed under the 400 °C Ar reference test condition

(Extended DataFig. 6). We thus conclude that the observed structural
carbide decomposition, thatis, its transition into a C-depleted state,
reflected by the formation of a different superlattice structure, is a
direct consequence of the carbide’s chemical reaction with H at this
temperature. Such aphase transitionislikely to occur close to the car-
bide-matrix interface, the region where H ingress from the matrix
begins and which thus should be most enriched with H.

We then employed APT to analyse the elemental information near
the carbide-matrix interface. Site-specific APT specimen preparation
was performed, targeting aninterface that had been partially cracked
under simultaneous H, exposure and mechanical loading (Fig. 4d).
The subsequent sharpening process was carried out at a cryogenic
temperature of =190 °C, with the stage precooled by liquid nitrogen
(Fig. 4e), aiming to limit H uptake during the focused ion beam (FIB)
milling process®*. Figure 4f displays the atomic maps, and the H dis-
tribution is also highlighted in the corresponding two-dimensional
contour map. The results reveal a pronounced H enrichment in the
carbide region within a few nanometres of the carbide-matrix inter-
face. Thisenrichment reaches up to~13 at.% near the heterointerface,
incontrastto-~4 at.%inthe carbide interior and -2 at.% in the fcc matrix,
as quantified by the one-dimensional concentration profile across the
interface (Fig. 4g). Details of the methodology to assess the validity of
the H assessment are provided in the Methods. Because of the small
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Fig. 4 | Microstructure analysis of regions close to carbide-matrix interfaces
that are damaged upon H, exposure and simultaneous mechanical loading
at400 °C.a, The overview bright-field TEM image of a cracked carbide-matrix
interface, with a SE inset showing the corresponding FIB-lifted area. b, High-
resolution TEM (HRTEM) image taken from the blue box marked inaand the
corresponding fast Fourier transformation (FFT) image, showing the lattice
structure of the carbide interior. ¢, Inverse FFT (IFFT) image based on the
superlattice reflection spots marked in the inset FFT image, suggesting the
formation of vacancy-ordered M(Cs-type carbide (C2/m space group).d, SE
image of another cracked carbide-matrix interface in the same sample, showing
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thelocation where APT samples were taken. e, APT sample preparation using FIB
milling at the cryogenic temperature. f, APT analysis including atomic maps of
individual elements (Ni, Cr, Nb, Ti, Cand H) and a two-dimensional (2D) contour
map of H, showing the enrichment of H close to the carbide-matrix interface. The
iso-surface (5 at.% C) was used to delineate the position of the phase boundary.

g, One-dimensional composition profiles across the heterointerface withina

15 nmdiameter cylindrical region along the arrow marked in f. The shaded bands
ofthe traces correspond to the statistical standard error of the measured atomic
fractionsin the APT datasets, calculated based on binomial counting statistics
from the detected ion counts.

size of APT specimens, diffusible H canreadily reach asurface and get
desorbed during specimen preparation. Consequently, we infer that
the observed H enrichment can originate only fromits strong trapping
at microstructural defects within the MC carbide. In this regard, C
vacancies provide the most likely deep trappingsites for Has they are
known to be the most prevalent defectsin MC carbides”.

Vacancy-driven hydrogen-carbide interactions

To validate the H-trapping effect of C vacancies within MC carbides,
density functional theory (DFT) calculations were performed, and the
results are shown in Extended Data Fig. 7c. In pristine NbC and TiC, H
incorporation is energetically unfavourable, with strongly positive
binding energies of 2.20 eV and 1.36 eV, respectively, relative to H in
octahedral interstitial sites in the adjacent fcc Ni lattice. However,
introducinga C vacancy into the carbides markedly stabilizes H, reduc-
ing the binding energies to -0.17 eV (for Nbs,C;;) and -1.00 eV (for
Ti;,Cs;). Motivated by the TEM results shown in Fig. 4c and Extended
Data Fig. 5, we further evaluated H in M¢C; (C2/m space group), with
M,C (Fd3mspace group) included for comparison. Asshownin Fig.5a,b,

Hbinding energiesin these vacancy-ordered carbides are consistently
negative, ranging from-0.19to-1.00 eV per H, depending on the metal
species, vacancy concentration and H occupancy.

These results underscore the propensity for Huptake in vacancy-
ordered carbides. Next, we unravel the effects of H on the observed
carbide transitions (from MC to M,Cs, as shown in Fig. 4c) by assessing
the Gibbs free energy change (AG), or the thermodynamic feasibility,
ofthe following reaction:

2.5(1 = X)Hy + MC — MCyHy_y + (1 — X)CH, 4))

Assuming a fixed H, partial pressure of 2 MPa, we examined vari-
ous pressures (from 0.01to 100 MPa) of CH,, the reaction by-product.
As shown in Fig. 5¢, AG increases with temperature, and the forma-
tions of both Nb,C;H and Ti,CsH are thermodynamically favourable
at 400 °C (AG < 0). As further quantified in Fig. 5d, the equilibrium
methane pressure (at AG = 0) decreases with temperature, reaching
~0.4 GPaat400 °C for the MyCsH system. Such high-pressure methane
could aggregate at the carbide-matrix phase boundaries, potentially
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Fig. 5| Thermodynamics and experimental validation of H-vacancy
interactions at elevated temperatures. a, Atomic configurations of H-filled
vacancy-ordered carbides, M,C;H and M,CH. b, Variation in binding energy

per Hatomas afunction of Hoccupancy rate in C vacancies in M,Csand M,C.

¢, Gibbs free energy change (AG) for the H-induced formation of CH, and H-filled
vacancy-ordered carbides, calculated at a fixed H, partial pressure of 2 MPa and
varying CH, pressures (the point-line represents 1 MPa CH,, and the shaded zone
represents 0.01-100 MPa CH,). d, Equilibrium CH, pressure at AG = O, calculated
with a fixed H, partial pressure of 2 MPa. The shaded yellow band indicates the
experimental temperature range (400-600 °C). e, Bright-field TEM image

of carbide (surrounded by the white dotted line) and y-matrix with an arrow
indicating the H diffusion direction; the inset ECCl mapillustrates the location
where the FIB sample was lifted after H exposure for 0.5 hat 400 °C.

f.g, Dark-field TEM images of newly formed carbides, taken from the red (f)

and blue (g) boxes marked in e. The corresponding SAED pattern shows the
distinctive diffraction caused by M,C and M,C;, and the red circles mark the
superlattice diffraction spots corresponding to the dark-field images. Diffraction
patterns acquired from other, different zone axes ([112],,c and [001],. for M,C,
[013]yc and [001] for M¢Cs) are shown in Extended Data Fig. 9.

contributing to the damage nucleation even without external stresses,
asobservedinFig.3c.

The DFT calculations reveal a clear thermodynamic propensity
for Htoreact with MC carbides at 400 °C. Further, our calculationsin
Extended DataFig. 8 show that this reactionis thermodynamically less
favourable (AG > O for most modelling scenarios) in the absence of H
trapping in C vacancies, demonstrating the crucial role of H-vacancy
interactions in the carbide transition. To further validate the occur-
rence of aH-induced carbide transition, we exposed afreshly polished
sampledirectly to2 MPaH,at400 °C, allowing asufficientinteraction
betweenHand MC carbides near the sample surface. We maintained a
charging time of -0.5 h, which is the same as during the in situ tensile
testing. Subsequently, the cross-section of the carbides was imaged, as
showninFig. 5e. H-induced carbide C depletion and associated struc-
ture transitions are again observed particularly close to the carbide-
matrixinterface. We further find that the specific type of transformed
carbide (Fig. 5f,g and Extended Data Fig. 9) varies with sample depth,
which is expected to possess different H concentrations arising from
varying diffusion distances. More specifically, diffraction patterns
acquired from three different zone axes reveal that M,C-type car-
bides formnear the sample surface (Fig. 5f and Extended Data Fig. 9a)
where Hingress occurs earliest, whereas M Cs-type carbides are more
prevalentatdeeper areas (Fig. 5g and Extended DataFig. 9b), where H
concentration and interaction time with carbides decay. These results
further revealthat,inaddition tothe thermodynamicdriving force, the

specificresulting structural phase transitions (M Cs or M,C) resulting
fromthe H-carbideinteractions are also influenced by kinetic factors,
such as H mobility, localized H abundance (partial pressure) and the
associated interaction time.

Discussion of damage mechanisms

Hydrogen-induced interface cracking is commonly attributed to the
H-enhanced decohesion mechanism, typically operative at room
or cryogenic temperatures™. This mechanism describes a reduc-
tion in interatomic cohesive strength as a function of H coverage of
the interface®>*. However, reports have shown that the H-trapping
effect of various types of interfaces generally decreases as a func-
tion of temperature'*. To give an example, our DFT calculations
(Extended Data Fig. 7c) suggest only a 6% occupation probability of
Hatomsatgrain-boundary trappingsitesin pure Niunder the current
testing temperature of 400 °C. We also note that carbide interface
cracking can occur with only H charging, that is, without any exter-
nal mechanical loading (Fig. 3b,c). This finding further weakens
the possibility of atomic-H-segregation-induced interface decohe-
sion, which is typically triggered by a critical stress that exceeds the
cohesive strength of the interface®. We thus attribute the observed
carbide-matrix interface cracking to the H-induced carbide tran-
sition at elevated temperatures, which leads to the formation of
pressurized methane and thus interface weakening. Under external
mechanical loading, this process can be further promoted, as stress
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concentrations atlocalized microstructural sites and crack-tip regions
can effectively facilitate H diffusion and accumulation®. Note that
the thermodynamic analysis presented in Fig. 5c indicates that the
H-induced carbide transition and methane formation become pro-
gressively unfavourable at higher temperatures, afeature that can be
supported by our damage analysis of the sample after H exposure at
600 °C (Extended Data Fig. 10). This explains why such a H-induced
degradation effect was not observed at higher testing temperatures
(for example, 600 °C for the studied alloy; Extended Data Fig. 2d).

We note that the proposed H-induced damage mechanism in the
studied Ni-based alloy differs from the high-temperature H attack
previously documented and discussed for the case of carbon steels.
For the latter mechanism, H primarily interacts with solute C atoms
in the steel matrix, leading to localized C depletion that may induce
the dissolution of carbides (commonly Fe,C)" . Here we highlight a
vacancy-drivendirect chemical reaction between H and carbides that
occurs near the carbide-matrix interface, thereby stimulating damage
nucleation at this interface rather than within the matrix or at grain
boundaries, as often reported in the high-temperature H-attack of
carbon steels™". To further demonstrate the generality and damaging
effects of the proposed mechanism, we examined another Ni-based
superalloy (directionally solidified CM247LC) containing (Ta,Hf)C
carbides. The H-induced carbide transition and the associated debond-
ing of the carbide-matrix interface are again observed at elevated
temperatures (Supplementary Fig. 3). Compared with the presented
IN718, which contains only ~0.2 vol% MC carbides, CM247LC exhibits
amuch higher carbide fraction of ~1.7 vol% (Supplementary Fig. 3),
leading to a more pronounced reduction of ductility in the presence
of H (-63.8%; Supplementary Fig. 3). Such a correlation between the
extent of Hembrittlementand the carbide fraction further validates the
proposed damage mechanism, distinguishing it from the convention-
ally discussed high-temperature H-attack effect, which scales mainly
with the matrix C content'®,

To conclude, we unravel the damage mechanisms of Ni-based
carbide-containingalloysinaHatmosphere at elevated temperatures,
where H ingress into the vacancies of metal carbides promotes their
structure transition, accompanied by pressurized methane release,
ultimately leading to damage initiation (Supplementary Fig. 4). This
degradation pathway contrasts with the H-induced damage mech-
anisms reported for lower ambient temperatures, where failure is
typically governed by intergranular or cleavage-like fracture due to
the physical interactions between H and intrinsic defects like grain
boundaries and dislocations”. While these defects act as effective H
traps atlow temperatures'®™?, their trapping capacity diminishes rap-
idly withincreasingtemperature (Extended DataFig. 7c). By contrast,
vacancy-ordered carbides retain their strong H-trapping ability even
at 400 °C (Extended Data Fig. 7c), underscoring an interaction and
degradation mechanism that becomes dominant when the energeti-
cally shallow trapping sites lose effectiveness. These findings provide
mechanistic insights into the service performance of Ni-based super-
alloys—the most important class of structural backbone materials
used inthe hot sections of H,-fuelled energy-conversion systems and
infrastructure—as well as other carbide-containing alloys, including
steels and metal-ceramic composites. These insights can also lay a
scientific foundation for the future development of predictive models
and damage-tolerant high-temperature materials, which are essential
to guide and equip the coming H,-fuelled sustainable gas-turbine
energy, combustion and air-traffic systems.
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Methods

Materials

Theas-castingot of the IN718 alloy was initially fabricated by acombina-
tion of vacuuminduction melting, electro slag remelting and vacuum
arc remelting. The ingot was then radially forged into a disc with a
diameter of 285 mm. Cylindrical blanks (17 mm in diameter and 130 mm
inlength) were sectioned fromthe discin the radial direction via electri-
cal discharge machining for heat treatment. These blanks underwent
solutiontreatmentat 960 °Cfor1hand cooledinair. They were subse-
quently aged at 720 °C for 8 h, followed by furnace coolingat 50 °C h™*
t0620 °C, thenaged at 620 °Cfor afurther 8 hand finally cooledin air.

Hydrogen charging and mechanical testing

Hydrogen charging and mechanical tests were conducted on a
self-developed servo motor testing machine equipped with a
high-temperature and high-pressure H gas chamber. Two distinct
sample geometries were employed for tensile testing: cylindrical sam-
ples (10.2 mm gauge length and 6.0 mm diameter) and plate samples
(10.2 mmgauge length, 8.0 mmwidth and 3.0 mm thickness). All sam-
plesurfaces were mechanically ground with silicon carbide papertoa
surface roughness of roughness average (Ra) 0.4 pm, and the plate sam-
plesreceived final polishing to a mirror finish. The applied mechanical
load was measured by an internal load cell within the chamber, and
real-time strain was monitored using a linear variable displacement
transducer. High-purity H,and Ar gases (both 99.99%) were used dur-
ing tensile testing. Prior to each experiment, the chamber was purged
multiple times with Ar to reduce the residual oxygen content below
1.0 vol%. A hydrogen pressure of 2 MPa was applied for in situ ten-
sile tests conducted at 25 °C, 200 °C, 400 °C and 600 °C (Fig. 2d and
Extended Data Figs. 2 and 3), as well as for H charging experiments
(Figs.3and 5and Extended DataFig.10a-c). The duration of the tensile
testswas 0.5-0.7 h (depending on the total elongation of the samples)
at an initial strain rate of 2.9 x10°s™, and approximately -2.0 h at a
slower initial strain rate of ~1.3 x 10 s, The H charging experiments
lasted approximately 0.5 h, consistent with the in situ tensile tests
conducted at 400 °C and initial strain rate of 2.9 x 10 s,

Microstructure observations

The characterization of the microstructure and damage was performed
using a field-emission SEM instrument (Zeiss Gemini 460) equipped
with an EBSD detector (Symmetry S2, Oxford Instruments) and an EDX
spectrometer. EBSD data were analysed using the TSL-OIM software
package. Samples for EBSD and ECCI were prepared by mechanical
grinding and polishing to achieve a mirror finish. Site-specific TEM
lamellae, focusing on carbide-matrix interfaces and adjacent regions,
were obtained using FIB lift-out techniques (Zeiss Gemini Crossbeam
350). TEM characterization was conducted using an FEI Talos F200X
(accelerating voltage, £, =200 kV), using different probing currents for
different probing purposes: 10 pA for SAED, 0.3-0.6 nA for bright-field
and dark-field imaging, 1.6 nA for high-resolution TEMimaging, 2.5 nA
for EDX mapping and 1.7 nA for high-angle annular dark-field scan-
ning TEM (HAADF-STEM) imaging. Additional low-dose imaging was
performed on an aberration-corrected Thermo Fisher Themis Z TEM
instrument, using a probe current of 7 pA for SAED and bright-field
images and 3 pA for HAADF-STEM imaging.

APT experiments and analysis

The APT specimens were site-specifically prepared at the partially
cracked carbide-matrix interfaces using a dual-beam FIB SEM device.
A standard lift-out protocol was implemented for specimen prepara-
tion*°, Asubsequent fabrication process for aneedle-shaped specimen
was carried outin a cryogenically cooled FIB (=190 °C, Thermo Fisher
Helios 5 CX Gallium FIB SEM instrument, Aquilos cryo-stage), aiming
tominimize Hingress and undesired hydride formation. The measure-
ments were conducted using alocal electrode atom probe (LEAP 5000

XR, CamecaInstruments) at—223 °C. Dataacquisition was carried out
in high-voltage laser pulsing mode with a laser energy of 45 pJ. The
pulsing repetition rate was set to 125 kHz, and the detection rate was
controlledat 0.5% (five ionsin every 1,000 pulses). The collected APT
datawere reconstructed using the AP Suite v.6.1 software.

Precisely measuring carbon concentrations in carbides by APT
hasbeenreported to be particularly challenging™***' because of pos-
sible overlaps between mass peaks?, for example, C,>" and C," or C,*
and C,", as well as losses due to ion pile-up at the detector*, partly
arising from molecular ion dissociations*. Here the isotopic ratios
have been measured to ensure that the measurement was as accurate
aspossible. In contrast to the natural abundance of C (*>C = 98.9% and
BC~1.1%)*, theisotopicratios of C were measured to be 65 (*C = 10.07%
and®*C = 0.156%), suggesting that the C concentration might be under-
estimated due to the aforementioned spectral overlaps and multi-hit
loss effects. We further assessed the field conditions across different
carbide measurements. The overlaps among the probed carbides, as

crt /et +crt)

1o ,revealsa

indicated by the multiple charge state ratio, Log

consistent and narrow field range of 21.38 Vnm™ to 22.77V nm™
(ref. 45). This consistency fills us with confidence that, even if some
of the C from the molecular clusters is underestimated, the quali-
tative assessment of the C content between the carbide measure-
ments before and after insitu tensile testing under 2 MPaH, at 400 °C
remains reliably comparable. The detailed analyses are provided in
Supplementary Fig.1a.

The origin of the detected H, either from residual chamber gas or
solute H within the sample, can be qualitatively accessed by the local
electrode field strength, which canbe estimated using the charge state
ratio in accordance with post-ionization theory®. It hasbeen reported
that a higher local electrical field is likely to result in a lower amount
of H from residual gas*®*. Focusing on Supplementary Fig. 1b, the
notably higher ratios of Cr*’/Cr" and H'/H," observed in the carbide,
despite the localized fluctuations, indicate a relatively high electric
field in this phase, and vice versa in the fcc matrix. This variation in
field strength strongly suggests that the Hatoms detected in carbides
primarily originate from solute H actually within the sample, without
much contribution fromthe residual gas from the atom probe chamber.

Computational details
This study employed DFT calculations viathe Vienna Ab initio Simula-
tion Package*®*’, using the Perdew-Burke-Ernzerhof exchange-cor-
relation functional within the generalized gradient approximation
framework™®. Core-electroninteractions were treated using the projec-
tor augmented-wave method®. A plane-wave cut-offenergy of 500 eV
was applied, with Brillouin zone sampling performed using the
I-centred Monkhorst-Pack scheme. The investigated systemsinclude
carbide phases MC, (M =Nb, Ti) with the following configurations: for
the MC (Fm3m space group) phase, a2 x 2 x 2 supercell (64 atoms) and
a4 x4 x4 k-point grid were used; for the M,C phase (Fd3m space group),
a2 x1x1supercell (96 atoms) witha2 x 4 x 4 k-point grid was employed;
and for the MC; phase (C2/m space group) a 2 x 1 x 2 supercell (88
atoms)witha3 x 4 x 3k-point grid was used. For thermodynamic evalu-
ations, all C vacancies (octahedral interstitial sites) in the MC H,_,
systems were assumed to be fully occupied by H atoms. Convergence
criteria were uniformly set as follows: electronic self-consistency
threshold of 1078 eV per atom, ionic relaxation force threshold of
0.01eV A'and phonon calculation force threshold of 106 eV A™.

For a H-containing metal carbide, M,C H,, the H binding energy
was calculated as follows:

Eyp = (EMnyHz - EM\»Cy) 1z — (Enipy — Eni) 2)

where Ey, ¢ . and £y, ¢, represent the energy of the carbide with and
without Hinsertion, respectively, and zis the number of H atoms. Ey;,
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and Ey; denote the total energies of a Ni supercell with and without a
single H atom occupying an octahedral interstitial site, respectively.
AllH-related calculations include zero-point energy corrections.

The Gibbs free energy was calculated to assess the thermo-
dynamic feasibility of reactions at finite temperatures using the
following expression:

G =Eq + Fyip + Fete + Frrans + Froe + PV 3

where E, is the total energy at O K, F,;;, accounts for lattice vibrational
contributions via the quasi-harmonic approximation®? and F,,. incor-
porates electronic thermal excitations with the Fermi-Dirac distribu-
tion*. The terms F,,,,, and F,,, denote the translational and rotational
free energies, respectively, and are applied only to gaseous species (H,
and CH,). The PVtermis evaluated using the ideal gas equation of state
(P, pressure; V, volume), which should be sufficiently accurate at our
experimental pressure of 2 MPa (refs. 54,55). For solid carbides, the
PV contributionis negligible due to their high modulus (APV<10™* eV
per atom for AP <1GPa) and is thus not explicitly included. Free
energy calculations were performed using density functional per-
turbation theory in combination with the Phonopy package*** and
the Shermo software®’. Visualization was performed using the VESTA
software package™.

Data availability
Source dataare provided with this paper. Any additional data are avail-
able from the corresponding authors.
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EULUSRE TEM-EDX

Extended Data Fig. 1| Distribution, morphology and structure of the § phase
within the studied material IN718. a, Electron channeling contrast imaging
(ECCI), electron backscatter diffraction (EBSD) inverse pole figure (IPF) and
phase map, showing the distribution of the  phase. b, High-angle annular dark-
field scanning transmission electron microscopy (HAADF-STEM) image, showing

B v-matrix
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grain interior

]
Lo
6 phase at grain
" boundaries

TEM-EDX

the morphology of the & phase. The selected area electron diffraction (SAED)
pattern taken from the marked rectangular frame is placed as the inset to reveal
the crystal structure (DO,) of the & phase. The corresponding energy-dispersive
X-ray spectroscopy (EDX) maps of Niand Nb are placed on the right-hand side.
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Extended Data Fig. 2 | Tensile stress-strain curves of the material loaded under
2 MPaH,and Ar at thestrain rate of ~ 2.9x10°s™.a,25°C.b,200 °C.c, 400 °C.
d, 600 °C. Two representative testing curves are shown for each condition. The
curves obtained in Ar atmosphere serve as references to reveal the occurrence
of H-induced damage and its degradation effect on material’s property. The total
elongation (EL) and reduction in cross-sectional area (RA) values of samples
loaded under 2 MPaH, and Ar areinsetin each figure. Data are presented as mean
values + SD. Individual white dots represent independent tensile tests (n = 2 for
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2MPaH,and Arat25°C, 200 °C and 600 °C; n =3 for 2 MPaH,at 400 °C; n =4 for
2 MPa Arat 400 °C). Compared to 25 °C,amore severe reductionin ELand RA
was observed at 200 °C, attributed to the higher H trapping rate (as illustrated
inFig.1d of the manuscript). At higher temperatures (for example, 400 °C), the
dominant mechanism shifts to H-related chemical reaction with carbides. No
notable degradationin tensile properties is observed at 600 °C, as the methane
formation becomes thermodynamically less favorable (as supported by DFT
calculations in Fig. 5d of the manuscript).
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Extended DataFig. 3 | Tensile properties of specimens tested under 2 MPa
Arand H,at400 °Cunder different H, charging and strain-rate conditions.
a, Tensile stress—strain curves of specimens tested under 2 MPa Ar and H, at
different strain rates (two repeated testing results are shown). b, Average total
elongation values with error bars. Data are presented as mean values + SD.
Individual dots represent independent tensile tests (n = 2 for each condition),
corresponding to the repeated testing results shownina. No notableinfluence
of tested strain rates on ductility is observed under Ar environment. At room
temperature, the H-induced reduction of total elongation is only ~9.2% at the
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lower strain rate of -1.3x107s™. ¢, Tensile stress-strain curves of specimens
tested directly under 2 MPa Ar, 2 MPa H,, and after H pre-charging at 400 °C
followed by in situ testing under H, exposure (two repeated testing results are
shown). d, Average total elongation values with error bars. Data are presented

as mean values + SD. Individual dots represent independent tensile tests
(n=2foreach condition), corresponding to the repeated testing results shown in
c.Specimens for the pre-charged condition were charged in H, for 64 hat 400 °C,
followed by insitu testing under 2 MPa H,.
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Extended Data Fig. 4 | H-induced damage behavior at 25 °Cand 200 °C.
a,25°C.b,200 °C. The secondary electron (SE) images show the representative
crack morphology and damage behavior observed after in situ tensile testing
under H, exposure. Corresponding ECCl and EBSD-IPF maps reveal that
damage is formed within the & phase or at the §/y interfaces, which promotes
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Cracked 6
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debonded &
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debonded &
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the formation and propagation of intergranular and transgranular cracks
(corresponding to the damage mechanisms in the lower temperature regime as
indicated in Fig. 1d). Compared with 25 °C, an exacerbated H-induced damage
associated with 8 phase is observed at 200 °C, due to higher H trapping rate
(asdescribed in Fig.1d).
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Extended DataFig. 5| Additional transmission electron microscopy (TEM) carbide (C2/m space group). ¢, Inverse Fast Fourier Transformation (IFFT) image
analysis of regions close to carbide-matrix interface that are damaged upon based on the superlattice reflection spots marked in the inset Fast Fourier
mechanical loading and H, exposure at 400 °C. a, The overview bright-field Transformation (FFT) image taken from the rectangular frame in a, revealing
scanning TEM (BF-STEM) image of a cracked carbide-matrix interface, witha the formation of M,Cs-type carbide close to the carbide-matrix interfacial void.
SE inset showing the corresponding FIB-lifted area. b, Selected area electron Probe currents (Ip) of -7 pA for BF-STEM and SAED imaging and of 3 pA for
diffraction (SAED) pattern taken from the rectangular frame in a, showing again HAADF-STEM imaging were used to prevent any possible electron beam damage
superlattice spots that correspond well to the vacancy-ordered M,Cs-type to the beam-sensitive newly formed carbide.
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Extended Data Fig. 6 | TEM analysis of regions close to carbide-matrix FIB-lifted area. b,c, SAED patterns acquired from regions indicated by the blue

interface after mechanical loading under Ar atmosphere at400 °C.a, The and red rectangular frames marked in a, respectively. The MC carbide maintains
overview TEM bright field (BF) image, with a SE inset showing the corresponding itsinitial FCC (B1) structure with no superlattice structure observed.
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Extended Data Fig. 7| H concentration and temperature dependence of H
occupation probabilities at various defects. a, Experimentally measured H
concentration at 400 °C for varying charging times (0, 60,120,300, 780 and
1080 min) and the corresponding diffusion analysis, with H-charging sample
geometry inset. For each charging time, two independent samples were
measured. Data are presented as mean values + SD. Post-charging samples were
immediately quenched in liquid nitrogen following atmosphere venting. The H
concentration was measured by hot extraction using a LECO ONH836 analyzer
(calibrated using steel pin standards containing 6.9 wppm diffusible H).
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b, Simulated H distribution after 0.5 h charging under 2 MPaH, at 400 °C.
The calculation methods are detailed in Supplementary Note 1. The inset

shows the H concentration contour map, with the sample radius labelled

as3 mm. The penetration depth reaches approximately 1500 pm. c, The

occupation probability P; of Hat defect site i is calculated using the relation
P;=1/[1+exp(-E,/k;T)/c ], where c,= 4.8 wppm, E,/ denotes the maximum H
binding energies at each defect type, k; is the Boltzmann constant and Tis the
temperature. Values of £, for grain boundaries, vacancies, and dislocations are
adopted from Refs.10-12.
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Extended Data Fig. 8| Thermodynamics of H-carbide interaction without 0.01-100 MPa CH,). The AG was evaluated considering the reaction: 2(1 - x)
Huptake in C vacancies within carbides. Gibbs free energy change (AG) H,+MC~> MC,+ (I-x)CH,. Thisreaction isthermodynamically less favorable
for the H-induced formation of CH, and vacancy-ordered carbides without (AG > 0 for most modelling scenarios) in the absence of H uptake in C vacancies,
Hoccupation, calculated at a fixed H, partial pressure of 2 MPa and varying compared to the DFT calculations shown in Fig. 5¢ of the manuscript.

CH, pressures (the point-line represents 1 MPa CH,, shaded zone represents
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Extended Data Fig. 9| TEM dark-field (DF) image, experimental and simulated SAED patterns for carbide phases. a, M2C. b, M6C5. Experimental SAED patterns
were acquired from various zone axes and compared with simulations performed using CrysTBox software. The red circles mark the superlattice diffraction spots
corresponding to the DF images.
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Extended Data Fig. 10 | TEM analysis and statistical characterization of shows the distinctive diffraction caused by M,Cs; the red circles mark the
carbide-associated damage after H, exposure and deformation at 600 °C. superlattice diffraction spots corresponding to the DF image. No M,C carbide
a, Overview TEM-BF image taken from the cross-section of a carbide near the wasidentified in the analyzed regions. d, Statistical analysis of carbide-associated
sample surface after 2 MPa H, charging for -0.5 hat 600 °C. b, SAED pattern micro-cracks of specimens deformed under 2 MPa Ar and H,at 600 °C. The
acquired from the region indicated by the blue rectangle ina. The MC carbide statistical analysis was performed following the same methodology as that used
maintainsitsinitial FCC structure with no superlattice structure observed. inFig.3b. Data are presented as mean values + SD. Individual white dots represent
¢, TEM-DF image of newly formed carbide. The corresponding SAED pattern independent samples (n =2 for each condition).
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